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Abstract

Metallic glasses offer desirable mechanical properties, including high strength, hardness,
and elasticity. In bulk, they suffer from catastrophic failure upon mechanical loads. However,
ductility may emerge upon (1) reducing the characteristic dimension of the metallic glass to
the nanoscale or (2) irradiating the metallic glass. These two methods of controlling metallic
glass deformability are investigated through a host of mechanical experiments on metallic glass
nanopillars and nanolattices before and after irradiation. The mechanical experiments are
conducted inside a scanning electron microscope to allow simultaneous mechanical loading
and visualization of nanoscale deformation behavior.

Such experiments reveal that helium irradiation of electrodeposited Ni73P27 metallic glass
tensile nanopillars increases plasticity by a factor of two with no sacrifice in strength. Other
tensile experiments on Zr-Ni-Al metallic glass nanopillars in as-sputtered and annealed states
reveal substantial ductility, highly dependent upon both the nanopillar size and processing
conditions. Molecular dynamics simulations, transmission electron microscopy, and
synchrotron x-ray diffraction are used to explain the observed mechanical behavior through
changes in free volume and short-range order.

Larger nanolattice structures are fabricated to contain hollow beams of metallic glass, with
beam wall thicknesses in the nanoscale size range that may allow proliferation of the beneficial
“smaller is more ductile” size effect observed in metallic glass nanopillars. Compression
experiments on Zr-Ni-Al metallic glass nanolattices reveal enhanced deformability as the
nanolattice wall thickness is reduced and upon irradiation. This work points to metallic glass
nanolattices as promising candidates for radiation-intensive applications and demonstrates
that by fabricating the metallic glass in a nanolattice architecture the beneficial nanoscale size

effect in deformability can be preserved.
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Chapter 1. Introduction and Background

1.1. Metallic Glasses

The first report of metallic glass came in 1960 at California Institute of Technology. There,
W. Klement et al. [1] found that if molten metal (in their case the binary alloy AugoSiz) is
uniformly and rapidly cooled then there is insufficient time and energy for the atoms to
rearrange and nucleate crystals. Instead, when the molten metallic alloy reaches its glass
transition temperature (T,) it solidifies as a metallic glass with atoms in an amorphous
distribution, randomly packed with no long-range order. Metallic glasses have a combination
of characteristics; like crystalline metals, metallic glasses have cohesive metallic bonding and
appear opaque, gray, and shiny as shown in Figure 1 (a), like oxide glasses, metallic glasses
have an amorphous atomic-level structure as shown in Figure 1 (b).

This combination of features leads to a host of desirable properties. The absence of grain
boundaries in metallic glasses makes the material corrosion and wear resistant with excellent
soft magnetic properties [2-4]. In addition, the amorphous structure of metallic glasses hinders
the displacement of atoms, for example to accommodate a dislocation. Thus compared to a
material with a crystalline microstructure, a metallic glass responds to mechanical deformation
by absorbing less energy through damping and returning more energy by elastically returning
to its initial state [3]. The lack of crystal defects in metallic glasses also leads to desirable
mechanical properties including high strength and hardness, a large elastic limit, elasticity, and
low mechanical dissipation [2]. The superior strength and elasticity of metallic glasses as
compared to other materials is illustrated in Figure 1 (c).

Due to these beneficial properties, metallic glasses have started to see use in a variety of
applications. One of the first applications was in sporting equipment, such as baseball bats and
golf clubs, where the excellent strength and elasticity of metallic glasses allowed them to

transfer more energy to the ball [5], see for example Figure 1 (d). Metallic glasses have also
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seen use in watch cases and jewelry to replace Ni and other metals that may cause allergic
reactions, along with providing enhanced scratch- and dent- resistance as well as a high gloss
finish [3]. Liquidmetal Technologies, a company focused on commercializing metallic glasses,
has numerous patents with Apple to incorporate metallic glasses into iPhones, and the iPhone
sim ejector is currently made of metallic glass [6]. Metallic glasses have also found use in

aerospace applications, such as the $200 million Genesis spacecraft [3].
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Figure 1. Metallic glass properties and applications. (a) A sample of bulk metallic glass
illustrates the typical opaque, shiny, metallic appearance of these alloys. (b) Metallic glasses
contain an amorphous structure with no long range order as shown by this characteristic
diffuse ring diffraction pattern and high resolution transmission electron microscopy image.
(c) Metallic glasses possess high strength and a large elastic limit compared to other materials,
as illustrated in this chart. (d) Metallic glasses have seen use in applications such as sporting
equipment, including this baseball bat made by Liquidmetal Technologies. (a, b) were adapted
from [7] with permission and (c, d) were adapted from [3] with permission.

The availability of convenient metallic glass processing techniques, such as thermoplastic
forming and blow molding [8], gives metallic glasses a processability comparable to plastics.
This enhanced processability allows for metallic glasses to be fabricated into a variety of
intricate geometries and custom shapes precisely and inexpensively, for example in biomedical
devices and complex implants [9]. The low flow stresses that allow metallic glasses to be
molded like plastics along with the homogeneous and isotropic structure of metallic glasses
also renders metallic glasses as ideal materials for use in nanofabrication [10] and templates

for nanoimprint lithography [11]. Economically and scalably fabricating large surface area
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nano-architectures with the appropriate chemical composition of some metallic glasses also is

applicable to electrochemical catalysts [12], specifically fuel cells [13].

1.2. Strategies to induce ductility in metallic glasses

Despite the suite of desirable properties observed in metallic glasses, these materials have
seen limited use in structural applications because of their low ductility. Upon loading a
metallic glass, strains are first accommodated by elastic deformation until the stress activates
flow in a locally perturbed region, causing strain to accumulate in that region [14]. These locally
perturbed regions are often referred to as shear transformation zones (STZs), pictured
schematically in Figure 2 (a, b). ST”Zs involve local collections of atoms rearranging under
applied stress, resulting in shear displacements, and in most cases shear banding [14]. Room
temperature deformation of metallic glasses typically involves localization of plastic strain into
narrow shear bands shown in Figure 2 (c, d), which result in catastrophic failure and a lack of
tensile ductility [14].

Some monolithic bulk metallic glasses have been shown to exhibit significant plasticity
under compression [15-19]; however all exhibit virtually no extendibility (<0.5% strain) under
tension. The lack of tensile ductility leads to characteristic stress-strain data involving linear
elastic loading followed by failure with almost no plastic strain; a representative stress-strain
response of a metallic glass under tension is displayed in Figure 2 (e). Consequently, recent
studies have focused on understanding the potential of metallic glasses to accommodate plastic
deformation and developing strategies to mitigate their inherently brittle behavior, suppress

catastrophic failure, and impart tensile ductility.
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Figure 2. Typical deformation in metallic glasses. Schematic of shear transformation
zones represented in (a) 2-dimensions and (b) 3-dimension with local collections of atom
rearranging as result of the applied shear stress, T (c) Typical morphology of metallic glass
under compression, shear bands are cleatly visible. (d) Typical morphology of shear band
failure surface in metallic glass after tensing with the corresponding stress-strain data shown
in (e) where almost no plastic strain is observed before failure. (a, b) are adapted from [20]
with permission, (c) is adapted from [21] with permission, and (d, €) are adapted from [22]
with permission.

1.2.1. Irradiation

One such strategy that has emerged recently to induce ductility in metallic glasses is
utilizing irradiation [23-26]. While it is well known that irradiating crystalline materials with
high-energy ions causes the formation of self-interstitials, vacancies, and voids, which lead to
hardening, embrittlement, and a degradation of mechanical properties [27-34], the effects of
irradiation on metallic glasses are not as well understood.

Some studies on irradiation of metallic glasses have demonstrated an actual improvement
in mechanical properties, specifically ductility, upon irradiation. Studies to date on the tensile
properties of ion-irradiated metallic glasses have mostly utilized Ga*t ion irradiation from a
focused ion beam (FIB), due to the ease of accessing such irradiation with SEM-FIB dual-
beam systems. In these studies, FIB-induced Ga* irradiation on the sample surfaces was found
to cause originally brittle Pts75Cu147Nis 3P225 metallic glass nanowires to exhibit post-yielding
strains of up to 2% [23] and NigoP2o metallic glass nanopillars to increase in tensile ductility by
a factor of three [24]. Another study found that Ni irradiation led to smaller stress drops and

reduced yield strength in the compression of Zry12T1138Cu125NijoBezz s metallic glass, implying

enhanced ductility with irradiation [26]. In molecular dynamics simulations of irradiated
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Zr50CugoAlip metallic glass nanopillars, increasing irradiation caused the plastic deformation
mode to switch from localized shear banding to homogeneous shear flow [25]. These studies
suggest that irradiation is capable of enhancing the mechanical performance and ductility of
otherwise brittle metallic glasses, thus rendering metallic glass components and thin coatings

suitable candidates for irradiation-intensive applications, such as space and nuclear energy.

1.2.2. Reducing sample dimension

Another approach to induce ductility in metallic glass involves reducing the external
dimension of the metallic glass sample below some critical length scale, on the order of ~100
nm. Such sample size reduction has been found to induce a brittle-to-ductile transition in
bending [35,36], compression [37-39], and tension [40-42] in what is often referred to as a
“smaller is more ductile” effect.

Tensile ductility at room temperature is particularly elusive and has been shown to emerge
in monolithic metallic glasses only when the sample size is reduced to the nanoscale [40,41,43].
The extent of tensile ductility induced by sample size reduction was reported to vary widely as
a function of the specific metallic glass and its processing conditions, with some studies
indicating almost no plasticity (<1%) even for sub-100 nm molded Pts75Cu147Nis3P25 [23,44]
and electrodeposited NigoP2o [24], others reporting strains of 23-45% for 100 nm copper-mold
casted Zrs25Cu17.0Ali0Ni146Tis [41] (shown in Figure 3 (Top)), 25% for 100 nm sized
Zr35T130CosBeso [40] (shown in Figure 3 (Bottom)), and others reporting elongation of 200%
for <20 nm nanohills of twin-jet electropolished AlyFesCes [43]. While these studies are
promising in achieving tensile ductility by nano-sizing the metallic glass, the origins of such a

wide range of post-elastic deformability in nano-sized metallic glasses are not well understood.
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Figure 3. Existing literature on ductility and necking in ~100 nm metallic glass
nanopillars. (Top) TEM images of 100 nm coppet-mold casted Zrsz5Cuy7.9Al10Nii46T1s
during tensile testing. (Bottom) SEM images of 100 nm Zr35Ti30CosBeso during tensile testing
with corresponding true stress-strain data. (Top) is adapted from [41] with permission and
(Bottom) is adapted from [40] with permission.
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The observed “smaller is more deformable” effect has primarily been rationalized by
considering the energetic completion between shear band propagation and homogeneous
deformation [23,24,41,45]. For a sample of dimension, L, the energy required for a crack-like

shear band to propagate scales with the sample cross-sectional area, or

Esnear bana ~L? (1)

while the energy required to deform a sample in a homogeneous way scales with the sample volume, or

Ehomogeneous"l'3 (2)
Figure 4 (a) illustrates that as the sample dimension is reduced L? decreases faster than L?, with
the result that shear band propagation may become energetically unfavorable in nanoscale

volumes. Analogous to Griffith criterion for crack propagation, these energetic scaling
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arguments can be further used to estimate the critical stress for shear band formation as has
been discussed elsewhere [38,40].

Another way the size effect has been rationalized is by considering that small samples may
be smaller than certain deformation units within metallic glasses. Some have stated that in
order for a shear band to be fully developed and propagate its nucleus would need to be at
least ~50-500 nm [14,41,46]. As such, small nanoscale samples may not provide sufficient
space for shear banding to occur. Another deformation unit relevant at even larger length
scales is the plastic zone size at the tip of an incipient crack, which can be micron-sized or
larger. If the plastic zone size is greater than the sample size then brittle failure is not expected
[2] and bending plasticity is greatly enhanced when the plastic zone is larger than half the
sample thickness [35,47,48]. Figure 4 (b) illustrates the sizes of typical deformation units and
regimes of observed size effects in Zr412Ti158Cu125NitoBezss (Vitl). In Figure 4 (b) the size
regime most relevant for this thesis is the sub-100 nm region labeled “homogeneous
deformation”. While bending and compressive plasticity can be observed at larger length
scales, only at the nano-scale has tensile ductility been observed in monolithic metallic glasses
at room temperature. All samples in this thesis will involve some characteristic dimension close

to this ~100 nm size range.
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Figure 4. Rationalizations for the “smaller is more deformable” size effect in metallic
glasses. (a) Energetic scaling comparison between shear band propagation and homogeneous
deformation. (b) Size effects in metallic glasses with dimensions estimated for
Zr412T1138Cu125N110Bes (Vitl). (b) is adapted from [49] with permission.

1.2.3. Considering atomic structure

Another strategy for enhancing ductility in monolithic metallic glasses has focused on the
choice of alloying elements and the corresponding stoichiometry of those constituent
elements. Some studies indicate that ductility can be brought about by choosing alloying
elements such that the ratio of the shear modulus (G) to the bulk modulus (B) is low, that is,
G/B less than 0.41-0.43 [17,50,51]. The correlation between a small G/B ratio and inherent
ductility was first studied in polycrystalline metals [52], where it was rationalized by considering
that the shear modulus, G, is proportional to resistance to plastic deformation, and the bulk
modulus, B, is proportional to fracture strength; thus a smaller value of G /B corresponds to a
larger plastic range before fracture. For metallic glasses, a small G /B ratio favors the tip of a
shear band extending rather than initiating a crack, allowing deformation to occur by the
formation of multiple shear bands that intersect as opposed to a single catastrophic shear band
failure event [17]. Another study investigated the effect of metallic glass composition on

intrinsic plasticity or brittleness and found that metallic glasses with compositions at or near
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intermetallic compounds were extremely ductile compared to those with compositions at or
near eutectics [53].

These investigations do not take into account the effects of the metallic glass fabrication
method and processing conditions on ductility, which likely serve as key factors in governing
post-elastic deformability in these materials. Metallic glasses may be formed through a variety
of methods including splat quenching, melt spinning, copper-mold casting, arc melting,
electrodeposition, and sputtering. A metallic glass formed by copper-mold casting could
exhibit a significant difference in ductility than a metallic glass with the same chemical
composition formed by sputtering. Even a single metallic glass fabrication method has some
variability in processing conditions, such as the cooling rate of splat quenching or the
deposition conditions of sputtering, which could greatly influence the short- and medium-

range atomic order as well as the presence of free volume.

1.2.4. Metallic glass foams and cellular solids

An additional strategy for imparting plasticity to metallic glasses is by utilizing
microstructural architecture, which can be done either stochastically to create metallic glass
foams with a random distribution of feature sizes or periodically to create ordered metallic
glass cellular solids with precise architectures. Metallic glass systems incorporating architecture
are particularly promising for their high energy absorption capacity, where the very high
strength and elasticity of metallic glasses offers the opportunity to develop very elastic spring-
like cellular solids with excellent strength [54]. Furthermore, architecture may allow for
proliferation of the beneficial “smaller is more deformable” size effect in metallic glasses,

discussed in section 1.2.2 to create larger meta-materials.



10

The most important structural characteristic of a cellular solid is its relative density (p),
which is defined as the density of the cellular solid (p*) divided by the density of the solid

material making up the cellular solid (pg) [55],

*

relative density = p = P 3)

S

Relative density is also equivalent to the volume fraction of the solid. Example values of
relative density for cellular solids are 0.001 for special ultra-low-density foams, 0.05-0.2 for
polymeric foams used for packaging and insulation, and 0.14 for cork [55]. The use of cellular
structure can allow a material to have good mechanical properties while maintaining a low
mass and low relative density.

A cellular material under compression undergoes three regimes of behavior in its stress-
strain response [55], as shown in Figure 5. Initially, the bending of cell edges corresponds to
the linear elastic behavior. This linear elastic region is followed by a stress plateau involving
cell collapse and specific behavior, such as plastic yielding or brittle failure, dependent on the
nature of the solid material from which the cellular solid is composed [55]. The final regime
begins when opposite cell walls come into contact, with further deformation compressing the
cell wall material itself. This results in the steeply rising regime of the stress-strain response,

known as densification [55].
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Figure 5. Typical uniaxial stress-strain response for an elastic-plastic foam under
compression. The three regimes of the mechanical behavior (linear elasticity, plateau, and
densification) ate labeled. Based on [55].

Stochastic metallic glass foams have been more commonly studied than periodically
architected metallic glass cellular solids due to the availability of various pore forming
techniques, where gas or some other space-holder material is incorporated to create a non-
uniform pore size distribution. One study found ~80% compressive ductility for open-cell Zr-
based amorphous metal foams with relative densities of 14-28% and pores sizes of 150-355
um [56]. Another study found that the commercial glass-forming alloy Vit106, which exhibits
no significant plasticity in the monolithic alloy, can become ductile under compression
(reaching ~50% strain) when it is made into an open-cell foam with porosity ~78% and pore
size 212-250 um [57]. In another study, open-cell Zr4125T11375Cu125Ni10Bez s metallic glass
foams, fabricated by using NaCl as a space-holder material, were shown to exhibit high energy
absorption capacity with ductile cracking a result of the complex stress state arising from the
presence of pores in the foam [58]. While these results are promising, stochastic cellular
structures almost always contain imperfections and are therefore difficult to manipulate and
study systematically. Furthermore, the randomness of the architecture can lead to a reduction

in mechanical performance [59,60], particulatly elastic modulus and yield strength, which have
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been shown to be lower in stochastic metallic glass foams compared to periodically ordered
metallic glass foams [61].

Unlike stochastic foams, periodically architected foams may be precisely engineered with
a completely tunable architecture for optimal mechanical performance. Study of such
periodically architected metallic glass foams has been limited due to the difficulty in fabricating
such materials, particularly in three dimensions. One study utilized thermoplastic replication
of metallic glass to fabricate two-dimensional metallic glass cellular structures that ranged from
perfectly periodic to highly stochastic, and observed that while the periodic structures generally
had improved mechanical performance, as evidenced by higher elastic modulus and yield
strength compared to stochastic structures, the stochastic structures exhibited higher flaw
tolerance [61], as shown in Figure 6 (a-c). To create three-dimensional periodically architected
metallic glass structures, one study utilized thermoplastic forming-based patterning of metallic
glass sheets combined with parallel joining, which resulted in honeycomb-like architectures
exhibiting high elastic energy storability and superior energy absorption [54]. Another study
achieved three-dimensional periodically architected metallic glass cellular structures with
electroless deposition of Ni-P metallic glass onto a sacrificial polymer microlattice, which was
fabricated from an interconnected pattern of self-propagating photopolymer waveguides [62].
The resultant metallic glass microlattices consisted of ~1 mm unit cells with metallic glass wall
thicknesses of 60 — 600 nm (Figure 6 (d)), and reported structures with wall thicknesses above
150 nm failed catastrophically while those with wall thicknesses below 150 nm failed with
significant plasticity [62] (Figure 6 (e-h)). Even smaller periodically architected three-
dimensional cellular structures were fabricated by sputtering CusZrso metallic glass onto
polymer nanolattice templates fabricated by two-photon direct laser write lithography [63].

These resultant metallic glass nanolattices consisted of ~15 um unit cells with metallic glass
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wall thicknesses of 20, 60, and 120 nm, and reported a brittle-to-ductile transition occurring

as the wall thickness was reduced [63].
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Figure 6. Existing literature on metallic glass cellular solids. (a-c) are adapted from [61]
with permission and (d-h) are adapted from [62] with permission. (a) Si molds fabricated for
replicating bulk metallic glass two-dimensional cellular structures, (b) stress-strain data
obtained from stochastic and periodically architected metallic glass cellular structures with
10.9% relative density, (c) corresponding sequential microstructural evolution in periodically
architected and stochastic metallic glass cellular structures. (d) Open cellular structure of
periodically architected NiP metallic glass microlattices, which are tested under cyclic
compression to obtain the stress-strain data shown in (e, f) and the corresponding post-
compression images in (g, h) for microlattices with wall thickness of (e, g) 85 nm and (f, h)
600 nm.

1.3. Nanomechanical testing

Advances in nanofabrication processes have enabled precise control of material
dimensions and microstructure, facilitating the use of highly controlled nanoscale mechanical
testing specimens. The mechanical behavior of nanoscale materials is of interest due to the
emergence of nanoscale size effects in mechanical behavior and the potential for exploiting
such size effects to develop nano-architected materials. These size effects take different forms

depending on the material microstructure. One of the most well-studied size effects is the
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“smaller is stronger” effect observed in single crystalline metals. Reducing sample dimensions
of single crystalline metals to sub-micron levels leads to an order of magnitude increase in
strength over bulk materials [64-66]. The relation between single crystalline pillar strength (o)
and diameter (d) is generally described by a power law,
o=Ad™" @
where A is an empirically determined constant and n is a power law exponent, which is ~0.6
for FCC metals, the most widely studied system in nanopillar mechanics. While the “smaller
is more ductile or deformable” size effect in metallic glasses, discussed in section 1.2.2, is not
as well understood as the “smaller is stronger” size effect in single crystalline metals, it presents
a similar opportunity to exploit improved mechanical behavior arising at nano length scales.
The nanopillar is one specimen that has seen ubiquitous use in fundamental experimental
studies of nanoscale mechanical behavior [67,68]. Nanopillars generally contain a round or
square cross-section with a width (i.e. critical dimension) less than 1 um, and can be fabricated
from a variety of materials. The most common fabrication method, focused-ion beam (FIB)
milling, involves using the focused-ion beam in an SEM to mill the material of interest into a
desired geometry. One disadvantage of FIB fabrication is that the milling is performed by
irradiation, usually with a high energy Ga* ion beam, which can modify local arrangements of
atoms and even cause surface crystallization in metallic glasses [69-71]. However, there has
been a scarcity of “FIB-less” fabrication techniques for individual metallic glass
nanomechanical testing specimens. Two viable techniques that have been utilized recently are:
(1) hot embossing metallic glass molds, which can subsequently be crystallized and used to
form additional metallic glass replicas, with resultant feature sizes as small as 13 nm [11], and
(2) lithographically patterning vertical pores in resist then electroplating into those pores to

form arrays of vertically-oriented nanopillars [72].
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Common mechanical tests on confined (nano) geometries include nanoindentation of thin
films and uniaxial compression or tension testing of nanopillars, as shown schematically in
Figure 7. Of these three testing options, tension testing can provide the most information
about intrinsic material properties. In contrast, nanoindentation, which involves pressing a
hard indenter tip into a thin film of material, suffers from measurements influenced by large
strain gradients and underlying substrate effects. These effects make it a less suitable test for
assessing mechanical behavior intrinsic to the material. While both uniaxial compression and
tension tests can be conducted on nanopillars to determine mechanical behavior without the
presence of large strain gradients or substrate effects, compression tests are not as useful for
obtaining some mechanical properties, particularly ductility. Compression tests involve
inhomogeneous deformation, a gauge section that is difficult to assess, and a contact area
between sample and tip that continually evolves during testing. Tension testing avoids these
disadvantages and also allows for observation of certain deformation morphology, such as
necking and fractured surfaces, which is well suited for evaluating ductility. It is also a powerful
technique for establishment of sought-after mechanical properties, such as plastic strain,

ultimate tensile strength, and fracture toughness.

(a) p (b) (c)

-
-

/glue
Figure 7. Common nanomechanical testing configurations. Load, P, is applied for (a)
nanoindentation of a thin film, (b) uniaxial compression testing of a nanopillar with a flat-

punch tip, and (c) uniaxial tension testing of a nanopillar with a diamond tip FIB-milled into
tensile grips. Prior to testing, the tensile nanopillar may be secured to the surface with glue.
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To perform nanomechanical tensile testing, it is necessary to conduct the experiment
inside a scanning electron microscope (SEM). SEM-level resolution is required in order to be
able to observe the specimen in enough detail to align the tensile grips in the proper position
for testing, as illustrated in Figure 7 (c). In-situ testing also allows direct observation of a
sample’s mechanical response and correlation of observed behavior with measured stress-
strain data. Observation of mechanical events, such as necking, crack nucleation and
propagation, and shear banding, can provide significant insight to help understand a material’s
mechanical response. The mechanical experiments conducted in subsequent chapters were
conducted with either the InSEM system by Nanomechanics, Inc. or the PI-85 by Hysitron.

A typical in-situ mechanical testing setup is illustrated in Figure 8.

R L T T T
Figure 8. Typical in-situ mechanical testing setup. The setup includes (a) SEM with
nanoindenter inserted into side of the chamber for simultaneous mechanical testing and
imaging. (b) Inside the SEM chamber the nanoindenter head can be observed underneath the
electron column, where the sample will be moved for mechanical experiments. (c) The
nanoindenter can be fitted with a flat punch tip used to compress samples, as pictured here.
(d) A typical SEM image obtained during compression of a nanolattice sample.
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1.4. Objectives

The aim of this thesis is to develop an understanding of some of the factors that govern
deformability in nano-sized metallic glasses, with particular emphasis on the influences of
irradiation and the “smaller is more ductile or deformable” size effect and irradiation.
Deformability is assessed via uniaxial tension and compression experiments on metallic glass
samples conducted inside a scanning electron microscope to allow simultaneous mechanical
loading and visualization of nanoscale deformation behavior. The size effect is investigated
first through fundamental studies on metallic glass nanopillars of vatious sizes and then
through study of larger nano-architected metallic glass samples, referred to as nanolattices,
which are composed of hollow metallic glass beams with beam wall thickness on the
nanoscale. Irradiation is investigated by bombardment of metallic glass nanopillars and
nanolattices with ions, followed by assessment of any changes in mechanical behavior.

The word “deformability” is used here to refer generally to ductile-like behavior, which
may involve necking, homogeneous flow, and gradual, continuous deformation in contrast to
the catastrophic shear-banding failure frequently observed in bulk metallic glasses. Ductility is
technically defined as a material’s ability to deform under tensile stress while deformability can
be generally applied to other modes of deformation, such as compression. As such,

deformability is the more general, widely applicable term, which is chosen for use in this thesis.
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Chapter 2. Effects of helium implantation on the tensile
properties and microstructure of Ni;;P2; metallic glass

nanopillars

Adapted with permission from:
R. Liontas, X.W. Gu, E. Fu, Y. Wang, N. Li, N. Mara, J.R. Greer. “Effects of Helium
Implantation on the Tensile Properties and Microstructure of NizsPa; Metallic Glass
Nanostructures” Nano Letters. 14, 5176-5183 (2014). DOI: 10.1021/n1502074d

© 2014 American Chemical Society

In this chapter we report fabrication and nanomechanical tension experiments on as-
fabricated and helium-implanted ~130 nm diameter Ni7sP27 metallic glass nanopillars. The
nanopillars were fabricated by a templated electroplating process and implanted with He™ at
energies of 50, 100, 150, and 200 keV, to create a uniform helium concentration of ~3 at. %
throughout the nanopillars. Transmission electron microscopy (TEM) imaging and through-
focus analysis reveal that the specimens contained ~2 nm helium bubbles distributed
uniformly throughout the nanopillar volume. In-situ tensile experiments, which allow
correlation of tensile stress-strain data with morphological evolution of the specimens, indicate
that helium-implanted specimens exhibit enhanced ductility as evidenced by a 2-fold increase
in plastic strain over as-fabricated specimens, with no sacrifice in yield and ultimate tensile
strengths. This improvement in mechanical properties suggests that metallic glasses may

actually exhibit a favorable response to high levels of helium implantation.
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2.1. Motivation

To assess the use of metallic glasses in irradiating environments, additional studies are
needed beyond those discussed in section 1.2.1, particularly studies utilizing more relevant
irradiation ions, such as helium, implanted throughout the sample volume, not just at the
sample surface as in previous studies [23,24]. Certain irradiation conditions can produce
helium in solid materials, such as transmutation reactions in nuclear reactor environments.
The low solubility of helium in metals leads to its precipitation into bubbles and voids, which
cause embrittlement of crystalline metals and alloys [27,73-75]. However, the effect of such
helium irradiation on the tensile properties of metallic glasses is not well understood as most
experimental studies on irradiated metallic glass have focused on FIB-induced Ga* ion
irradiation [23,24], due to the ease of accessing such irradiation with SEM-FIB dual beam
systems. Studying the tensile properties of metallic glasses upon helium implantation, where
the incoming helium ends up in the metallic glass material, would be particularly relevant for
radiation applications where helium byproducts are produced in materials, such as neutron
irradiations, high energy proton irradiations, and nuclear reactors.

Ion beam irradiation with particle accelerators allows irradiation of materials with small
dimensions by a variety of ions, including He*, and has been shown to be a time- and cost-
effective method for studying radiation damage in small-scale specimens [76-79]. Small-scale
nanotensile specimens fabricated without the use of ion irradiation, such as FIB, are well-
suited for such studies because the small specimens size allows full penetration by ion
accelerators, the ensuing nano-tension tests enable quantitative assessment of mechanical
properties, including ductility, under known stress states, and FIB-less fabrication avoids the
complicating effects of additional irradiation. The effects of FIB irradiation have been shown
to include ductility enhancement in metallic glass [23,24], modification of local atom

arrangements [69,71], and surface crystallization [70]. The scarcity of “FIB-less” fabrication
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techniques for individual metallic glass nanopillars has limited dedicated nanomechanical
studies of irradiated metallic glasses. One viable technique reported by Kumar et al. utilizes
hot embossing to create metallic glass molds, which can subsequently be crystallized and used
to form additional metallic glass replicas [11]. Another technique developed by Burek et al.
[72] and utilized in this chapter involves lithographically patterning vertical pores in resist and
then electroplating metallic glass into those pores to form arrays of vertically-oriented

nanopillars [72].

2.2. Fabrication of electrodeposited Ni;;P2; tensile specimens

Specimens were fabricated using the FIB-less templated electroplating process developed
by Burek et al. [72] In brief, 130-nm diameter nano-tensile cylinders were formed by first
utilizing electron-beam lithography to create a poly(methyl methacrylate) (PMMA) template
containing vertical pores, and subsequently electroplating Ni73P2; metallic glass into those
vertical pores. The nanopillar arrays were fabricated on 1 cm? Si substrates covered by a 20
nm thick Ti adhesion layer and a 100 nm thick Au seed layer deposited on the substrates by
electron beam evaporation. The conductive Au seed layer serves as a cathode in electroplating
of the nanomechanical testing specimens. PMMA 495A8 resist (Micro-Chem Corp.) is spin-
coated at 4000 rpm on top of the Si/Ti/Au layers to create a ~500 nm thick layer of PMMA.
The PMMA is patterned by electron beam lithography (Leica Electron-Beam-Pattern-
Generator 5000+) to create a template of ~130 nm diameter vertical pores, and Ni-P is
electroplated galvanostatically into these pores. A nickel-phosphorous metallic glass was
chosen because it is amenable to electrodeposition [80-84]. The electrodeposition occurs
according to the following cathodic reaction mechanism [82]:

Ni2* + 2e™ - Ni(s) (5)
HPOZ~ + 2H,0 + 2¢~ — H,P0; + 30H" (6)
H,PO; + e~ — P(s) + 20H" 7)
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During electroplating, a constant current between the anode (Ni foil) and the cathode (Au) is
provided, and tensile specimens are formed by electroplating the Ni-P metallic glass above the
level of the PMMA surface to create hemispherical-shaped “mushroom caps” on top of the
nanopillars. These “mushroom caps” serve as grips to grab during tensile testing of individual
nanopillars. Following electroplating, the PMMA template is removed by dissolution in
acetone, resulting in a free-standing array of vertically oriented nanopillars with “mushroom

caps”. An overview of the fabrication process is illustrated in Figure 9.
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Figure 9. Fabrication of Niz;P2; nanopillars. (a) Schematic representation of the
fabrication, starting with (1) an electroplating template consisting of a Si substrate coated with
20 nm of Ti, 100 nm of Au, and 500 nm of PMMA patterned with e-beam lithography to
contain an array of vertical pores, (2) Niz3P27 is electroplated into the vertical pores with inset
depicting the details, (3) electroplating is continued until the Ni73P27 deposits above the PMMA
layer to create tensile “mushroom caps” on the nanopillars, (4) the PMMA is dissolved in
acetone, resulting in a free-standing array of NizsP2r tensile nanopillars. (b) Electroplating
conditions. (c) SEM image of as-fabricated Ni3P27 nanopillars.
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Before tensile testing, the electroplated Ni-P nanopillars were secured to the Au substrate
by using the electron-beam in an SEM (Nova 200 Nanolab, FEI co.) to deposit a small amount
of W at the base of the nanopillar. This W deposition was performed at an energy of 30 keV
and a current of 0.63 nA.

After specimens were fabricated, the 1 cm? substrate on which the specimens were grown
contained thousands of nanopillars and was cleaved into halves, with one of the halves
subsequently implanted with He* and the other half left as-fabricated. Nanomechanical
experiments conducted on the individual nanopillars from each half allowed a direct
comparison between helium-implanted and as-fabricated specimens that had been fabricated
under completely identical conditions, and thus contained identical original microstructure and

chemical composition.

2.3. Helium implantation

Helium implantation was conducted using a Danfysik 200 keV ion implanter at Los
Alamos National Laboratory. The samples were mounted with silver paste onto a large Cu
holder, which served as a heat sink. The temperature at the Cu mount was continuously
measured and kept at room temperature. The energies and fluences were selected according
to SRIM calculation to create an overall uniform helium concentration of ~3 at. % throughout
each sample. The implantations were performed at room temperature, with the helium
implanted vertically into the nanopillars in the form of He*, as shown schematically in Figure
10 (a), using several different energies and fluences, noted in Figure 10 (b). The implantations
were conducted in order of highest energy to lowest energy: 200 keV, 150 keV, 100 keV, and
then 50 keV. The helium concentration profiles and displacements per atoms (dpa) were
calculated using the Stopping and Range of lons in Matter (SRIM) software [85] with the

Kinchin-Pease model, the bulk density for NizsP27 (6.985 g cm3), and the default threshold
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displacement energies for Ni and P (25 eV). The profiles for each implantation energy are
shown in Figure 10 (c, d). The resultant radiation damage within the specimens, measured in
dpa, was non-uniform, with more damage occurring near the top of the specimens, as expected
for the vertical top-down nature of the implantation. Implanting He* vertically from above
the sample results in more He" ions travelling through the top of the specimens than the

bottom, and consequently there are more collisions and thus more damage in the top of the

specimens.
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Figure 10. Helium implantation of Niz3sP2; nanopillars. (a) Schematic of implantation
direction. (b) Helium implantation conditions. (¢) Helium concentration and (d) displacements
per atom profiles as calculated by SRIM for each implantation energy (dashed lines) and the
total sum (solid line) from all energies, overlaid on a typical specimen geometry.
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SRIM calculations estimated the damage to be 3.00 *= 0.78 dpa and the helium
concentration to be 3.18 * 0.49 at. %, at penetration depths of 150 to 650 nm, which are
dimensions corresponding to the length of a typical nanopillar. Helium penetration depths of
less than ~150 nm are located above than the nanopillar in the “mushroom cap” and
penetration depths greater than ~650 nm are in the underlying Au substrate. Since SRIM
assumes the He™ ions are entering a material that is infinite in lateral dimensions, it likely
overestimates the helium concentration and dpa for our ~130 nm nanopillar specimens as the
limited lateral dimensions of such specimens allow some of the incoming He* ions to escape

from the external nanopillar surfaces.

2.4. Microstructural characterization

Figure 11 displays characterization of the as-fabricated and helium-implanted nanopillars.
SEM images of representative individual tensile nanopillars are shown in Figure 11 (a) for the
as-fabricated sample and Figure 11 (f) for the helium-implanted sample. These images reveal
that the helium-implanted specimens have a smoother exterior than the as-fabricated
specimens, with no noticeable swelling, blistering, or flaking occurring as a result of the
implantation. An increase in the smoothness of specimen surfaces upon helium implantation
agrees with earlier work reporting a decrease in surface roughness upon ion bombardments
[86-88]. The lack of any noticeable swelling, blistering, or flaking in the helium-implanted
specimens is consistent with studies on helium implantation in bulk metallic glasses, in which
these morphological changes were observed only at radiation levels above an extremely high
critical fluence of 10'7- 10'8ions cm2 [§9-94]. Based on these studies, it is likely that the ~1016
ions cm fluence used in the current work is below the critical fluence necessary for blistering

in Ni73P27.
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The chemical composition of the samples was analyzed using energy-dispersive x-ray
spectroscopy (EDS). EDS was conducted in an SEM (Nova 200 Nanolab, FEI Co.) at 4 keV
on five as-fabricated and five helium-implanted nanopillars randomly chosen from different
regions on the samples. EDS analysis shown in Figure 11 (b, g) reveals that both the as-
fabricated and helium-implanted samples contain ratios of Ni to P corresponding to a chemical
composition of ~73 at. % Ni and ~27 at. % P. As measured by EDS, the only significant
difference in chemical composition between the two samples was that the helium-implanted
sample had nearly twice the amount of carbon and oxygen as the as-fabricated sample; any
difference in helium concentration is indiscernible by EDS because helium is too light for
detection. The presence of carbon and oxygen in both samples may be caused by exposure to
air, residual solvent used to strip the PMMA, or small amounts of un-removed PMMA. The
helium-implanted sample likely contains more carbon and oxygen due to carbon and oxygen
exposure in the ion accelerator and increased exposure to air during transport to ion beam
facilities (the as-fabricated sample was stored in a N environment). These carbon and oxygen
impurities do not form a continuous layer on the specimen surfaces and thus do not bear load,
which renders their effect on mechanical properties negligible. Further, the EDS results over-
represent the amount of carbon and oxygen present because this technique is more sensitive

to surface atoms, and the amount of carbon and oxygen is highest at the sample surfaces.



26

i
e Bl ! Element | Atomic %
= |
2 c 6.20+1.23
§ H 0 | 625+061
S 3l Ni 64.0+1.63
= P 23.6+0.51
> 2-
=
2
1
[7] 0 P
E C
0 T T
1 2 3 4
Energy (keV)

Element Atomic %

¢ | 110160

4 ) 122+157
Ni 56.7+1.22

20.1+1.36

Intensity (kilo-counts)
w

Figure 11. Sample characterization of Ni7;P2; metallic glass nanopillars. Grouped by (a-
e) as-fabricated and (f-h) helium-implanted samples. SEM images of typical (a) as-fabricated
and (f) He-implanted Ni73P27 specimen. EDS spectra from a typical (b) as-fabricated and (g)
He-implanted Ni73P27 specimen. Inset tables in top right corners shows chemical composition
obtained from five representative (b) as-fabricated and (g) He-implanted Niz;P27 nanopillars.
(c) Diffraction pattern, (d) bright-field, and (e) dark-field TEM images on an as-fabricated
NisP27 nanopillars. (h) A through-focal TEM series on a representative He-implanted Niv3Pzr
nanopillar with defocus values spanning —2 um, —1 um, 0, +1 um, and +2 um, from left to
right, with example bubbles surrounded by red squares to guide the eye.
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The microstructure of the nanopillars was examined using a TEM operating at 200 keV
and 300 keV (TF20 and TF30, FEI Co.), and nanopillars were prepared for TEM analysis by
two methods, both of which avoided the use of FIB so as to prevent extraneous Ga™ ion
irradiation. The first TEM sample preparation method involved moving individual nanopillars
from the Au substrate to a Cu TEM grid (Ted Pella) by attaching a nanomanipulator needle
(OmniProbe 200, Oxford Instruments) inside an SEM (Nova 600 Nanolab, FEI Co.) to the
“mushroom cap” of a specimen using electrostatic forces and then transferring that specimen
to the TEM grid also with only electrostatic forces. Once on the grid, a small amount of W
was deposited onto the nanopillar’s “mushroom cap” with the electron-beam in an SEM
(Nova 200 Nanolab, FEI Co.) to secure the specimen to the TEM grid. The second TEM
sample preparation method involved physically rubbing a TEM grid containing a holey carbon
film (Ted Pella) on the surface of the substrates to cause some specimens to attach to the
carbon film. After rubbing, the TEM grid was examined by SEM to find appropriately placed
nanopillars located over holes in the carbon film. Nanopillars positioned in this way could be
imaged without interference from the carbon film. These two TEM sample preparation
methods were complimentary as the first method allowed selectivity in choosing nanopillars
for TEM analysis and the second method allowed picking up many nanopillars simultaneously
to conduct “brute-force” TEM and ensure that the microstructure observed in specimens
prepared by the first method was representative across many specimens. To visualize the
helium bubbles, a common technique for studying radiation damage with TEM is through
focus imaging [95], which was used to view the helium bubbles by taking a through-focal series
of images on the helium-implanted nanopillars at defocus values of -2 um, -1 um, 0, +1 pm,
and +2 pm.

TEM analysis is shown in Figure 11 (c-e) for the as-fabricated specimens and Figure 11

(h) and Figure 12 for the helium-implanted specimens. Both specimen types have diffuse ring
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electron diffraction patterns, which confirm the amorphous microstructure of the nanopillars.
The amorphous microstructure was further corroborated by the featureless and uniform
contrast bright-field and dark-field TEM images shown for the as-fabricated nanopillars in
Figure 11 (c, d). Similar featureless and uniform contrast bright-field and dark-field images
were obtained for the helium-implanted sample as well, and are included in Figure 12. These
images verify that unlike the crystallization observed in other irradiated metallic glasses
[70,96,97], the current specimens maintained an amorphous microstructure during helium
implantation. Multiple helium bubbles are visible in the through-focal TEM images shown in
Figure 11 (h), with the bubbles appearing lighter in the under-focused images and darker in
the over-focused images. From the through-focal images, the average helium bubble diameter
was measured to be 2.25 = 0.85 nm. Several through-focal series of images were taken both
at different locations within the same nanopillar and on multiple nanopillars, with no
significant changes in the apparent bubble size and distribution from location to location or
from cylinder to cylinder. This consistency of the through-focal images suggests that the
helium implantation did indeed result in a relatively uniform distribution and concentration of

helium, as expected based on the SRIM-calculated uniform helium concentration.
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Figure 12. He-implanted nanopillar TEM analysis on two individual specimens. The
first specimen is shown in (a-d) and the second specimen is shown in (e, f). (a) bright field
image of entire nanopillar (center of image) on TEM grid (right side of image). (b) bright field
image at higher magnification near center of nanopillar with inset diffraction pattern. (c) dark
field image of entire nanopillar (center of image) on TEM grid (right side of image). (d) dark
field image at higher magnification near center of nanopillar. Similar (e) bright field and (f)
dark-field image are provided from another He-implanted specimen for further corroboration.
The brighter spots on edges of the specimen in (d) and (f) indicative of crystallites present in
the deposited W glue used to secure the specimen to the TEM grid.
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2.5. Uniaxial tension experiments

In-situ uniaxial tensile experiments on individual metallic glass nanopillars were conducted
at a constant nominal strain rate of 1X10-3 s to the point of failure in the InSEM, a combined
SEM (Quanta SEM, FEI Co.) and nanoindenter (Nanomechanics, Inc.). The nanoindenter
arm was fitted with a boron-doped diamond tensile grip. After accounting for response from
the load frame, support spring, and substrate compliances, the raw load and displacement due
to deformation of the specimen were recorded. Using load-displacement data, engineering
stresses and strains were calculated using the initial nanopillar diameter and gauge length and
by assuming homogeneous deformation. Elastic modulus was calculated from the slope of the
loading curve, using stress-strain data from the initial loading until yielding occurred. The yield
point was determined by visually inspecting the data for the first deviation from linear elastic
loading and the yield stress was defined as the stress at this yield point.

The InSEM system (Nanomechanics, Inc.) used has a load resolution of 3 nN and a
displacement resolution of 0.0002 nm. In-situ SEM tensile testing also allowed the
identification of tests with noticeable bending of the nanopillar or tilting of the nanopillar
“mushroom-cap”. These tests were then discarded as unreliable. In addition, only tests where
fracture occurred in the gauge section of the nanopillar were used; tests where the sample
fractured at the Au substrate or at the top of the gauge section near the nanopillar’s
“mushroom cap” were discarded. Such tests, where fracture occurred near the very top or
bottom of the nanopillar, had noticeably lower strength, indicating those tests merely tested
the strength of adhesion to the substrate or a reduced failure strength due to stress
concentrated at the joint between “mushroom cap” and cylinder, and not actual strength of
the nanopillar gauge section.

Figure 13 contains tensile engineering stress versus strain data for five as-fabricated and

five helium-implanted samples. Representative videos obtained during tensile experiments are
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included in the supplementary files for as-fabricated (Video 1) and helium-implanted (Video
2) nanopillars. As shown in Figure 13, helium implantation appears to lower the elastic
modulus, which was measured to be 47.9 £ 5.20 GPa for the as-fabricated specimens and 38.2
+ 5.25 GPa for the helium-implanted specimens. This decrease in modulus upon helium
implantation may be due to the fact that the helium-implanted specimens contain ~3.2 at. %
helium and thus have a higher porosity. A relation between elastic modulus, (E), porosity (¢),
and elastic modulus of the non-porous monolithic material (Ey) was developed by Lu et al.
98],

E = Eo(1-2¢)(1 +4¢?) ®)
Using equation (8) with the elastic moduli obtained from the slope of linear elastic loading in
our experiments, Ey = 47.9 GPa and E = 38.2 GPa , results in a porosity of ¢ = 0.125, which
is higher than anticipated based on the lack of any measurable volume change in the
nanopillars upon helium implantation. This seeming discrepancy in modulus is not
unreasonable because uniaxial tension experiments at the nanoscale often have significant
variability in measured moduli data especially when the moduli are measured from the loading
portions of the nanomechanical data [99-101]. Several factors can affect the apparent elastic
modulus obtained via nanomechanical testing, including slight misalignments between tension
grips and sample, roughness or imperfections on the sample and tensile grip surfaces, substrate
effects, and machine compliance. To obtain more accurate results, instead of using the raw
data of the measured displacement signal, frames from the in-situ SEM videos were examined
to determine the actual displacement. This technique allows for more reliable strain data and
has been used successfully in many publications [24,77,99]. The relation by Lu et al. equation
(8) is qualitatively useful for illustrating the general trend of elastic modulus decreasing with

porosity but should not be used for precise quantification of porosity.
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Figure 13. Mechanical behavior of as-fabricated and He-implanted samples under
tension. Top right: video stills from in situ SEM for (a-c) as-fabricated and (a'-c') He-
implanted samples during (a, a') initial contact between grip and sample, (b, b') just before
failure, and (c, ¢') after failure. Top left: engineering stress—strain for as-fabricated and helium-
implanted samples. Bottom: elastic modulus (E), yield strength (0y;04), ultimate tensile
strength (oyrs), and plastic strain (g,) for both sample types.

All specimens broke within the nanopillar at a ~45° angle with respect to the substrate
(images of fracture surfaces are included in Figure 14), which indicates that both as-fabricated
and helium-implanted specimens failed by a similar mechanism of shear banding without
significant necking. Prior to failure, the specimens underwent some plastic deformation, which
was quantified by measuring plastic strain (g,), defined as the total strain at fracture (gf) less
the strain at the yield point (g,), that is, &, = & — &,. Helium-implanted specimens were on

average capable of withstanding around two times greater plastic strain before failure (g, =

1.215 £ 0.296 %) as compared with the as fabricated specimens (g, = 0.598 £ 0.032 %). The
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yield strength (0y¢14) and ultimate tensile strength (ayrs) for both specimen types were similar,
at 1.89 + 0.169 GPa and 2.04 £ 0.185 GPa for the as-fabricated specimens and 1.98 + 0.307
GPaand 2.21 + 0.324 GPa for the helium-implanted specimens. The similarity in the strengths
between helium-implanted and as-fabricated samples suggests that helium implantation did
not alter the failure mechanism. In summary, these tensile tests revealed that implanting He™

into Ni7sP27 metallic glass nanopillars increases ductility by a factor of two without a sacrifice

in strength.

100mmef (e)a , 100BmE
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Figure 14. SEM images of the nanopillar fracture surfaces after tensile testing. Images
are grouped for (a-c) as-fabricated and (d-¢) He-implanted specimens. All specimens failed at
a ~45° angle with respect to the loading axis indicating a similar sheat-banding failure
mechanism in both as-fabricated and He-implanted specimens.

2.6. Discussion

The mechanical results imply that instead of being a detriment, irradiation may actually
enhance ductility in metallic glasses. This is the opposite trend seen in irradiation on crystalline
metals and alloys, where the large body of literature indicates irradiation leads to embrittlement

[27,28,34,73,75]. The substantial difference in mechanical response upon irradiation between
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crystalline materials and metallic glasses likely arises from the disordered microstructure of
metallic glasses, which undergo deformation by atomic rearrangements within ~100 atom-
sized regions, often called shear transformation zones (STZs) [102,103], instead of the
dislocation-motion inherent to plasticity of crystalline materials. Deformation in metallic
glasses occurs by collective rearrangements and coalescence of multiple STZs. At yield stress,
some STZs coalesce to form large planar bands, known as shear bands [14]. The formation
and propagation of shear bands are localized events that depend upon the distribution of
STZs. As such, a more uniform distribution of STZs is better able to accommodate applied
strain without failure before the STZs coalesce and form a catastrophic shear band. During
helium implantation, the incoming He* ions knock the metallic glass atoms from their native
positions. For the implantation conditions used in this work, corresponding to a SRIM-
calculated damage of 3.00 & 0.78 dpa, the metallic glass atoms underwent a significant number
of knock-on events. These knock-on events likely disrupted the local icosahedral symmetries
between metallic glass atoms, which generated additional free volume within the metallic glass,
and facilitated a more uniform distribution of STZs. As discussed by others [24,25], irradiation
shifts native metallic glass atoms away from equilibrium and propels them to higher potential
energy states, thereby lowering the activation energy for atomic rearrangements and lending
greater probability to non-catastrophic plastic deformation. This line of reasoning is consistent
with the observed ~2-fold increase in plastic strain of the helium-implanted specimens
compared with the as-fabricated specimens. Based on this reasoning, the potential energy
landscape in the as-fabricated metallic glass samples is closer to equilibrium, where diffuse
local atomic activity and plastic deformation is inhibited. We speculate that compared to the
helium-implanted specimens, the as-fabricated specimens contain a more localized free

volume and heterogeneous distribution of ST”Zs that more readily coalesce into shear bands.



35

These arguments are consistent with previous studies that have reported a deformability
enhancement in metallic glass nanostructures as a result of FIB-induced Ga* ion
bombardments. Magagnosc et al. found that Ga* ion irradiation caused originally brittle
Pts75Cu147Ni53P225 nanowires to exhibit tensile ductility, with up to 2% post yielding strains
[23]. Chen et al. found that Ga* ion bombardment into the surface of NigoP2o nanopillars led
to a 3-fold increase in plastic strain [24]. The difference in the extent of irradiation-induced
increase in plastic strain between Chen et al. (3-fold increase) [24] and the current work (2-
fold increase) may arise from slight differences in the composition of the constituent Ni-P
metallic glass and the dissimilar nature of the irradiating ions. The experiments of Chen et al.
involved bombardment with Ga* ions, which have limited penetration due to the large size of
the Ga* ions and relatively low FIB energies used. In contrast, samples of the current work
were implanted with He™, which resulted in a distribution of high-pressure helium bubbles
throughout the volume of the nanopillars.

At equilibrium, the pressure of helium gas inside a bubble is balanced by sutface tension,
and thus to estimate the pressure difference between the inside and outside of a spherical
bubble we use the well-known Laplace pressure relationship,

2y

Tbubble

©)

AP = Pinside - Poutside =

where ¥ is the surface energy of the surrounding material and 7y,ppe is the bubble radius. For
Ni73P27 metallic glass, y was measured to be 3 J/m? using contact angle goniometry and the
bubble radius from the TEM images was ~1 nm, which results in a pressure difference of
AP~6 GPa between the inside of the bubble and the surrounding Ni73P27. The presence of
such high-pressure helium bubbles likely reduces the free volume available for plastic
deformation and thus the extent of ductility brought about by displacements from He* ion

bombardments. This suggests that helium implantation leads to two competing effects on
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metallic glass ductility: (1) bombardments from incoming He* ions enhances ductility by
increasing free volume in the metallic glass, and (2) the presence of helium segregated into
high-pressure bubbles reduces ductility by decreasing free volume in the metallic glass. The
dominant effect depends on how the displacements per atom (a measure of bombardments)
compare with the implanted helium concentration. The increased ductility observed in the
current work suggests that the effect of bombardments dominates for the implantation
conditions used, which correspond to SRIM-calculated dpa of 3.00 £ 0.78 and helium

concentration of 3.18 * 0.49 at. %.

2.7. Outlook

This work discussed in this chapter demonstrates a promising new pathway for developing
materials that can maintain and even improve their mechanical properties in irradiation-
intensive environments. By utilizing an electroplating-based nanofabrication technique we
created isolated tensile metallic glass nanostructures without the use of focused-ion beam
irradiation. We then utilized an ion accelerator to uniformly implant helium throughout the
samples at a concentration of 3.2 at. % with resultant damage of ~3 dpa. In-situ uniaxial tensile
tests on the as-fabricated ~130 nm diameter Ni7;3P27 metallic glass nanostructures and on
identical helium-implanted ones indicate that helium implantation enhanced post-elastic
deformability by a factor of two without any sacrifice in strength. The absence of dramatic
changes in mechanical properties upon helium implantation suggests that the small ~2 nm
sized helium bubbles produced as a result of the helium implantation in this study were not
large enough to serve as sufficient stress concentrators, thus the mechanical response of the
helium-implanted nanopillars did not transition to the regime where stress-concentrating

helium bubbles would act as flaws that induce failure.
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Our work suggests that metallic glasses may respond to helium irradiation in a beneficial
way, a finding diametrically opposite to the behavior of crystalline metals and alloys, for which
irradiation has been widely reported to induce hardening, embrittlement, catastrophic failure,
and dramatic changes in mechanical properties. For example, in a study where 3 at. % He was
implanted into pure Ni at room temperature under conditions similar to those used in this
work, the hardness increased from 1.1 GPa to 5.8 GPa [104]. The results of the current work
are even more promising because the amount of helium implanted, 3.2 at. %, is over an order
of magnitude larger than what a nuclear reactor would typically experience (typically 0.2 at. %
for fusion reactors) [73]. Consequently, the improvement in mechanical properties of the
studied metallic glass system upon very high levels of helium implantation suggests that
metallic glasses may be particularly well suited for irradiation-intensive applications, involving
high levels of implanted ions. Caution should be taken because a significant limitation of
metallic glasses may be their glass transition temperature (T,), which restricts their use to

applications below Ty in order to prevent crystallization.
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Chapter 3. Substantial tensile ductility in sputtered

Zr-Ni-Al nano-sized metallic glass

Adapted with permission from:
R. Liontas, M.J. Zadeh, Q. Zeng, Y. Zhang, W.L. Mao, J.R. Greer. “Substantial tensile ductility
in sputtered Zr-Ni-Al nano-sized metallic glass” Acta Materialia. 118 (2016) 270-285. DOI:

10.1016/j.actamat.2016.07.050

This chapter describes investigation into the mechanical behavior and atomic-level
structure of glassy Zr-Ni-Al nano-tensile specimens with widths between 75 and 215 nm.
Studies were focused on nano-tensile specimens in two different energy states: (1) as-sputtered
and (2) sputtered followed by annealing below the glass transition temperature. Tensile
experiments conducted inside a scanning electron microscope reveal substantial tensile
ductility in some cases reaching >10% engineering plastic strains, >150% true plastic strains,
and necking down to a point during tensile straining in specimens as wide as ~150 nm. We
found the extent of ductility depends on both the specimen size and the annealing conditions.
Using molecular dynamics simulations, transmission electron microscopy, and synchrotron x-
ray diffraction, we explain the observed mechanical behavior through changes in free volume
as well as short- and medium- range atomic-level order that occur upon annealing. This work
demonstrates the importance of carefully choosing the metallic glass fabrication method and
post-processing conditions for achieving a certain atomic-level structure and free volume
within the metallic glass, which then determine the overall mechanical response. An important
implication is that sputter deposition may be a particularly promising technique for producing
thin coatings of metallic glasses with significant ductility, due to the high level of disorder

imparted by the sputtering process.
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3.1. Motivation

We chose Zr-Ni-Al as our model metallic glass because of its oxidation resistance
[105,106] and excellent glass-forming ability [107,108]. The high glass transition temperature
(Ty) of Zr-Ni-Al metallic glass, reported to range from 680 to 760 K depending on
composition [109], increases the applicability of this metallic glass to extreme environments,
such as those involving elevated temperatures and radiation, with a lower risk of crystallization
or oxidation. The Zr-Ni-Al system contains only metallic components, which renders it a more
representative metallic glass with true metallic bonding, as opposed to a system containing
metalloid components with some covalent bonding. The properties of metal-metal systems
are much better understood than those of metal-metalloid systems, whose covalent
interatomic bonds influence glass formation and make modeling such systems difficult [110].
With only three component elements, this system is also practical for conducting molecular
dynamics (MD) simulations. The shortage of literatute on mechanical properties and detailed
structural analysis of sputtered Zr-Ni-Al metallic glass motivated us to undertake a
fundamental study of its mechanical behavior and atomic-level structure. The microstructure
was analyzed by transmission electron microscopy (TEM) and synchrotron X-ray diffraction
(XRD) to elucidate the unique atomic arrangement brought about by forming this metallic
glass via sputtering and the changes in this structure that occur as a result of subsequent
annealing. Mechanical behavior was assessed by conducting in-situ uniaxial tension and
compression experiments. MD simulations were conducted to explore the effect of metallic

glass fabrication conditions, sub-T, annealing, and sample size.
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3.2. Methods

3.2.1. Fabrication of Zr-Ni-Al nano-tensile specimens

All samples in this study were fabricated from a sputtered Zr-Ni-Al metallic glass thin
film. We deposit this material by sputtering an alloyed ZrssNizAlo, target (ACI Alloys, Inc.)
with a base pressure less than 1 X 10-¢ Torr using a DC power supply at 100 W with resultant
voltage of 320-390 V, under 3 mTorr argon in a magnetron sputter deposition system (ATC
Orion sputtering system, AJA International, Inc.). The sputtering process produces an
amorphous Zr-Ni-Al film, which is the starting point for the fabrication of nano-tensile
specimens. Samples were fabricated from two different amorphous states of this metallic glass:
(1) as-sputtered and (2) sputtered then annealed at the sub-T, temperature of 625 K for 24
hours. For the as-sputtered state, specimens were fabricated by sputtering Zr-Ni-Al directly
onto a silicon TEM grid (PELCO FIB Lift-Out TEM grid, Ted Pella) to a minimum thickness
of 3 um as shown in Figure 15 Step (1, 2) and then using XeF> gas from the insulator enhanced
etching system in a SEM to selectively etch away the silicon substrate underneath the sputtered
Zr-Ni-Al (Figure 15 Step (3)). In this step, a fine needle was positioned close to the sample
surface to create a high local flux of XeF, gas while the ion beam was used to induce reactions
between the XelF» gas and the scanned area. As such, significant etching of the Zr-Ni-Al
metallic glass was prevented not only by the chemical selectivity of XeF> for Si but also by
physically selecting only Si as the scanned area in the SEM. This resulted in the creation of a
free-standing Zr-Ni-Al film directly on the TEM grid, which was then FIB-milled into the
desired geometry of nano-tensile specimens shown in the insets of Figure 15 Step (4). The
FIB-milling step in the specimen fabrication required extensive tilting and rotating of the SEM
stage to achieve the desired removal of material. A schematic of this process is shown in Figure
15. This methodology allowed fabrication of the specimens directly on the TEM grid, which

facilitated the TEM analysis after tension experiments. The resultant specimens contained test-
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sections that were approximately square in cross-section with rounded corners. Specimens of
this as-sputtered metallic glass were fabricated with widths ranging from 85 — 215 nm and

heights correspond to an aspect ratio of ~1:10.

(1) Utilize Si TEM grid as a substrate

Top-down view
€ 3 MM —

Side view

(2) Sputter Zr-Ni-Al metallic glass (and conduct annealing)
Top-down view

Side view
$~3 um

(3) Insulator enhanced etching of Si with XeF, gas

Side view

1
1

1

1

1

\ ; S
5 ~30 um

1

1

1

(4) FIB-milling of tensile nanomechanical testing specimens

Top-down view

Top-down view Side view

Figure 15. Fabrication process for sputtered nano-tensile specimens. (1) A commercially
available Si TEM grid is used as the substrate, (2) Zr-Ni-Al metallic glass is sputtered onto the
TEM grid, with annealing conducted under an Ar environment in a tube furnace, (3) insulator
enhanced etching of Si with Xel gas in an SEM used to selectively remove Si from the top
section of the posts on the TEM grid, (4) the resultant free-standing film of Zr-Ni-Al on the
posts of the TEM grid, FIB-milled into individual nano-tensile specimens by extensively
tilting/rotating the SEM stage to allow the appropriate FIB-removal of material. SEM images
of the nanomechanical testing specimens are shown from both top-down and side view at ~5°
tilt.
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To fabricate specimens in the annealed state, the TEM grid with the ~3 um-thick sputter-
deposited Zr-Ni-Al film was annealed in a Carbolite tube furnace (in between Steps (2) and
(3) of Figure 15). Prior to raising the temperature of the furnace, argon was flowed through
the tube furnace at a rate of 3 liters per minute for 1 hour to avoid sample oxidation; this flow
rate was maintained during the entire annealing process. The temperature of the tube furnace
was increased from room temperature to the annealing temperature of 625 K at a rate of 45
K min' and then held at the annealing temperature for 24 hours. From literature, the T, of
Zr5sNixsAlyy 1s 757.1 K [109], which means the annealing temperature of 625 K roughly
corresponds to 80% of T,. After the 24-hour annealing period, the furnace was turned off and
allowed to reach room temperature before stopping the argon flow and removing the sample.
Following annealing, nano-tensile specimens were fabricated using an identical FIB-milling
process as the ones made from the as-sputtered state, with similar sizes of 79 — 209 nm, and
the aspect ratio of ~1:10. Potential oxidation induced by the annealing was prevented by
conducting the annealing in an argon environment. FIB-milling the specimens from a larger
film of annealed Zr-Ni-Al metallic glass provided substantial oxidation protection as any
surface oxide layers that may have formed during annealing were removed by FIB, and the
resultant specimen test-section consists of material at a distance greater than lum from the

surfaces exposed to the annealing environment.

3.2.2. TEM sample preparation and conditions

TEM samples were prepared with the Ga*™ FIB following standard lamella preparation
techniques and by fabricating the nano-tensile specimens directly onto the TEM grid (Figure
15). The FEI Technai TF20 transmission electron microscope was operated at 200 keV to
obtain bright field and dark field images, diffraction patterns, high-resolution TEM images,

and to conduct energy dispersive X-ray spectroscopy (EDS) in STEM mode. To assess any
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changes in the atomic structure as a result of tension experiments, some nano-tensile
specimens were left untested; the microstructure in both types of specimens, mechanically
strained and as-fabricated, was examined by TEM. To analyze the overall sample composition
and phase homogeneity, we fabricated the lamella lift-out sample from a Zr-Ni-Al film that
had been sputtered for ~20 hours to a thickness of ~4.5 um. EDS was conducted at several
points along the depth of the film to determine whether there were any changes in the chemical

composition with sputter deposition time.

3.2.3. In-situ uniaxial tension experimental setup

Uniaxial tensile experiments were performed in-situ inside an SEM to allow simultaneous
visualization of deformation and measurement of load and displacement during tensing.
Tensile experiments were conducted using the Hysitron PI-85 nanomechanical module in an
SEM (FEI, Versa 3D). Tensile grips were fabricated by FIB-milling boron-doped diamond
into a grip shape, shown in Figure 18 (a-d) and Figure 19 (a-d). To perform a tension
experiment, a nano-tensile specimen was moved inside the tension grips and then a
displacement-controlled uniaxial tension experiment was conducted at a strain rate of 1X10-
sTuntil the point of failure. Load-displacement data was acquired at a rate of 200 data points
per second; to display representative data points, the data was smoothed with a span
containing data over the nearest 2 nm of the displacement, using the rlowess method in
MATLAB, which involves a robust local regression using weighted linear least squares and a
first degree polynomial model.

Load-displacement data was converted to stress and strain by measuring the relative
dimensional changes throughout the experiments in each individual specimen. Engineering
stresses and strains were calculated by utilizing the initial specimen height and cross-sectional

area obtained from measurement of specimen height and width in SEM images taken prior to
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tensile experiments. True stresses and strains were calculated using the instantaneous specimen
height and cross-sectional area during the tension experiment. To obtain these instantaneous
specimen dimensions, we assumed that necking began at the maximum load during the tension
experiment, and the criterion for necking was the presence of any stress-strain data beyond
the maximum stress. We assumed that prior to necking the gauge length deformed uniformly
according to

or = og(1+ &g) (10)

er =In(1 + &) (11)
where o7 is true stress, g is engineering stress, g is engineering strain, and &7 is true strain.
To account for the large localization of deformation in the necked region that occurs upon

necking, true stress-strain data was calculated after necking according to

£ (12)
Or =
! Aneck
1 ( 4o ) (13)
Er = 1n
’ Aneck

where F is the load measured during the tension experiment, Ayqq is the cross-sectional area
of the thinnest portion of the necked region, and Ay is the initial cross-sectional area of the
specimen. The width of the neck region (Wpecx) was measured at approximately 10 load-
displacement points during necking. Due to the roughly square cross-sectional area of the
specimens, the cross-sectional area of the necked region (A,ecr) Was calculated from measured
Wheck 28 Wiger and Ayec was assumed to vary linearly between each measurement point.
Engineering stresses and strains were used to calculate the elastic modulus (E), yield strain
(&y,engineering)» yield strength (ay), engineering plastic strain (&, engineering), and ultimate tensile
strength (UTS). The only mechanical property calculated form the true stress-strain data was
the true plastic strain (& ¢ye). The elastic modulus was calculated as the slope of the loading

curve by conducting a linear fit on the region of the loading curve just after any initial loading
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instabilities and just before the yield point. The yield point was determined by visually
inspecting the data for the first deviation from linear elastic loading and the yield stress and
strain (g, and &y engineering) Were defined as the respective stress and strain at this yield point.
The UTS was found as the maximum stress in the engineering stress-strain response of a

specimen.

3.2.4. Synchrotron XRD sample preparation and conditions

Synchrotron XRD experiments were conducted on Zr-Ni-Al metallic glass in the same
two states as the nanomechanical experiments: (1) as-sputtered and (2) sputtered then annealed
at 625 K. To obtain enough material for synchrotron XRD measurements, Zr-Ni-Al was
deposited using identical sputter conditions discussed previously with kapton tape as the
substrate, which allowed flakes of the sputtered Zr-Ni-Al to be easily removed from the
kapton tape and collected for analysis. Synchrotron XRD analysis was conducted on the as-
sputtered Zr-Ni-Al flakes and annealed flakes, which were annealed prior to the diffraction
measurements using identical annealing conditions discussed previously. Synchrotron XRD
was performed in a transmission geometry using the high-intensity, high-energy
monochromatic beam at Sector 11-IDC of the Advanced Photon Source at Argonne National
Laboratory. The photon energy was 105.1 keV corresponding to an X-ray wavelength of
0.11798 A and the beam size was 0.5 X 0.5 mm2. The X-ray attenuation length of the ZrssNips.
Alp sample at 105.1 keV is ~2.5 mm. Zr-Ni-Al flakes were sandwiched between two layers of
kapton tape to increase the sample thickness (in this case ~200 um). A Perkin Elmer area
detector was set at a distance of 690.7 mm and CeO> was used as the calibration material. The
exposure time was 90 s for each sample and the background scattering from air and the two
layers of kapton tape. The resultant 2D image files were integrated using the Fit2D program

to obtain 1D intensity distributions as a function of the wavevector @, from which the
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structure factor S(Q), and the reduced pair-wise distribution function G(r) were derived using

the PDFgetX3 program. The composition was assumed to be ZrssNixsAlag for data analysis.

3.2.5. Molecular dynamics simulation methodology

MD simulations were conducted on cylindrical Zr-Ni-Al metallic glass specimen using
Large-Scale Atomic/Molecular Massively Parallel Simulator (LAMMPS) [111]. The
interatomic interactions were calculated by employing the embedded atom model (EAM)
potential parameterized for the Zr-Ni-Al-Cu system [112]. To construct the samples, first, a 5
nm cube of the alloy with the atomic composition of ZrssNixsAly (in the range of our
experiments) and periodic boundary conditions (PBCs) along all three dimensions was melted
and equilibrated at 2300 K for 10 ns. Then, the liquid alloy was quenched to 50 K with a given
cooling rate (e.g. 1010 K/s) at zero external pressure using the isothermal—isobaric (NPT
ensemble) ensemble. To control the temperature and pressure of the simulations, Nose-
Hoover thermostat and barostat were employed [113]. To integrate the equations of atomic
motion, the Verlet algorithm [114] was used with the time step of 0.002 ps during the
melting/quenching processes. The cylindrical sample for the uniaxial tensile test with diameter
of 40 nm and length of 120 nm was then constructed by replicating the metallic glass cube.
We applied PBCs in the direction parallel to the central axis of the cylinder (i.e. g direction),
while free boundary conditions were applied in other directions. Before applying the tensile
loading, the sample was equilibrated at 300 K (similar to the temperature of our experiments).
The uniaxial loading was applied by rescaling the simulation box in the g direction with the
strain rate of 4X107 s'l. During the loading procedure, the time step of the Verlet algorithm
was set to 0.001 ps. The engineering stress was calculated from the Virial atomic stress tensor
[115,116]. As a measure of local (atomistic) deformation during loading, we adopted the

atomic von Mises strain [117] and used OVITO package for the visualization [118].
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In the MD simulations, we examined the following three factors: cooling rate, annealing
condition and sample size. To understand the effect of cooling rate (i.e. the effect of
fabrication variables), we constructed the tensile samples using glasses obtained with cooling
rates of 1010 K/s, 101 K/s, 1012 K/s, and 1013 K/s. Moreover, to study the effect of sub-Tj
annealing (i.e. the effect of post-fabrication variables), the sample constructed with the cooling
rate of 1013 K/s was annealed for up to 400 ns at 850 K (~ 0.8Ty), and cooled back to 300 K
with the same cooling rate. In addition, to study the size effect, tensile samples with diameters
of 5, 10, 20, and 40 nm and the same aspect ratio (i.e. ratio of length to diameter) of 3 were
prepatred using the glass obtained with the cooling rate of 1010 K/s.

To characterize the short range order (SRO) present in the MD simulated samples we
utilized the Voronoi tessellation method [119,120], whereby around each atom a Voronoi
polyhedron is constructed with a certain number of triangular, quadrangular, pentagonal, and
hexagonal faces, depending upon the arrangement of its nearest neighbor atoms. The Voronoi
index of each atom corresponds to the number of faces in its surrounding Voronoi
polyhedron, for example, a Voronoi index of <0,2,8,1> corresponds to a Voronoi polyhedron
with 0 triangular faces, 2 quadrangular faces, 8 pentagonal faces, and 1 hexagonal face. With
this notation, a Voronoi index of <0,0,12,0> corresponds to the Voronoi cell with the highest
possible local symmetry, that is, a regular dodecahedron with 12 nearest neighbor atoms
arranged at the vertices of a full-icosahedron (FI) cluster. As an indicator of SRO, we mainly
focus on tracking the concentration of the Al-centered full icosahedron cluster (i.e. Al-FI with
the Voronoi index of Al <0,0,12,0>) since this icosahedron configuration is known to be
prevalent in a variety of metallic glass systems [121,122]. We chose to focus on the Al-centered
icosahedron because we found this particular cluster to be most sensitive to changes in
processing conditions, such as annealing and utilizing different cooling rates. The average

atomic potential energy of the system is another measure we utilized to assess the overall
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ordering in the system since a dectease in atomic potential energy signifies atoms in a more

ordered, relaxed state.

3.2.6. Virtues and limitations of MD simulations in small-scale mechanics

It is well-known that the spatial and temporal scales in MD simulations are very different
from those in experimental techniques due to the restrictions in the technique and
computational resources. The samples in current MD simulations typically contain up to tens
of million atoms, which corresponds to a ~40 nm-diameter, 120 nm-tall nanopillar. The typical
simulation duration (usually tens of nanoseconds), the cooling rate (as high as 1010 K/s and
above), and the strain rate (on the order of 107 s!) are several orders different than those of
experiments. These limitations generally prevent a quantitative comparison between simulated
and experimental results, which should not be the objective of MD simulations. For example,
it has been shown that a higher strain rate in MD simulations often leads to a higher yield
strength in materials [123]. Therefore, to interpret simulation results, one should mainly focus
on the major mechanistic features and trends in the behavior of the samples. If the simulation
and experimental results follow the same trend, it would be plausible to use these simulations
to reveal the underlying atomistic mechanisms, which are otherwise not obtainable via
experimental techniques [124,125]. Based on these guiding principles, MD simulations have
been extensively employed, together with experiments, to reveal valuable insight into
complicated mechanical properties and behaviors, such as shear banding, crack
initiation/propagation, and elastic buckling in a variety of metallic glass and nanoglass systems

[63,124-133)].
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3.3. Results

3.3.1. TEM microstructure and elemental analysis

TEM images and analysis of as-sputtered and annealed Zr-Ni-Al are presented in Figure
16. The film used for this analysis was sputtered for ~20 hours to a thickness of ~4.5 um. We
confirmed this sample to be amorphous, evidenced by the presence of diffuse rings in the
diffraction pattern (Figure 16 (a)), as well as the lack of any observable ordering in the high-
resolution TEM image (Figure 16 (b)). Energy-dispersive x-ray spectroscopy (EDS) in the
TEM was conducted on the cross-section of the as-sputtered film at various distances away
from the substrate to determine the stoichiometric ratio of each component and to assess
whether sputtering induced any variations in chemical composition with deposition time. The
chemical composition based on the EDS data is plotted in Figure 16 (c) and shows that
chemical composition is not a function of distance away from the substrate, which indicates
that the sputtering process is consistent over time. The horizontal lines shown in Figure 16 (c)
are plotted at the average composition for each element, with the legend displaying these
average compositions and the standard deviation in that measurement. This plot implies that
less than 2 at. % of carbon and oxygen are present in the thin film lamella sample, with the

average stoichiometry of Zr/Ni/Al being ZrssNixoAlie.
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Figure 16. TEM and EDS elemental analysis on as-sputtered and annealed Zr-Ni-Al
metallic glass. Grouped as (a-c) as-sputtered and (d-g) annealed samples, including (a)
diffraction pattern from as-sputtered film, (b) high-resolution TEM image of the as-sputtered
film, (c) EDS elemental analysis along the depth of the ~4.5 um thick as-sputtered film, (d)
diffraction pattern from test section of the annealed nano-tensile specimen, (¢) TEM image of
the annealed nano-tensile specimen, (f) dark-field image on the surface edge of the annealed
nanomechanical testing specimen, and (g) EDS elemental analysis on annealed nano-tensile
specimens with error denoting * one standard deviation in the measurement.

The microstructure of annealed samples was analyzed by TEM to ensure that crystallization
and oxidation had not occurred; these TEM results are shown in Figure 16 (d-g). The TEM
image of an entire nanomechanical specimen (Figure 16 (e)) reveals than an amorphous
microstructure was retained upon annealing, as evidenced by the diffuse rings in the diffraction
pattern (Figure 16 (d)) and the uniform contrast dark-field image (Figure 16 (f)). TEM analysis
on post-tension samples indicated no evidence of crystallization upon mechanical deformation
and no changes in the amorphous structure observable by TEM. As measured by EDS, the
relative amounts of each element after annealing are shown in the chart in Figure 16 (g) and
reveal a slightly greater carbon and oxygen content compared with the as-sputtered sample
(Figure 16 (c)) with both amounts <10 at. %. This increased carbon and oxygen content stems
from extensive SEM imaging during tension experiments and a small surface oxide layer from

air exposure. The signal from these surface atoms is amplified for the nano-tensile specimen
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because of their high surface-to-volume ratio and the increased sensitivity of EDS to surface
atoms. EDS analysis also revealed ~2 at. % Ga present in the annealed specimens, most likely
caused by the Ga* ions from FIB, with a higher concentration of Ga near the sample surfaces
where the ion beam came in direct contact with the sample to remove material. The amount
of ~2 at. % Ga is likely an upper bound for the actual amount of Ga present in the sample
because EDS is more sensitive to surface atoms. The average stoichiometry of Zr/Ni/Al in
the annealed nanomechanical testing specimens corresponds to ZrssNiz4Aly (Figure 16 (g)),
which is slightly different than that of the as-sputtered film, which was ZrssNizoAlis (Figure 16
(c)). This difference in stoichiometry may be caused a slight preference for etching certain
elements in the Xel> and FIB etching steps. However, as all specimens underwent the same
etching procedure, these effects would be consistent among all the nanomechanical testing

specimens.

3.3.2. Nanomechanical compression results

In addition to the tensile experiments discussed in detail in this Chapter, we also examined
the mechanical properties of the as-sputtered Zr-Ni-Al metallic glass via uniaxial compression
experiments on cylindrical nano-compression specimens. Specimen were fabricated by FIB
milling of the same ~4.5 pm thick sputtered film analyzed by TEM in Figure 16. The
specimens were fabricated with diameters ranging from 225 nm to 1560 nm, and
corresponding heights such that the aspect ratio was ~1:3 so as to avoid buckling during
compression. The specimens were compressed at a strain rate of 1X10-3 51 using the Hysitron
PI-85 nanomechanical testing instrument in-situ in the Versa 3D scanning electron
microscope. The resultant compression data is displayed in Figure 17. These specimens
exhibited two very distinct regimes of mechanical behavior depending on their size: ductile

behavior and homogeneous flow was observed for “small” specimens with initial diameters <
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555 nm, while shear banding and localized failure was observed for “large” specimens with
initial diameters = 890 nm. These differences in mechanical response are apparent from the
stress-strain curves, which show uniform plastic loading for the “small” specimens (Figure 17
(a)), and many strain bursts from the catastrophic shear banding events for the “large”
specimens (Figure 17 (b)). The post-compression images of the specimens also illustrate the
differences in mechanical response with the “small” specimens exhibiting homogeneous
deformation near the top of the specimens (Figure 17 (c-d)) and the “large” specimens
exhibiting clear shear bands (Figure 17 (e-f)). Overall, the compression data indicates a
transition from homogeneous-like flow to shear banding at a specimen diameter between 555

and 890 nm, which is quite a large diameter for observing ductility in metallic glasses.
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Figure 17. Uniaxial compression experiments on FIB-fabricated Zr-Ni-Al specimens.
Engineering stress-strain results on (a) “small” specimens with diameters < 555 nm and (b)
“large” specimens with diameters = 890 nm. Post-compression images on specimens with
initial diameters of (c) 492 nm, (d) 540 nm, (¢) 1300 nm, and (f) 1560 nm.

These promising compression results motivated the more rigorous tensile experiments

discussed in this chapter. We chose to focus on tension testing due to some of the inevitable
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limitations of compression, such as the lack of a well-defined failure behavior under
compression. For example, under tension a specimen will eventually fracture and the amount
of plasticity in the stress-strain response can be unambiguously quantified, while such a clear
fracture behavior and thus measures of plasticity does not occur under compression.
Furthermore, the top-down FIB milling utilized to fabricate the specimen pictured in Figure
17 (c-f) results in tapered samples, which can become especially pronounced as the specimen
diameter becomes smaller and makes fabrication of sub-100 nm specimens impossible. This
tapering may effect shear band nucleation and make stress analysis difficult. Tension is also of
particular interest to metallic glasses because monolithic bulk metallic glasses show no tensile
ductility at room temperature but can sometimes exhibit compressive plasticity. Therefore,
achieving tensile ductility in a nano-sized metallic glass demonstrates a new mechanical

behavior that is completely unattainable in bulk systems of metallic glass.

3.3.3. Nanomechanical tension results

Figure 18 and Figure 19 display the tensile stress-strain response of the as-sputtered and
annealed samples arranged by specimen dimensions and grouped into four width categories:
~90 nm, ~110 nm, ~150 nm, and ~200 nm. For each width category, Figure 18 and Figure
19 each show three representative engineering stress-strain curves, one representative true
stress-strain curve, and one representative SEM image of a tested specimen around the time
of failure. We observed two distinct regimes of mechanical behavior in the as-sputtered:
“small” specimens with width categories < ~200 nm failed by pronounced localized necking
and reached true strains in excess of 100%. The “large” specimens in the ~200 nm width
category failed by shear banding and exhibited marginal ductility. The transition from localized
necking (Figure 18 (a-c)) to shear banding (Figure 18 (d)) can be seen in the SEM images of

the specimens around the time of failure; this transition is even more apparent from the in-
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situ videos of the tensile experiments. For example, the 212 nm-wide as-sputtered sample
(Video 3 (a, b)) fails catastrophically via shear banding, and the 114 nm-wide as-sputtered

sample (Video 4 (a, b)) shows localized necking with the material drawing down to a point.
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Figure 18. Uniaxial tensile experiments on the as-sputtered Zr-Ni-Al metallic glass
samples. (Left) engineering stress-strain data, (center) true stress-strain data, and (a-d) SEM
images from in-situ videos around the time of sample failure. The data is grouped by specimen
size with ~90 nm wide specimens in the top row, ~110 nm wide specimens in the top-middle
row, ~150 nm wide specimens in the bottom-middle row, and ~200 nm wide specimens in
the bottom row.

The annealed specimens (Figure 19) also show two distinct regimes of mechanical
behavior: the “small” specimen width category < ~110 nm failed by noticeable localized
necking and reached true strains around 100%, “large” specimen width categories = ~110 nm
failed by shear banding with virtually non-existent ductility. The transition from localized
necking (Figure 19 (a)) to shear banding (Figure 19 (b-d)) can be seen in the SEM images from
the specimens around the time of failure. Analogous to the as-sputtered samples, the transition

from localized necking to shear banding is unambiguous in the in-situ videos: the 209 nm-
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wide annealed sample (Video 5 (a, b)) catastrophically shear bands at failure, the 109 nm-wide
annealed sample (Video 6 (a, b))shear bands after some post-elastic deformation, and the 93
nm-wide annealed sample (Video 7 (a, b)) exhibits pronounced localized necking. We found
the main difference between the as-sputtered and the annealed specimens to be the critical
transition width at which the mechanical behavior switches from ductility with significant
localized necking to shear banding. For the as-sputtered specimens, this transition occurred
somewhere between 150 and 200 nm, and for the annealed specimens, this transition occurred

at around 100 nm.
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Figure 19. Uniaxial tensile results on annealed Zr-Ni-Al metallic glass. (Left)
engineering stress-strain data, (center) true stress-strain data, and (a-d) SEM images from in-
situ videos around the time of sample failure. The data is grouped by specimen size with ~90
nm wide specimens in the top row, ~110 nm wide specimens in the top-middle row, ~150
nm wide specimens in the bottom-middle row, and ~200 nm wide specimens in the bottom
row.
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Beyond these two regimes of mechanical behavior, localized necking versus shear
banding, we also observed differences within each regime of mechanical behavior as a function
of specimen width. For example, the annealed specimens in width categories = 110 nm all
failed by shear banding, with an accompanying loss of ductility for larger and larger samples.
As measured by engineering plastic strain, the ~110 nm annealed specimens exhibited 3.2%
more plasticity than the ~150 nm annealed specimens, which exhibited 35% more plasticity
than the ~200 nm annealed specimens. The shear-banding mechanism is not suppressed in
samples of widths above the critical dimension but may require higher forces to initiate when
specimen widths approach the critical dimension. A similar trend was observed in the localized
necking regime for the as-sputtered specimens: all as-sputtered specimens in width categories
< 200 nm failed by localized necking, with smaller specimens exhibiting more plasticity. For
example, as measured by engineering plastic strain, the ~110 nm as-sputtered specimens
exhibited 45% more plasticity than the ~150 nm as-sputtered specimens.

The summary of measured mechanical properties of the as-sputtered and annealed
specimens is displayed in Figure 20. Again, we grouped the mechanical properties by specimen
width into categories of ~90 nm, ~110 nm, ~150 nm, and ~200 nm. Some natural variation
in specimen size for each category was caused by FIB fabrication; this variation is represented
by the horizontal error bars in Figure 20, which correspond to the standard deviation within
each size grouping. The vertical error bars indicate the standard deviation in each measured
mechanical property within each category of specimen width. We quantified the ductility in
the specimens by measuring the plastic strain (&,), defined as the total strain at fracture minus
the strain at the yield point. Figure 20 (a) contains the engineering plastic strain, &, engineering»
and indicates that some plasticity is present in all samples tested, with &, engineering ranging

from 1.8% to 8.0%. Figure 20 (b) contains the true plastic strain, &, ¢y, Which is sensitive to
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necking: the specimens with &, 1 ~100-150% all exhibited obvious necking, while specimens
with &, ;e < ~10% exhibited almost no necking with failure by shear banding.
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Figure 20. Mechanical properties of as-sputtered and annealed nano-tensile
specimens. (a) Engineering plastic strain, (b) true plastic strain, (c) yield strength, (d) ultimate
tensile strength, (e) engineering yield strain, (f) elastic modulus. The vertical error bars denote
+ one standard deviation in the measured property and the horizontal error bars denote * one

standard deviation in the pillar widths measured for each size grouping (~90 nm, ~110 nm,
~150 nm, ~200 nm).

Measures of strength are included in Figure 20 (c) for yield strength, g,,, and Figure 20 (d)
for ultimate tensile strength, UTS. It appears that the yield strength does not show a significant

dependence on specimen size, but was highly influenced by annealing: the as-sputtered
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specimens exhibited on average o, = 1.26 £ 0.08 GPa and the annealed specimens exhibited
on average g, = 1.51 £ 0.11 GPa, which indicates that annealing resulted in a ~20% increase
in yield strength. The UTS appears to increase dramatically with annealing and with increasing
the size of the annealed specimens; however, since the UTS was calculated from engineering
stresses, it is dramatically higher for samples that did not neck. Necking leads to a significant
decrease in the cross-sectional area in the necked region, which means the sample is not able
to accommodate total load as effectively as a sample that fails without such a localized
narrowing. The UTS is commonly a more representative reflection of whether the samples
undergo necking (low UTS) or fail by shear banding without necking (high UTS).

Figure 20 (e) contains the yield strain, &y engineering, Which appears to be neatly constant
and independent of both sample size and processing conditions. The average yield strain for
all samples is 3.79 & 0.59%. The consistency of the yield strain amongst all specimens indicates
the elastic limit of this metallic glass is purely an intrinsic property that is not dependent upon
specimen size, fabrication method (sputtering), or post-processing (annealing). As elastic
modulus was measured as the slope of the stress-strain curve up to the point of yielding, or
simply the yield strength divided by the yield strain, this consistency in yield strain also
indicates that any changes in the elastic modulus are due almost entirely to changes in yield
strength, not yield strain. The elastic modulus measurements are shown in Figure 20 (f) and
are also roughly independent of specimen size, with the average modulus of 38.3 £ 3.84 GPa
for the as-sputtered specimens and 44.6 = 6.74 GPa for the annealed specimens, which
represents a ~17% increase upon annealing. This increase is consistent with the ~20% increase
in yield strength of Figure 20 (c). A large standard deviation indicated by the error bars in the
elastic modulus measurements is common in uniaxial tension experiments at the nanoscale
because the modulus is measured from the slope of the loading portion of the nanomechanical

data [99-101], which is susceptible to experimental artifacts like a slight misalignment between
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the grips and the sample, an imperfect initial contact, and the atomic-level roughness on the
tensile grips and specimen head. The relative changes in the modulus are useful for showing
the general trend of modulus increasing by ~17% upon annealing; the absolute values of the

measured moduli are likely lower than the actual moduli because of these artifacts.

3.3.4. Synchrotron XRD results

To shed light onto the emergence of substantial ductility in excess of 100% true strain in
the as-sputtered nano-sized Zr-Ni-Al metallic glass and the dramatic changes in mechanical
response upon annealing, we conducted synchrotron XRD measurements on the as-sputtered
and the annealed Zr-Ni-Al metallic glass samples. Figure 21 (a) displays the resultant structure
function S(Q) as a function of the scattering vector @, which contains noticeable changes in
the first and second peaks between the as-sputtered and annealed samples. Figure 21 (b) shows
the zoomed-in first peak, which increases in intensity by 7.4% from S(Q1)=2.425 in the as-
sputtered sample to S(Q;)=2.604 in the annealed sample and shifts by 1.7% from Q;=2.597
Al in the as-sputtered sample to Q; =2.641 Al in the annealed sample. Q; is inversely
proportional to the mean atomic spacing [134], which implies that a larger @, in the annealed
sample corresponds to a smaller average atomic spacing compared with the as-sputtered
sample. The position of Q; is related to the mean atomic volume; the variation in volume upon

annealing can be estimated according to Yavari et al. [135] by

3

as—sputtered
Vannealed — ( 1 ) (14)

annealed
Vas—sputtered Q1

whete Vanneatea and Vis—sputterea are the mean atomic volumes in the annealed stated and as-

. . . . —sputtered
sputtered states, respectively. Using equation (14) with the measured values of Q7 *P*"*"** =

2.597 A and Q¢eated = 2 641 A, we calculate a ~4.9% lower atomic volume in the annealed

sample compared with the as-sputtered sample, indicative of a significant reduction in free
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volume due to annealing. Figure 21 (c) contains the second peak in S(Q), which increases in
intensity by ~1.6% from S(Q;) = 1.210 in the as-sputtered sample to S(Q,) = 1.230 in the
annealed sample, as well as a peak split caused by the annealing giving rise to an additional
peak at a ~5.2 A1, which reflects enhanced local ordering. The heights of the higher order

peaks in S(Q) decay rapidly as Q increases, which render measurements of relative changes

inaccurate.
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Figure 21. Synchrotron XRD results on as-sputtered and annealed at 625 K Zr-Ni-Al
metallic glass. (a) Structure factor, (b) zoomed-in region on the principal peak of the
structure factor shown in (a) with dashed lines denoting the peak positions, (c) zoomed-in
region on the second peak of the structure factor shown in (a). (d) Reduced pair distribution
function, (e) zoomed-in region of the reduced pair distribution function shown in (d) for r <
2.25 A with dashed lines denoting the slope of the curve in this low-r region, (f) zoomed-in
region on the first nearest-neighbor peak of the reduced pair distribution function shown in
(d) with dashed lines denoting metallic bond distances shown in Table 1.
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Figure 21 (d) displays the reduced pair distribution function, G(r), defined as

G(r) = 4mrpo(g(r) — 1) (15)
where 7 is the distance, py is the average number density, and g(r) is the pair distribution
function. The pair distribution function g(r) tends to r at small r because atoms cannot
overlap, which forces G(r) to behave as —4mrp, as r — 0. At low r, the slope of G(r) is
proportional to the average number density of the material. We measured the slope of G(r)
for r < 2.25 A (Figure 21 (e)) and found it to increase by 7.2% as a result of the annealing,
which corresponds to a 7.2% increase in density and a concomitant loss of free volume from
annealing. Figure 21 (f) contains a zoomed-in region of G(r) focused on the peaks
corresponding to the first nearest neighbor shell of atoms. These peaks appear to undergo
significant changes from ex-situ annealing and are important in understanding changes in
short-range order. In the as-sputtered state, the main peak at ~3 A is split into two maxima:
one sub-peak at ~2.7 A and another sub-peak at ~3.2 A. Upon annealing, the first sub-peak
remains at ~2.7 A and increases in intensity by 37.3% from G (r) = 0.984 in the as-sputtered
state to G(r) = 1.351 in the ex-situ annealed state, while the second sub-peak at ~3.2 A is
largely unchanged, increasing marginally from G(r) = 2.089 in the as-sputtered state to G (r)
= 2.098 in the annealed state. This indicates a change in the types of atoms within the nearest
neighbor shell, where atoms associated with bond lengths of ~2.7 A become more prevalent
and atoms associated with bond lengths of ~3.2 A exhibiting no significant change. Based on
the atomic radii of each constituent in the Zr-Ni-Al metallic glass, metallic bond lengths can
be calculated [136], with results shown in Table 1, and denoted by the dashed lines in Figure
21 (f). This plot reveals that upon annealing, the Ni-Al and Zr-Zr bonds become more
prevalent because the first sub-peak located at around the Ni-Al bond distance intensifies and
the second sub-peak shifts closer towards the Zr-Zr bond distance. Zr atoms represent the

majority of all atoms in the Zr-Ni-Al glass in this work, with Ni and Al being the minority
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atoms; the observed changes in bond prevalence suggest that upon annealing the minority
atoms (Ni and Al) come together significantly while the majority atoms (Zr) also come
together slightly. This leads the atomic-level structure in the annealed state to contain more
minority-minority (Ni-Al) and majority-majority (Zr-Zr) atom interactions but less majority-

minority (Ztr-Al or Z1r-Ni) atom interactions.

Table 1. Metallic bond lengths, obtained from published metallic bond radii in [136]

Bond | Length (A)
Ni-Ni 2.492
Ni-Al 2.678
Zr-Ni 2.848
AL-Al 2.864
Al-Zr 3.034
Z1-7x 3.204

The peaks in G(r) located beyond the first main peak also change considerably as a result
of annealing. Table 2 summarizes the peak positions of these medium-range order (MRO)
peaks in the as-sputtered and annealed samples and shows that (1) all peaks shift to shorter
distances (by ~1%) consistent with an overall densification, and (2) the intensity increases by
~18-48%, which corresponds to more atoms at certain set radial distances and fewer atoms
distributed randomly. These measurements imply that annealing leads to a dramatic increase

in coordination number and medium-range order.

Table 2. Analysis of the MRO peaks in G(r)

Peak Location in G(r) Peak Intensity in G(z)
As- Annealed Change As- Annealed Change
sputtered sputtered
5.24 5.19 -0.95% 0.669 0.787 17.7%
7.64 7.59 -0.65% 0.468 0.605 29.2%
10.2 10.1 -1.31% 0.209 0.269 29.2%
12.6 12.4 -1.04% 0.107 0.158 48.1%
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3.3.5. Molecular dynamics simulation results

We employed molecular dynamics (MD) simulations to gain insight into the mechanisms
of annealing-induced atomic ordering and structural relaxation revealed by the synchrotron
XRD measurements. Due to lack of long-range order in metallic glasses, their atomic structure
can only be characterized in a statistical manner. Indeed, the structure factor and pair
distribution function obtained experimentally are one-dimensional entities indicating the
possibility of finding another atom at a distance r from a given central atom. In contrast, MD
simulations are able to reproduce the atomistic configuration of metallic glasses and
characterize their three-dimensional structure, which is not otherwise possible experimentally.
As such, MD is almost a unique technique in exploring correlations between microstructure,
atomic-level details, and mechanical behavior of metallic glasses under different conditions.
Here, we investigated the effect of structural relaxation on the deformation and failure mode
of metallic glasses by adjusting the sample cooling rate, and the specific contributions of
thermal energy by adjusting the annealing time at a sub-T,; temperature. We also investigated
the size effect by performing simulations on different diameter samples. Details of our
simulation methodology are provided in section 3.2.5.

Figure 22 (a) shows the engineering stress-strain curves at room temperature (300 K) for
the glassy specimens obtained with different cooling rates of 1010 K/s to 101 K/s, in order of
magnitude increments. For each of these samples, Figure 22 (b-e) present the snapshots of
atomic von Mises shear strain, e”M, calculated at different stages of the applied strain, €, with
respect to the unloaded sample. The loading stage of each snapshot is indicated by an open
circle in the stress-strain curve of the corresponding cooling rate in Fig 7(a). According to
Figure 22 (a), the sample with the cooling rate of 1010 K/s exhibits a pronounced drop in the
stress level after the ultimate tensile strength (UTS); this can be attributed to formation and

propagation of a dominant shear band as seen in Figure 22 (b), which implies a brittle failure
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mode at room temperature in the glassy sample obtained with the slowest cooling. In contrast,
Figure 22 (a) also demonstrates that increasing the cooling rate above 1010 K/s leads to an
altering of the deformation mode toward more ductile (plastic) behavior and almost an ideal
plastic flow in the sample formed with the cooling rate of 103 K/s. This is in agreement with
Figure 22 (c-e), indicating a homogeneous distribution of atomic deformation in these
samples. As such, Figure 22 (a-e) cleatly shows a transition in the room-temperature
deformation and failure mode from localized shear banding (in the sample formed with the
slowest cooling rate) to homogeneous plastic flow (in samples formed with faster cooling

rates).
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Figure 22. MD simulations on the effect of cooling-rate on the mechanical behavior
and atomic structure of Zr-Ni-Al metallic glass. The specimens have diameters of 40 nm
and heights of 120 nm. (a) Tensile engineering stress versus strain for samples formed with
cooling rates denoted in the legend. (b-d) Analysis of the atomics von Mises shear strains (€”M)
in the samples formed with the cooling rates of (b) 1010°K/s, (c) 1011 K/s, (d) 102K /s, and ()
1013 K/s. (f) Effect of cooling rate on the average atomic potential energy (PE) of the system
(left axis) as well as the fraction of Al-centered full-icosahedra clusters (right axis).
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We further consider the effect of cooling rate on atomic structure by investigating the
SRO clusters and average potential energy per atom. Figure 22 (f) demonstrates that a faster
cooling rate leads to a more disordered structure as evidenced by a decrease in the fraction of
Al-FI clusters and by an increase in the system’s average atomic potential energy at room
temperature. In other words, increasing the cooling rate results in a glass with a less relaxed
structure consisting of more liquid-like clusters (i.e. excess free volume with irreversible
dynamics). This reduction in full-icosahedra clusters at faster cooling rates corresponds to a
destruction of the stiff backbone of the glass, which may be a key factor responsible for the
homogeneous plastic deformation observed in samples formed at higher cooling rates.

We performed further simulations to investigate the effect of sub-T; annealing on the
structure and mechanical response of the metallic glass. To this end, we selected the sample
obtained with the cooling rate of 1013 K/s, whose tensile deformation commenced in a
homogeneous fashion (see Figure 22 (a, ¢)). In order to determine the appropriate temperature
to conduct the annealing for the MD studies, it was necessary to first determine the glass
transition temperature, Ty, of the MD-formed metallic glass. Towards that aim, during the
quenching process of forming the MD samples, the potential energy per atom was monitored
as a function of temperature for cooling rates of 1010 K/s, 1012 K/s, and 103 K/s, as shown
in Figure 23. As in Caprion et al. [137], we determined T, as the crossover between
extrapolations of the high and low temperature curves of potential energy. The resultant Ty
values are denoted by dashed lines in Figure 23, with values of ~950 K for the cooling rate of
1010 K/s, ~1000 K for the cooling rate of 1012 K/s, and ~ 1050 K for the cooling rate of 1013
K/s. As the MD annealing was performed on the sample originally formed with a cooling rate
of 1013 K/s, we conducted the annealing at ~80% of ~1050 K, i.e. ~850 K. We chose this
annealing temperature to be consistent with the experimental annealing performed at ~80%

of the experimental T, taken from literature [109].
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Figure 23. MD simulations of potential energy behavior during quenching. Variation
of potential energy as a function of temperature during the formation of ZrssNixsAlzy metallic
glass quenched from 2300 K with cooling rates of 1010 K/s, 1012 K/s, and 103 K/s. The
vertical dashed-lines denote the glass transition temperature (T,) of the alloy.

The annealing simulation was conducted for up to 400 ns; the average potential energy
per atom and the fraction of Al-FI clusters were monitored during the annealing process.
Figure 24 illustrates the effect of annealing on the mechanical properties and atomic-level
structure of the simulated Zr-Ni-Al glass. We observe that annealing the sample that was
originally formed at a cooling rate of 101> K/s leads to a 77% increase in the ultimate tensile
strength after 200 ns of annealing time (Figure 24 (a)) and shifts the mechanical deformation
from homogeneous extension of the as-quenched sample to brittle behavior and shear
banding, as illustrated in Figure 24 (b-c). Figure 24 (a) also includes the stress-strain responses
of the as-quenched samples originally formed at cooling rates of 1013 and 100 K/s, which are
provided to show that annealing the sample originally quenched at a cooling rate of 101> K/s
leads to a stress-strain response similar to that of the as-quenched sample formed at a cooling
rate of 1010 K/s. Figure 24 (d) shows a plot of average potential energy per atom and
percentage of Al atoms centered in full icosahedron, i.e. Al-FI, versus annealing time. This
tigure illustrates that increasing annealing time from O ns to 400 ns brings about atomic

ordering of the system, as evidenced by a 0.2% (~0.01 eV) decrease in the average potential
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energy per atom and a 38% increase in the fraction of Al atoms located in the central position
of full-icosahedra clusters. These results support that slower cooling rates and greater
annealing times lead to the creation of samples with more relaxed and well-ordered
microstructures, which exhibit stronger and more brittle behavior, than samples with more

disordered structures obtained by cooling at faster rates, which exhibit more ductile responses.
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Figure 24. MD simulations on the effect of annealing on the mechanical behavior and
atomic structure of Zr-Ni-Al metallic glass. Specimens have diameters of 40 nm and
heights of 120 nm. The annealing was conducted at T=850K (80% of simulated T). (a) Tensile
engineering stress-strain response of the initial as-quenched sample formed with a cooling rate
of 1013 K/s, after annealing for 200 ns, after annealing for 400 ns, and for compatison the
sample formed with a cooling rate of 1010 K/s. (b-c) Visualization of atomic von Mises shear
strains of the samples annealed for (b) 200 ns and (c) 400 ns. (d) Structural evolution of the
metallic glass during annealing at 850 K as measured by the average atomic potential energy
(PE) of the system (left axis) as well as the fraction of Al-centered full-icosahedra clusters
(right axis).
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Previous studies have shown that the structural relaxation during sub-T, annealing is
mainly attributed to localized atomic rearrangements (i.e. 3-relaxation), which are manifested
in processes such as enhancement in short-range ordering and/or annihilation of free volume
[138,139]. In general, the temperature dependence of B-relaxation follows the Arrhenius
relation [139]. Previous experimental and theoretical studies suggested that the activation
energy of such processes is on the order of 0.1 to 1 eV [140-142]. As such, the estimated
relaxation time for such processes at 0.8 T is on the order of sub-nanosecond to tens of
nanoseconds. This implies that the 400 ns time used in our annealing simulations at 0.8 Tj
should allow ample structural relaxations of the metallic glass samples through localized B-
relaxation. This is the primary reason why there is the same trend in the strengthening and
embrittlement between our simulations and experiments.

Figure 25 illustrates how sample size can have a significant influence on mechanical
response. In this figure, MD simulations of tensing different diameter nanopillars reveal that
atomic von Mises strains localize into an obvious shear band in the 40 nm diameter sample
(Figure 25 (b)). As the sample diameter is reduced to 20 nm the deformation becomes less
localized but still exhibits shear banding (Figure 25 (c)), decreasing the sample diameter to 10
nm changes the failure mechanism to necking (Figure 25 (d)), and reducing the sample size to
5 nm leads to even more pronounced necking (Figure 25 (e)). Figure 25 (a) shows the simulated
engineering stress-strain data and also demonstrates the shift in failure mechanism as the 40-
and 20-nm diameter samples exhibit a sudden drop in stress after yielding due to shear band
formation, while the 10- and 5-nm diameter samples exhibit gradual decreases in stress after
yielding due to the gradual decrease in cross-sectional area of the necked region. The
substantial fluctuations in the stress-strain response of the 5 and 10 nm samples after yielding
are likely caused by the stronger effect of atomistic fluctuations in the small samples after each

localized atomic yielding event.
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Figure 25. MD simulations on the effect of sample size (i.e. nanopillar diameter) on
the mechanical behavior of the Zr-Ni-Al metallic glass. The height of the nanopillars was
selected such that the aspect ratio was constant at a value of 3 for height to diameter. (a)
Tensile engineering stress versus strain for samples with diameters denoted in the legend. (b-¢)
Analysis of the atomic von Mises shear strain (e"™) of the nanopillar samples with the
diameters of (b) 40 nm, (c) 20 nm, (d) 10 nm, and (e) 5 nm indicates a transition from brittle
shear banding to ductile necking by decreasing the sample size.

3.4. Discussion

3.4.1. Structural relaxation effects

The ductility observed in the as-sputtered metallic glass specimens is substantial, attaining
true strains of ~150% and exhibiting visible tensile necking down to a point even in specimens
as large as ~150 nm. This represents a significant departure from findings in previous studies,
see for example [24,40,41,44] where nano-tensile metallic glass samples were formed by a
variety of other non-sputtering processes. This departure may be attributed to the relatively
unexplored effect of the sputtering process on the microstructure of the formed metallic glass.
Previous studies on small-scale tension of metallic glass nanopillars have utilized various non-
sputtering fabrication methods, including thermoplastic molding, which led to almost no

plasticity even for sub-100 nm Pts75Cu147Ni53P225 specimens [44], electrodeposition, which
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led to plastic strains of 2% in ~100 nm NigoP20 specimens [24], and copper-mold casting,
which led to plastic strains of 23-45% for 100 nm Zrs25Cui7.9Ali0Ni146Tis specimens [41]. One
study on the mechanical properties of small-scale sputtered metallic glass was conducted on
Pd77Si23 metallic glass under compression, which revealed a suppression of failure localization
into catastrophic shear bands for specimens with diameters up to 400 nm [38]. This 400 nm
diameter is substantially larger than typical diameters reported for the size-induced brittle-to-
ductile transition, on the order of 100 nm, and is consistent with the compressive deformability
observed in our Zr-Ni-Al samples with diameters up to 555 nm. An eatly study on sputtered
metallic glasses also supports the notion that sputtering produces a metallic glass with lower
density in a more disordered state with much higher effective quenching rates [143]. This
suggests that sputtering may be a method of metallic glass fabrication to create ductile metallic
glasses of a variety of chemical compositions, due to the excess free volume imparted during
the sputtering process.

The results of this work reveal that the observed substantial ductility in the as-sputtered
nano-sized Z1r-Ni-Al stems from the sputtering process creating a metallic glass in a
substantially unrelaxed structural configuration with a large amount of residual free volume
(i.e. liquid like atomic clusters with irreversible dynamics) in the vitrified state. Annealing these
sputtered metallic glasses increased the atomic mobility and induced a relaxation process with
structural rearrangements that annihilated some excess free volume, according to free volume
theory [144]. This work demonstrates that the original metallic glass fabrication method, i.e.
sputtering, and post-processing, i.e. annealing, dramatically affect the atomic-level structure,
and hence, mechanical behavior, and failure mode in small-scale metallic glasses. This suggests
that the design of systems containing metallic glasses must carefully consider the desired
mechanical properties and select the fabrication method, the chosen size, and the post-

processing conditions accordingly. The annealing in the current work was done for a time
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period of 24 hours. It is likely that more moderate annealing would allow some of the benefits
from annealing such as increased strength while maintaining significant ductility. The two
systems of the current work: (1) as-sputtered and (2) annealed for 24 hours at 625 K, represent
two extremes of possible behavior. By exploring and adjusting the annealing and sputtering
conditions, as well as the sample dimensions, it may be possible to obtain metallic glass with

specifically desired mechanical properties, in a “materials by design” paradigm.

3.4.2. Sample size effects

Both nano-tensile experiments and simulations revealed a consistent trend in the
transition from shear banding to necking with reduced sample diameter: in experiments, this
transition occurred between 150 and 200 nm for as-sputtered samples and at ~100 nm for
annealed samples, in simulations the transition occurred between 10 and 20 nm. The smaller
diameter necessary for the brittle-to-ductile transition in simulations is in agreement with
several other MD studies of size effects in nano-sized metallic glasses [145,146] and is
commonly attributed to the substantially higher strain rates used in the MD simulations (4X107
s'1in MD compared to 1X10-3 s! in experiments). Faster strain rates have been associated with
an increased propensity towards shear banding and a loss of ductility [42,123,147]. Besides,
this smaller diameter for the brittle-to-ductile transition in simulations has also been attributed
to the lack of surface imperfections such as surface roughness in simulated metallic glass
samples as compared to experimental samples [115].

The size-induced ductility may be explained, in part, by surface effects: as the sample
becomes smaller, the effect of the surface becomes more significant, as reported in the work
of Chen et al. [24]. Surface atoms contain broken bonds and thus cannot form clusters with
high local symmetries, such as full icosahedra, which means there is zero concentration of full

icosahedra on surfaces and surfaces are structurally liquid. As the sample becomes smaller, the
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fraction of total atoms in this highly disordered surface state becomes larger, which means
their contribution to mechanical behavior also becomes larger. The novelty of this work is that
our results provide a direct link between the disorder in the atomic-level structure, quantified
by synchrotron XRD experiments, and the commencement of deformation and failure, as well
as confirmation that a larger fraction of atoms in the highly disordered state of surface atoms
contributes to the ubiquitously observed emergent ductility in nano-sized metallic glasses.
The surfaces of the metallic glass specimens in this study may also be important in
explaining the size-induced ductility because the specimens were fabricated using Ga* ion
irradiation from a FIB. The influences of this Ga* ion irradiation on small-scale-specimens
have been thoroughly explored in the last decade [71,148,149]. In particular, ion beam
irradiation of metallic glasses has been shown to introduce defects, increase free volume, and
cause the growth of nanocrystallites in the amorphous matrix [150-152]. We did not observe
any nanocrystallites in the TEM analysis of the Zr-Ni-Al nano-tensile specimens; it is difficult
to accurately assess defects in amorphous materials or changes in free volume with TEM.
According to Monte Carlo based simulations conducted with The Stopping and Range of Tons
in Matter (SRIM) software, glancing angle irradiation of ZrssNizsAly with an assumed bulk
density of 6.33 g cm™ by 30 keV Ga™ ions results in ~78% of the implanted Ga present within
the first 10 nm of the free surface of the specimen, and ~98% of the implanted Ga present
within the first 20 nm of the free surface of the specimen, as shown in Figure 26. This implies
that the majority of implanted Ga is located very close to the surfaces of specimens. It is
possible that the presence of Ga near the surfaces and Ga bombardments from FIB may
influence the mechanical response of nano-sized metallic glasses, which have been shown to
exhibit enhanced ductility and a slight suppression of shear banding upon FIB-induced Ga-
ion irradiation [23,24,44]. This effect would be more pronounced for smaller specimens, which

would have a correspondingly larger fraction of the specimen exposed to FIB; therefore, FIB
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processing may be a contributing factor in the observed size effect. However, because samples
of the same size were fabricated with identical FIB conditions, the differences between the as-
sputtered and annealed sample sets are likely not due to FIB effects. As discussed in section
3.2.1, the annealing was performed from a larger ~3 um thick film of material prior to any
FIB exposure and then after annealing FIB was used to fabricate specimens. This methodology
prevented any possible annealing-induced changes to the resultant FIB damage. This makes a
direct comparison between Figure 18 (samples FIB-fabricated from the as-sputtered film) and
Figure 19 (samples FIB-fabricated from the annealed film) justified. The large difference in
ductility between the samples shown in Figure 18 and Figure 19 are due to differences from
the samples being in an as-sputtered or annealed state, and likely cannot be attributed to FIB
processing. Nevertheless, it should be noted that as all specimens in this study were FIB-
fabricated, there is no reference state without FIB exposure. Therefore, even the differences
between specimens could be influenced by the disorder introduced by FIB and the limits of
disorder allowed by the material. The possible effects of FIB do not significantly influence the
takeaway message of this work, which is to demonstrate a compatison between the as-
sputtered and annealed small-scale metallic glass specimens. This comparison illustrates the
annealing leads to an increase in atomic-level ordering and loss of free volume, which leads to
a loss of ductility. In this work, we are less interested in the absolute mechanical response and
are focused on the relative comparison between the as-sputtered and the annealed specimens,

which experienced identical FIB exposure.
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Figure 26. SRIM simulation of Ga-ion implantation resulting from FIB fabrication.
The plot displays the fraction of implanted Ga ions as a function of distance from the free
surface of ZrssNixsAlyy metallic glass exposed to 30 keV glancing angle Ga-ion irradiation.
Each bar covers a 1 nm range of depth.

Several previous studies reported a range of explanations for the dependence of metallic
glass ductility on sample size. For example, Chen et al. and Volkert et al. [24,38] have
rationalized the observed size effect in terms of energetics and postulated that for a sample
with a characteristic dimension d, the total elastic strain energy stored in a sample scales with
the sample volume or ~d?, while the surface energy that a shear band has to overcome to
propagate scales with the cross-sectional area of the sample or ~d?. Therefore below a critical
diameter, the elastic energy (~d?) is less than the shear banding energy (~d?) and it is
energetically unfavorable for a shear band to form and propagate. Another reason for size-
induced ductility is that the very ductile specimens in this study may be smaller than the critical
size of a shear band. One study suggested that for a shear band to fully develop and propagate,
its nucleus would have to be ~50-500 nm [14] and another study suggested that embryonic
shear bands, that is, shear bands prior to their catastrophic propagation, require a certain
running distance in order to become critical [41]. Small specimens, like those studied in this
work, may not provide a sufficient nucleation zone or running distance to allow for

propagation of shear bands. Others have attributed the observations of size-induced ductility
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in metallic glasses to a competition between the energy required for crack-like shear band
propagation and that for homogeneous flow [38,40]. Volkert et al. and Jang et al. argue that
analogous to Griffith’s criterion for crack-propagation, the critical stress necessary to

propagate a pre-existing crack-like shear band is [38,40,153]

23/2TE
o= T (16)

where I' is the shear band energy per unit area, E is the elastic modulus, a is the aspect ratio
(height/diameter) of the sample, and d is the sample diameter. Thus the critical stress
necessaty to propagate a shear band decreases with increasing sample size. In larger samples,
this critical stress is less than the stress for driving homogeneous flow, so shear bands are
inevitable. In smaller samples, like those of the current work, the critical stress for shear bands
is greater than the stress for homogeneous flow, so it is favorable for many shear
transformation zones to activate throughout the sample, resulting in more homogeneous
deformation and ductility [38,40].

In the context of the described existing state of the art knowledge on deformation and
energetics of nano-sized metallic glasses, our work demonstrates that the critical size for the
emergence of ductility is not fixed for a given metallic glass; it is a strong function of the free
volume distribution and the atomic-level energy state. By adjusting the fabrication method and
post-processing steps, it is possible to push this critical size to induce ductility to even larger
length scales. The parameters yet to be explored include changing the metallic glass
composition and modifying the sputtering conditions, like power, argon gas pressure and flow
rate, RF versus DC sputtering, co-sputtering Zr, Ni, and Al instead of sputtering from an
alloyed target, etc. Optimizing these parameters along with others that have been shown to

increase ductility, such as ion irradiation [44,154] and utilizing chemistries with a low ratio of
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the elastic shear modulus to the bulk modulus [50,51], may allow for the formation of a grossly
disordered metallic glass with exceptional ductility.

Metallic glasses were originally discovered by rapidly quenching metallic alloys to suppress
crystallization and bring about a disordered arrangement of atoms. We were able to achieve
unique properties in nano-sized metallic glasses by increasing their atomic-level disorder via
sputter deposition. Forming metallic glasses by sputtering allowed us to increase the effective
quenching rate and to achieve one of the highest-yet reported ductility values in small-scale
metallic glasses, which sets them even further apart from crystalline metals and alloys.
Controlling the atomic-level disorder enables us to elicit new mechanical properties, such as
enhanced ductility, while maintaining the high strength and elasticity intrinsic to metallic

glasses.

3.5. Conclusions

In-situ tensile experiments conducted inside a SEM demonstrate substantial ductility in
nano-sized sputtered Zr-Ni-Al metallic glasses. The observed ductility is larger than that
reported for other metallic glasses, reaching >10% engineering plastic strains, >150% true
plastic strains, and necking down to a point during tensile straining in relatively large samples,
of widths up to 150 nm. The ductility was highly dependent on specimen size and annealing
conditions, with the greatest ductility of ~150% true strain observed in ~90 nm wide as-
sputtered specimens, and all annealed specimens of equivalent dimensions exhibiting
substantially less ductility. Molecular dynamics simulations, TEM microstructural analysis, and
synchrotron XRD characterization techniques were used in concert to assess and to explain
the observed mechanical behavior in the framework of free volume reduction and the

concomitant increase in short- and medium- range order that occurred upon annealing. These
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findings illustrate the key role that the presence and distribution of free volume plays in
governing the mechanical deformation, and in particular, ductility.

This work demonstrates the importance of not only the sample dimension but also the
original metallic glass fabrication method (sputtering) and post-processing conditions
(annealing) in tuning the mechanical properties of a metallic glass for a desired set of
properties, potentially for a chosen application. The emergence of tensile ductility and necking
in the as-sputtered Zr-Ni-Al with widths up to ~150 nm points towards sputtering as a
promising technique for fabricating metallic glasses, particularly as thin coatings. Sputtering is
well suited for deposition of thin coatings, and this work shows that the thinness of a sputtered
metallic glass coating has the additional benefit of enhanced size-induced ductility that can be
observed at relatively large critical dimensions, such as ~150 nm shown in this work. Future
work will be aimed at optimizing the sputtering parameters and other conditions that have
been shown to influence ductility, such as utilizing systems containing a low ratio of the elastic
shear modulus to the bulk modulus [50,51] and post-processing by ion irradiation [44,154].
Such a thorough exploration of parameter space will lead to developing processing techniques
for the creation of optimally disordered metallic glasses with maximized ductility at even larger
critical dimensions. Creating such ductile metallic glasses at larger length scales would increase
the feasibility of utilizing metallic glasses in structural and technological applications, which
require not only the high strength, elasticity, and corrosion resistance intrinsic to metallic

glasses, but also the tensile ductility, which has been very difficult to achieve.
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Chapter 4. Brittle-to-deformable transition in metallic

glass nanolattices via decreased wall thickness

Adapted from:
R. Liontas and J.R. Greer. “Brittle-to-deformable transition in metallic glass nanolattices via

decreased wall thickness” (in preparation).

Building upon the promising finding in the previous chapter, that sputter-deposited
Zr-Ni-Al metallic glass exhibits ductility, this material was chosen as the constituent material
to make up 3D architected nanolattices. The nanolattices are constructed from hollow beams
of sputtered Zr-Ni-Al metallic glass, where the wall thickness of the beams is on the nanoscale
and the overall nanolattice dimension is tens of microns. By keeping the wall thickness in that
nanoscale range, where Zr-Ni-Al metallic glass exhibited a “smaller is more deformable” size
effect, shown in Chapter 3, we hoped to proliferate such a beneficial nanoscale size effect to
the larger ~32 um nanolattices.

This chapter details a systematic investigation into the effect of wall thickness on the
mechanical response of metallic glass nanolattices. Hollow metallic glass nanolattices are
fabricated from the same sputtered Zr-Ni-Al metallic glass studied in the nanopillar geometry
of Chapter 3. Metallic glass nanolattices with different wall thicknesses are fabricated by
varying the sputter deposition time, resulting in nanolattices with median wall thicknesses of
~88 nm, ~57 nm, ~38 nm, ~30 nm, ~20 nm, and ~10 nm. Uniaxial compression experiments
conducted inside a SEM reveal a transition from brittle, catastrophic failure in thicker-walled
nanolattices to deformable, gradual layer-by-layer collapse in thinner-walled nanolattices. As
the nanolattice wall thickness is varied, large differences in nanolattice deformability are

apparent from the severity of the first strain burst, nanolattice recovery after compression, and
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in-situ images obtained during compression experiments. The brittle-to-deformable transition
that occurs as the nanolattice wall thickness is decreased stems from the “smaller is more
deformable” material size effect in nano-sized metallic glasses. This work demonstrates that
such a nanoscale size effect can be proliferated to larger materials through the use of
nanolattices as long as the wall thickness of the nanolattice beams is kept in that “smaller is

more deformable” size regime.

4.1. Motivation

While the finding of substantial ductility in sputtered Zr-Ni-Al metallic glass nanopillars
discussed in Chapter 3 is of fundamental interest, individual nanopillars are not practical
engineering materials. Larger, potentially more useful metallic glass materials benefiting from
the “smaller is more deformable” size effect may be envisioned through nano-architecting,
that is, maintaining a key dimension of the architected material at the nanoscale without
limiting the overall macroscopic dimensions of the material. Here we utilize nano-architecting
by fabricating hollow metallic glass nanolattices: materials composed of hollow beams of
metallic glass, where the wall thickness of the metallic glass beams is in the “smaller is more
deformable” nanoscale size range, but the entire nanolattice structure is tens of microns and
could be arbitrarily large when experimental practicalities are neglected.

The field of nano-architected materials is relatively new and has recently grown due to
advancements in nanoscale fabrication methods, such as direct-laser-writing two-photon
lithography [155-157]. These technological advances in fabrication techniques have enabled
the creation of architected structural metamaterials, or nanolattices, with hierarchical ordering
ranging from angstrom and nanometer length scales in material microstructure and wall
thickness to micron and millimeter scales in macroscale architecture [158]. Existing work on

nanolattices has primarily focused on hollow ceramic nanolattices [159-163], due to the ease
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of depositing conformal coatings of ceramic matetials by atomic layer deposition (ALD) and
the inertness of these ceramic materials to oxygen plasma, which has thus far been the plasma
of choice for etching away the internal polymer scaffold to result in hollow nanolattices. One
of the key findings from these studies is that by optimizing the wall thickness-to-radius ratio
of the nanolattice beams, hollow alumina nanolattices can recover to their original shape after
compression in excess of 50% strain [161]. There have also been a few studies on hollow Au
nanolattices [164,165], which demonstrated that strength and stiffness can be increased by an
order of magnitude by tuning nanolattice geometry while maintaining a constant relative
density [165].

A summary of previous work on architected metallic glasses is provided in section 1.2.4.
Stochastic metallic glass foams have been widely studied due to ease of fabricating such
structures by incorporating gas into metallic glass during processing [166,167] or by creating a
two-phase mixture of (1) metallic glass and (2) another material, which can be subsequently
removed [168-170]. These fabrication techniques produce metallic glass foams containing a
distribution of pore sizes. While stochastic metallic glass foams have exhibited improved
ductility [56-58], the randomness of the architecture significantly reduces mechanical
performance [59-61]. Periodically architected metallic glass foams can be designed for optimal
mechanical performance but difficulty in fabrication, particularly in 3D, has resulting in only
a few studies on the subject. Existing studies on periodically architected metallic glass are
discussed in section 1.2.4 with the results demonstrating high energy absorption [54],
enhanced plasticity [62], and improved mechanical performance over stochastic metallic glass
foams [61]. Importantly, these previous studies on periodically architected metallic glass
involve dimensions far from the nanoscale size range of nanolattices in this work, with [61]
using ~1 mm unit cells and 20-70 um wall thicknesses, [54] utilizing cm-sized unit cells and

~0.4 mm wall thickness, and [62] using mm-sized unit cells and wall thicknesses ~60-600 nm.
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In designing periodically nano-architected metallic glasses, both the petiodic and nanoscale
aspects are key to take advantage of both structural and material size effects.

Experimental difficulty in fabricating hollow metallic glass nanolattices has resulted in a
dearth of studies on the subject. The only study to date on metallic glass nanolattices [63] did
not consider several important factors in nanolattice fabrication and characterization. The
reported oxygen plasma etch time to remove the nanolattice polymer core was 2.5 hours [63],
which is more than an order of magnitude less that previous reports of 50-75 hours [161].
Careful inspection of SEM images in [63] suggests that the polymer core was not removed.
Further, the nanolattices of that study were composed of CusoZrs metallic glass [63], which
visibly oxidizes (changing in color from shiny silver to charred black) when placed in oxygen
plasma for just a couple minutes. It is then likely that the metallic glass nanolattices in that
study at least partially oxidized and were not hollow. In addition, the wall thickness of the
nanolattices in [63] was assumed to be given by the deposition rate when sputtering onto a flat
substrate. As this chapter will demonstrate, the deposition rate onto nanolattices can be an
order of magnitude slower than that onto a flat substrate. Sputtering onto nanolattices also
results in significant variation of the wall thickness within individual nanolattices, which
necessitates detailed cross-sectional cuts and image analysis to determine the wall thickness
distribution, as done for example in a previous study on sputtered Au nanolattices [164]. The
methodology choices in the only previous study on metallic glass nanolattices [63] to date
warrant a more rigorous study on conclusively hollow metallic glass nanolattices with more

accurately measured wall thicknesses.
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4.2. Methods

4.2.1. Fabrication of hollow metallic glass nanolattices

Hollow metallic glass nanolattices were fabricated through the multi-step process shown
schematically in Figure 27. The basic steps in this nanolattice fabrication process were
originally established for other material systems as detailed in [159-161,164]. First, polymer
scaffolds were fabricated utilizing the direct-laser-writing two-photon lithography process
developed by Nanoscribe GmbH. The 3D geometry of the polymer scaffold was chosen as
repeating ~7 pm octahedron unit cells connected at their vertices, as shown in Figure 29 (a).
Octahedron unit cells were selected as they represent a fundamental, commonly studied
geometry [160,162,164,165] and thus serve as a good base unit cell for one of the first studies
on metallic glass nanolattices. Further, the lack of additional beams in an octahedron, as
opposed to octet [171] geometry, allows the unit cells to be more open, which facilitates better
conformality in the sputter-deposited metallic glass coating. The ~7 um size was chosen to
maximize unit cell size to further facilitate openness of the unit cells for sputter deposition
while not utilizing overly long beams, which were found to become wavy and unstable when
written with the Nanoscribe. Ideally, the overall nanolattice dimensions would be maximized
in order to limit edge effects and make the nanolattice more representative of larger materials
with this same repeating unit cell structure. Experimental practicalities, including writing time
of the polymer scaffolds with Nanoscribe, hydrogen plasma penetration into the nanolattices
during etching, and the maximum load achievable in the nanomechanical testing system,
limited the size of the nanolattices. Considering these experimental practicalities, each
nanolattice was designed to be 5 unit cells wide by 5 unit cells long by 5.5 unit cells tall, for
total dimensions of ~32 um long, ~32 um wide, and ~36 pm tall.

This geometry was imported into NanoWrite, the program that interfaces with the

Nanoscribe two-photon lithography instrument. In the two-photon lithography process, IP-
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Dip photoresist was exposed to a 780-nm femtosecond pulsed laser, which was focused to a
small volume (i.e. a voxel, or volume resolution element) containing sufficient energy to initiate
cross-linking of the photoresist through two-photo absorption. This voxel was traced in three
dimensions according to the nanolattice geometry imported into NanoWrite to create the
polymer scaffold. Due to the elliptical nature of the voxel, writing circular beams required
tracing the elliptical voxel in a circular motion to result in beams composed of an
approximately circular cross-section with diameter ~800 nm. Following lithography, the
samples were developed by 30-minute immersion in propylene glycol methyl ether acetate,

cleaned in isopropyl alcohol, and then dried in a critical point dryet.
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Figure 27. Fabrication of hollow metallic glass (MG) nanolattices. Fabrication involves
utilizing two-photon lithography to write a polymer scaffold which is coated with a nanoscale
thickness of metallic glass by sputter deposition. Then FIB is used to remove the outside edges
of the metallic glass coating, which exposes the internal polymer scaffold so that it can be
subsequently etched away by hydrogen plasma. This process results in a nanolattice structure
composed of hollow beams of metallic glass, where the wall thickness of the beams is on the
nanoscale. Adapted from [160] with permission.
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Amorphous Zr-Ni-Al was sputtered to coat these polymer scaffolds under the same
conditions discussed in section 3.2.1, namely by sputtering an alloyed ZrssNiznAl: target (ACI
Alloys, Inc.) with a base pressure less than 1 X 106 Torr using a DC power supply at 100 W
with resultant voltage of 320-390 V, under 3 mTorr argon in a magnetron sputter deposition
system (ATC Orion sputtering system, AJA International, Inc.). The sputter deposition time
was varied at times of 15, 30, 45, 60, 120, and 240 minutes in order to vary the thickness of

the metallic glass coatings on the polymer scaffolds.
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After sputtering, focused-ion beam (FIB) milling was used to expose the internal polymer
scaffold so that it could be subsequently etched away by hydrogen plasma. For this step, the
FIB was operated at 30 keV and 1-3 nA in order to remove the metallic glass coating on two
opposite faces of each nanolattice, exposing the internal polymer scaffold. The samples were
then placed in a hydrogen plasma system (Zepto Plasma System, Diener) operating at 100 W
and 0.7 mbar to etch away the internal polymer scaffold, resulting in hollow beam nanolattices
with beam walls consisting of nanoscale thicknesses of the sputtered metallic glass. The
hydrogen plasma etching process took several weeks to completely remove the internal
polymer scaffold. Due to the long nature of this process, the nanolattices were periodically
removed from the plasma machine and imaged via SEM to monitor the etching progress.
Changes in contrast as the polymer was etched were readily apparent from SEM images; a
visible front of contrast change proceeded from the FIBed edges towards the center of the
nanolattice as the polymer etching front advanced, as shown in Figure 28. The nanolattices

were kept in hydrogen plasma until all visible traces of polymer were removed.

Increasing time in hydrogen plasma >

275 hours 333 hours 420 hours 633 hours 794 hours

*For scale: each nanolattices is ~32 um wide
Figure 28. Nanolattices after various times in hydrogen plasma. The darker region is the
un-etched section of metallic glass beams still containing a polymer core and the lighter region
is the etched section of hollow metallic glass beams with polymer removed. The etch
progression is apparent from the disappearance of the darker region with increased time in
hydrogen plasma. Images were taken at ~85° tilt of the SEM stage.
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4.2.2. Wall thickness analysis

The sputter deposition discussed previously involved the bombardment of argon ions
onto the ZrssNixnAlx» sputtering target in order to cause the target atoms to be ejected and
deposit largely in a line-of-sight manner onto the nanolattices. This directional nature of
sputter deposition results in a metallic glass coating on the nanolattices that is inherently non-
conformal, with larger wall thicknesses on the top sutrfaces and outer unit cells of the
nanolattices. To assess the variation in wall thickness resulting from the anisotropic sputter
deposition process, FIB was used to remove regions of the nanolattices and expose various
cross-sections of the nanolattices from which the wall thickness of each side of each exposed
beam could be measured via SEM. One such resultant cross-section is shown in Figure 29
with higher magnification images from each unit cell arranged from top to bottom, illustrating
the variation in wall thickness that results from top to bottom in the nanolattices. These cross-
sectional cuts and the corresponding measurements were performed at six different locations
in each measured nanolattice, ranging from the outermost side to the most interior unit cells
in order to assess the variation in wall thickness that occurs from outside to inside. From each
cross-sectional cut, ~20 measurements of wall thickness were performed on beams favorably
oriented with the ~52° tilt of the SEM stage utilized for FIB operation. With these six cross-
sectional cuts and 20 measurements for each cut, there was a representative sample of ~120
wall thickness measurements spanning the entire nanolattice from which the median and
average wall thickness were determined. This measurement procedure was conducted on
nanolattices fabricated with the longer sputter deposition times of 60, 120, and 240 minutes.
For the shorter sputter deposition times of 15, 30, and 45 minutes, it was difficult to measure
the wall thickness accurately by SEM; therefore, the wall thickness was estimated by assuming
a linear variation between 0 and the wall thickness resulting from the 60-minute sputter

deposition.
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4.2.3. Microstructural analysis

The microstructure of the metallic glass nanolattices was examined by transmission
electron microscopy (TEM). The TEM sample was prepared from a nanolattice fabricated by
sputter deposition for the shortest time of 15 minutes, with wall thickness ~10 nm, after all
the fabrication steps shown in Figure 27. The nanolattice was transferred to the post of a TEM
grid (PELCO, FIB lift out TEM grid) using a micromanipulator, secured with silver
conductive epoxy (H20OE EPO-TEK, Ted Pella, Inc.) allowed to cure at room temperature,

and thinned with FIB. TEM was performed using a 200 keV TEM (TF20, FEI Co.).

4.2.4. Uniaxial compression experiments

In-situ uniaxial compression experiments on individual nanolattices were performed
quasi-statically at a constant nominal strain rate of 1X10-3 s in the InSEM, a combined SEM
(Quanta SEM, FEI Co.) and nanoindenter (Nanomechanics, Inc.). The nanoindenter was
fitted with a boron-doped diamond 170-pm flat punch. After accounting for response from
the load frame and support spring, the raw load and displacement due to deformation of the
nanolattice were recorded at a data acquisition rate of 100 Hz. Using this load (P) and
displacement (Al) data, engineering stress and strain were calculated using the initial nanolattice

height (ly) and footprint area (4,) according to

P

O = Zo (17)
Al

€& =77 (18)

where o is the engineering stress and &g engineering strain. The initial nanolattice height and
footprint area were measured by SEM images of each nanolattice prior to testing. Elastic
modulus was calculated from the slope of the loading curve, using stress-strain data from the

initial linear region after any initial loading instabilities. The yield strength was determined by
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offsetting the linear fit of the elastic modulus by 0.02% strain and finding the intersection of
that offset line with the stress-strain data. The average elastic modulus and average yield
strength for each nanolattice wall thickness were calculated from a minimum of 20 sets of
compression data. The size of the first strain burst was measured for each data set using
MATLAB to find the range of strain around the first strain burst over which the stress was
continually decreasing.

Conducting compression experiments with the InSEM system allowed simultaneous
compression and visualization, which facilitated a deeper understanding of the deformation
behavior of individual nanolattices. The compression experiments were conducted under
identical SEM imaging conditions, namely 2 keV, spot size 3, and a magnification of 6000x.
There was no discernible difference in the mechanical behavior of the nanolattices observed
when the electron beam was off, thus any effects of the electron beam can be considered

negligible.

4.3. Results

4.3.1. Characterization of nanolattices

The Nanoscribe system of writing the polymer scaffolds of the nanolattices resulted in
consistent, repeatable structures, with a typical SEM image of a hollow metallic glass
nanolattice after all fabrication steps shown in Figure 29 (a). The beams of this nanolattice are
hollow with the walls of the beams composed of the metallic glass. In this image, one of the
trenches created from the FIB step of fabrication, depicted in Figure 27, is visible in the

bottom right side of Figure 29 (a).
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Figure 29. Nanolattice geometry and wall thickness. (a) SEM image of a nanolattice taken
at 50° stage tilt. The sputter deposition used to fabricate the nanolattices resulted in significant
variation in metallic glass wall thickness as indicated in table (b) which notes the median and
average wall thicknesses * one standard deviation for the different sputter deposition times.
Sputter deposition times of 45 minutes and less resulted in nanolattice beams with walls too
thin to reliably measure via cross-sectional cuts and SEM imaging, and hence the wall
thicknesses for those deposition times are approximate. (c) Top-down image of a nanolattice
fabricated by sputter deposition for 240 minutes with rectangle denoting the region removed
by FIB to expose the cross-sectional SEM images shown in (d-i). The images in (e-i) are higher
magnification images of the unit cells in (d) arranged in top-down order with (e) the top unit
cell and (i) the bottom unit cell.

As discussed in section 4.2.2, the wall thickness of the beams varies substantially within a
single nanolattice due to the directional nature of sputter deposition. Figure 29 (c-j) contain
SEM images demonstrating the process of utilizing FIB to remove regions of the nanolattice
and expose cross-sections from which wall thicknesses may be measured. All the images
shown in Figure 29 (c-j) were obtained from a nanolattice fabricated for the longest sputter
deposition time of 240 minutes, which resulted in the largest wall thickness variation within

the nanolattice. Figure 29 (c) shows a top-down image of the nanolattice with the gray
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rectangle denoting the region of the nanolattice that was removed by FIB and the white dotted
line denoting the exposed cross-section, which is shown in Figure 29 (d). Higher magnification
images of each unit cell in this cross-section are shown in Figure 29 (e-i) arranged in order
from (e) the top unit cell closest to sputter target to (i) the bottom-most unit cell closest to the
substrate. There is a visible decrease in wall thickness of the nanolattice beams in moving from
the top to bottom unit cells.

In particular, the top surfaces of the top-most unit cells exhibit significantly larger wall
thicknesses, compared to the lower unit cells. The top surfaces are expected to have thicker
walls as these surfaces were directly in line-of-sight of the sputtered target atoms. The 240-
minute sputter deposition, which resulted in an 88 nm median wall thickness and 114 nm
average wall thickness, resulted in wall thicknesses on the top surfaces of the top beams around
~900 nm, which is similar to observed film thickness of ~1 um on the surrounding flat
substrate. For the sputter deposition time of 240 minutes, there is an order of magnitude
difference between the median wall thickness of the nanolattice beams (~88 nm) and the
thickness of a thin film deposited on a flat substrate (~1 um). This demonstrates the large
error introduced by assuming the sputter deposition rate onto the complex 3D geometry of a
nanolattice is equal to the sputter deposition rate onto a film, which was the assumption used
in the only previous study on metallic glass nanolattices to date [63].

In this chapter, the time of sputter deposition was varied to produce nanolattices with a
range of wall thicknesses. The wall thickness was measured by the cross-sectional analysis
discussed in section 4.2.2 and illustrated in Figure 29 (c-i). The table shown in Figure 29 (b)
notes the resultant median and average wall thicknesses for sputter deposition times of 60,
120, and 240 minutes. As discussed in section 4.2.2, sputter deposition times of 15, 30, and 45
minutes resulted in walls too small to reliably measure via SEM. Thus, the wall thicknesses

shown in Figure 29 (b) for those sputter deposition times are estimated by assuming the wall
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thickness varies linearly between O and the wall thickness resulting from the 60-minute sputter
deposition. The average wall thickness measurements are shown with plus/minus one
standard deviation in the measured wall thicknesses. The average wall thickness is skewed by
the large wall thickness measurements from the top surfaces of the nanolattices, which usually
do not undergo significant deformation during compression. Therefore, the median wall
thickness, which is more representative of the wall thickness for the beams undergoing
deformation, will be used to refer to each set of data. It should be emphasized that the median
wall thickness is a reference point utilized mostly as a matter of convenience in referring to
cach set of data. In reality, each sputter deposition time results in a distribution of wall
thicknesses throughout an individual nanolattice, with that distribution shifting to larger wall
thicknesses with increased sputter deposition time. Measured wall thickness distributions are
displayed in Figure 30 for sputter deposition times of 240, 120, and 60 minutes, which
correspond to median wall thickness of 88, 57, and 38 nm, respectively. The distributions of
wall thickness for different sputter deposition times exhibit significant ovetlap but do shift to

larger wall thicknesses with increased sputter deposition time.
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Figure 30. Histogram of wall thickness measurements for nanolattices fabricated by
sputter deposition for 240, 120, and 60 minutes. (a) Histogram displayed over the entire
range of measured wall thicknesses from 0-750 nm. (b) Histogram zoomed in to the wall
thickness range of 0-250 nm to make the distributions at small wall thicknesses more visible.
Sputter deposition times of 240, 120, and 60 minutes correspond respectively to nanolattice
median wall thicknesses of 88, 57, and 38 nm.
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Figure 31 displays TEM images collected from a nanolattice with a ~10 nm wall thickness
(sputter deposition time of 15 minutes) after all the fabrication steps of Figure 27. A low-
magnification TEM image showing an entire unit cell of that nanolattice is displayed in Figure
31 (a). The FIB thinning discussed in section 4.2.3 to prepare the nanolattice for TEM resulted
in some changes to the shape of the beams and arrangement of unit cells in the nanolattice
structure. Figure 31 (b) contains the diffraction pattern obtained from the region of the
nanolattice marked with a star in Figure 31 (a). The diffuse rings in the diffraction pattern
confirm the amorphous structure of the nanolattice walls after all fabrication steps, thereby
confirming the hollow nanolattices are indeed composed of metallic glass. This amorphous
microstructure is further corroborated by the lack of ordering observed in the high resolution
TEM image (Figure 31 (c)) obtained from the same region of the nanolattice marked with the
star in Figure 31 (a). Many other regions in the nanolattice were examined via TEM and were
found to exhibit similar characteristic amorphous diffraction patterns and images with no
evidence of nanocrystallites. The stoichiometry of the deposited metallic glass corresponds to
Zr54NixgAlis as measured by EDS. This composition is slightly different than that of the
nanopillars in the previous chapter, which had a measured composition of ZrssNixsAlzo. The
minor difference in composition may be due to the use of a new Zr-Ni-Al alloyed sputtering
target in this work, which may have contained a slightly different composition than the
sputtering target used to deposit the metallic glass previously in Chapter 3. Compositions of
the nanopillars in Chapter 3 and the nanolattices of this chapter are sufficiently close that given

the variability in EDS it cannot be concluded that the samples are compositionally different.
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Figure 31. Microstructural analysis by TEM performed on a section of a Zr-Ni-Al
nanolattice. (a) TEM image of a particular unit cell in that nanolattice. The (b) diffraction
pattern and (c) high resolution TEM image were obtained from the region centered around
the yellow star marked in (a).

4.3.2. Compression experiments on nanolattices of various wall thicknesses

Figure 32 (a) contains representative engineering stress versus strain data obtained via
uniaxial compression to ~67% strain on nanolattices with wall thicknesses ranging from ~10
nm to ~88 nm. The nanolattices with thicker walls (~57 nm and ~88 nm) were difficult to
compress to exactly 67% strain due to the presence of frequent strain busts involving sudden
jumps in strain corresponding to failure of the nanolattice layers. One such strain burst can be
observed between points I and 11 in Figure 32 (a). The stress-strain data for the thick-walled
nanolattices (wall thicknesses of ~57 nm and ~88 nm in Figure 32 (a)) exhibit large
catastrophic strain bursts indicative of brittle failure. For thinner-walled nanolattices the
mechanical response becomes more deformable, as demonstrated by a decrease in the size of
the strain bursts and an increase in the smoothness and continuousness of the stress-strain
data. The nature of deformation is also apparent from the in-situ images shown in Figure 32
(I-1V) for the ~88 nm wall thickness nanolattice, which exhibits catastrophic destruction of
nanolattice layers from large strain bursts, and Figure 32 (I'-IV’) for the ~20 nm wall thickness
nanolattice, which exhibits gradual layer-by-layer collapse and folding up of nanolattice layers

on top of each other.
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Figure 32. Representative engineering stress-strain data obtained via uniaxial
compression to ~67% strain. One representative stress-strain curve for each wall thickness
is shown in (a) with data points connected with dotted lines. In-situ images obtained during
compression at the points marked in (a) are shown in (I-IV) for the nanolattice with a wall
thickness ~88 nm and in (I'-IV”) for the nanolattice with a wall thickness ~20 nm.

These differences in mechanical response are also visualized through Figure 33 (a-f),
which display all the stress-strain data grouped by wall thickness under compression to various
strains. Figure 33 (a-f) are particularly helpful for visualizing details of the stress-strain data for
thinner-walled nanolattices, which are at the low end of the engineering stress scale used in

Figure 32 (a). A minimum of 14 nanolattices were compressed for each wall thickness and the
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breadth of the data displayed in Figure 33 for each wall thickness demonstrates the consistency

and repeatability of these experiments.
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Figure 33. Stress-strain data grouped by nanolattice wall thickness, under compression
to a range of strains. The wall thickness of the nanolattice beams for each grouping are (a)
10 nm, (b) 20 nm, (c) 30 nm, (d) 38 nm, (¢) 57 nm, and (f) 88 nm. Data points are connected
with dotted lines.
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The stress-strain data of the thinnest-walled nanolattices, wall thicknesses of ~10 nm
(Figure 33 (a)) and ~20 nm (Figure 33 (b)), involve smooth, continuous deformation. The
smoothness of deformation in these thin-walled nanolattices can be observed in videos
obtained from compression experiments, as shown in Video 8 for the ~10 nm wall thickness
and Video 9 for the ~20 nm wall thickness. The presence of three humps in the stress-strain
curves over strains ranging from 0-0.4 indicates gradual layer-by-layer collapse. Each hump
corresponds to the failure of an individual layer; as an individual layer is strained, it carries load
until reaching a peak stress and then the layer collapses gradually, folding up, and the stress
decreases. The appearance of layer-by-layer collapse is illustrated in Figure 34, which shows a
nanolattice with a wall thickness of ~10 nm after compression to 67% strain and unloading,.
The layers neatly fold up underneath each other and there is no catastrophic damage to the
nanolattice after compression; the beams are still intact with the general structure of the unit

cells still apparent.

The failing of individual layers in layer-by-layer collapse always involves the collapse of
the beams in the bottom half of each unit cell first while the beams in the top-half of each unit
cell are largely unchanged after compression. This likely occurs due to variation in wall
thickness that comes about from the directional nature of sputter deposition, which results in
thicker-walled beams in the top half of each unit cell. The thinner bottom beams of each unit
cell more readily deform than their thicker counterparts, and hence most failure of individual

layers is localized to the bottom beams, as visualized in Figure 34.
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Figure 34. SEM images of a nanolattice with a ~10 nm wall thickness after
compression to 67% strain. The colored rectangles in the top image denote the regions for
the higher magnification images below. The nanolattice exhibits gradual layer-by-layer
collapse. The failed layers neatly fold up and the general structure of the layers is still apparent
after compression.

As the wall thickness of the nanolattice beams is increased, the stress-strain response
becomes more discontinuous as shown in the stress strain data for the nanolattices with a wall
thickness of ~30 nm (Figure 33 (c)) and those with a wall thickness of ~38 nm (Figure 33 (d)).
These changes in the mechanical response can be visualized from videos obtained during the
compression experiments. Video 10 shows the response of a ~30 nm wall thickness
nanolattice and Video 11 shows the response of a ~38 nm wall thickness nanolattice. These
intermediate wall thickness nanolattices exhibit some remnants of the characteristic humps of
layer-by-layer collapse observed in the thinnest-walled nanolattices (Figure 33 (a, b)); however
the humps are not as pronounced, and there is the addition of small strain bursts to the stress-
strain data. The strain bursts occur due to rapid failure events, such as a beam breaking or
layer of unit cells failing. These rapid failure events often occur too quickly for the

nanoindenter to capture data at the 100 Hz data acquisition rate used, resulting in the observed
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discontinuities in the stress-strain data. The largest strain burst for these intermediate wall
thickness nanolattices occurs immediately after elastic loading and involves some partial failure
of a nanolattice layer in a catastrophic manner, unlike the gradual collapse of nanolattice layers
observed for the thinnest walled nanolattices, Figure 33 (a, b). After the first failure event in
these intermediate wall thickness nanolattices, the deformation commences through smaller
strain burst, sometimes referred to as flow serrations in metallic glasses. Each serration can be
thought of as a relaxation event associated with the formation of a shear band, recorded as a
small strain burst in the stress-strain data. After a single shear band activates and terminates,
the nanolattice can be deformed further through successive shear banding events that occur
upon subsequent loading,.

The thickest-walled nanolattices, wall thicknesses of ~57 nm (Figure 33 (¢)) and ~88 nm
(Figure 33 (f)), exhibit large discontinuities in the stress-strain data that occur due to sudden
failure events and large catastrophic strain bursts that are characteristic of brittle failure. These
large failure events can be observed in the videos of compression experiments for the ~57 nm
wall thickness nanolattice (Video 12) and the ~88 nm wall thickness nanolattice (Video 13).
The catastrophic nature of the failure in these thick-walled nanolattices is also illustrated in
Figure 35, which depicts a nanolattice with a wall thickness ~88 nm after compression to 33%
strain and unloading. The two layers in the middle of the nanolattice have catastrophically
failed with the original structure of those unit cells destroyed and no longer intact as it is for

the thinner walled nanolattices, such as the nanolattice shown in Figure 34.
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Figure 35. SEM images of a nanolattice with a ~88 nm wall thickness after
compression to 33% strain. The colored rectangles in the top-middle image denote the
regions for the surrounding higher magnification images. Failure is localized to the two rows
of unit cells near the middle of the nanolattice and primarily occurs at the nodes. The failed
layers are destroyed and largely unrecognizable after compression.

As the wall thicknesses of the nanolattice beams are varied, the significant changes in the
resultant stress-strain responses, particularly after yielding, demonstrate that the wall thickness
largely dictates the nature of post-elastic deformation. Following elastic loading, some
nanolattices undergo gradual deformation, while others exhibit a sudden failure event or strain
burst. By measuring the size of this first strain burst observed after elastic loading, this aspect
of post-elastic deformation can be quantified. As illustrated in Figure 33, the nature of this
first strain burst is determined by the wall thickness; the thinnest-walled nanolattices, Figure
33 (a, b), exhibit gradual deformation with no strain burst after elastic loading, the nanolattices
with intermediate wall thicknesses, Figure 33 (c, d), exhibit a small strain burst following elastic
loading, and the thickest-walled nanolattices, Figure 33 (e, f), exhibit a very large strain burst
after elastic loading.

Figure 36 depicts these dramatic differences in the first strain burst as the wall thickness
of the nanolattice beams is varied. Figure 36 (a-h) contain representative SEM images of the
nanolattices that exhibit a first strain burst immediately before and after the strain burst occurs.

These images illustrate the regions within the nanolattices that fail as a consequence of the
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first strain burst event. The ~30 nm wall thickness nanolattices (Figure 36 (a, b)) fail in the
fourth row of unit cells with only a partial collapse of that layer, the ~38 nm wall thickness
nanolattices (Figure 36 (c, d)) also fail in the fourth row of unit cells with a larger partial
collapse of that layer, the ~57 nm wall thickness nanolattices (Figure 36 (e, f)) fail with
complete destruction of the entire fourth row of unit cells, and the ~88 nm wall thickness
nanolattices (Figure 36 (g, h)) fail with complete destruction of the entire third and fourth
rows of unit cells. The stress-strain data corresponding to the SEM images of Figure 36 (a-h)
are included immediately below the SEM images for more quantitative assessment of the stress
and strain changes during the first strain burst.

Figure 36 (b, d, f, h) illustrate that failure almost always initiates in the fourth row of unit
cells from the top. This likely occurs because the anisotropic sputter deposition results in this
row of unit cells having the thinnest walls. The wall thickness of nanolattice beams generally
decreases from top to bottom in the nanolattice, however there is a small increase in wall
thickness for the bottom layers due to redeposition from the thin film growing on the substrate
surface during sputter deposition. The fourth row of unit cells, which is towards the bottom
of the nanolattice but not so far down as to have redeposition from the thin film on the
substrate, has the thinnest walls, thereby deforming most easily.

Figure 36 (1) displays the average size of the first strain burst as a function of the wall
thickness of the nanolattice beams. The average strain burst size was obtained for each wall
thickness by measurement from the stress-strain data of individual nanolattices, with a
minimum of 16 sets of stress-strain data measured for each wall thickness. The error bars in
Figure 36 (i) denote plus/minus one standard deviation. As the thinnest-walled nanolattices
(~10 nm and ~20 nm wall thicknesses) had gradual deformation with no strain bursts, the size

of the strain burst for nanolattices with those wall thicknesses is shown as 0 in Figure 36 (i).
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For the thicker-walled nanolattices (~30 nm wall thickness and greater) as the wall thickness
increases, the size of the strain burst increases linearly, as displayed in Figure 36 ().

It should be noted that the absolute size of the strain burst will depend on the details of
the compression test method and controls as well as the dynamics of the mechanical testing
instrument used. As all nanolattices in this work were compressed utilizing an identical test
method and testing instrument, a direct comparison can be made between the sizes of the
strain bursts in the different nanolattices. However, the sizes of these strain bursts may vary
with other mechanical testing instruments and test methods; hence, care should be taken in
comparing strain burst size in this study with that in another study using disparate testing

conditions and instrumentation.
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Figure 36. First failure event analysis for nanolattices with different wall thicknesses.
Following elastic deformation, thicker-walled nanolattices (~30 nm wall thickness and larger)
each exhibit a pronounced strain bursts as demonstrated by the in-situ images shown in (a-h)
and the corresponding stress-strain data shown below the images for median wall thicknesses
of (a, b) ~30 nm, (c, d) ~38 nm, (e, f) ~57 nm, and (g, h) ~88 nm. The size of the strain burst
was measured for at least 16 nanolattices of each wall thickness and the average strain burst
size as a function of wall thickness is plotted in (i) with the error bars denoting * one standard
deviation in each measurement.
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Another way to assess the nature of post-elastic deformation is by considering nanolattice
recovery following compression and unloading. Figure 37 shows the differences in recovery
between the thinnest-walled nanolattices, Figure 37 (a, b), and the thickest-walled nanolattices,
Figure 37 (c, d), after compression to 33% strain. As discussed previously, the thinnest-walled
nanolattices undergo gradual layer-by-layer collapse and the general structure of individual unit
cells largely stays intact upon layer collapse. These layers more readily recover, as visualized in
Figure 37 (b), than those of the thickest-walled nanolattices, which exhibited catastrophic
failure and destruction of the structure making up the failed layers. As the failed layers are
nearly completely destroyed by compression, not much recovery is observed for the thickest-
walled nanolattices, as shown in Figure 37 (d).

Nanolattices compressed to 33% strain were chosen for measure of recovery because the
first strain burst in nanolattices with the thickest walls, Figure 33 (f), resulted in compression
to a minimum strain of ~33% as 2 of the 5.5 rows of unit cells failed simultaneously. In
addition, it was desirable to measure recovery from a strain that underwent significant
plasticity, yet not too much strain that the original nanolattice structure was completely
destroyed. The multiple large strain bursts observed in the thickest-walled nanolattices, Figure
33 (e, f), resulted in deformed regions of nanolattices that had little visible resemblance to the
original nanolattice structure. Our aim in considering recovery was to investigate the recovery
of the nanolattice to a form bearing some resemblance to the initial nanolattice structure, not
to investigate the recovery of destroyed and unrecognizable nanolattice fragments.

After compression to 33% strain and unloading, the recovery was measured for a
nanolattice of each wall thickness. Recovery was defined as the distance the nanolattice
recovered ( Alygcopereq ) normalized by the distance the nanolattice was compressed
(Alcompressed)s

Alrecovered

recovery = (19)

Alcompressed
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whete Alrecoperea is the height of nanolattice immediately after unloading (hqgfter unioading) 1658
the height of the nanolattice under the maximum compressive strain (Ryax compression)s
Alrecovered = hafter unloading ~— hmax compression (20)
These recovery measurements are shown in Figure 37 (e) with the emergence of a general
trend that recovery decreases linearly with wall thickness. As we chose to focus on recovery
after compression to 33% strain, there were limited stress-strain data sets available, and hence

the plot in Figure 37 (€) contains only a single data point for each wall thickness.
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Figure 37. Nanolattice recovery after compression to 33% strain. SEM images shown for
nanolattices with a wall thickness of (a, b) ~10 nm and (c, d) ~88 nm. The left images (a) and
(c) show the nanolattices at the maximum strain of the compression experiment (~33%) just
before unloading. The right images (b) and (d) show the nanolattices immediately after the
compression experiment. (e) Plot of recovered height normalized by the compression distance
for nanolattices compressed to 33% strain.
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Other mechanical properties of interest, the elastic modulus (E) and yield strength (ay),
were measured by considering the stress-strain response of the nanolattices at low strains. The
same stress-strain data plotted in Figure 33 is plotted in Figure 38 over the low strain region
of 0-0.05 to illustrate the region of interest for determination of elastic modulus and yield
strength. As in the plots of Figure 33 (a-f), the plots in Figure 38 (a-f) contain stress-strained
data grouped by median wall thickness but with the data shown over the strain range of 0-0.05
to make the low-strain data more visible. Figure 38 (a-f) each contain a dotted horizontal line
denoting the average measured yield strength and a dashed line with slope denoting the average
measured elastic modulus for the particular wall thickness of the figure. Methodology for

determination of E and g, is provided in section 5.2.4.
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Figure 38. Engineering stress-strain data displayed from 0-0.05 strain with elastic
modulus and yield strength measurements. The data is grouped by wall thickness of
nanolattice beams with wall thicknesses of (a) 10 nm, (b) 20 nm, (c) 30 nm, (d) 38 nm, (¢) 57
nm, and (f) 88 nm. The horizontal dotted lines indicate the average yield strength and the slope
of the dashed lines indicate the average elastic modulus for each wall thickness. The presence
of large strain bursts in the thicker-walled nanolattices of (d-f) results in large stretches of
strain with no data captured, and hence the data appears to cut off at ~0.03 strain.

The average elastic modulus and yield strength for each nanolattice wall thickness, which
are noted in Figure 38 (a-f), are plotted in Figure 39 (a, b) as a function of nanolattice relative

density. The error bars in these figures denote plus/minus one standard deviation in the
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measured property for that wall thickness. Due to the logarithmic scales of the plot, some of
the error bars are within the marker size and thus do not appear. Nanolattice relative density
was estimated using SolidWorks models of the nanolattice geometry with a uniform wall
thickness assumed to be the median wall thickness for each sputter deposition time, as noted
in Figure 29 (b).

Although Figure 39 (a, b) show elastic modulus and yield strength plotted as a function of
relative density, it should be noted that the large variation in wall thickness in the sputtered
nanolattices (discussed in sections 4.2.2 and 4.3.1) makes an accurate determination of a single
relative density for each nanolattice unreliable. The relative density is expected to be lower in
the regions of the nanolattice with thinner walls, such as the interior and lower regions of the
nanolattice, and higher in the regions of the nanolattice with thicker walls, such as the top and
outer sides. There are also local variations in wall thickness within a single unit cell (top beams
have thicker walls than bottom beams) and within a single beam (the top surfaces of beams
have thicker walls than bottom surfaces). Consequently, the relative densities plotted in Figure
39 should only be taken as approximate estimates for the relative densities of the nanolattices.

Plots of elastic modulus and yield strength as a function of relative density are frequently
utilized as figures of merit in evaluating and comparing the mechanical properties of cellular
solids. Such plots are useful as classic cellular solids theory relates the cellular solid strength
(0) and elastic modulus (E) to relative density () through the following scaling relations,

E o p™ (21)
gx p" (22)
where the exponents m and n depend solely on the fundamental deformation mechanism of
the cellular solid architecture, involving either bending or stretching of the lattice beams upon
loading [55,172,173]. Stretching-dominated structures scale with m = n = 1, stochastic foams

scale with m = 3 and n = 2, and bending-dominated structures scale as m =2 and n = 1.5
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[55,171,172,174]. The octahedron unit cells of the current work are bending-dominated and
would be then expected to exhibit a scaling with relative density (p) that follows the relations,
E o« p? (23)
oo« pts (24)

As noted in Figure 39 (a, b), the observed scaling of the metallic glass nanolattices in this

study are

E o pl68 (25)

oo pL7* (26)
The measured experimental scaling exponents of equation (25) and (20) are within the range
of the predicted theoretical scaling exponents of equations (23) and (24). However, as the
relative densities of the experimental nanolattices were calculated by simply using the median
wall thickness as equal to the wall thickness throughout a nanolattice, the relative densities are
unreliable, and therefore the scaling exponents that result are also unreliable. Even if the
overall relative density of a nanolattice was found in an accurate manner, inevitable variation
in relative density throughout a sputtered nanolattice complicates the scaling behavior.
Unfortunately, not many conclusions can be drawn from the scaling behavior of nanolattices
fabricated by sputtering or other techniques that lead to such large variation in relative density
throughout individual nanolattices.

It is instructive to display the elastic modulus and yield strength as a function of density
in what are commonly known as material property charts or Ashby plots, which are helpful in
materials selection. Such plots are shown in Figure 39 (c, d) with the elastic modulus and yield
strength of the metallic glass nanolattices from this chapter overlaid on the property space of
existing materials. As can be observed in Figure 39 (c, d), the metallic glass nanolattices fall in
the same material property space as foams and span a large range of densities.

For comparison, the elastic modulus and yield strength of bulk sputtered ZrssNizsAlg

metallic glass are also plotted in Figure 39 (c, d) as marked with stars. The bulk yield strength
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was determined from the nano-tensile experiments in Chapter 3, which resulted in an average
yield strength of 1.26 GPa as shown in Figure 20 (c). The nano-tensile experiments did not
show any size dependence of strength so we assume this value is representative of the bulk
strength. While the elastic modulus of the as-sputtered metallic glass was also found using the
nano-tensile results shown in Chapter 3, the elastic modulus obtained from nano-tensile
experiments underestimates the elastic modulus significantly as discussed in section 3.3.3.
Therefore, the elastic modulus for the as-sputtered metallic glass was instead determined by
nanoindentation on a ~1 um thin film of the sputtered metallic glass, which resulted in an
elastic modulus of 130 GPa utilizing the Oliver-Pharr method [175].

The density used for the plots in Figure 39 (c, d) was calculated by multiplying the assumed
bulk density of ZrssNissAlig (6481.7 kg m-3) by the nanolattice relative density, determined by
SolidWorks models as described above. The anisotropic nature of sputter deposition leads to
variation in wall thickness throughout each nanolattice which makes accurate determination
of relative density difficult, as discussed above. Therefore, the densities plotted for the metallic
glass nanolattices in Figure 39 (c, d) should be taken only as estimates useful for showing the
approximate location of the metallic glass nanolattices in material property space relative to

other materials.
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Figure 39. Elastic modulus and strength versus density of metallic glass nanolattices.
(a) Elastic modulus and (b) yield strength are plotted versus relative density with the error bars
denoting * one standard deviation in the measured property. (c, d) Material property plots of
clastic modulus and strength versus density for existing materials. The hollow metallic glass
nanolattices are shown in the gray oval with each point corresponding to the average measured
property from all the nanolattices of a certain sputter deposition time. The properties of bulk
Zr54NixgAlis metallic glass (the constituent material of the nanolattices) are also plotted for
reference and marked with a star. The directional nature of sputter deposition makes the
relative density and density values unreliable and should thus only be taken as approximate.
(c, d) are modified from [172] with permission.

4.4. Discussion

The nanolattices in this study exhibit a mechanical response that is a result of a
combination of structural effects from the nanolattice geometry and material size effects from
the constituent metallic glass. In order to gain a complete understanding of why the observed

brittle-to-deformable transition occurs as wall thickness is reduced, it is important to evaluate
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whether structural effects, material effects, or some combination of the two are relevant in

determination of the nanolattice mechanical response.

4.4.1. Nanolattice structural effects

The arrangement of the metallic glass in the highly ordered, repeating structure of
octahedron unit cells necessitates the consideration of potential failure mechanisms resulting
from the structure. Following the work of Meza et. al [161], failure of the nanolattice structure
(without consideration for the metallic glass material size effect) will result from the
combinations of three potential mechanisms: material yielding, local shell buckling, and Euler

beam buckling. These failure mechanisms can be defined from [170] as:

Oyield = Oy (27)

oo = (1) )
shell — \/m r

m2EIl 29)

obeem = QL) Apea

where 0y, E, and v are the yield strength, elastic modulus, and Poisson’s ratio of the

constituent metallic glass, respectively. k is a constant based on the boundary condition of the

beam, which can be taken as ~0.6 for the octahedron geometry of this work [177]. L is the

beam length, t is the beam’s wall thickness, Apeqm is the cross-sectional area of the beam, and

I is the area moment of inertia for the beam. For the thin-walled approximately circular beams
of this work, these parameters are given by

Apeam = 2nrt (30)

I =mnrdt (31

Substituting equations (30) and (31) into equation (29) we find the buckling failure criterion

for the beams is given by

Opeam = 2_57T2E ( %) (32)
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As discussed by Meza et. al [161], for the nanolattice structutres thete ate two failure
mechanisms: yielding versus local shell buckling and yielding versus Euler beam buckling.
These failure mechanisms may act in combination or independently. Yielding will occur under
tension and buckling will occur under compression [161]. The complex stress-state in the
hollow beam nanolattice structure leads to certain beams and regions under compression while
other beam and regions are under tension [161]. For example, in the octahedron unit cells
making up the nanolattices of this work, the four horizontal beams are largely under tension
while the eight vertical beams are largely under compression. Further, the bending of hollow
beams near the nodes leads to complex stress-states near the nodes involving local
compression and tension on different sides of individual beams. Assuming the compressive
and tensile stresses in the nanolattice are roughly equal, which is reasonable for beams in
bending [161], the critical transition criteria between the failure mechanisms can be found by
setting the failure equations equal to each other, such that equation (27) is set equal to equation

(28), to find the transition between yielding and local shell buckling,

t 0.
Oyield = Oshelt ™ (—) L Ey V31 —v?) (33)
cri

r
Similarly, equation (27) is set equal to equation (32) to find the transition between yielding and

Euler beam buckling,

T 3 |20y
Oyield = Opeam — (z)m_t = |5 (34)

The above equations (33) and (34) are only functions of the constituent properties for the bulk
Zr-Ni-Al metallic glass, which makes up the nanolattices. As discussed in section 4.3.2 in
reference to the material property charts of Figure 39, the bulk properties for yield strength
and elastic modulus of the sputtered metallic glass were measured as 1.26 GPa and 130 GPa
respectively. Poisson’s ratio for the metallic glass was assumed to be 0.36 as Poisson’s ratio

for Zr-based metallic glasses have been reported to range from 0.35-0.37 [178]. Substituting
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these values for the mechanical properties of the metallic glass into equations (33) and (34),
the critical local shell buckling transition is found to occur at (t/7)aie= 0.016 and the critical
Euler beam buckling transition is found to occur at (r/L)aie= 0.027. Considering only these
structural effects, nanolattice structures with geometrical values of wall thickness (t), beam
radius (r), and beam length (L) such that (t/r) and (r/L) are greater than these critical ratios
would be expected to fail by yielding with no structural buckling.

Considering local shell buckling, the nanolattices with the thinnest walls (median wall
thickness ~10 nm) would be most susceptible to shell buckling. These thinnest-walled
nanolattices have (t/r)=(10 nm/400 nm)=0.025, which is greater than the critical value for
shell-buckling of (t/r)eie= 0.016, and therefore no nanolattices in this work would be expected
to exhibit local (shell) buckling. Considering Euler beam buckling, the nanolattices of the
geometry in this study contain (r/L) = (0.4 um/4.9 um) = 0.081, which is greater than the
critical value for Euler beam buckling of (r/L)a#= 0.027, and thus no nanolattices in this work
would be expected to exhibit Euler beam buckling. These calculations reveal that the structure
of the nanolattices in this work is such that local shell buckling and Euler beam buckling are
suppressed, and the only mechanism of failure is yielding. As a result, the metallic glass material
of the nanolattice, as opposed to the structure of the nanolattice, determines the dominant

failure behaviot.

4.4.2. Material size effects in metallic glasses

The structural analysis in section 4.4.1 demonstrates that the geometry of the structure is
not within the range where Euler beam buckling or local (shell) buckling is expected. This
indicates the observed changes in deformation behavior from brittle catastrophic failure in
thick-walled nanolattices to deformable ductile-like behavior in thin-walled nanolattices are

due to the constituent metallic glass material of the nanolattice. The observed brittle-to-ductile
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transition that occurs as the wall thickness of nanolattice beams decreases is analogous to the
brittle-to-ductile transition that has been frequently observed as the sample diameter is
reduced in metallic glass nanopillars. As discussed in sections 1.2.2 and 3.4.2 the “smaller is
more ductile or deformable” size effect frequently observed in metallic glass nanopillars has
predominantly been rationalized by the high surface-to-volume ratio in nanopillar samples,
which increases the energetic cost of a shear band compared to homogeneous deformation
[24,38,40]. The new insight from the work in this chapter is the proof of concept that this
beneficial size effect can indeed be proliferated to larger potentially more useful structures,
such as nanolattices, as long as a high surface-to-volume ratio is maintained by keeping the

metallic glass nanolattice wall thickness small.

4.5. Summary and outlook

In summary, we have demonstrated the fabrication of hollow metallic glass nanolattices
with the constituent metallic glass deposited by sputtering. The sputter deposition was
conducted for various times to result in nanolattices with different wall thicknesses, with the
nanolattice median wall thickness ranging from 10 nm in the thinnest-walled nanolattices to
88 nm in the thickest-walled nanolattices. Uniaxial compression experiments performed inside
of an SEM revealed a brittle-to-deformable transition as the nanolattice wall thickness is
reduced. Thick-walled nanolattices exhibited large catastrophic strain bursts involving failure
of multiple nanolattice layers simultaneously. Thin-walled nanolattices exhibited no strain
bursts, instead undergoing smooth continuous deformation, with gradual layer-by-layer
collapse and substantial recovery upon unloading. Structural analysis indicates all nanolattices
in this study are outside the regime of Euler beam buckling or local (shell) buckling, indicating
the failure mode in the nanolattices of this study can be attributed to the constituent metallic

glass material and not the nanolattice structure. The observed brittle-to-deformable transition
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as wall thickness is reduced can be understood in terms of the “smaller is more ductile or
deformable” size effect that has frequently been observed in individual metallic glass

nanopillars.

4.5.1. Implications for nano-architected metallic glass

The work discussed in this chapter is one of the first studies aimed towards understanding
the mechanical behavior of metallic glass nanolattices and serves as proof of concept that the
“smaller is more deformable” size effect first observed in metallic glass nanopillars can be
extended to larger systems through nano-architecting. This work also demonstrates that
metallic glass nanolattices can be thought of as having tunable mechanical properties where
parameters such as the wall thickness can be adjusted to achieve a desired mechanical response.
In this study, we were able to transition the mechanical response from catastrophic layer failure
to a deformable, gradual layer-by-layer collapse by reducing the wall thickness of the
nanolattices. This reduction in wall thickness also came with a significant sacrifice in strength.
Hence, adjusting the wall thickness of metallic glass nanolattices is not able to tune the
resultant mechanical response in a way the reaches the desirable property space of deformable
and strong. Further optimization for parameters such as nanolattice geometry, metallic glass
deposition method (particularly to create a more uniform wall thickness within each
nanolattice), and constituent metallic glass may result in metallic glass nanolattices with
improved mechanical properties and elucidate additional knobs for tuning the mechanical
response of nano-architected metallic glass. With new knobs we may be able to reach new
property spaces and design metallic glass nanolattices that are both deformable and strong.

The material property charts illustrate that the metallic glass nanolattices fall within the
existing property space for foams and do not reach new property space in the desirable region

of low density with high modulus and strength. The focus of this work was on understanding
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whether the “smaller is more deformable” size effect can be proliferated to these larger
nanolattice structures. However, the actual nanolattice geometry was not optimized and the
structural analysis conducted in section 4.4.1 demonstrated that structural effects were not
contributing to the enhanced deformability of the metallic glass nanolattices. Ordered periodic
cellular solids have been shown to have higher elastic modulus and compressive yield strength
compared to stochastic foams [61] and also even compared to bulk materials [179]. Therefore,
itis likely that with further optimization of the structure, such as using a stretching (as opposed
to bending) dominated structure or utilizing beam geometries that favor buckling and
deformability with thicker, stronger walls, both material size effects and structural effects could
combine to enhance the mechanical response. In this way, it may be possible to design metallic
glass nanolattices reaching the untapped target region in material property space of low density

with high modulus and strength.
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Chapter 5. Irradiation enhances deformability and

strengthens metallic glass nanolattices

Adapted from:
R. Liontas, Y. Wang, J.R. Greer. “Irradiation enhances deformability and strengths metallic

glass nanolattices” (in preparation).

We present experiments investigating the effects of 12 MeV Ni?* ion irradiation on hollow
metallic glass nanolattices. Upon irradiation, nanolattices with median wall thicknesses of 57
nm and less exhibited a significant contraction of the nanolattice structure; only the thickest-
walled nanolattices, those with a median wall thickness of ~88 nm, were able to withstand
irradiation without significant contraction. Compression experiments were only conducted on
these thickest-walled nanolattices, which did not exhibit major structural contraction upon
irradiation. These nanolattices responded favorably to irradiation as measured by mechanical
properties, with an average increase in yield strength of 35.7% and a significant enhancement
in deformability. Enhanced deformability upon irradiation was apparent from the nanolattices’
accommodation of larger strains before any kind of failure event, as well as the presence of
smaller strain bursts and stress drops throughout the stress-strain response. Further, the
structure of the irradiated nanolattices was largely intact after compression, with SEM images
demonstrating a layer-by-layer like collapse as opposed to the catastrophic failure with
complete destruction of the failed layers observed in the as-fabricated nanolattices. This work
points to irradiation as a promising technique to improve the mechanical response of metallic
glass nanolattices. However, caution must be taken as the significant contraction observed in
the thinner-walled nanolattices suggests such low density materials may only respond favorably

to a certain threshold of irradiation.
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5.1. Motivation

This chapter builds upon and unites the irradiation of metallic glass nanopillars discussed
in Chapter 2, the tunable nature of metallic glass mechanical response discussed in Chapter 3,
and the effect of wall thickness on deformation mechanisms in metallic glass nanolattices
discussed in Chapter 4. Chapter 4 revealed that deformability in metallic glass nanolattices can
be brought about by reducing the wall thickness of the nanolattice beams, which also led to a
substantial loss in strength, as shown in Figure 39 (b). The open question is then how to
achieve deformable and strong metallic glass nanolattices. The takeaway message from
Chapter 3, that metallic glasses have tunable mechanical properties influenced by such factors
as fabrication conditions, critical dimension, and annealing, suggests that further tuning may
lead to strong, deformable metallic glass nanolattices. The finding of Chapter 2, that the
ductility of metallic glasses can be improved by irradiation without a sacrifice in strength,
suggests a specific tuning pathway to achieve strong, deformable metallic glass nanolattices:
start with a thick-walled strong metallic glass nanolattices and irradiate to bring about
deformability.

While studies into the effects of irradiation on metallic glasses have been common (see
section 1.2.1), studies involving the effects of irradiation on cellular solids have been quite
limited. Most studies to date have focused on evaluating the radiation tolerance of stochastic
nanoporous Au and Ag foams [180-184], where the abundance of surfaces in porous materials
have the potential to serve as sinks for radiation-induced defects. Such studies report a window
in parameter space of dose rate and ligament diameter where these metallic foams exhibit
radiation tolerance [180]. Outside that window, the irradiated metallic nanofoams can exhibit
ligament melting and breaking if the ligaments are too small and an accumulation of defects,

particularly stacking fault tetrahedra, if the ligaments or the dose rate are too large [180-182].
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To the author’s knowledge, this is the first study on effects of irradiation in any type of
metallic glass cellular solid. As metallic glasses are amorphous, there are no crystalline defects
as in metals. Thus, the mechanism of free surfaces serving as sinks for radiation-induced
defects, discussed in previous studies on metallic nanofoams [180-184], no longer applies.
While metallic glass nanolattices, like nanoporous metals, have an abundance of free surfaces,
the disparate atomic structure between metallic glasses and crystalline metals means the
current study is embarking into unexplored material space, where mechanisms are still

unknown.

5.2. Methods

5.2.1. Fabrication of hollow metallic glass nanolattices

The hollow metallic glass nanolattices of this study were fabricated using an identical
process to that discussed in section 4.2.1. As in Chapter 4, the sputter deposition was varied
at times of 15, 30, 45, 60, 120, and 240 minutes to achieve the same wall thicknesses shown in
Figure 29 (b). Only the thickest-walled nanolattices, those fabricated with the longest sputter
deposition time of 240 minutes, were able to undergo irradiation without significant collapse
or contraction of the nanolattice structure. Therefore, only those nanolattices fabricated with
that longest sputter deposition time of 240 minutes, which corresponds to a median wall
thickness of ~88 nm, are the main focus of this chapter. These ~88 nm wall thickness
nanolattices exhibited the most catastrophic failure of all the wall thicknesses investigated in
Chapter 4. Unless noted otherwise, all results and discussions that follow are referring to the
~88 nm median wall thickness nanolattices, not the thinner-walled nanolattices which

significantly contracted upon irradiation.
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5.2.2. Irradiation conditions

The nanolattices were irradiated using the tandem ion accelerator at the Ion Beam
Materials Laboratory located at Los Alamos National Laboratory. The goal of this study was
to investigate irradiation effects and the general influence of bombardments with minimal
implantation of the irradiation ions. The ion irradiation was conducted with Ni?* as the chosen
ion. As the metallic glass of the nanolattices is ZrssNizxsAlis, irradiating with Ni is self-ion
irradiation. The irradiation was performed top down, as shown in Figure 40 (a). Irradiation
conditions were chosen to ensure that neatly all Ni?* ions passed through the nanolattices to
facilitate study of irradiation effects, as opposed to implantation effects. The energy of the
Ni%* ijons was 12 MeV and the irradiation was conducted to reach a fluence of 6 X 1014 ions
cm? at a dose rate of 1.6X10'0 jons cm? sl. The irradiation was performed at room
temperature with the sample stage cooled by gas flow. The temperature of the stage was 25°C
ptior to irradiation and was monitored throughout the irradiation procedure. During
irradiation, the stage reached a maximum temperatute of only 27°C, though it is still possible
the irradiation caused some local heating in the nanolattice samples.

The Stopping and Range of lons in Matter (SRIM) Monte Carlo-based simulation
software was utilized to evaluate the Ni?* ion penetration and resultant damage from the
irradiation, with calculation results displayed in Figure 40 (b, ¢). These SRIM calculations were
conducted using the Kinchin-Pease model, the assumed bulk density for Zrs4NixgAlis (6.4817
g cm?), and the default threshold displacement energy of 25 eV for Zr, Ni, and Al From the
SRIM calculations, the resultant Ni concentration and displacements per atom (dpa) profiles
were obtained as a function of the penetration depth into bulk amorphous ZrssNixAlig (left
vertical axis on the plots in Figure 40). As shown in the Ni concentration plot, Figure 40 (b),
the Ni ions penetrate to reach a peak concentration of 0.0067 at. % at a penetration depth of

about 4 um into bulk amorphous Zrs4NixsAlis. As shown in the dpa plot, Figure 40 (c), the
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resultant dpa reaches a maximum of ~1 dpa. The ion concentration and dpa in Figure 40 (b,
) are plotted against both the penetration depth into bulk amorphous ZrssNixAlis (left
vertical axes) and the penetration depth into ZrssNizsAljg nanolattices (right vertical axes).

To obtain the penetration depth into the nanolattices, the penetration depth into bulk was
divided by the estimated relative density of the 240-minute sputter deposited nanolattices,
which was 0.05. The relative density of the nanolattice was calculated from SolidWorks models
with the specified nanolattice dimensions discussed in section 4.2.1 and a wall thickness of 114
nm, the average wall thickness of the as-fabricated nanolattices formed by 240-minute sputter
deposition, as shown in Figure 29 (b). For this calculation the average wall thickness was
chosen instead of the median wall thickness because the average is more representative of the
relative density of the total nanolattice. In contrast, the median is more representative of the
wall thickness relevant for the sections of nanolattice undergoing mechanical deformation.
Considering the concentration and dpa profile plots as a function of penetration depth into
the nanolattice (Figure 40 (b, ¢) right vertical axes), it is apparent that the majority of the
incoming Ni?* ions penetrate well beyond the depth of the nanolattices. The maximum
concentration of Ni?* resulting from the irradiation is 1.1 X 10-# at. %. in the depth range of
the nanolattices (0-36 um on the right vertical axis). The average dpa in the depth range of the
nanolattices is 0.246 £ 0.064. The peak Ni concentration and dpa are low due to the low
fluence of 6 X 10'*ions cm2 utilized in this study. The fluence was kept at this low level in an
effort to prevent the low density nanolattice structures from being destroyed by the high

energy irradiation.
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Figure 40. Irradiation schematic and SRIM calculations for Ni?* into ZrssNizsAlss
nanolattices. (a) schematic showing the top-down direction of the irradiating Ni** ions with
respect to the nanolattices and Si substrate. (b) Ni concentration resulting from the Ni** ion

irradiation as calculated by SRIM. (c) Irradiation damage as measured by displacements per
atom (dpa) calculated by SRIM.

5.2.3. Characterization conditions

A similar SEM-FIB cross-section procedure as that used to assess nanolattice wall
thickness in Chapter 4 was utilized on irradiated nanolattices to assess changes in the
nanolattice geometry upon irradiation. As discussed in section 4.2.2, this SEM-FIB cross-
section procedure involved using FIB to remove regions of the nanolattices, thereby exposing
various cross-sections from which the wall thickness and inner beam dimensions of the
exposed beams could be measured via SEM. These cross-sectional cuts and the corresponding
measurements were performed at six different locations in each measured nanolattice, ranging
from the outermost edge to the most interior unit cells in order to assess the variation in
geometry from outside to inside. For each cross-sectional cut, ~20 measurements of wall
thickness were obtained on beams favorably oriented with the ~52° tilt of the SEM stage
utilized for FIB operation. With these six cross-sectional cuts and 20 measurements for each
cut, there was a representative sample of ~120 wall thickness measurements spanning the
entire nanolattice from which the median and average wall thicknesses were determined.
Similarly, the vertical (major) axes and horizontal (minor) axes of the slightly elliptical shaped

beams making up the nanolattices were also measured for each of the six cross-sectional cuts.
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From each cross-sectional cut, ~5 measurements of each beam axis were obtained on beams
favorably oriented with the ~52° tilt of the SEM stage utilized for FIB operation. With these
six cross-sectional cuts and 5 measurements from each cut, there was a representative sample
of ~30 beam axis measurements on each of the vertical and horizontal beam axes spanning
the entire nanolattice from which the average beam dimensions were determined. This
identical measurement procedure was conducted on nanolattices in the as-fabricated and
irradiated states to facilitate direct comparison.

XRD was performed on as-fabricated, irradiated, and annealed samples, which each were
on a substrate of (100) Si. For each of these samples, Zr-Ni-Al metallic glass had been sputter
deposited for 240 minutes, which led to a film thickness of ~1 um on the Si substrate. In
addition to the sputtered film on the substrate, the as-fabricated sample contained 17
nanolattices, which had undergone all the fabrication steps shown in Figure 27, and the
irradiated sample contained 34 nanolattices, which had also undergone all fabrication steps
shown in Figure 27 in addition to irradiation under the conditions described in section 4.2.1.
The annealed sample contained only the ~1 um thin film of sputtered metallic glass with no
nanolattices. The annealed sample was prepared by annealing the sputtered thin film sample
in a Carbolite tube furnace at 850 K (~1.1T) for 3 hours under a 5 LPM flow of Ar to prevent
oxidation. The annealed sample was used as a reference point for expected crystallization
peaks to evaluate whether crystallization had occurred in the as-fabricated or irradiated
samples. The XRD used was a Bruker D2 Phaser using Cu Ko x-rays.

The microstructure of an irradiated metallic glass nanolattice was examined by
transmission electron microscopy (TEM). The TEM sample was prepared from a nanolattice
fabricated by sputter deposition for 240 minutes, after all the fabrication steps shown in Figure
27 and irradiation under the conditions discussed in section 5.2.2. The nanolattice was

transferred to the post of a TEM grid (PELCO, FIB lift out TEM grid) using a
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micromanipulator, secured with silver conductive epoxy (H2OE EPO-TEK, Ted Pella, Inc.)
and allowed to cure at room temperature. Unit cells of the nanolattice were then removed by
FIB to expose single beam walls of the irradiated nanolattice for examination by TEM. TEM

was performed using a 300 keV TEM (TF30, FEI Co.).

5.2.4. Uniaxial compression experiments

The uniaxial compression experiments in this chapter were conducted in an identical
manner as those in Chapter 4, which were discussed in detail in section 4.2.4. In this chapter,
the size of the first stress drop occurring after elastic loading was also measured. The size of
the first strain burst and the corresponding stress drop were measured for each data set using
MATLAB to find the range of strain and stress around the first strain burst over which the
stress was continually decreasing. The range of strain over which the stress was continually
decreasing was taken as the strain burst size, and the range of stress over which the stress was
continually decreasing was taken as the stress drop size.

The mechanical data shown in this chapter were taken from a single sample of nanolattices
all fabricated on the same Si chip to ensure that each nanolattice on that sample underwent
identical fabrication steps. Prior to irradiation, nanolattices on that sample were compressed
to obtain the mechanical data in the “as-fabricated” state referred to in this chapter, and some
nanolattices were left untested. Then that sample was irradiated and those untested
nanolattices were then compressed to obtain the mechanical data in the “irradiated” state
referred to in this chapter. This enabled direct comparison between “as-fabricated” and
“irradiated” nanolattices which underwent identical fabrication conditions. The average elastic
modulus, yield strength, strain burst, and stress drop were calculated from a minimum of 10

sets of compression data for each of the “as-fabricated” and “irradiated” nanolattice groups.
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5.3. Results

5.3.1. Changes in nanolattice structure upon irradiation

As discussed in section 5.2.1, hollow metallic glass nanolattices for irradiation were
fabricated with the same sputter times (15, 30, 45, 60, 120, 240 minutes) and resultant wall
thicknesses (10, 20, 30, 38, 57, 88 nm) of Chapter 4. However, only the thickest walled
nanolattices (240-minute sputter deposition, ~88 nm median wall thickness) were found to
endure the irradiation without dramatic contraction of the nanolattice structure. Figure 41 (b-
f) displays the SEM images of the thinner-walled nanolattices (~57 nm median wall thickness
and less) following irradiation. For comparison, Figure 41 (a) contains an image of a typical
nanolattice before irradiation to illustrate the dramatic changes in nanolattice structure that
occurs upon irradiation. The contraction is most severe in the thinnest walled nanolattices
(wall thickness ~10 nm) pictured in Figure 41 (b) and becomes less severe as the nanolattice
wall thickness is increased from (b) to (f). As all of the thinner-walled nanolattices pictured in
Figure 41 (b-f) underwent such significant contraction, they were not further characterized or
compressed. The focus of the remainder of this chapter, including characterization and all
mechanical experiments, will be on the ~88 nm median wall thickness nanolattices, which did
not exhibit such a significant contraction upon irradiation.

The observed contraction in nanolattices upon irradiation suggests that irradiation
induced the metallic glass nanolattices to enter a liquid-like state. In this liquid-like state, the
nanolattices may have exhibited some flow behavior, where capillary forces caused the thinner
walled nanolattices beams to contract. A detailed analysis of irradiation-induced flow is beyond
the scope of this work. Further, the variation of wall thickness within each nanolattice

complicates quantification of the flow behavior through a viscosity measurement.
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Figure 41. Contraction of thinner-walled nanolattices upon irradiation. SEM images of
nanolattices were taken with a ~87° stage tilt and the 10 pm scale bar applies to all images. (a)
Typical nanolattice with ~38 nm median wall thickness prior to irradiation. (b-f) Nanolattices
after exposure to irradiation have undergone various degrees of contraction. The original wall
thicknesses of the nanolattices prior to irradiation were (b) 10 nm, (c) 20 nm, (d) 30 nm, (¢)
38 nm, (f) 57 nm. The contraction becomes less severe as the wall thickness is increased from

(b) to ().

Following irradiation, the ~88 nm median wall thickness nanolattices, which did not
undergo the dramatic contraction of the thinner walled nanolattices pictured in Figure 41,
were thoroughly imaged by SEM to evaluate any slight changes in the nanolattice structure
resulting from irradiation. Some of these images are displayed in Figure 42, from a top-down
view and from a side view with the nanolattices tilted to ~87°. Viewed from top-down and
from the side, it appears that the outer nanolattice beams increased in size upon irradiation.

From the side view, there is also some contraction in the overall nanolattice structure upon
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irradiation, although it is not nearly as severe as the contraction in the thinner-walled
nanolattices pictured in Figure 41. Measurements from SEM images reveal that the nanolattice
width is largely unchanged upon irradiation; however the average nanolattice height decreases
by 13.6% upon irradiation from 36.4 £ 0.12 um in the as-fabricated nanolattices to 31.5 &
0.18 um in the irradiated nanolattices. The apparent changes in nanolattice structure upon
irradiation warrant the SEM-FIB cross-sectional measurement procedure, discussed in section
5.2.3, to evaluate changes in both the inner beam dimensions and the wall thickness

throughout the nanolattices as a result of irradiation.
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Figure 42. SEM images of representative nanolattices in the as-fabricated and
irradiated states. Views are shown from the top-down and the side. The original median wall
thickness of the as-fabricated nanolattices and the irradiated nanolattices prior to irradiation
was ~88 nm.
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Cross-sectional SEM images from the nanolattices in the as-sputtered and irradiated states
are displayed Figure 43. These images were obtained by using FIB to remove outer unit cells
and expose the internal beams of the nanolattices, as discussed in section 5.2.3. The images
are taken with the ~52° stage tilt convenient for FIB operation. These images demonstrate
that the internal nanolattice beams have thinner walls than the outer beams and the wall
thickness also decreases in going from top to bottom in the nanolattice. These variations in
wall thickness are due to the line-of-sight nature of sputter deposition discussed in sections
4.2.2 and 4.3.1. From these images, it also appears that the internal nanolattice beams exhibited
some distortion and contraction upon irradiation. The high energy 12 MeV Ni?* ion irradiation
may have caused a redistribution of material within the nanolattice whereby beams on the
outside surfaces (visible in Figure 42) gained material and those internal beams (visible in
Figure 43) lost material. Images from the cross-sectional cuts, such as those shown in Figure
43 (g-1), illustrate that the thinner beams which are towards the bottom and inside of the
nanolattices were most affected structurally by irradiation and contracted slightly while the
thicker beams on the outside and top of the nanolattice were able to resist changes in
irradiation, preventing the overall nanolattice structure from undergoing the significant

contraction observed in the thinner-walled nanolattices pictured in Figure 41.
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As-sputtered Irradiated

Figure 43. Cross-sectional SEM images obtained from the most interior column of unit
cells in the nanolattice structures. The images were obtained with the SEM stage at a ~52°
tilt. (a) As-fabricated nanolattice whose individual unit cells are shown in the higher
magnification images in (b-f) arranged in top-down order, with (b) the topmost unit cell and
(f) the bottommost unit cell, closest to the substrate. (I) Irradiated nanolattice whose individual
unit cells are shown in the higher magnification images in (g-k) arranged in top-down order,
with (g) the topmost unit cell and (k) the bottommost unit cell, closest to the substrate. The
original median wall thickness of the as-fabricated nanolattices and the irradiated nanolattices
prior to irradiation was ~88 nm.

The wall thickness measurements obtained from the six cross-sectional cuts performed
on each nanolattice led to the measured wall thickness distributions shown in Figure 44.
Despite the apparent structural changes in the nanolattices upon irradiation, the distributions
of wall thickness for the as-fabricated and irradiated nanolattices are quite similar. Table 3
displays the resultant median and average wall thicknesses, which move in opposite directions
upon irradiation: the median wall thickness decreases from 88 nm to 85 nm upon irradiation,
while the average wall thickness increases from 114 nm to 117 nm upon irradiation. This is
consistent with the qualitative observations of the nanolattice images in Figure 42 and Figure
43, involving the thinner interior nanolattice beams appearing to lose material and the thicker
outer nanolattice beams appearing to gain material in a “rich get richer, poor get poorer” effect.

Prior to irradiation, the thick outer nanolattice beams skew the average wall thickness high,
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and upon irradiation the increase in wall thickness of these already thick beams further
increases the resultant average wall thickness. The thinner interior nanolattice beams making
up a majority of the nanolattice largely influence the median wall thickness, and upon
irradiation the decrease in wall thickness of these thinner beams decreases the resultant median
wall thickness. This thickening of thick walls and thinning of thin walls is also consistent with
increase in the standard deviation of the wall thickness measurements from 101 nm to 120 nm

upon irradiation, as shown in Table 3.
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Figure 44. Histogram of wall thickness measurements for as-fabricated and irradiated
nanolattices. (a) Histogram displayed over the entire range of wall thicknesses measured from
0-900 nm. (b) Histogram zoomed in to the wall thickness range of 0-400 nm to make the
distribution at small wall thicknesses more visible.

Table 3. Measured wall thickness of as-fabricated and irradiated nanolattices.
Measurements of wall thickness were conducted from SEM images of different FIB-created
cross-sections, ranging from the edge to the center of the nanolattices. ~120 wall thickness
measurements from representative regions in each nanolattice were used to determine each
median, average, and standard deviation.

Nanolattice Measured Wall Thickness
type Median Average Standard deviation
As-fabricated 88 nm 114 nm 101 nm
Irradiated 85 nm 117 nm 120 nm
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As observed in Figure 43, it is not necessarily the wall thickness of the nanolattice beams
that appears to change upon irradiation but the overall beam dimensions. Consequently, the
inner beam dimensions were also measured, with the results displayed in Table 4. As the beams
were not perfectly circular, both the vertical (major) beam axis and the horizontal (minor)
beam axis were measured. The slightly elliptical shape of the beams became more pronounced
upon irradiation as the vertical (major) beam axis increased from 803 nm to 867 nm and the
horizontal (minor) beam axis decreased from 751 nm to 713 nm. Consistent with the general
distortion and shape changes upon irradiation, as observed in Figure 43, the standard deviation
in the measured beam dimensions increases by roughly a factor of two upon irradiation; the
standard deviation in the vertical beam axes increase from 66.6 nm to 125 nm upon irradiation,
and the standard deviation in the horizontal beam axes increase from 42.7 nm to 95.3 nm
upon irradiation. However, the simultaneous increase in the vertical beam axis with the
decrease in the horizontal beam axis led to only a small net change in the average beam axis,
increasing by only 1.7% from 777 nm in the as-fabricated nanolattices to 790 in the irradiated

nanolattices.

Table 4. Measured inner beam dimensions of as-fabricated and irradiated
nanolattices. The beams are slightly elliptical in shape, hence both the vertical (major) axis
and the horizontal (minor) axis of each beam were measured. Measurements were conducted
from SEM images of different FIB-created cross-sections ranging from the edge to the center
of the nanolattices. 30 beam measurements were used to determine the average and standard
deviation for the vertical and horizontal beam axes. 60 beam measurements were used to
determine the average and standard deviation for overall inner beam dimension.

. Vertical beam axis Horizontal beam Overall
Nanolattice .
axis
type

Aver Standard Aver Standard Aver Standard
verage deviation verage deviation verage deviation

As-fabricated | 803 nm 66.6 nm 751 nm 42.7 nm 777 nm 61.3 nm

Irradiated 867 nm 125 nm 713 nm 95.3 nm 790 nm 135 nm
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5.3.2. Microstructural characterization

Figure 45 (a) displays XRD data obtained on the as-fabricated, irradiated, and annealed
specimens. The XRD scans from the as-fabricated and irradiated samples have the broad
characteristic amorphous hump present over the 20 range of ~28-43 degrees and exhibit no
sharp peaks, apart from those characteristic of the (100) Si substrate. In addition, the as-
fabricated and irradiated XRD scans ate nearly identical, demonstrating no major change in
microstructure upon irradiation. For comparison, the scan from the sample annealed at 1.1T}
exhibits significant changes: the characteristic amorphous hump disappears, and several new
sharper peaks appear, indicating the onset of crystallization. The lack of such peaks in either
the as-fabricated or irradiated scans supports the notion that these samples are amorphous.

Figure 45 (b, ¢) shows TEM performed on the beam wall of an irradiated nanolattice. For
comparison, TEM on the as-fabricated nanolattice was shown in Figure 31. The diffuse rings
in the diffraction pattern of Figure 45 (b) are characteristic of an amorphous material. The
dark field image in Figure 45 (c) shows no crystallites and the largest size of anything
resembling a nanocrystalline grain is only ~0.8 nm. As such, irradiation did not cause
crystallization of the metallic glass. There may be some small changes in the short- and
medium-range atomic order of the metallic glass upon irradiation but such changes are not

detectable by TEM or benchtop XRD.
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Figure 45. Microstructural characterization of as-fabricated and irradiated
nanolattices. (a) XRD scans from as-sputtered, irradiated, and annealed samples. (b) TEM
diffraction pattern and (c) dark-field TEM image obtained from the beam wall of an irradiated
nanolattice.
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5.3.3. Compression experiments on as-fabricated and irradiated nanolattices

Figure 46 contains engineering stress versus strain data obtained via uniaxial compression
of individual nanolattices to various strains. In Figure 46 (a), the data is displayed over the
whole range of strains tested, with dotted lines connecting each data point. The presence of
long stretches of dotted line with no data points indicates a failure event, i.e. a strain burst,
that occurred too rapidly for data acquisition. The data capture rate was 100 Hz, indicating the
large first strain bursts, involving ~30-40% increases in strain with 0-1 data points captured,
took place in only ~0.01 seconds. Strain bursts, these rapid increases in strain indicative of
sudden failure events, are present in the stress-strain response of both as-fabricated and
irradiated nanolattices. However, the stress-strain data of the irradiated nanolattices contain
noticeably smaller strain bursts, signifying less catastrophic failure events and increased
deformability compared to the as-fabricated nanolattices. Representative videos of as-
fabricated (Video 14) and irradiated (Video 15) nanolattices during compression are included
in the supplementary files.

Figure 46 (b) displays the same stress-strain data shown in Figure 46 (a), but zoomed into
the low strain region of 0-0.07 strain so that the stress-strain response before the first strain
burst is more visible. In Figure 46 (b), only the data points are plotted, no connecting dotted
lines are drawn between data points. The irradiated nanolattices are able to accommodate
much larger strains before any strain burst occurs, as demonstrated by the presence of
continuous data in Figure 46 (b) to larger strains for the irradiated nanolattices. As can be
observed in Figure 46 (b), the irradiated nanolattices reach strains of ~6% before the first
strain burst while the as-fabricated nanolattice only reach strains ~2% before the first strain
burst. This low strain region was also used for determination of the elastic modulus (E) and
yield strength (a,), which are plotted in Figure 46 (c, d). Irradiation resulted in little change to

the elastic modulus, which was measured as 245 £ 32.1 MPa for the as-fabricated nanolattices
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and 261 £ 51.3 MPa for the irradiated nanolattices. The yield strength increases by 35.7%
upon irradiation from 3.69 £ 0.247 MPa in the as-fabricated nanolattices to 5.01 £ 0.299 MPa

in the irradiated nanolattices.
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Figure 46. Engineering stress-strain data obtained via uniaxial compression on as-
fabricated and irradiated nanolattices. (a) Stress-strain data displayed for the whole range
of strain tested, utilizing dotted lines to connect data points. (b) Stress-strain data displayed
from 0-0.07 strain in the region just before the first strain burst. Only data points are shown
with no dotted line connections. Average (c) elastic modulus and (d) yield strength for as-
fabricated and irradiated nanolattices with error bar denoting + one standard deviation in the
measured property.

Compared to tension experiments, compression experiments often do not result in a clear
failure event; however, the size and nature of the first strain burst observed after elastic loading
in the compression experiment of this chapter can be thought of as analogous to the fracture
of a tensile sample. Figure 47 (a) displays a direct comparison between the representative
stress-strain response of an as-fabricated nanolattice and an irradiated nanolattice as a result
of compression to the first strain burst. The size of the first strain burst and the size of the
stress decrease as a result of the strain burst (stress drop) can be used as measures of the
severity (or catastrophic-nature) of the first strain burst. The average size of this first strain

burst and the corresponding stress-drop were both found to decrease upon irradiation as
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shown in Figure 47 (b, c). The size of the first strain burst in the as-fabricated nanolattices was
measured as 0.377 £ 0.039 and decreased upon irradiation to 0.293 £ 0.037. Likewise, the size
of the corresponding stress drop in as-fabricated nanolattices was measured as 2.28 £ 0.23
MPa and decreased upon irradiation to 1.54 £ 0.20 MPa. The decrease in the size of the first
strain burst and stress drop upon irradiation demonstrates that compared to the as-fabricated
nanolattices, the irradiated nanolattices exhibit less catastrophic first failure events. As
discussed in section 4.3.2, the absolute size of the strain burst and stress drop will depend on
the details of compression test method and controls as well as the dynamics of the mechanical
testing instrument used. As all nanolattices in this chapter were compressed utilizing an
identical test method and testing instrument, a direct comparison can be made for the sizes of
the strain bursts and stress drops between the as-fabricated and irradiated nanolattices.
However, the size of these strain bursts and stress drops may vary with a different mechanical
testing instrument and test method; hence care should be taken in comparing the strain burst
and stress drop size in this study with those in another study using disparate testing conditions
or instrumentation.

SEM images following compression to the first strain burst and unloading for a
representative as-fabricated nanolattice (Figure 47 (d-f)) and a representative irradiated
nanolattice (Figure 47 (g-i)) reveal a significant difference in the morphology of the failed
layers. The as-fabricated nanolattice exhibits complete failure of the two middle layers with
the unit cells of the failed layers destroyed beyond recognition. The irradiated nanolattice
exhibits deformation akin in appearance to the layer-by-layer collapse observed in the

deformable thinner walled nanolattices discussed in Chapter 4 and illustrated in Figure 34.
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Figure 47. First strain burst comparison between representative as-fabricated and
irradiated nanolattices. (a) Representative stress-strain responses of as-fabricated and
irradiated nanolattices obtained from compression to the first strain burst and unloading.
Quantification of the first strain burst by measurement of (b) the average size of the first strain
burst and (c) the average size of the stress drop upon the first strain burst, with error bars
denoting * one standard deviation in the measurement. Post-mortem SEM images of (d-f) as-
fabricated and (g-i) irradiated nanolattices whose stress-strain data are shown in (a).

5.4. Discussion

5.4.1. Atomic-level changes in metallic glass from irradiation

Changes in metallic glasses’ mechanical response, particularly deformability, upon
exposure to irradiation are generally explained in terms of local atomic structural changes
brought about by the ion irradiation, as discussed in [23-26,44,154,185]. In the case of the
current study, the incoming high energy Ni?* ions bombard the metallic glass nanolattice,
moving the constituent metallic glass atoms into a higher potential energy state. This higher
potential energy state brought about by irradiation has been equivalently referred to in
literature as more disordered [25], containing less icosahedral [24,186] or short-range [187,188]
order, more unrelaxed or farther from relaxation [44], in a more liquid-like state [23], and

containing more free volume [154,189-192]. Local atomic structural changes in the metallic
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glass upon irradiation decrease the energetic cost of moving atoms and brings about more
atomic mobility. The increased atomic mobility upon irradiation allows the atoms to more
readily participate in shear transformation zones, with the effect that many smaller shear bands
form simultaneously, intersect each other, and result in a globally ductile-like response. In
contrast, metallic glasses containing low atomic mobility usually fail by a single catastrophic
shear band event.

The irradiation conditions were chosen to minimize the presence of additional Ni in the
nanolattices as a result of the ion irradiation. The utilization of a low fluence (6 X 10'* ions
cm?) resulted in a small amount of total Ni?* ions present, and the utilization of high energy
(12 MeV) resulted in most ions passing completely through the nanolattices. This minimized
additional Ni concentration resulting from the irradiation and the corresponding complicating
effects of such additional Ni. As discussed in section 5.2.2, SRIM calculations estimate the
maximum additional concentration of Ni from the irradiation as only 1.1 X 104 at. %. While
the collision cascades set off by the incoming Ni ions likely had a significant influence on the
metallic glass material, the concentration of additional Ni from the irradiation is so small that
the presence of this additional Ni is not expected to have an influence on the mechanical

response.

5.4.2. Nanolattice structural effects and changes upon irradiation

The arrangement of the metallic glass in nanolattice structures necessitates the
consideration of potential structural failure mechanisms. Following the work of Meza et. al
[161], failure of the nanolattice structure will result from the combinations of three potential
mechanisms: yielding, local shell buckling, and Euler beam buckling. As derived in section

4.4.1, equating the stresses necessary to initiate each individual failure mechanism, the
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following expressions were obtained for the critical transition point between structural

buckling and yielding:

3 |2
(£)crit - ﬁ\/% (36)

where equation (35) is the critical transition point between yielding and shell buckling and
equation (30) is the critical transition point between yielding and Euler (beam) buckling.
Equations (35) and (36) depend on only the constituent metallic glass bulk material properties:
yield strength (ay,), elastic modulus (E), and Poisson’s ratio (v), which were taken as 1.26 GPa,
130 GPa, and 0.36 respectively, as discussed in section 4.4.1. Substituting these values into
equations (35) and (36), the critical local shell buckling transition is found to occur at (t/7)erie
= 0.016 and the critical Euler beam buckling transition is found to occur at (r/L)ee= 0.027.
Considering only these structural effects, nanolattice structures with geometrical values of wall
thickness (t), beam radius (r), and beam length (L) such that (t/r) and (r/L) are greater than
these critical ratios would be expected to fail by yielding with no structural buckling.

As this work focused on the compression and characterization of the thickest-walled
nanolattices, the calculation of (t/r) and (r/L) will depend on the t, r, and L from these
thickest-walled nanolattices. The wall thickness (t) is given in Table 3, the beam radius () is
given in Table 4, and beam length (L) is unchanged by irradiation at 4.9 pm. Considering local

shell buckling, the as-fabricated nanolattices exhibit,

() —(88nm)—023 37
)as—fap  \388mm/ (37)

and the irradiated nanolattices exhibit

(t) —(85nm)—021 38
/)ige  \395nm/ (38)
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The (t/r) ratios in equations (37) and (38) are both over an order of magnitude greater than
the critical ratio for shell-buckling of (t/r)eie= 0.016, therefore no nanolattices in this work
would be expected to exhibit local (shell) buckling. Considering Euler beam buckling, the as-

fabricated nanolattices exhibit,

(r) _ ( 388nm ) — 0.079 39
L gs—fap  \4900nm/ (39)

and the irradiated nanolattices exhibit,

(Z) = <M) = 0.081 (40)
L/ e \4900nm/

The (r/L) ratios in equations (39) and (40) are significantly larger than the critical value for
Euler beam buckling of (r/L)eie= 0.027, thus no nanolattices in this work would be expected
to exhibit Euler beam buckling. These calculations reveal that the structure of both the as-
fabricated and irradiated nanolattices is outside of the regime where local shell buckling or
Euler beam buckling are expected, and hence yielding is the dominant failure mechanism.
Further, the similarity between as-fabricated and irradiated nanolattices in (t/r) ratios noted
in equations (37) and (38) and (/L) ratios noted in equations (39) and (40) demonstrates that
the small changes in measured wall thickness and beam radius upon irradiation do not change
the expected failure mechanisms of the nanolattice structure.

The presence of contraction in the structure of the nanolattices upon irradiation renders
any changes in mechanical response a convolution of the atomic-level changes in the
constituent metallic glass with these structural changes in the nanolattices. The thinner-walled
nanolattices, pictured in Figure 41, underwent such significant contraction upon irradiation
that we chose not to conduct compression experiments on those nanolattices, as the
mechanical response would likely be dominated by the contraction of the structure.
Compression experiments were only performed on the thickest-walled nanolattices, pictured

in Figure 42 and Figure 43, which exhibited the smallest structural change upon irradiation.
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Although the overall structure of these thicker-walled nanolattices does exhibit some
contraction upon irradiation, as visualized in Figure 42 (bottom), the wall thickness and inner
beam dimensions are largely unchanged upon irradiation.

In terms of the inner beam dimensions, the average inner beam axis measurement only
increases by 1.7% upon irradiation. The apparent collapse of nanolattice beams upon
irradiation is more pronounced for the thinner-walled interior beams as visualized in Figure
43. The slightly elliptical shape of the beams became more elliptical upon irradiation as
evidenced by the increase in the measured beam major axis and decrease in the measured beam
minor axis, as shown in Table 4. Further, the ~two-fold increase in standard deviation of these
measured beam dimensions demonstrates a larger variation in inner beam dimensions upon
irradiation, consistent with these shape changes.

As observed in Chapter 4, the nanolattice wall thickness plays a key role in determining
mechanical response with thicker-walled nanolattices exhibiting higher strength and more
catastrophic failure. Obtaining measures of any wall thickness changes upon irradiation is vital
to understand the origin of the resultant nanolattice mechanical response. As shown in Table
3, the median and average wall thicknesses are largely unchanged upon irradiation, with the
median wall thickness decreasing from 88 nm to 85 nm upon irradiation and the average wall
thickness increasing from 114 nm to 117 nm upon irradiation. The simultaneous decrease of
the median wall thickness and increase of the average wall thickness results in no significant
change to the overall relative density of the nanolattice. However, the relative density may
exhibit some local changes with the originally thinner-walled beams, which lost material upon
irradiation, also losing some relative density upon irradiation and the originally thicker-walled
beams, which gained material upon irradiation, also gaining some relative density upon
irradiation. These local changes in relative density are slight as the median and average wall

thickness each change by less than 5 nm upon irradiation.
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The larger change in relative density likely comes from the minor collapse of the
nanolattices upon irradiation, which led to a 13.6% decrease in the height of the irradiated
nanolattices. This collapse of the nanolattices upon irradiation also caused the top surface of
the irradiated nanolattices to become slightly curved, with the center of the nanolattice
marginally taller than the outer edges, as can be observed in Figure 42 (bottom right). This
structural change reduces the measured elastic modulus of the irradiated nanolattices because
the flat punch tip must first compress the taller central unit cells before full contact can be
made with the shorter unit cells on the edges of the nanolattice. Therefore, the measured
clastic modulus of the irradiated nanolattices is likely artificially lower than it would have been

had the top surface of the irradiated nanolattices been perfectly flat.

5.4.3. Increased strength with improved deformability

Improved ductility or deformability usually come with a significant sacrifice in strength.
For example, as observed in Chapter 3, while ductility could be improved in metallic glass
nanopillars by processing them in an as-sputtered as opposed to annealed state, the more
ductile pillars exhibited a 16% decrease in yield strength, as shown in Figure 20 (c). This lower
yield strength in the more ductile pillars is thought to occur because sputtering results in a
metallic glass with excess free volume and a corresponding lower density, as discussed in
Chapter 3. Likewise, the decrease in wall thickness of the nanolattices in Chapter 4 led to a
more deformable response; however the thinnest-walled nanolattices also exhibited a two
order of magnitude loss in strength compared to the thickest-walled nanolattices, as shown in
Figure 39 (b). With these results in mind, the observation that irradiated nanolattices exhibit
improved deformability with a simultaneous 35.7% increase in yield strength is quite
remarkable and surprising. The simultaneous increase in strength and deformability upon

irradiation suggests that the observed enhancement in deformability from irradiation cannot
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be attributed to a potential structural effect of decreased wall thickness as decreased wall
thickness would lead to a loss of strength, as demonstrated in Chapter 4; see for example
Figure 39 (b).

Structural changes in the nanolattices upon irradiation may be at least partially responsible
for the increased strength. The observed contraction of the nanolattices upon irradiation led
to a 13.6% reduction in height with negligible changes in measured wall thickness and overall
beam dimension. Assuming the total amount of material in the nanolattice is unchanged upon
irradiation, which is consistent with the negligible changes in measured wall thickness and
beam dimensions, a 13.6% decrease in height corresponds to a 15.5% increase in relative
density. A denser nanolattice would be expected to exhibit higher strength. For the bending-
dominated octahedron-based structure used in this study, the expected scaling of yield strength
with relative density is g, ¢ 5% as shown in equation (24). Using this relation, the 15.5%
increase in relative density corresponds to an expected increase in yield strength of 24.1%.
Hence, a large portion of the observed 35.7% increase in yield strength can be attributed to
the decrease in height upon irradiation causing a densification of the nanolattice structure.
There is still a significant portion of the increase in yield strength that cannot be attributed to
this structural effect.

Previous investigations of the influence of irradiation on metallic glass strength have had
mixed results. Irradiation of metallic glasses has been reported to lead to an increase [193-197],
negligible change [23,24,154], and decrease [26,44,185,187,188,198,199] in the strength or
hardness of metallic glasses. Observed increases in strength or hardness of irradiated metallic
glasses sometimes occur because of the formation of precipitates and crystalline phases within
the amorphous matrix upon irradiation [193-196]. The XRD and TEM results shown in Figure
45 indicate that the amorphous structure of the nanolattices was maintained upon irradiation

with no evidence of crystallization. Therefore, the increased strength and deformability upon
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irradiation in this work cannot be attributed to the presence of nanocrystallites. In the
nanolattice system of this chapter, the confluence of irradiation-induced changes in the larger
nanolattice structure with the local atomic structural changes within the constituent metallic
glass unfortunately makes it difficult to fully ascertain the reason for the observed

strengthening upon irradiation.

5.5. Summary and Outlook

Irradiating metallic glass nanolattices led to improved deformability and decreased the
catastrophic nature of failure while also increasing yield strength by 35.7%. The enhanced
deformability in irradiated metallic glass nanolattices can be attributed to irradiation bringing
the constituent metallic glass into a more disordered, higher potential energy state with greater
atomic mobility. The observed increase in yield strength can be at least partially attributed to
the densification that occurs in the metallic glass nanolattices as the structure contracts slightly
upon irradiation, reducing in height by 13.6%. The simultaneous improvement in
deformability and strength suggests irradiation as a promising knob to use to enhance the
mechanical properties of metallic glass nanolattices.

The slight contraction observed in the ~88 nm wall thickness nanolattices upon irradiation
and the significant contraction observed in the thinner walled nanolattices (Figure 41) upon
irradiation highlights the importance of considering the particular combination of nanolattice
structure and irradiation conditions. These low relative density nanolattices may exhibit
enhanced deformability under certain irradiation conditions (as in the thickest-walled
nanolattices) but complete destruction of the nanolattice structure under other irradiation
conditions (as seen with the thinner-walled nanolattices). A previous study on irradiation of
nanoporous Au [180], which possessed characteristic feature sizes in the same range as the

nanolattice wall thicknesses of this work, found a particular window in the parameter space of
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ligament diameter, temperature, ion energy, and dose rate where the nanoporous Au exhibited
radiation-damage tolerance. However, outside of that window, where irradiation conditions
were too intense and ligaments were too small, ligaments experienced melting, breaking, and
compaction with increasing dose [180]. Although the mechanism of radiation damage in
metallic glasses is different than that of crystalline metals, the same concern for the structural
stability of ligaments in nanoporous metals applies to the structural stability of hollow metallic
glass beams in nanolattices. Care must be taken in utilizing such low density materials, like
nanolattices, for radiation-intensive applications as the nanoscale thickness of the beam wall

is likely more sensitive to structural damage from irradiation than denser bulk materials.
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Chapter 6. Summary and Outlook

All metallic glasses ate amorphous with no long-range atomic order. This amorphous state
presents a challenge in the precise understanding and quantification of atomic arrangement.
However, this challenge does not mean the amorphous atomic structure of different metallic
glasses can be thought of as equivalent. The presence of differences in short- and medium-
range order among different metallic glasses leads to substantial changes in the resultant
mechanical behavior and deformability.

These changes in short- and medium-range order can be brought about by changes in
processing conditions, for example fabrication method or exposure to irradiation. In Chapter
2, we observed that Het implantation of metallic glass nanopillars led to a two-fold increase
in plastic strain with no sacrifice in strength. Those experiments demonstrated that enhanced
deformability can be brought about by irradiation, which is thought to bring the metallic glass
into a more disordered state with greater atomic mobility. Similarly, reducing the sample size
of the metallic glass to the nanoscale can similatly enhance deformability, partially due to the
decrease in short- and medium- range order among metallic glass atoms close to free surfaces.
In Chapter 3, this “smaller is more ductile” size effect was demonstrated in Zr-Ni-Al metallic
glass nanopillars, which exhibited substantial necking for certain nanopillar sizes. Importantly,
it was not only the sample size that influenced the necking behavior but also the processing
conditions. Samples in an as-sputtered state exhibited substantially more ductility than those
in an annealed state; and synchrotron XRD revealed a significant increase in short- and
medium-range order upon annealing, thereby linking the state of atomic order in a metallic
glass with its ductility.

The work in Chapter 4 and Chapter 5 built upon the fundamental nanopillar studies of
the earlier chapters to proliferate some of the effects observed in metallic glass nanopillars to

larger metallic glass nanolattices. Chapter 4 demonstrated that the “smaller is more
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deformable” size effect, first observed in metallic glass nanopillars, also occurs in larger
metallic glass nanolattices so long as the wall thickness of the nanolattice beams is kept below
a critical size. In Chapter 5, irradiation of metallic glass nanolattices led to a further
enhancement of deformability and a 35.7% increase in yield strength. The enhanced
deformability in irradiated nanolattices can be attributed to the same reason for enhanced
deformability in irradiated metallic glass nanopillars, namely that irradiation brings the metallic
glass into a more disordered state with less short- and medium-range order. This more
disordered state has more atomic mobility, allowing the atoms to more easily deform without
catastrophic failure.

Perhaps unsurprisingly, the key to controlling deformability in metallic glasses is
controlling details of the short- and medium-range order in their underlying amorphous
atomic structure. The work in this thesis demonstrates that sample size reduction, fabrication
by sputter deposition, and exposure to irradiation can all be used to enhance deformability.
The “smaller is more deformable” sample size effect has also been shown to occur in larger
nanolattices, which also similarly exhibit irradiation-mediated enhancement in deformability.
This work points the way towards carefully designing metallic glasses with particular
fabrication conditions, characteristic feature size, nano-architecture, processing conditions,
and irradiation exposure to achieve a certain atomic-level structure and concomitant

mechanical response meeting some desirable criteria of deformability.
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