INFLUENCE OF DISLOCATION MOBILITY
ON THE YIELD IN SILICON-IRON

Thesis by

Donald Wagme Moon

In Partial Fulfiliment of the Requirements
For the Degree of

Doctor of Philesophy

California Institute of Technology
Pasadena, California
1966
(Subrdtted May 27, 1966)



ii
ACKNOWLEDGEMENTS

The author wishes to express his appreciation and indebtedness
to: Professor Thad Vreeland, Jr. for his continued interest and
everlasting patience during all phases of this research; Professor
David S, Wood for his‘ stimulating counsel and helpful suggestions;

Mr. R. C. Blish and Mr. A. P. L. Turner for their assistance in
experimentation 'and data reduction.

The experimental work was supported by financial assistance
from the National Science Foundation and the Atomic Energy Commission.



iii
ABSTRACT

This thesis presents the results of an experimental investiga-
tion of the yielding phenomenon during the transition from elastic to
plastic behavior in 3 per cent silicon-iron alloy. Static load tests,
constant strain-rate tests and square wave rapld loading tests were
conducted on single crystal and polycrystalline specimens in order
to determine the dislocatlion configurations at various stages in
the yielding process. An electrolytic etching technique was used to
reveal dislocation intersections with the observation surface.

Grain boundaries were found to be the primary source of disloca-
tions for slip band formation in fully ammealed materlal. The vel-
ocity of mobile dlislocations was fourd Lo be an exiremely sensitive
function of the applied stress.

A irue static upper yleld point was found to be consistent with
theories of the upper yield point based upon dislocatlion kinetics. The
delay-time for yielding at constant applied stress was found to depend
upon the dynamics of dislocation motlon, the anisotropic stress concen-
tration, the stress concentration due to relexation of individual
grains and the Schmid factor of the least favorably oriented grains.

Dislocation dynamics and dislocation configurations at various
stages of plastic deformation were capable of accounting for a true
upper yield .point, the shape of the strain-time curve at constant
stress andythe Luder's band propagation velocity in polycrystalline

specimens.
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I. INTRODUCTION

A1l materials deform when subjected to external loads. The
deformation may be either elastic or plastic depending upon the mag-
nitude of the applied stress and mechanical properties of the stressed
material. Elastic deformation of erystalline materials is well under-
stood and quite predictablé because there is no rearrangement of in-
teratomic bonds-and no movement of lamellae of the cfystal over one
another. Mathematical standards for imitation or comparison (models)
have been devised which describe elastic deformation quite adequately.
On the other hand, plastic deformation does involve the rearrangement
of interatomic bonds and the movement of lamellae over one another.
The exact nature of plastic deformation is governed by mechanical
phenomena occurring on the submicroscopic level. These phenomena
have not been found to follow any a priori model. The complexitles
arising from interatomic bonding forces and motion of lamellae with-
in a material are difficult to visualize and have thus far resisted
representation by comprehensive_mathematical models.

The most revealing approach to the problem of plastic deforma-
tion has been through the use of dislocation theory. The concept of
a dislbcation itself resulted from a careful interpretation of the
observed fact that crystalline materials were not as strong asvpre-
dicted from calculations based on interatomic bonding forces. The
applicability of dislocation theory to the study of crystalline solids
has been successfully established by direct observation of disloca-

tions and their behavior. Dislocation concepts have been used to
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explain the difference between the strengths of perfect crystals and
imperfec£ crystals when the imperfections could be defined in terms
of dislocation configurations. Some of the more obvious failures of
dislocation theory have occurred when attempls were made to explain
the behavior of materials subjected to large plastic strains. lMany
authors have proposed theoretical dislocation models which explain
mechanical properties, plastic deformation and work hardening. These
models are often contradictory and depend on critical assumpﬁions
which, with notable exceptions, can be verified by careful, though
often tedious, experimental tests. These tests have not been per-
formed. The purpose of this experimental investigation was to obtain
dislocation data and observe dislocation motions and configurations
in order to develop a more consistent and complete description of
the transition from elastic to plastic deformation.

The progress of dislocation theory has to a large extent been
limited by the lack of experimental evidence needed to verify the
theory. One reason for the lack of experimental evidence has been the
difficulty of observing dislocations. Several methods have been
developed for revealing the presence of dislocations. Dscoration by
bulk diffusion of impurities has bsen used on some transparent ma-
terials and etching by chemical or electrolytic processes has been
used on opaque matérials to reveal dislocation intersections with
free surfaces. In many cases a combination of decoration by bulk

or surface diffusion followed by etching has been successfully used.
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Diffraction contrast effects (1)* obtained by transmission electron
mieroscopy reveal dislocations, and the dislocation motions can be
observed directly.. The use of the field ion microscope has made
possible the direct obéervation of individual dislocation inter-
sections with free surfaces. With the development of new tools for
investigation and observation has come verification of some of the
previous models and assumptions. In addition, the door has been
opened for new experimentation and speculation on more complex

" problems with respect to the plastic deformation of materials. The
common metals have been found to have similar mechanical properties
when grouped according to the equilibrium crystalline lattice
structures. It is reasonable to assume that the same model for
plastic deformation would apply within a particular group having
similar crystal structures.

Silicon-iron has been sh&wn to exhibit many of the mechanical
properties {e.g., pre-yield microstrain, upper yield point, discon-
tinuous yielding and delay-time) commonly found in low-carbon steels
and other body centered cubic (BCC) materials containing interstitial
impurities (2, 3, 4, 5). The observation of dislocations is necessary
in order te verify the dislocation models devised to descrlbe these
mechanical properties. Direct observation of dislocations is diffi-
cult due to thelr size. 4n etching technique for silicon-iron has

*Numbers appearing in parentheses indicate references listed at the
end of the thesis.



been developed which reveals dislocation interssctions with free
surfaces (6). These intersections are revealed as pits on the sur-
face after suitable decoration and etching.

The stress-strain curve shown in figure 1 is typical of fine
grained silicon~iron, This curve is characteristic of static load-
ing and is obtained when the strain rate is very low. The stress
at the static upper yield point, o7, w decreases as the mean grain
diameter is increased and disappearséen‘tirely at a critical grain
size (7), only to reappear in single erystals. The grain size
dependence of the stress at the static lower yield point, 0:€ g} s
has been investigated by many people and is represented by the well-
known Petch equation (8),

-1

%y = G Y %d e W
wherse 6:",_. is related to the friction stress on a moving dislocation
within a grain, -fv: gé-é; is the stress required to overcome the resist-
ance to the spread of a slip band associated with a grain boundary
and 4 is the mean grain diameter. The friction stress wi‘t;hin a
grain on a moving dislocatipn, ’7; s is the stress at which the
first motion of unpinned dislocations is observed in the undeformed
lattice, and is independent of grain size., Unpinned or "fresh"
dislocations are those introduced into the material by scratching
or other methods at temperatures low enough to prevent the migration

of impurity atoms to the dislocation (9). Stresses greater than

6; produce microstrain in grains containing the highest resolved



STRESS

STRAIN

Fig. 1 Typical static stress-strain curve for fine grain
silicon-iron.



shear stress (2). The stress required to produce plastic deforma-
tion in BCC materials containing interstitial impurities is sensitive
to the rate of plastic deformation.

A familiar equation of basic dislocation theory for plastic

shear strain, YP, is

X‘;b = Ab (2)

A= total area of slip plane swept out by the dislocations
per unit volume, and

b = magnitude of the Burgers vector associated with the
dislacations,

The plastic shear strain-rate is given by
X = A b (3)
where
' /4
= = v
A ‘jL- K /Om ; (&)

7/'*15 the velocity of the moving dislocation segment a4 , and

L is the total length of dislocation line per unit volume. This
integral cannot be evaluated directly, and has been simplified by
the second equality in equation 4 where /Om is the total length of
moving dislocation line per unit volume and "V~ is the average
velocity of moving dislocations. The total length of dislocation
per unit volume of material /O.r is proportional to the density of

dislocation intersections on any reference plane through the material.



The constant of proportionality depends on the configuration of the
dislocations on the slip planes and the orientation of the refer-
ence plane with respect to the slip planes. The constant of propor-
tionality for silicon-~iron is approximately unity and varies little
for arbitrary reference planes (10). The units of /0.,. are
length/volume, but the usual method of determining f’T is by the
planar density, intersections/area. Throughout this thesis, the
expression "dislocation density" will be used to denote the quantity
/97- « Equation 3 has been used to express the relation between
macroscopic shear strain-rate and microscopic dislocation parameters
for both slngle crystal and polycrystalline specimens.
For a given material, the quantity ,é in equation 3 is entirely

determined by the crystal lattice and operative slip system, The
dynamic behavior of crystalline materials is therefore a direct

function of the density of moving dislocations, /O , and the vel~

m
ocity of moving dislocations, U/~ . The mechanisms which create new
dislocations will not be considered here. large increases in disloca-
tion densities always accompany the onset of plastic flow. These
increases are often confined to narrow bands in the material and the
densities within the bands approach a maximum due to dislocation
interactions. However, Johnston and Gilman (11) infer that the

flow of crystals is not limited by a lack of dislocations, but that
dislocation mobilities must play an important part in determining the
flow stresses of a crystal. It is significant to note that the

above inference refers to flow of crystals and may exclude the



initiation of flow in view of locking by a mechanism such as the
interaction of dislocations with interstitial lmpurities as proposed
by Cottrell (12).

Certain plastic strain, which is small compared to elastic
strain, occurs in materials subjected to stresses between 0‘7}' and
7 %. Since this strain occurs before the macroscopic yield point
and is of very small magnitude, it has been called "pre-~yield micro-
strain" to distinguish it from strain after attaining the upper
yield point. Pre-yield microstrain has been experimentslly invest-
igated in silicon-iron under static loading conditlons by Suits and
Chalmers (2) and in low-carbon steel under rapidly applied constant
stresses by Vreeland, Wood and Clark (3). The pre-yield microstrain
observed in both of these investigations was found to approach a
saturation value asymtotically for siress levels less than the upper
yield stress and greater than the friction stress. The average
equilibrium microstrain prior to the upper yleld point was found
to be 30 x 106 in./in. for low-carbon steel. A lower limit for Pre
corresponding to the pre~-yield microstrain can be estimated as
follows. Suits and Chalmers have showa by etch pit studies that
pre-yleld microstrain is confined to individual grains. The average
maximum distance a single dislocation can move is therefore the
mean grain diameter of the material Z .

The total area of slip plane sweplt out by the moving disloca-

tions is
" A=me (5)



where X is the average distance the dislocations move. The small-
est value of /0,,, oceurs when Z. is a maximum for a fixed value

for A + The maximum distance the dislocations can move during pre~
yield microstrain is 67 » Equation 2 can now be rearranged and the
expression A = /0,,., 57 used to obtsin a lower limit for /0”1:

P = 0 /bed ®

where J;;.. is taken as one half the elongation strain. The lower
1imit for the total number of dislocations which must have moved is
/Opf = 1016 d:islco<:ations/:1.n.2 using the values for & s 07 and ff-
obtalned by Vreeland, Wood.and Clark.

When the strain is increased beyond its value at the upper yield
point, the load on the specimen decreases. This yield point drop is
the most prominent feature of the plastiec deformation characteristics
for BCC materials with interstitial impurities. Clark and Wood (13)
found that a well defined period of time elapsed between the instant
the stress reached its full value and the instant plastic deformation
began. This period of time is called the "delay-time." The limited
strain sensitivity of the method of Clark and Wood made an observa-
tdon of pre-yield microstrain impossible. However, these experi-
ments established the existence of delay-time for macroscopic
plastic strain in fully annealed low-carbon steel. The yield point
drop was shown to be a time dependent phenomenon. A typical strain-
time curve under constant applied stress for fine grain low-carbon

steel is shown in figure 2. The strain sensitivity of the test is
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Figs 2 Typical plastic strain-time cwrve for fine grain low-carbon
steel under constant applied stress.,
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sufficient to demonstrate clearly pre-yleld microsirain and the
delay-time for yielding at constant applied stress.

Several theories for the existence of the upper yleld point and
associated phenomena have been based on the works: of Cottrell. In
his first theory (14) Cotirell attributed the sharp yield drop to the
tearing away of dislocatlons from atmospheres of segregated carbon
and nitrogen impurities. The decrease in stress at the beginning
of plastic deformation was attributed to the reduced stress required
to keep a dislocation in motion after 1t had been released from the
atmosphere. After the observation of microstrain at siresses below
the upper yield point, Cottrell modified his theory. The delay-time
in Cottrell's modified theory (15) was the time required to form a
pile-up of dislocations against an obstacle. This delay-time was
due to the limited rate at which dislocations could be released from
atmospheres under the combined action of stress and thermal fluctua-
tions. The yield point drop thus emerged as the sudden'breakdown
of the obstacle blocking the pile-up. The breakdown occurred when
the stress due to the pile~up was sufficient to overcome the cbsiacle
and propagate dislocations beyond the barrier. Cotirell's modified
theory and later models (12) based on the modified theory thus
contained the essential features of the experimentally observed
yield point drop, delay-time and pre-yleld microstrain.

Fisher (16) applied Cottrell's theory (15) to the delayed yield
in mild steel and obtained good agreement with experimental observa=~

tions for the temperature and stress dependence. However, he found
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that unreasonsbly low values of binding energy botweon ipters‘biﬁ.al
atoms and dislocatlion lines were required in order to fit Cottrell's
theory to observed delay-time. Cottrell (17) modified Fisher's treat~
ment of thermally activated release of dislocations and obtained
reasonable values of the parameters in the theory when applied 1o
delay-time measurements.

Russell, Wood and Clark (18) modified Cottrell's treatment and
thereby explained the grain size effect on delay~time by assuming
that a critical fraction of the. total number of grains must contain
piled-up groups of dislocations before the onset of macroscopic yleld-
ing. They assumed that a Luder's band is formed by the growth of
yielded regions. The growth is unstable because of the siress con-
centration at the interface between the ylelded and unylelded regions
of the materials. They obtained reasonable agreement with the exper-
imental measurements. All of the above theories of the ylield drop
| ard delay-time itreated the rate determining process in yielding as
the thermally activated release of dislocations from Cottrell atwos-
pheres. An alternative hypothesis is that the delay-time may be
governed by the velocity with which dislocations move once they have
been created or released Irom a pinned position. This alternative
has resulted from direct observations of slip band structures and
dislocation velocities.

Direct observations of the stiructure of slip bands in silicon-
iron by etch pit techniques (19) and by electron microscopy (20)

suggest that the bands are not formed by the dynamlc generatldon of a
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large number of loops from a single source. The double ecross-slip
mochanism proposed by Koehler (21) appears ito operate after the
initlal source has generated at most a small number of loops, and this
mechanism accounts for the multiplication and spread of the slip
band. The slip band growth is fastest in the direction of the
Burgers vector since the leading edge segments of the slip band do
not cross-slip and interact with loops growing on nearby slip planes.
Direct observation of the average velocity of mobile dislocations

has been made in lithium-fluoride (11) and silicon-iron (9). Johnston
and Gilman (11) have shown that for velocities well below the shear
wave speed in IAF the velocity is a very semnsitive function of the
applied stress and that there is a minimum stress below which no
dislocations move. The velocity of glide dislocations has as an
upper limit the shear wave speed or "velocity of sound" in the
crystale This results from the inérease in kinetlc energy associated
with the dislocation as 1t moves through the crystal (22). Stein and
Low (9) have shown that for 3 1/4 per cent silicon-iron the aversge
velocity of moving dislocations, 2/, is an extremely semsitive
function of the applied stress. For a constant temperature, the data
of Johnston and Gllman have been fitted to the empirical relation
V= Up eﬁp/? where 2/~ 1s the shear wave speed in the
material, D is a material constant and 7~ is the applied stress.
Their data have also been fitted to the empirical relation (23)

2> = (7‘/22)” )
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for velocities well below "UC‘ s Where ?; is the siress necessary
for a velocity of 1 cm/sec. Stein and Low have fitted their data
for silicon-iron to equation 7. |

The next development in the theory of the yield point took . place
with the application of the strain rate equation 3. Johnston (23) has
accurately predicted the stress-strain curve for single crystal speci-
mens of LiF. He started with equation 7, assumed a linear relation
between /9,1 and o of the form /Dm = /Da +ad’  and accounted
for the elastic strain in the loasding device. Johnston had experi-
mehtally determined the values of & , /7 anmd 75 for his material.
The two parameters found to be most eritical in his work were the
values of /oo and the exponent /7  in equation 7. The stiffness of
the testing machine and exact nature of the dislocation multiplieca-
tion process were of secondary impqrtance in obtaining a yield drop.
The delay-time for yielding in LiF single crystals as interpreted by
Johnston was attributed to the incubation peried necessary te gener-
ate a measurable value of the product b fm UV at the comstant
applied stress, Thus ithe dynamics theory of Johnston was shown to
predict accurately both the static and dynamie plastic deformation
for LiF single crystals.

Hahn (4) and later Cottrell (24) have applied Johnston's
dynamic theory to polycrystalline specimens. As with the Fisher
treatment, for different reasons, Hahn obtains the correct stress and
temperature dependence for the delay~time. The yield point drop

in polyerystalline iron is found to depend quite critically on the
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value of i 3in equation 7 and the initlal densitly of moblile disloca-
tions P" . Hahn's treatment does not explain the disappearance of
the yield drop with increasing grain size (18), does not consider
pre-yield microstrain or mobile dislocations produced by pre~yield
microstrain and does not consider the heterogensous nature of the
polycrystalline material in the yielding mechanics. In a recent
publication, Petch (25) has presented an empirical equation for the
upper yield point which, like his lower yield point equation, depends
on ‘!“’Z but does not consider the effect of the polyerystalline
nature of the material on the microdynamics of dislocaﬁions or on
the dislocation configurations which develop.

A1l of the above theories and models for the plastic deformation
of polycrystalline materials suffer from a lack of good experimental
observations on the microscopic scale. This lack of experimental
evidence forces assumptions to be made at critdcal stages in the
development of the models and theories. Several assumptions are
common to most of the above theories. Some of the areas in which
careful experimental work would lead to & better understanding of
the dislocation processes related to yielding are dlscussed below,

Uncertainties in material constants and exact dislocation con-
figurations force the assumption of homogeneity and the use of aver-
age values for parameters which are known to be heterogeneous and
dependent upon time, strain, temperature, etc.

The sources of mobile dislocation in both single and poly-

crystalline specgimens have been assumed by most authors to be
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uniformly distri'buted throughout the bulk of the materials initially,
and the probability of each one becoming active has been assumed to
be initlally the same. The assumption that the sources and probabili-
ties remain uniformly distributed and equal during the transition
from microstrain to fully developed uniform yielding is not always
reasonable. The operation of a single isolated source of dislocations
will alter the probability distribution in the immediate vieinity of
the active source by relaxation of the stress on the source by local
plastic deformation. Similarly, the yielding of a single grain in

a polycrystalline matrix will increase the average stress on the
adjacent grains and thus alter the probability that these grains will
begin to yield. Release times of dislocations from Cottrell atmos-
pheres do not appear to be the rate determining process on the basis
of the observed growth of slip lines and the proposed multiplication
mechanisms of double cross-slip (19, 21).

Stress vs. dislocation ve]_.ocity measurements have been directly
made only for single crystal specimens of silicon-iron and tungsten
(26) of the BCC metals. The exact stress distribution in a poly-
erystalline specimen is of course complicated because of elastic
anisotropys. The extreme sensitivity of Individual dislocation
velocity to applied stress and the complicated stress distribution
present a critical problem in predicting ylelding behavior of poly-
crystals. A method of eliminating this pr.oblem would be to determine

by direct observatlion the average velocity of individual dislocations

in polycrystals.
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The above theories-predict strain-time curves al constanlt stress
which are monotonically increasing functions of time in contrast to
the observed inflection point behavior actually obtained for poly-
crystalline materials such as BCC iron. Hahn (4) has made
essentially the same assumptions as Johnston, but has attempted to
apply them to polycrystalline materials directly. Grain size and
grain boundary effects have been totally ignored and hence the argu-
ments presented are only applicable to single crystal specimens and
are incapable of giving a truly static upper yield point.

The experimentally documented pre-yield microstrain (2, 3) does
not eliminate the yileld point drop or the delay-time for yielding in
low~carbon steel and silicon~iron. Based on equation 2, this observed
microstrain must certainly produce an abundance of mobile dislocations
which contributes to subsequent deformation. Thus, the models pro-
sented in the literaturs apparently fail to desecribe plastic deforma-
tion in polyerystalline specimens for at least two reasons:

a) they require that the initial dislocation densify f% be less
than that produced during pre-yield microstrain; b) they predict
strains which lncrease monotonically with time at constant applied
stress levels gresater than the static upper yield point.

There wers two objectives of this expsrimental investigation.
One was to obtain new data on the microdynamics of dislocations and
the dislocation configurations during the transition from the upper
yield stress to the lower yield stress. The second was to examine

the current theories and models as they relate to the plastic
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deformation of silicon~iron in order to obtain a better understanding
of the macroscopic behavior of BCC materials with interstitial impur-
ities.

An experimental program using the etch pit technique for aarect
observation of dislocation configurations was undertaken. Single
crystal and polyerystalline specimens of iron-3.L4. per cent silicon
alloy were prepared as described in Part II. Constant strain rate
and rapidly applied constant stress pulse tests were conducted in
order to obtain dislocation mobility data as well as maerascopie
stress-strain and strain-time data. The equipment used to obtaln the
data 1s described in Part III and the test procedures employed are
given in Part IV.

The resultis of the testing program are presented in Part V,

In addition to the experimental results, Part V contains comparisons
with similar data reported previously and limitations of the data
obtained here. 4 carei‘ulv comparison of some of the critical assump-
tions in the above referenced literature with the new evidence pre-
sented here appears in Part VI. A more complete descripiion of
dislocation processes leading to the ylelding éf polycrystalline

material is made possible' by the observations of this investigation.
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II. PREPARATION OF TEST SPECIMENS
Material
The material used in this investigation was obtained in strip
form 2 inches wide and 0.024 inches thick. The General Electric
"Research Laboratory kindly supplied the following chemleal analysis.

Element Welght Per Cent
SIlicCoNn « o o o = « o o « o s o o « 314
Carbon o o o ¢ o v ¢« s ¢ o » o o « 0,001
Manganese T ¢ 8 043
Phosphoms e o o o e s s o s o e o 0,008
Sulphur e o o o e s s v o e o s o o 0,018
Nickel o o ¢ ¢ ¢ o ¢ o ¢ o o ¢ o o Oe 066
Copper R ¢ 8 079

Tin e o o s o o o 0 0 s 0 e o e o 0,010
Chromium o« « ¢« ¢ ¢ ¢« « e s ¢ o » « Trace
Alulﬂinum ® ¢ ® ¢ & & e ® o & ® o o Trace
Iron L * . > L d - - Ld * ° . * L3 - * Remimer

This material is from the same heat as that used by Suits and
Chalmers in their investigation (2).

Suits and Low (27) have reported that an iron silicon alloy
must contain a carbon content from 0.004 to 0.006 wt. per cent in
order for dislocation sites to be revealed by the Dunn and Daniels
etching technique (6). The as-received strip stock was gas carburized
to increase the carbon content to approximately 0.005 wt. per cent by
the Angeles Heat Treating Company, Los Angeles, California. The car
burizing atmosphere was derived from natural gas and contained water
vapor as the controlling variable. The strip stock was carburized
for 5 minutes in & batch type furnace maintained at 1550°F. The
"Dew Point" of the carburizing atmosphere was 58-60°F.
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Test Specimens

Drawings of the test specimens used in this investigation are
shown in figures 3 and 4. Two thicknesses of polycrystalline speci-
mens were used., The grain size and initlal dislocation density .are
very sensitive to the amount of cold work prior to recrystalliza-
tion. A "trial and error" procedure was used to determine a cbmbin—
ation of cold working by rolling and heat treatment that would
produce itwo different grain sizes with similar initial dislocation
densities. Single crystal test specimens were fabricated by cement-
ing loading tabs to the ends of the single crystais with Armstrong
A-12 epoxy cement as shown in figure 4. This technique permitted the
use of the same loading fixture for both polycrystals and single

crystals.

Polycrystalline Specimens - Fine Grain

The carburized strip stock was rolled to obtain a 50 per cent
reduction in srea. Specimens of the shape shown in ‘figura 3 were
then formed with a blanking die. The blanked specimens, 0,010 in.
thick, were recrystallized at 1290°F for one hour in a vacuum of not
greater than one micron of mercury to prevent oxidation of the sur-
face. The mean grain diameter after recrystallization was approx-
imately 0.001 inches and the specimen contained an initial disloca-
tion etch pit density of ].06 to 107 per em®. The dislocation density
could have been reduced by recrystallization at higher temperatures

and longer times, but larger grains would have been prcduced.
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In order to obtain a sharp upper yield point in a fine grained
tensile specimen it is necessary to minimize bending siresses. This
is particularly difficult in thin temsile specimens because of the
difficulty in making the tensile axis pass through the centroid of
the cross-section. The ratio of bending stress to tensile stress for
a tensile specimen with rectangular cross-section is

where

€ = eccentricity of the load axls, and

t = spocimen thickness.
Specimen curvature was found to cause an excessively large value of

€ after recrystsllization of free hanging specimens.
The initial curvature was reduced by the use of a special fixture

for holding the specimens during recrystallization. A drawing of
this fixture is shown in figure 5. The fixture was made of 18-8
stainless steel, and one specimen was clamped to each side. Mica
sheets were placed between the stainless steel and spscimens to
prevent fuslon during the heat treatment. Stainless steel has a
larger coeffioient of thermal expansion than siileon-iven, whiech
imposes tension on the two specimens as the temperature of the furnace
is increased. This procedure straightens the specimens and insures
their straightness during recrystallization. The fixture contracts
more than the specimen as the temperature is decreased during cool-
down, opening a gap at the butt face A of the fixture and thereby
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Fige 5 Cross-section drawing of heat treatment fixture for

recrystallization of blanked specimens.
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preventing buckling of the specimens. This procedure reduced the
bending stress due to initial specimen curvature to less than 1 per
cent of the tensile yleld siress.

Polyerystalline Specimens - Coarse Grain

The carburized strip stock was rolled to obtain a 6 per cent
reduction of area. Specimens were thenlblanked to the shape shown
in figure 3. The blanked specimens were recrystallized at 1850°F
for one hour in vacuum as before. The coarse grained specimens were
approximately 0,020 inches thick with a mean grain diameter of about
0.003 inches and initial dislocation density of IJ.O6 to 107 per on?.

Single Crystal Specimens

Single crystal specimens were produced by the strain-anneal
method of Dunn and Nonken (28). The carburized strip stock was rolled
to obtain a 6 per cent reduction of area. Strips approximately &
inches long, 0.27 inches wide and 0.020inches thick were sheared from
stock. Several strips were stacked and clamped between 1/4 inch cold
rolled steel bar stock with the sheared edges of the strips extending
beyond the clampling bar. The exposed edges were ground flush with the
bar on metallographic papers with final grinding on 600A silicon-
.carbide paper. This ﬁechnique produced strips with less than
0.0005 in./in. of taper in width. Individual strips were suspended
in the vacuum furnace and recrystallized at 1600°F for thirty minutes.
The recrystallized strips were then "eritically" strained in tension

to approximately 3 per cent elongation which corresponded to the
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Luder's strain for this material.

Various crosshead speeds were used during the critical straining
of the annealed sirlps and load vs. time curves were recorded on the
Instron X-Y chart recorder. This data will be discussed further in

The remainder of the steps for producing single crystal sirips
may be summarized as follows (28):

1. One or more crystals were groﬁn on one end of
the strip by passing it slowly into the hot
zone of a high temperature gradient furnace
for about 1/2 inch.

2, The strip waé removed from the furnace and
etched with a 25 per cent solution of nitric
acid to reveal the crystals which were pro-
duced in step 1. One of these crystals was
chosen as the seed crystal and the remainder
were removed by grinding.

3 A1l ground surfaces were heavily etched with
a 25 per cent solution of nitric acid to re-
move possible nucleation sites from which new
crystals could form.

4, The strip was returned to the furnace and
passed into the hot zone through the high
temperature gradient causing the seed crystal
to grow through the entire strip.

A typs 2904 vacuum furnace manufactured by NRC Equipment Corp.,
Newton Highlands, Massuchusetts was used for all reerystallization
and straightening heat treatment of specimens. The basic furnace
consists of a heating unit enclosed within a stainless steel vacuum
chamber. The heating unit is a water Jacketed resistance furnace
using tungsten heating elements with radliation shielding on the hot

zone. The heating unit was modified to provide the high temperature
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gradient (== 1800°F per in.) required for single erystal growth.
A cross-section of the heating unit with the modification is shown
in figure 6. The temperature gradient achieved is showm in figure 7.

The single crystal specimens as produced by the above procedure
would not etch properlﬁr to reveal dislocations. The portion of the
single crystal immedliately behind the growing front showed a "cell"
‘type pattern. The cell bourdaries were regions which did not show
any dislocation etch figures. The j.nterior of the cells revealed
dislocation etch figures in the norn'1al mamnner. At distances of a
few 