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Abstract

Recent years have witnessed the discovery of crystal-to-amorphous phase transfor-
mations induced by a variety of experimental processes. The kinetic and thermo-
dynamic parallels between such amorphization transitions and ordinary melting
are rather extensive, suggesting that the underlying physics are similar. In par-
ticular, the idea that melting occurs as the response of the crystalline phase to
development of an intrinsic instability is quite controversial, but its analogue with
respect to amorphization is gaining acceptance. This thesis investigates the va-
lidity of the instability concept for amorphization by searching for precursors to
topological collapse in highly nonequilibrium solid solutions. In Chapter 2 the ad-
vantages and disadvantages of various means of synthesizing solid solutions beyond
equilibrium solubility ranges are discussed, with particular attent.ion being devoted
to prediction of an alloy’s potential for supersaturation from the characteristics
of its equilibrium phase diagram. Hydrogenation and rapid quenching from the
melt are found to achieve the best compromise between the kinetic requirements
for sample preparation and the desired sample geometry for property measure-
ments. Hydrogenation is applied in Chapter 3 to the progressive destabilization
and amorphization of the intermetallic compound ErFe,. Through a combination
of high-temperature neutron diffraction and differential scanning calorimetry, the
enthalpy release and structural change associated with the amorphization transi-
tion are studied. The transition is found to be strongly exothermic and driven by

short-range clustering of the metal atoms. Rapid quenching from the melt is used



ix
in Chapter 4 to prepare highly supersaturated alloys of Nb—~Pd. Low-temperature
neutron diffraction measurements made at several compositions of the becc a-Nb
solution find an anomalously large increase in the atomic root-mean-square dis-
placement to about half of the value at which the Lindemann criterion predicts
the lattice should melt. Low-temperature heat capacity measurements find a
concomitant decrease in the Debye temperature, suggesting that supersaturation
causes an elastic modulus to soften. Single crystals of the a-Nb solution at the
highest supersaturation have a highly anisotropic structure visible in transmission
electron microscopy images; it is consistent with the development of a local in-
stability with respect to the bcec-to-w phase transformation. The ramifications of
these experimental findings are considered in the final chapter. Violation of the
polymorphous constraint with increasing supersaturation complicates quantifica-
tion of the stability of a solid solution, but the results of this thesis definitely favor
some proposed stability parameters over others. In particular, the anomalously
high atomic mean-square-displacements found in supersaturated a-Nb solutions
are most consistent with a mechanism of highly local topological fluctuations lead-

ing to shear softening as a precursor to—and probable cause of;—amorphization.
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Chapter 1

Introduction

In less than ten years the study of crystal-to-amorphous phase transitions has
progressed from the simple development of new methods for inducing amorphiza-
tion to the brink of a single conceptual framework unifying the various processing
techniques. While no consensus yet exists regarding a proper order parameter for
characterizing crystal-to-amorphous phase transitions, there is growing suspicion
that such transitions occur in response to one or more underlying instabilities of
the crystalline phase (combined with kinetic constraints preventing the crystal
from transforming to an energetically more favorable final state than the amor-
phous phase). It is the goal of this thesis to search for the presénce of underlying
instabilities in crystals driven to the highly nonequilibrium states in which amor-
phization can occur.

In this chapter I will describe the fundamentals of instability theories for
crystal-to-amorphous phase transitions and the ways in which they can be tested
experimentally. This explanation will serve as an elucidation of the historical
motivation for our studies and, to a certain extent, as an introduction to the con-
cepts with which we will interpret the results of the following chapters. I shall
endeavor in the final chapter to assess as objectively as possible the validity of the

conceptual framework erected in the first.



Rather than diving immediately into details, let us first consider an outline
of the main parts of this chapter. I shall begin by briefly describing the variety
of processing methods known to induce crystal-to-amorphous phase transitions.
The similarity of the symmetry change, nucleation behavior and structural change
of crystal-to-amorphous and crystal-to-liquid (i.e., melting) transformations will
suggest a similarity in the underlying physics of amorphization and melting. A
comparison of evidence for instability theories of melting with that for instability
theories of amorphization will strengthen the proposed connection between the
two phenomena. Fecht and Johnson [1] have developed a unified thermodynamic
picture of (nonequilibrium) melting and amorphization based on the idea that
both occur as the response of the crystal to the same underlying instability. I
shall describe their framework and its experimental implications regarding the
melting and amorphization of supersaturated solid solutions at various tempera-
tures and pressures. In particular, their approach entails the existence of a critical
point at which the crystalline, amorphous and liquid states may become indistin-
guishable, raising the possibility of continuous melting and amorphization. I shall
conclude the chapter with an overview of the chapters of this thesis describing
the experimental search for crystalline instabilities and our conclusions regarding
the extent to which this conceptual framework captures the essential underlying

physics of crystal-to-amorphous phase transitions.

1.1 Crystal-to-amorphous phase transitions

Several experimental means of inducing a solid to transform from the crystalline
state to an amorphous state have been discovered in the past ten years. I shall
give only a brief description of the various processing methods, since the interested

reader may consult one of many review articles for further details [2, 3, 4, 5, 6, 7.



1.1.1 Hydrogenation

Historically, the first report of a crystal-to-amorphous transition was noted by
researchers investigating the hydrogen-storage capability and thermal stability of
La-Ni hydrides [8]. After annealing various La-Ni intermetallic compounds in a
hydrogen atmosphere, they observed that the x-ray diffraction Bragg peaks in-
dicative of long-range crystalline order had disappeared! This observation and
subsequent reports [9, 10, 11] of the same phenomenon in related hydrides all
suffered from the inability to rule out transformation to a polycrystalline state
of very small grain size (i.e., S 2nm) rather than to a truly amorphous phase
[12]. Convincing evidence for true hydrogen-induced amorphization of a crys-
talline phase was first obtained by Yeh, Samwer and Johnson [13] in 1983. They
observea the gradual disappearance of Bragg peaks in x-ray diffraction scans of
melt-spun crystalline ribbons of ZrsRh annealed in 1 atm (1 x 10° Pa) of hydrogen
at temperatures in the range 150-225°C. The radial distribution function of the
amorphous ZrzRh hydride formed by this reaction was essentially identical to that
of a sample made by hydrogenating an already-amorphous ribbon of Zr;Rh made
by rapid-quenching, thus supporting the contention that the loss of Bragg peaks
corresponded to a true loss of crystalline order [14]. Hydrogen-induced amor-
phization has since been observed in a wide variety of intermetallic compounds
with B8,, C15, C23, D0yg and L1, structures [15]. We shall encounter a specific

example of this amorphization technique in Chapter 3.

1.1.2 Solid-state amorphization

Another processing method for inducing crystal-to-amorphous transformations in-
volves an interfacial solid-state reaction between certain elemental layers. Schwarz
and Johnson [16] reported in 1983 that an amorphous phase could be induced to

grow in an initially crystalline diffusion couple of Au and La by a low-temperature
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anneal. Other binary systems, such as Ni-Zr [17], Ni-Ti [18] and Co~Sn [19], were
subsequently discovered to react in a similar manner. The amorphization reac-
tion occurs only between two elements for which (i) one element diffuses unusually
rapidly in the other and whose (ii) amorphous phase has a large negative heat of
formation (2, 4, 6]. For such diffusion couples an annealing treatment at relatively
moderate temperatures (S 400°C) induces growth of an amorphous layer to a
maximum thickness of ~100nm at the layer interface [5]. The term solid-state
amorphization reaction (SSAR) is frequently used for this process. Thick films can
be amorphized by SSAR if thin layers are deposited in alternating sequence: if the
compositional wavelength of the multilayer is less than about twice the maximum
amorphous interlayer thickness for that diffusion couple, then annealing can yield
a completely amorphous film. The extension of the latter technique to form bulk
amorphous samples is obvious: if filamentary or lamellar composites of elements
known to undergo SSAR are prepared so that the individual filaments or layers
have one or more nanometer-scale dimensions, such as by mechanical extrusion,
drawing of powder mixtures or rolling of layered foils [20, 21, 22, 23], then anneal-
ing the composite can cause the amorphous interlayers to grow to encompass the

entire bulk sample.

1.1.3 Ball milling

A related technique involves the use of a high-energy ball mill to alloy powders of
two or more elements [24]. The mechanism for such mechanical alloying is poorly
understood [25], but surely it must involve the severe deformation and mutual
cold welding of powders trapped between colliding balls or between a ball and the
container surface. Some researchers [26, 27] have claimed that during the early
stages of ball milling, a lamellar structure is formed that subsequently amorphizes

by SSAR (see previous section), but it is not necessary for a binary system to
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exhibit SSAR in order to form an amorphous phase by mechanical alloying [28].
I shall describe mechanical alloying in more detail in the next chapter (section
2.3.2). The defects introduced by ball milling (dislocations, grain boundaries and
antiphase boundaries [5]) are also able to destroy the crystalline order in some
intermetallic compounds, such as NiTi [29]. Here, the amorphous phase cannot
result from interdiffusion but may form because the energy of defects raises the
free energy of the severely deformed crystalline phase above that of the amorphous

phase [24, 28].
1.1.4 Irradiation

For thin films there exist amorphization techniques roughly analogous to both
mechanical alloying of initially elemental crystals and to ball milling of inter-
metallic phases: by directing high-energy ions at a thin-film diffusion couple or at
a thin-film intermetallic compound, the initially crystalline state can frequently
be driven to an amorphous state. Irradiation of layer interfaces produces collision
cascades that induce atomic mixing over a length range on the order of 10 nm (3];
the cascades eventually evolve into thermal spikes that are quenched so quickly
(S 107%sec [30, 31]) that crystalline phases have no time to nucleate and re-
grow. This technique of externally driven interdiffusion induces amorphization at
temperatures too low for thermal diffusion, as in SSAR. Just as with ball milling
of intermetallic compounds, irradiation can also introduce enough defects, chem-
ical disorder and topological disorder to drive a stable intermetallic phase to an

amorphous state [32, 33, 34].

1.1.5 Implantation

Related to the latter case is the formation of thin-film alloys by direct implan-

tation of solute atoms into a crystalline matrix. The concentration of solute can



thereby be driven far beyond equilibrium solubility limits; for example, Linker [35]
was able to implant up to ~ 5at.% B into thin films of Nb, while the equilibrium
solubility of B in Nb is less than 2at.% [36]. Additional B induced the forma-
tion of amorphous regions, presumably because the strain caused by atomic-size
mismatch raises the free energy of the supersaturated crystalline solid solution
above that of the amorphous phase at the same composition. In subsequent chap-
ters I shall return to this experiment and to related implantation experiments
[37, 38|, examining Linker’s results in relation to instability theories of crystal-to-

amorphous transformations.

1.1.6 Application of high pressure

A final method observed to amorphize crystalline structures is the application of
high pressure. Many tetrahedrally coordinated crystals, such as SiO; and related
structures, are known to become amorphous if held at room temperature and
subjected to pressures on the order of 20 GPa [39, 40]. Other materials exhibiting
this behavior include hexagonal ice [41], some molecular crystals [42] and many
oxides; no metallic crystals, however, are known to amorphize in this manner.!
Pressure-induced amorphization appears to be limited to systems in which an
amorphous phase can form with a higher density than the crystalline phase of
the same composition [44). (This may explain why the phenomenon has not been
observed in metals, since most metallic crystals are close-packed, or nearly so.)
Upon release of the pressure, some materials remain amorphous, while others
recrystallize. In fact, recent investigations [45] have found that in some materials
the amorphized sample will recrystallize to the same orientation that it had before
becoming amorphous! This indicates that there is a certaiﬁ amount of anisotropy

in the amorphous phase, enabling it to exhibit such an orientational “memory”

!Some systems that are metallic at high pressure (e.g., CdaoSbso, ZnsoSbsg and AlzpGerp
[43]) undergo amorphization upon depressurization!



[46].

1.2 Relationship between crystal-to-amorphous
and crystal-to-liquid transformations

The crystal-to-amorphous phase transition shares certain characteristics with a
transition with which we are much more familiar: melting! The most obvious
common feature is the change from the discrete symmetry of the crystalline solid
to the continuous symmetry of the liquid and amorphous phases. The similarity
extends beyond symmetry change, however, to the nucleation characteristics of

the transitions and to the detailed structures of the product phases.

1.2.1 Nucleation
Nucleation of the liquid phase during melting

Classical nucleation theory [47, 48, 49] dictates that there should be a nucleation
barrier for first-order phase transitions like equilibrium melting. The existence of
such a barrier should permit the ready superheating of solids, just as the nucleation
barrier for freezing permits liquids to be undercooled, often 'by many tens or
even hundreds of degrees [50]. To undercool a liquid one need only remove it
from contact with efficient sites for heterogeneous nucleation of the crystalline
phase, such as similar crystals or imperfections in the surface of the container
[51]; the greatest degree of undercooling is achieved by further dividing the liquid
into isolated small drops within an emulsion [52, 53]. Thus, it is the presence
of heterogeneous nucleation sites—for which geometrical considerations reduce
the nucleation barrier below that of homogeneous nucleation [54]—that prevents
significant undercooling. The experimental fact that, contrary to expectation,

solids are nearly impossible to superheat can be attributed to the surface of the
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solid being a heterogeneous nucleation site for the liquid phase [55, 56]. Indeed,
significant superheating of a metal (~ 25 K for ~ 1 min) was first accomplished (57,
58] by encasing a single-crystal sphere of Ag in a coherent layer of Au, which has
a melting point about 100°C higher than that of Ag [59] (see Refs. [60, 61, 62] for
other superheating experiments). It is also suspected that atomically disordered
regions created by defects in a crystal, such as grain boundaries [63], can serve as

heterogeneous nucleation sites for the liquid [64].

Nucleation of the amorphous phase during a crystal-to-amorphous tran-
sition

Heterogeneous nucleation of an amorphous phase is also observed in crystal-to-
amorphous phase transitions. Yeh and Johnson [65] demonstrated that hydrogen-
induced amorphization of crystalline ZrsRh occurs by nucleation of the amor-
phous phase at grain boundaries. Evidence for both heterogeneous and homo-
geneous nucleation of an amorphous phase was seen by Meng et al. [66, 67] in
Hydrogen—induced amorphization of ZrzAl. Luzzi et al. [68] irradiated Cu,Tis
with high-energy electrons and found that the amorphous phase nucleates at an-
tiphase domain boundaries. Other irradiation studies have found heterogeneous
nucleation of the amorphous phase at dislocations and free surfaces [69]. Most
strikingly, solid-state amorphization experiments on bilayers of Ni on polycrys-
talline Zr [17] and Ni on single-crystalline Zr {70, 71, 72, 73] found, in the former
case, formation of an amorphous interlayer upon annealing at temperatures as
low as 250°C, while no amorphization occurred in the latter case at annealing
temperatures up to 400°C. (At 400°C an intermetallic compound formed at the
polycrystalline Ni/single-crystalline Zr interface instead of an amorphous phase
[73].) This suggests that an amorphous layer will form in the Ni~Zr bilayer only if

a suitable nucleation site—such as a grain boundary—exists on the Zr surface. In



fact, if the interface at the surface of the single-crystal of Zr is disordered by irra-
diation, then solid-state amorphization is again observed at temperatures below

350°C [70, 71].

1.2.2 Structural change
Amorphous phases vs. glassy phases

Not only are the nucleation mechanisms of melting and amorphization similar,
but also the structures of their product phases have several common character-
istics. Any comparison of liquid and amorphous phase structures, however, is
complicated by the wide range of preparation techniques for amorphous materials
(section 1.1), since there is no a priori guarantee that the structure of an amor-
phous alloy made by one method will be identical to that of an amorphous alloy
of the same composition made by another method. Furthermore, the amount of
detailed structural analysis that has been performed on the product phases of
crystal-to-amorphous transformations is much smaller than that which has been
performed on amorphous phases made by the traditional technique of rapidly cool-
ing a liquid through its glass transition (i.e., essentially cooling it so fast that its
atoms or molecules become frozen in a liquid-like configuration). An amorphous
solid synthesized by rapid quenching is often called a glass.

There is ample evidence, however, that all of the methods of amorphization of
crystalline samples lead to structures substantially similar to those of glassy phases
[5]. As already mentioned above (section 1.1.1), radial distribution functions of
amorphous solids produced by hydrogenation of a metallic alloy or compound
have been found to be essentially identical to those produced by hydrogenating
a glass of the same metal atom composition [13]. Similarly, radial distribution
functions of CusgZrse formed by ball milling are identical to those of the same

composition formed by rapid quenching [74]. Furthermore, amorphous interlayers
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formed in diffusion couples [72] and amorphous regions formed by irradiation of
intermetallic compounds [75] produce the same kind of featureless images in high-
resolution transmission electron microscopy as do metallic glasses formed by vapér
deposition or splat quenching.

In recent years the apparent similarity of amorphous phases produced in
crystal-to-amorphous transitions to those resulting from liquid-to-glass transitions
has caused the terms amorphous and glassy to become more or less synonymous
[5]. In fact, it is much more common to use the term crystal-to-glass transition
than crystal-to-amorphous transition to refer to amorphization of crystalline mat-
ter. In this thesis, however, I shall maintain the original distinction between the
general term amorphous and the more specific term glassy in order to avoid the
possibility of confusing the underlying physics of the glass transition with that of
the crystal-to-amorphous phase transition. Likewise, I shall use the term amor-
phization to refer only to those processes that disorder an initially crystalline
phase rather than to those that produce amorphous solids (glasses) from a vapor

or liquid initial state.

Glassy phases vs. liquids

Once the similarity of amorphous phases to glassy phases has been established,
it remains only to elucidate the similarities of glassy phases to liquids in order
to complete the link between amorphous phases and liquids. In the early 1970s,
Cargill [76] established—primarily through a comparison of measured and calcu-
lated pair-correlation functions—that continuous random network models (similar
to “frozen liquids”) do a better job than models based on a collection of micro-
crystals of describing the glassy state. Subsequent studies, however, have found
evidence for short-range chemical ordering in prototypical metal-metalloid glasses

[5]; pair-correlation functions of these materials can be fit with models made up of
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prismatic building blocks of 6-9 atoms that mimic the local configuration of atoms
in the associated crystalline state [77]. Further indications that the structure of
glasses is not completely random have come from high-resolution transmission
electron microscopy performed on the newest generation of microscopes. Image
contrast has been found in metal-metalloid glasses like Pd;5Siys resembling lat-
tice planes extending over distances of 1-2nm [5, 78, 79, 80]. These regions are
not thermodynamically stable nanocrystals, however, because they do not sim-
ply grow upon heating [5], as they would if they were already truly crystalline;
rather, they crystallize through a nucleation and growth mechanism that can be
distinguished from growth without nucleation by differential scanning calorimetry

measurements [81].

Amorphous phases vs. liquid phases

The previous two sections considered together indicate a general structural simi-
larity of amorphous phases and liquids down to a length scale of 1-2 nm. Below
this length scale, the amorphous phase may tend to form short-range chemical and
topological order reminiscent of the crystalline state. We must keep this length-
scale dependence in mind when drawing analogies between crystal-to-amorphous
and crystal-to-liquid phase transitions, since any property that is sensitive to
short-range chemical and topological order may behave quite differently in the

two cases.

1.3 Theories of melting

The close relationship between the phenomenological characteristics of melting
and amorphization of crystalline phases—symmetry change, nucleation behavior
and structural change—suggests that the underlying physics of the two types of

phase transition are similar. Therefore, it may be profitable to investigate the
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insight into crystal-to-amorphous transformations that the standard theory of
melting can offer. Unfortunately, in three dimensions there is no accepted theory
of melting! In fact, the number of proposed mechanisms for melting is roughly
equal to the number of structural lattice phenomena observed in solids: vacancies,
dislocations, vibrational modes, elastic moduli and mean-square displacements,
among others, have all been identified as possible causes for the ordinary crystal-

to-liquid phase transition [56].

1.3.1 Two-phase theories vs. one-phase theories

It is certainly surprising that for centuries scientists have been baffled by a common
and accessible phenomenon like melting, but it isn’t for lack of trying. In fact,
efforts to understand melting have been pursued in such an aggressive manner
and for so long that researchers in the field have gradually established two major
opposing camps. One side of the battlefield is populated by “two-phase purists,”
who insist that the melting point of classical thermodynamics—the temperature
at which the free energies of the solid and liquid phases are equal-—can only be
understood after the structure, interatomic potentials, elastic moduli, enthalpy,
entropy, etc., of both the crystalline and liquid phases are understood. They reject
out of hand any effort to explain melting that does not place equal emphasis on the
phases on both sides of the transition [56]. Their opponents, on the other hand,
feel that useful information about melting—though not a complete picture—can
be gleaned from the properties of the crystalline state alone [56].

The latter group’s desire to focus on one side of the transition is fueled by at
least two phenomenological observations about melting. First, as mentioned above
(sectioh 1.2.1), it is nearly impossible to superheat a solid, despite the significant
nucleation barrier common to first-order phase transitions. I argued previously

that superheating is precluded by the much smaller energy barrier for nucleation
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at a surface or at defects than in the bulk crystal itself; a plausible alternative
explanation, however, is that significant superheating is prevented by an intrinsic
instability of the crystal just above the melting point.

A second motivation for proposing an instability theory of melting is the fact
that melting is observed to occur in a wide range of materials when the root-

1/2

mean-square displacement {u?)!/2 of the atoms from their equilibrium positions

in the crystalline lattice reaches a critical fraction A;, of the interatomic spacing

d:

melt

d
where the best value for A, (typically, 0.12-0.15) depends on the symmetry of the

211/2
()mele — 5 (1.1)

unit cell {82]. This empirical observation is called the Lindemann criterion for
melting [83]. The success of the Lindemann criterion, which is based on a property
of the crystal alone, is further evidence that much of the underlying physics of
melting may be found in the structural, mechanical and thermodynamic properties

of the crystalline phase.

1.3.2 Lattice instability theories
Mechanical instabilities

Theories of melting based on an intrinsic instability of the crystalline phase may
be referred to as lattice instability theories. Lindemann’s criterion suggests an
instability of the lattice with respect to large-amplitude vibrations, but it pro-
vides no compelling explanation for the universality of the critical fraction Ay
[56]. Others have proposed instability theories that more directly account for the
structural change that occurs in melting. Motivated by the obvious difference
between solids and liquids that solids can support shear forces but liquids can-

not, Born [84] proposed that an elastic shear modulus of a crystal vanishes at
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its melting point.> Direct measurements of crystal shear moduli as a function
of temperature, however, found that they remain finite as the melting point is
approached [87, 88, 89, 90]. This bad news caused Born [91] to defect to the side
of the two-phase purists!

Tallon reconsidered the Born idea as a condition for melting of a superheated
crystal, rather than of one in equilibrium [92, 93, 94, 95, 96]. He examined the
measured volume dependence of the shear moduli of many crystals and found
that they extrapolate approximately to zero at the volume of the corresponding
liquid phase. The crystal ordinarily melts before reaching this elastic instability
point, because the additional entropy—usually called communal entropy—of the
liquid, attributable to the ability of each atom to sample the entire volume of the
material and to the volume change upon melting, lowers the liquid free energy

below that of the solid with zero elastic modulus.

Thermodynamic instabilities

Thermodynamic instabilities have also been the basis of several attempts to ex-
plain melting. Herzfeld and Goeppert-Mayer [97] argued many years ago that the
isothermal compressibility of a crystal diverges at the melting point. Boyer [56]
linked their argument to the Born/Tallon shear instability by proposing that the
shear instability triggers the compressibility divergence; he referred to this combi-
nation of instabilities as a thermoelastic instability because of its dual mechanical
and thermodynamic origins. Fecht and Johnson [1] identified a thermodynam-
ically determined upper bound on superheating of a crystal (see section 1.5.2).
They argued that the entropy of the crystalline phase above the melting temper-
ature increases more rapidly than that of the liquid because of the development

of defects, such as vacancies [98]. If there were no limit to superheating, above a

2Similar suggestions had been made earlier by Durand [85] and Brillouin [86].
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certain temperature the crystal would have a higher entropy than the liquid! The
implausibility of such a state led them to propose the existence of an entropic
instability at or below the equal-entropy temperature of the crystalline and liquid

phases.?

Defect-induced instabilities

A final class of instability theories of melting encompasses those based on the
influence of defects on melting—specifically, vacancies [100, 101] and dislocations
[102, 103, 104, 105] (see review in Ref. [106]). The density of such defects is
presumed to grow catastrophically at the melting point, resulting in collapse of
the crystalline phase. For example, Cotterill has shown his dislocation theory to
be consistent with the Lindemann criterion in that rms displacements of a certain
critical amplitude are associated with spontaneous generation of dislocation loops
[107]. Furthermore, the generation of dislocations is known to play a fundamental
role in melting transitions in two-dimensional systems [108, 109, 110]. Finally, it
should be noted that defect instability theories are intimately linked to mechanical
instability theories through the influence of defect density on ‘elastic properties

[56, 111].

1.4 Evidence for instability theories of crystal-
to-amorphous phase transitions

Given the degree of polarization of the scientific community regarding the best
approach to understanding melting, one might expect the same two-phase vs.
one-phase battlefront to separate the leading theories of crystal-to-amorphous

transformations. As yet such is not the case, however, perhaps because of the

3The entropy of crystalline 3He is actually higher than that of liquid 3He along the solid-
liquid coexistence line at temperatures below about 0.3K [99]! The entropy difference arises
from nuclear-spin alignment in the liquid phase and spin disorder in the solid phase.
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greater amount of experimental evidence supporting an instability interpretation
of amorphization than of melting. As noted above (section 1.2.1), heterogeneous
nucleation is possibly as ubiquitous in amorphization processes as in melting, but
the same argument used by members of the one-phase camp against the under-
lying importance of heterogeneous nucleation in melting holds for amorphization,
as well: amorphization may occur preferentially at heterogeneous sites simply be-
cause the inhomogeneous conditions at such sites lead to lower nucleation barriers
for transformation to the disordered state. The underlying cause of amorphiza-
tion, however, may remain some kind of instability of the crystalline phase.

Perhaps the strongest evidence for an instability theory of amorphization
comes from the success of the Egami-Waseda criterion [112, 113] in predicting
glass-formation ranges in rapidly quenched and vapor-deposited alloys. Alterna-
tively, the criterion may be viewed as a rule for predicting the maximum com-
position at which a supersaturated solid solution can be formed instead of an
amorphous phase. It has been given a measure of theoretical justification through
a calculation of the atomic-level stress created by atomic-size mismatch in substi-
tutional binary solid solutions. The criterion states that, given a size difference
between elements A and B, there is some composition Tma.x at which the crystalline
alloy A;_,B; is topologically unstable (with respect to a change in coordination
number):

Va

Tmax & /\Ewmy (12)

where AV is the atomic volume difference V) — Vg and Agw is an empirically de-
termined parameter. Approximating ., by the minimum composition at which
glass formation is observed in many rapidly quenched binary alloys, Egami and
Waseda [112] determined that a value of 0.1 for Agw could account within ex-
perimental error for the . of most of the more than sixty binary systems that

they investigated! (For vapor-deposited alloys Liou and Chien [114] found better
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agreement with experiment using Agw = 0.07-0.09.) Though vapor deposition
and rapid quenching of liquids are not crystal-to-amorphous processing methods,
they are means of supersaturating the crystalline state, possibly up to its insta-
bility point (if, indeed, such a point exists).

If we rewrite Eq. (1.2) as

L lav]
max VA

we see that when the left-hand side—which is a kind of total relative size mismatch
or total atomic-level stress—reaches a critical value, the crystal becomes unstable.
Note the similarity of this criterion to the Lindemann criterion [Eq. (1.1)] for
melting, in which crystal collapse occurs when the relative atomic root-mean-
square displacement reaches a critical value. We can draw the analogy a bit
further by recognizing that the atomic-size mismatch reflected in |AV| will lead
to a static mean-square displacement (MSD) caused by atoms sitting at positions
displaced from their ideal lattice positions [115]. Assumiﬁg atomic radii r4 and

rg, We can approximate the static MSD in an alloy A;_.B, by [116]
(’U,2>st;at ~ C:E(]. - (II) (TA — TB)2 R ) (]_4)

where C' is a symmetry-dependent constant approximately equal to 4 [117]. Insert-
ing this expression for the (static) MSD into the Lindemann criterion [Eq. (1.1)]
with interatomic spacing d = 27 = 2[(1 — z)ra + zrg] yields an expression for

Tmax 10 terms of the empirically determined Lindemann parameter Ap:

a2 (v \?

The form of Eq. (1.5) is similar to that of the Egami-Waseda criterion [Eq. (1.2)],
though the z., of Eq. (1.5) turns out to be less restrictive than that of the Egami-
Waseda criterion, probably because Eq. (1.5) ignores the thermal contribution to

the total MSD that is assumed in the Lindemann criterion [Eq. (1.1)].
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Other evidence for instability of the crystalline phase in crystal-to-amorphous
transitions comes from the previously cited experiment of Linker [35, 37| (section
1.1.5), who was able to implant boron interstitially into thin films of Mo and Nb
up to a critical composition (5-7 at.% B) at which regions of the target became
amorphous. The onset of amorphization corresponded exactly to a sudden drop in
the accumulated strain. This is reminiscent of Egami and Waseda’s idea [112] that
a solid solution (substitutional, in the case they studied) may become topologically
unstable beyond a certain atomic-level stress buildup caused by size mismatch
of the alloying elements. Linker and colleagues found a similar amorphization
behavior in Al films implanted substitutionally with Mn [38, 118, 119, 120].

While the instability examples cited above pertain to elastic instabilities of
solid solutions, there is also experimental evidence to support defect-related insta-
bilities in crystal-to-amorphous transitions. Recall, for instance, that intermetallic
compounds can be amorphized by irradiation with ion beams (section 1.1.4). It
is reasonable to conjecture that amorphization occurs because the incident ion
beam pumps defects into the crystal that create topological and chemical disorder
until the crystal becomes unstable and collapses to the amorphous state; a similar
interpretation may also hold for the amorphization of an intermetallic compound

in a high-energy ball mill (section 1.1.3).

1.5 TUnified instability theory of melting and
amorphization

In the previous two sections we have seen various theoretical and experimental
evidence for suspecting that instabilities of the crystalline phase underlie melting
and amorphization, even though heterogeneous nucleation makes such instabilities
difficult to detect unambiguously. In this section I shall describe a recent attempt

by Fecht and Johnson [1] to unify the physics of the two phase transitions by
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relating them to the same instability. The approach of Fecht and Johnson relies
on the thermodynamic properties of crystalline and liquid phases extended be-
yond equilibrium stability ranges into what is called the metastable regime. It is
instructive, therefore, to preface the exposition of their theory with a discussion

of metastability.

1.5.1 Metastability in thermodynamics

According to the second law of thermodynamics, the equilibrium values of the un-
constrained internal parameters of a thermodynamic system are those that maxi-
mize entropy subject to a fixed total internal energy [121]. It is often convenient,
however, to reformulate thermodynamics so that equilibrium corresponds to the
minimization of an energy function for a given total entropy; that this definition
of equilibrium is equivalent to the former one is proved in basic thermodynamics
texts [121, 122]. The advantage of this approach becomes apparent when deal-
ing with real systems in which certain externally controllable parameters, such
as temperature, pressure, and magnetic field, are held constant. In these cases
the equilibrium configuration is determined by minimizing a generalized energy
function (often called a thermodynamic potential) whose form is derived from
- the internal energy U and the applied constraints by a Legendre transformation
[121, 122]. For example, the ordinary laboratory constraints of fixed temperature
T and pressure P entail that the Gibbs free energy, G(T,P) = U — TS + PV,
with entropy S and volume V| is minimal at equilibrium (the generic term free
energy usually refers to this particular thermodynamic potential). Other possible
constraints include fixed temperature and volume, which corresponds to minimiza-
tion of the Helmholtz free energy, F(T,V) = U — TS, and fixed temperature and
chemical potential y, which corresponds to minimization of the grand potential

QUT,N)=U—-TS — puN, with number of particles N [123].
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Let us now use the Gibbs free energy function—applicable to constant temper-
ature and pressure conditions—to illustrate the meaning of metastability; in the
following discussion we shall follow the treatment of J. W. Cahn [124]. Consider
the schematic free energy curve of a crystalline alloy in Fig. 1.1. Here, the free en-
ergy G is graphed as a function of composition at fixed temperature and pressure.
For overall compositions below ¢q or above co, the lowest free energy is achieved
by a compositionally homogeneous state, but between these two compositions, the
common-tangent construction (dashed line) permits the system to lower its free
energy by separating into a mixture of regions with compositions given by the
intersections of the tangent with the free energy curve (co and cf). If a crystal is
created by some means in a homogeneous state with uniform composition ¢;, then
it will have a higher free energy than the equilibrium inhomogeneous state. Is this
homogeneous state at composition ¢; stable? To answer this question, we must
consider the energies of the intermediate configurations between the initial homo-
geneous state and the final inhomogeneous state. The composition pairs AA’ and
BB’ in Fig. 1.1(a) on either side of ¢; represent possible intermediate states in the
compositional separation of the initially homogeneous system. The free energy of
each pair is given by the point with composition ¢; on the solid line connecting
the endpoints AA’ or BB’ [124]. As can be seen from the diagram, intermediate
configurations AA’ and BB’ represent progressively higher energy states than the
initially homogeneous crystal at ¢;. Thus, fluctuations in composition near ¢; will
tend to stop growing because of their increasing energy cost.

But what about compositional fluctuations far from c1: won’t they lower the
overall energy? Indeed they will, but only at the cost of establishing an interface
between regions of significantly different composition. According to nucleation
theory [54], such an interface will have a positive free energy inversely proportional

to the size of the fluctuation [124]. Therefore, fluctuations of small spatial extent
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Figure 1.1: Schematic free energy curve illustrating (a) metastable and (b) unsta-
ble composition regions. Compositional fluctuations AA’ and BB’ about ¢; will
die out because they raise the free energy above its level at ¢;. Compositional
fluctuations CC’ and DD’ about ¢, will grow without bound because they lower
the free energy below its level at ¢;. The composition ¢; separates the metastable
and unstable regions and is called the spinodal point. The equilibrium (lowest-
energy) phase mixture is given by the dashed common-tangent line between ¢

/
and cj.
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and small or large compositional magnitude result in an increase in free energy and
will, therefore, be damped out. Only a statistically unlikely fluctuation of large
spatial and compositional magnitude would lower the free energy and continue
to grow. We say that a system in a state like ¢; is metastable with respect
to compositional fluctuation. Metastability can be defined in a similar way with
respect to phase change (as in superheating of a crystal or undercooling of a liquid),
where stabilization comes from the energy barrier to nucleating the equilibrium
phase.

From the construction of Fig. 1.1(a) it can be seen that metastability at ¢
requires a positive (i.e., upward) curvature of the free energy curve at ¢;. This
can be seen explicitly in Fig. 1.1(b) for fluctuations in a homogeneous system at
¢z, where the free energy has a negative curvature: configurations CC' and DD’
progressively lower the free energy of the system, so they will not be damped
out. The interfacial energy cannot stabilize the system because the system can
make compositional fluctuations of small magnitude but large spatial extent, thus
réducing the interfacial energy until it is negligible [124]. Thus, there is no energy
barrier to decomposition; it will occur spontaneously along with energy release.
This process is commonly called spinodal decomposition. The inflection point ¢
at which the curvature of the free energy changes sign represents the upper limit
of the metastable composition region containing ¢;; it is often called the spinodal
at the temperature T to which the free energy curve corresponds. Of course,
there are many ways in which a crystalline alloy can become unstable other than
spinodal decomposition, such as by softening of an elastic modulus or divergence
of a thermodynamic function (section 1.3.2). Any of these events may restrict a
crystalline phase’s metastability range more than the spinodal does. We say that

a phase in a configuration beyond its metastability range is unstable.
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1.5.2 “Inverse” Kauzmann paradox

Since a homogeneous system in a metastable state is stable with respect to fluctu-
ations in chemical and structural order, it will have well-defined thermodynamic
properties, such as entropy and enthalpy. For example, consider the crystalline
and liquid phases of a one-component system, such as a metal. The thermody-
namic properties of the crystalline phase are obviously well defined below the
melting point, and those of the liquid are well defined above the melting point.
With some care the liquid phase can be undercooled below the melting point and
its entropy and enthalpy measured there [125, 126]. From the enthalpy H and
entropy S functions, the free energy G = H — T'S may be evaluated and the other
thermodynamic functions derived from it by the usual thermodynamic calcula-
tional techniques [122]. In particular, one finds from experiment that the heat
capacity

Cp=T <g—;)P (1.6)
of the undercooled liquid is higher than that of the crystalline phase [127] [see
Fig. 1.2(a)]. Now, at the melting point T,,, the entropy of the liquid is higher than
that of the crystal by L¢/Ty, where L¢ is the latent heat of fus.ion [128], but the
higher heat capacity of the undercooled liquid causes its entropy to decrease faster
below Ty, than that of the crystal [Fig. 1.2(b)]. That is, the entropy difference
between the liquid and crystalline phases, AS = S, — Sx, decreases below T,,:

Tm —
AS(T) = .:f,_f -/ (Cr)y T,(CP)X dT', T <T.. (1.7)

Eventually, AS(T') will equal zero at a temperature Tx. Below Tk the under-
cooled liquid would have a lower entropy than the crystal! This makes no sense,
however, since the crystal lacks the liquid’s communal entropy of atomic motion
(section 1.3.2). Below Tk, the liquid should be unstable with respect to crystal-

lization [129], but at such low temperatures (usually near absolute zero), there
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Figure 1.2: Schematic curves of (a) heat capacity Cp and (b) entropy S of crys-
talline and liquid phases above and below Ty,. The lower isentropic point Tk is
the ideal glass transition temperature, and the upper isentropic point 7T; is the

ultimate limit to superheating of the crystalline phase.
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does not exist enough atomic mobility for crystal nucleation and growth to occur.
Kauzmann [130] was the first to notice this “paradox” and suggest a solution:
instead of crystallizing, the undercooled liquid simply “freezes” to a glass at or
above Tk, a process that can occur continuously rather than through a (much
more complex) nucleation and growth mechanism; we shall frequently refer to the
temperature Tk as the thermodynamic or ideal glass transition temperature 7.
In 1988 Fecht and Johnson [1] demonstrated that AS could vanish above T,
as well! They noted that the heat capacity of a superheated solid increases above
that of the liquid because of contributions from thermal expansion, electronic
heat capacity and, especially, thermal vacancy formation [Fig. 1.2(a)]. Therefore,
applying Eq. (1.7) modified for T > T}, yields an isentropic temperature 7} > 7.,
[Fig. 1.2(b)]. For example, Fecht and Johnson estimated the upper isentropic
temperature 7; for aluminum to occur at ~1.2-1.4 T, using various models for
the vacancy heat capacity in the superheated crystal. This temperature represents
an absolute limit to metastability of the superheated state because the nucleation
barrier for formation of the liquid—which is mainly proportional to AS [131,
132]—becomes negligibly small at 7}. Hence, no crystal can be superheated above

its upper isentropic temperature 7;.

1.5.3 Polymorphous phase diagram of a binary alloy

Fecht and Johnson went on to apply this model to a binary alloy system in which
chemical interdiffusion is suppressed so as to prevent phase separation; this con-
dition is often called the polymorphous constraint. An alloy system has the ad-
ditional variable of concentration that a single-component system lacks. For any
given concentration, we can draw entropy curves just as in Fig. 1.2(b), but the
isentropic points Ty and T; are now functions of composition (Fig. 1.3). The

melting point of an alloy subject to the polymorphous constraint is given by the
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Figure 1.3: Construction of the polymorphous phase diagram for an alloy. En-
tropy curves shift in relative position with composition ¢, making the upper and
lower isentropic temperatures, T; and Ty, into functions of c. The Tj temperature
indicates equality of crystalline and liquid free energies; therefore, it is the poly-
morphous melting point. Ty, Ty and T; collapse to the same value at (¢*,T*). The

dotted line is the extrapolation of T to higher compositions.
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temperature Ty at which the free energies of the liquid and alloy at that composi-
tion are equal [133] (see section 2.1 for a discussion of the Tp concept). In Fig. 1.3,
the T, temperature is identified with the point of maximum entropy difference be-
tween the liquid and crystalline phases because measurements indicate that the
heat capacities of a liquid and crystal are nearly equal at the melting point [1};
regardless of the accuracy of this assignment, the Ty temperature must, by con-
struction, be sandwiched between the upper and lower isentropic temperatures.
In many real Binary alloys—particularly glass-forming alloys—the T} lines of the
terminal solid solutions are known to plunge rapidly. Such a situation entails a
corresponding rapid decrease in T; with increasing composition ¢, as in Fig. 1.3.
The difference between the entropy curves of the liquid and crystal keeps decreas-
ing until the composition ¢* is reached, a composition for which they meet at
only one temperature T*—here, T, Ty and T; all collapse to the same value. As
discussed in the following section, under certain conditions the point (¢*,7™) can
become a thermodynamic critical point for transitions between the liquid, glass
and crystalline states. For concentrations beyond c*, the crystal has a higher en-
tropy than the liquid at all temperatures, meaning that a homogeneous crystal
with composition ¢ > ¢* is absolutely unstable. Thus, ¢* represents the metastable
limit to (polymorphous) supersaturation of the crystalline phase.

Since rapidly cooled liquids of composition ¢ > ¢* can still be quenched to a
homogeneous amorphous state, the glass transition line T, must extend beyond
c*, even though the polymorphous Kauzmann argument no longer applies in that
composition region (see dotted line in Fig. 1.3). In fact, ease of glass forming ap-
pears to be greatest at regions beyond plunging Tp lines [133, 134, 135]. We might
attempt to relate the Ty line for ¢ > ¢* to a Kauzmann-type argument equating
the entropy of the undercooled liquid to the entropy of some crystalline phase

mixture, but because the reference crystalline state is not polymorphous, the T,
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line determined in this manner would not in general connect to the polymorphous

T line (defined for ¢ < ¢*) at (c*,T™), as we expect it should.

1.5.4 The point (¢*,T*)

The slope of the Ty line is readily shown to be [1]:

o\ _ 1 (8AG
(%), =555, @)

where AG is defined as the free energy difference between the liquid and crystal,

GL—Gx. Note that the Tj line slope becomes infinite when AS = 0 (as long as the
numerator remains finite). By construction, the point (¢*, T*) lies on the isentropic
lines Ty and T;; therefore, Eq. (1.8) entails that the T line must be vertical there.
Beyond the composition ¢* at which T becomes vertical, the crystalline phase is
unstable—only the liquid and glass phases can exist there (above the extended
T, line and below it, respectively) as long as the polymorphous constraint is
maintained (i.e., nucleation of competing crystalline phases is suppressed). At
compositions below ¢*, the crystalline phase is stable or metastable. Thus, we can
associate homogeneous phases with distinct regions in the polymorphous phase
diagram of an alloy (Fig. 1.4).

At (¢*,T™) the crystalline, liquid and glass phases all have the same free energy
and entropy. If the molar volumes of any two phases coexisting at (c*,T™*) were

identical, then a transition between the two states could be continuous: since

=— (%g)}) and V= (-g—g-)T, (1.9)

if AS and AV are zero at (¢*,T*), then the first derivatives of G will be continuous
through the transition [136]. In general, the molar volumes of any pair of phases
at (c*,T*) will be equal only at certain pressures, however [137]. At a pressure

P* such that AV = 0 for the crystalline and liquid phases, continuous (i.e.,
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LIQUID

Figure 1.4: Assignment of phases to regions in the polymorphous phase diagram
of an alloy. A homogeneous crystalline phase is unstable outside the boundary
formed by the T; line and the composition c*. The liquid phase is unstable at

temperatures below the T, line, and the glass is unstable at temperatures above

it.
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second or higher-order) melting would be possible! An isolated point on a phase
diagram at which a phase transition becomes second or higher-order is often called
a critical point; we may refer to the point (¢*, T*) as a tricritical point if continuous
transitions between all three states can occur at that point.

The possibility of a continuous or nearly continuous phase transition in the
polymorphous phase diagram is exciting because, unlike the case with first-order
transformations, there are well-established theoretical methods (e.g., renormal-
ization-group theories [138, 139] and field theory approaches [140, 141]) for un-
derstanding continuous phase transitions. From an experimental perspective, such
transitions should exhibit measurable premelting {142, 143] or pre-amorphization
[144] effects. In particular, we would expect a crystalline phase supersaturated to
a composition near a continuous transition point to exhibit liquid-like properties,
such as enhanced heat capacity, atomic mean-square displacements and compress-
ibility, decreased shear modulus and diverging thermal expansion coefficient. Even
if (¢*,T*) is not a true critical point at a.tmoépheric pressure, the necessary P*
may not be far from 1atm (1 x 10°Pa), in which case the pre-transition effects
may still be observable. This thesis describes our efforts to test the polymor-
phous phase diagram of Fecht and Johnson by looking for anomalous, enhanced,
diverging or vanishing structural, thermodynamic and mechanical properties in

supersaturated solid solutions.

1.6 Thesis overview

In order to measure the properties of a supersaturated solution near its proposed
instability concentration, it is necessary to devise a process to fabricate homo-
geneous crystalline samples as highly supersaturated as possible. In Chapter 2,
I describe the reasoning that we employed to guide our selection of promising

binary alloy systems based mainly on characteristics of their equilibrium phase
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diagrams. Next, | examine the results of some of our initially unsuccessful at-
tempts at synthesis and the reasons for failure in each case. The lessons that we
learned from these preliminary experiments enabled us to determine and compare
the strengths and weaknesses of five general sample preparation processes—first,
with respect to the ability of each to supersaturate crystalline alloys and, second,
with respect to the suitability of the resulting sample geometries for measuring
structural, thermodynamic and mechanical properties.

Once the optimal synthetic processes have been determined, it remains only
to apply them to real systems. We selected two techniques for supersaturating
crystalline solids, the first being hydrogenation (or, equivalently, deuteration).
In Chapter 3 I describe our investigation of the deuterated intermetallic com-
pound ErFe;. The chapter begins with an explication of the salient reasons for
deuterating an intermetallic like ErFe, and then proceeds with a description of
the experimental techniques utilized in the investigation. The following sections
focus on the results of high-temperature elastic neutron diffraction studies and
high-pressure differential scanning calorimetry scans on ErFe;D;; heated through
the crystal-to-amorphous transition. In the subsequent discussion, I relate these
results to a report of a “A-type” anomaly in the heat capacity of hydrogenated
ErFe; at about the temperature at which one might expect the sample to cross
the Ty line [145]. Finally, I discuss our unexpected finding of ezothermic amor-
phization of ErFe;Ds 5, devoting particular attention to the question of whether
this transition is polymorphous.

The second supersaturation processing method that we employed was splat
quenching (rapid cooling of a melt). I begin Chapter 4 by explaining the reasons
for investigating the Nb—Pd binary alloy system and why we decided to use splat
quenching to supersaturate the bcc terminal Nb phase. Next, I describe the exper-

imental procedures that we followed in splat quenching, low-temperature neutron
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diffraction scans, measurements of thermal expansion and low-temperature heat
capacity, and characterization by transmission electron microscopy (TEM). Since
the neutron diffraction data will be found to provide the most convincing evidence
of unusual properties in the supersaturated crystalline phase, the next section will
explain how the diffraction data were analyzed for lattice parameter, inhomoge-
neous strain and atomic mean-square-displacement information. The results from
the neutron diffraction analyses—when combined with the thermal expansion and
heat capacity data—indicate unusual changes in the crystalline structure as it is
progressively destabilized. The TEM data allow us to correlate real-space struc-
tural characteristics with the previous data derived from measurements in recip-
rocal space. I shall conclude the chapter by discussing these results in relation
to the Lindemann criterion for melting [Eq. (1.1)], focusing in particular on the
important role of static mean-square displacements.

The final chapter of the thesis attempts to assess what we have learned from
the experimental results detailed in the previous two chapters. In particular, I
consider two fundamental issues relevant to the use of lattice instability models
for melting and amorphization. The first concerns an explicit assumption of the
Fecht-Johnson approach (sections 1.5.2-1.5.4) but one which is implied in any
discussion of superheating or supersaturation: what does it mean to say that
a phase transition is polymorphous? We will see in the hydrogenation experi-
ments of Chapter 3 that adherence to the polymorphous constraint can only be
determined relative to a given length scale and that experimentally determined
transition properties can be sensitive to violation of that constraint even when
the reference length scale has atomic dimension. The prospects for testing insta-
bility theories—and, one might suspect, the prospect that they can be valid at
all-—depend, therefore, on the degree to which the polymorphous constraint has

real meaning. The second issue to be considered concerns proper quantification of
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a crystalline phase’s stability against melting and amorphization. I have already
discussed the main candidates for a stability parameter: atomic-level stress, elas-
tic moduli, heat capacity, mean-square displacement, etc. I conclude by assessing
the degree to which each possible parameter can account for the role played by lat-
tice instabilities in crystal-to-amorphous transitions, paying particular attention

to our own results on Nb-Pd.
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Chapter 2

Synthesis of supersaturated solid
solutions near 7; boundaries

In order to test the structural, thermodynamic and mechanical properties of crys-
tals near the instability phase boundary predicted by the polymorphous phase
diagram of Fecht and Johnson [1], it is necessary to figure out how to synthe-
size crystalline material as close as possible to that boundary. This task is not
a simple one, for the crystal will necessarily have a much higher free energy near
its stability limit than it would have were it to assume the lowest free energy
state accessible by phase separation. In this chapter I shall degcribe the criteria
by which we chose synthesis techniques for producing the highly supersaturated
solid solutions in the experiments of the following two chapters. Notice that these
criteria were developed not only from theoretical considerations of the nature of
solid solubility extension in metallic alloys, but also from the practical experience

gained from many synthesis failures. Such is the nature of experimental science!

2.1 Properties of the 7} line

The main feature linking the polymorphous phase diagram of Fecht and Johnson
to ordinary equilibrium phase diagrams is the thermodynamic construction called

the T line, which we encountered briefly in Chapter 1 (section 1.5.3). At a given
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concentration, the Ty temperature is the temperature at which the free energies
of the liquid and crystalline phases, Gi, and Gx, are equal. A locus To(c) of Tp
temperatures as a function of composition ¢ is called a T line [2] (Fig. 2.1). A
T, line may be extended to temperatures below the equilibrium freezing point
of the liquid by equating the free energy of the crystal to the free energy of the
undercooled liquid.

Note that such a line has two important properties. First, the T, line de-
fines the temperature-composition range in which partitionless solidification can
occur at a given pressure [2]. At points in temperature-composition space be-
yond the Tp line, the liquid phase has a lower free energy than the single-phase
crystal, so there can be no positive driving force AG = G, — Gx for partition-
less solidification. (There will, of course, still be a driving force for solidification
with phase separation at all temperatures at which equilibrium crystalline phases
can exist.) This has repercussions for amorphization by rapid quenching from
the liquid state, for if (i) the T, construction indicates that partitionless crystal-
lization is prohibited at a given temperature and composition and (ii) the cooling
process is fast enough to prevent the occurrence of kinetically more difficult multi-
phase crystallization (such as in eutectic formation), then the liquid phase should
quench to a glass upon crossing the glass-transition temperature T, [2]. Thus,
the temperature-composition region beyond a Tj line and below T, is a region
of enhanced glass-formation ability by rapid quenching, provided that the region
does not fall beneath the T} lines of competing crystalline phases.

Conversely, the T; line provides a limit for solubility extension of the crystalline
phase if that phase is formed by quenching from the melt (2, 3], since there is a
driving force for formation of the crystal from the liquid only in the region beneath
the Tp line. If the Tp line becomes vertical at some composition c* (section 1.5.4)

or if it falls to absolute zero at a composition ¢*, then the liquid will not be able
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Figure 2.1: Construction of the T} line from free energy curves of the crystalline
and liquid phases. The solidus and liquidus curves must straddle the Ty line

because of the common-tangent construction.
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to be quenched to the single-phase crystal at any composition ¢ > ¢*, no matter

how fast it is cooled.

2.1.1 Relationship of 7j lines to phase diagrams

The usefulness of the T, concept in describing glass-formation ranges and limits
to solubility extension is bolstered by the fact that the position of a Tj line in
an alloy system can often be inferred from its equilibrium phase diagram [4]. For
temperatures at which the liquid phase exists in equilibrium, the Tj line must pass
between the corresponding solidus and liquidus lines because the common-tangent
construction fixing the location of the solidus and liquidus sandwiches the crossing
point of the crystal and liquid free energy curves (Fig. 2.1). Calculations of the
intersection point directly from free energy curves usually find that the Ty line lies
roughly halfway between the solidus and liquidus [5, 6, 7). As mentioned above,
the Tp line can be extended to temperatures below the equilibrium range of the
liquid phase, although the shape of the phase diagram provides little information
regarding the correct extrapolated line position. |

While it is not possible to pin down the exact position of T lines from equilib-
rium phase diagrams, all physically possible T, line shapes can be determined for
any particular diagram. Three general situations are predicted from rapid quench-
ing results on binary alloy eutectic systems [2]: (i) complete solid solubility, (ii)
two-phase crystalline regions or (iii) limited single-phase crystalline regions sepa-
rated by a region of at least partly amorphous material. Complete solid solubility
may occur when the terminal solutions have the same crystal structure, as in the
system Cu—Ag, for instance; in such cases the 7} line is a continuous curve that
never becomes vertical or intersects T' = 0K [5, 8] [Fig. 2.2(a)]. Thus, the region
beneath the Tj line spans the entire composition range, and there is no solubility

limit ¢*. Two-phase crystalline regions may occur when the terminal solutions
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Figure 2.2: Possible T line shapes for eutectic phase diagrams: (a) shallow eu-
tectic with a continuous Ty line, (b) shallow eutectic with crossing Ty lines, and

(c) deep eutectic with plunging, nonintersecting Tp lines.
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have different crystal structures, meaning that the 7j line cannot be continuous
as in the previous case. Instead, the 7, lines corresponding to the different phases
cross each other, creating a region that is beneath both of them [Fig. 2.2(b)]. In
this region there is a driving force for partitionless solidification of the liquid to
both crystalline phases. Finally, limited regions of single-phase crystals separated
by an amorphous-containing region may occur when the 7 o lines of the crystalline
phases plunge rapidly enough that they do not cross before intersecting the T,
line of the liquid phase [Fig. 2.2(c)]. The region between the intersections of the
Tp lines with the T} line corresponds to the composition range in which the liquid
will “freeze” to a glass instead of solidifying to a single-phase crystal as long as
cooling proceeds rapidly enough to prevent crystallization with partitioning.
Since the Ty lines are useful in predicting the results of rapid quenching from
the melt, they indicate a sort of nonequilibrium phase diagram. For example,
the Tp lines superimposed on the equilibrium phase boundaries of Fig. 2.2(c) give
the possible solubility regions for the terminal crystalline phases a and 4 and the
expected glass-forming range. While such a construction ignores the kinetic con-
straints that must be maintained in order to form the glass or to supersaturate the
crystalline phases, it at least highlights the conditions favored by the thermody-
namics of the alloy. When we replace an equilibrium solidus and liquidus by a T,
line and extend the Ty line to temperatures below the freezing point of the liquid,
we implicitly acknowledge that the results of a highly nonequilibrium synthesis
process will depend on the path-dependent competition between the kinetics of

processing and the underlying thermodynamics of the alloy system.

2.1.2 Limitations of the T line concept

Of course, the kinetic caveat regarding the interpretation of metastable phase

boundaries described above represents a serious limitation of the T line concept.
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“Violations” of nonequilibrium phase diagrams formed from Tj lines have been
observed experimentally [7]. For example, Nb-Pd exhibits a glass-forming range
by vapor deposition that extends into the composition region beneath the T,
line, whereas liquid quenching yields single-phase crystals in the same composi-
tion range (see section 2.3.2). Furthermore, accurate extrapolation of T, lines to
low temperatures requires a good model for the free energy of the undercooled
liquid. Schwarz, Nash and Turnbull [7] found that this problem is significantly
underdetermined: while several different free energy models [9, 10, 11] are able to
provide good fits to the solidus and liquidus of an experimentally obtained binary
phase diagram, extrapolated Ty lines calculated from the various models diverge
significantly below the temperature range accessible to expériment. Schwarz et al.
attribute the main part of the uncertainty to difficulties in modeling the entropy of
undercooled liquids. The current lack of experimental data on the thermodynamic
properties of undercooled liquids prevents choosing between competing models or

improving on them at the present time.

2.2 7Tj line slopes

As described in the previous chapter (section 1.5.4), the critical point of the
polymorphous phase diagram of Fecht and Johnson is the maximum solubility
limit of solute in the crystalline phase. It is also the point at which the crystal’s
To line has infinite slope (i.e., it is vertical). A binary alloy system appropriate
for testing the validity of such a polymorphous diagram will, therefore, have a
crystalline phase with a rapidly falling 7p line that eventually becomes vertical.
Our task, then, is to identify alloy systems that meet this criterion, a job made
easier by the availability of a comprehensive compilation of binary alloy phase
diagrams [12] and by the fact that—even without phase diagrams—we can predict

with good accuracy which systems will exhibit steep T lines.
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The ability to predict Ty slopes results from the relationship between the com-
positional extent of a Tp(c) curve and the thermodynamically allowable extension
of solid solubility of the corresponding crystalline phase. Years of metallurgical
research have established which structural and electronic parameters have the
greatest influence on equilibrium solubility ranges in binary alloy systems [13, 14];
we expect that the same parameters will influence the metastable solubility range
reflected in the compositional extent of the 7, line. The most significant factor
governing solid solubility is the difference in atomic size of the alloy components.
The so-called Hume-Rothery Size-Factor rule [13, 14] states that the equilibrium
solid solubility range will become severely restricted in a binary alloy when the
size difference between the component elements exceeds about 15 %. Conversely,
when the size difference is much less than 15%, one might expect solid solu-
bility to become extensive, but in that case other factors (such as the stability
of intermediate compounds and the ratio of valence electrons to the number of
atoms [13, 14]) are known to have a more important influence on the solubility
range, and the reliability of the size-factor rule diminishes [15]. Logically, if (i)
a large size difference gives a limited equilibrium solubility range, (ii) a limited
equilibrium solubility range corresponds to a limited metastable solubility range
and (iii) a limited metastable solubility range corresponds to a steep Tj line, then
we would expect steep Tp lines to occur whenever the component elements differ
significantly in size.

Having confidence in the validity of postulates (i) and (ii), we can prove the
conclusion of the argument by verifying that atomic-size difference does indeed
have the expected influence on Ty line slopes. In order to check this, we performed
a search through the binary alloy phase diagram compilation [12] for Nb-based
(bee) and Ag-based (fcc) metallic alloys. We estimated, somewhat arbitrarily, an

average 1y slope from the slope of the line connecting the elemental melting point
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to the midpoint between the liquidus and solidus at the eutectic temperature T,
(Fig. 2.3). Plots of the slope of this approximate Tp line against the atomic size
ratio SR

SR = —metal (2.1)
Nb or Ag

where Tpetal is the metal atom’s Goldschmidt radius (an estimate of atomic size
in a 12-fold coordinated structure [16]), reveal rather high correlation between
T, slope and atomic-size difference [Figs. 2.4(a)-2.4(b)]. Deviations from a per-
fectly linear dependence result from the rough nature of the approximation for
Ty, from the fact that the T line slope actually changes with composition and,
no doubt, from ignoring the electronic and intermediate-phase effects treated by
the other Hume-Rothery rules [13, 14]. Nevertheless, Figs. 2.4(a)-2.4(b) provide
sufficient evidence to complete the final leg of the relationship between atomic-size
difference, solubility range and T} slope.

A physical understanding of the origin of the size effect on solubility (and,
therefore, on Tj slope) is traditionally derived from a consideration of the lattice
strain induced by size mismatch in a continuum elasticity model [17, 18]. Instead
of following this approach, we shall appeal to the more recent treatment of Egami
and Waseda [19] based on atomic-level stress, for they claim that their model pro-
vides a criterion for the topological instability of a supersaturated solid solution.
Such a criterion may be able to predict the maximum solubility ¢* of the poly-
morphous phase diagram of Fecht and Johnson [1], which occurs when the slope
of the Tp line becomes infinite. As discussed in the previous chapter (section 1.4)
Egami and Waseda argue that a substitutional solid solution A;_,B, will become

unstable at the composition zmac given by

Vi
lavy|’

Tmax =~ 0.1

(2.2)

where AV is the atomic-volume difference V4 — V3. As the atomic-size difference
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Figure 2.3: Estimation of the average Ty line slope from the equilibrium phase
diagram: we approximate the Tp line by a line connecting the melting point of the

elemental solid, (0,Ty,), to the midpoint between the liquidus and solidus at the

eutectic temperature T, (%(csol,e + Clig,e ), Te).
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Increases, Tma., decreases, resulting in a smaller maximum solubility of B in A.
Once the correlation between atomic-size difference and Tp slope has been
established, it is easy to identify real binary alloy systems that may exhibit a
critical point of the type envisioned in the Fecht-Johnson polymorphous phase
diagram. Good candidates will have a large enough size difference between ele-
mental components to have a rapidly plunging T line for a terminal crystalline
phase. Furthermore, since the thermodynamic and mechanical properties of the
material are expected to vary strongly as the composition approaches the Ty line,
it will be preferable from an experimental point of view to investigate a system
with a wide range of single-phase crystalline solubility (preferably in equilibrium)
so that the sample can be studied at significantly different compositions, thus
enabling the compositional dependence of the various properties to be more accu-
rately assessed. This latter observation, however, argues for a small size difference
between alloy components, since large equilibrium solubility ranges in binary al-
loys generally require size differences of ~5 % or less [18]. Apparently, the ideal
system for testing the polymorphous phase diagram will represent a compromise

between these conflicting demands.

2.3 Synthesis—considerations of kinetics

Once a suitable system has been chosen—consistent with the size difference and
solubility requirements indicated in the previous paragraph—the next challenge is
actually to fabricate a single-phase crystalline alloy at compositions ranging from
no solute all the way up to the critical composition ¢* (the point at which the
Tp line is vertical). The choice of synthetic technique is influenced by both the
kinetic conditions necessary for making the sample in the desired configuration
and the optimal sample geometry for the measurements that one intends to make.

Let us consider the former point in this section and the latter in the following
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section (2.4).

2.3.1 Nature abhors the Tj line!

Creating a crystal close to the Ty boundary is very difficult because such a crys-
tal would have a free energy that is nearly equal to that of the liquid phase (if
T > Tg) or amorphous phase (if T < T;) at the same composition (position 1
in Fig. 2.5). Of course, a single-phase crystal near Ty would also have a much
higher free energy than the phase-separated state indicated by the equilibrium
phase diagram (position 2) and, possibly, than a phase mixture resulting from
establishing “metastable equilibrium” with a metastable crystalline or amorphous
phase (position 3). It is only by the imposition of kinetic constraints through a
nonequilibrium fabrication process that the alloy can be prevented from accessing
these lower-energy configurations. Optimal synthetic techniques can only be cho-
sen after carefully considering the most common means by which nature conspires

to avoid highly nonequilibrium states near the Tp line during processing:

(a) by establishing phase equilibrium (either with a metastable phase or

with the other equilibrium phase at that composition);
(b) by transforming to a new single phase (amorphous or crystalline);
(c) by undergoing solute segregation;

(d) by simultaneously nucleating and growing more than one phase (with-

out establishing phase equilibrium).

Which, if any, of these means of violating the polymorphous constraint actually
occurs depends on both the characteristics of the sample preparation technique
and on the properties of the material being synthesized. In the following sections

I shall illustrate each of the free energy-reducing processes (a) through (d) with
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Figure 2.5: Free energy curves of a binary alloy illustrating the energy cost of
approaching the T line. A crystal at position 1 has a much higher energy than it
would have in equilibrium (position 2) or in metastable equilibrium (position 3)

with the liquid/amorphous phase.
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results from our own work and attempt to indicate the synthesis-dependent and

material-dependent reasons for constraint violation in each case.

2.3.2 Case studies of nonequilibrium sample preparation
techniques

In the first three case studies only a brief outline of the experiments carried out
will be provided in order that the main problems associated with synthesizing
highly nonequilibrium alloys may be emphasized. In most cases, relevant details
may be found in the pertinent references. The final case study (splat quenching of
Nb-Pd and Nb-Pd-Ge) will be examined in detail because it is closely related to
tile subsequent discussion of supersaturated Nb-Pd solutions in Chapter 4; in this
case we were able to demonstrate explicitly the connection between the Tj lines of
the Nb-Pd alloy system and the results of rapidly quenching Nb-Pd alloys from
the liquid state. (From a practical standpoint, all four of these case studies helped
to guide our formulation of experimental protocol in the ErFe, hydrogenation and

Nb-Pd alloy experiments of Chapters 3 and 4.)

Sputter deposition of Er—Fe

The first set of experiments to be considered is the attempted fabrication of thin
films of Er-rich crystals supersaturated with Fe by dc magnetron sputtering in a
high-vacuum chamber [20]. Sputtering [21] is a vapor-deposition process in which
ionized atoms of sputtering gas (usually Ar) are accelerated by a modest electrical
potential (a few hundred volts) toward a target of the material to be deposited.
The energy imparted to the surface of the target by the incoming ions knocks out
neutral atoms and atom clusters of the material, which move ballistically away
from the target in the low-pressure atmosphere of the chamber. Some of them land

on the substrate (which usually faces the target surface), upon which they diffuse
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until losing most of their translational energy or becoming trapped in place by
other incoming atoms and atom clusters [21]. The ability of sputter deposition—
and, indeed, of all vapor deposition techniques—to produce metastable structures
results from the high effective quench rate of the atoms from the vapor phase to
the solid. It has been estimated that this cooling process can achieve rates as high
as 10°-10'2 K /sec when depositing onto cooled substrates [22, 23].

For the Erjgo_,Fe, system, the equilibrium phase diagram [24] (Fig. 2.6) indi-
cates an equilibrium solubility limit of less than 0.3 at.% Fe in the terminal Er hcp
solid solution [25]. The deep eutectic on the Er side of the phase diagram at z = 31
suggests that the Tp line crosses the eutectic temperature at = 15, resulting in a
steeply plunging Tj line. This is not surprising, since the Goldschmidt radius of Fe
is almost 30 % smaller than that of Er (rpe/rg. = 0.72) [16]. Correspondingly, the
concentration of Fe estimated by the Egami-Waseda criterion [Eq. (2.2)] to cause
topological instability of the terminal Er solid solution is Zmax = 11-14 (where we
have used a prefactor of 0.07-0.09 instead 0.1, as optimized by Liou and Chien
(26] for vapor-deposited alloys). We expect, therefore, that it will be impossible
to deposit single-phase crystalline thin films with more than about 10-15at.% Fe.

Diffraction patterns and dark-field images obtained by transmission electron
microscopy (TEM) of Erjpe_ Fe, films of thickness 15-20 nm grown on freshly
cleaved crystals of KClI reveal a transition from an entirely crystalline microstruc-
ture to a mixture of crystalline and amorphous regions between z = 9 and z = 16
(Fig. 2.7). For z > 26, the dark-field images are entirely featureless, having only
the 0.5-1.5nm granularity typical of such images of amorphous materials [27].

These observations are consistent with x-ray diffraction of 600—750 nm films
grown at the same compositions (Fig. 2.8). The lattice parameters of the crys-
talline phases—determined by Cohen’s method using the extrapolation function

cos® §/ sin @ [29]—do not decrease with increasing Fe content (Table 2.1), as would
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Figure 2.6: Equilibrium phase diagram of Fe-Er. The T, line of the terminal
Er solution has been sketched in approximately midway between the solidus and

liquidus. Phase diagram taken from Ref. [24].
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Figure 2.7: Dark-field images and diffraction patterns of Er;go_,Fe, thin films for
z=20,9, 16, 26, 32 and 43.
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be expected if the smaller Fe atoms were substituting for Er atoms in the hcp lat-
tice, indicating that no real substitutional alloying takes place in these samples,
even for z = 9. Instead, the Fe atoms are most likely segregated to the boundaries
of the Er-rich crystals by surface diffusion during film growth. Since no peaks in
addition to those of the hcp Er-rich solid solution are seen in either the electron
or the x-ray diffraction scans, the segregated Fe is probably present in an amor-
phous state. Indeed, high-resolution TEM of a 3nm film deposited at z = 16
finds crystalline regions separated by disordered boundaries (Fig. 2.9).

Thus, vapor deposition of Erjg.-,Fe, alloys provides examples of three of the
polymorphous constraint violation processes outlined above. The mixture of Er-
rich crystals and an Fe-rich amorphous phase at # = 16 represents a kind of
metastable equilibrium [process (a)]. The single-phase amorphous films found at
z > 26 result from the atoms avoiding the higher-energy crystalline configuration
altogether [process (b)], and the solute segregation of Fe at z = 9 is an example

of process (c).

Sputter deposition of Nb-Pd

We carried out a similar investigation of sputter-deposited thin films of Nbygo—,Pd..
The Nb side of the equilibrium Nb-Pd phase diagram {30, 31] (Fig. 2.10) is rather
different from the Er side of the Er-Fe phase diagram, the most obvious differ-
ences being the larger equilibrium solubility range of the terminal bce Nb-rich
solid solution and its shallower T line. The equilibrium solubility limit of Pd in
Nb is rather large (zmax = 36) at 1520°C [32], but it drops quite a bit at room
temperature (max < 20 at temperatures below 800 °C). The large solubility range
of Pd in Nb might be expected from the modest size difference between Nb and Pd
atoms (rpa/rnb = 0.93 [16]), but it is surprising that the equilibrium solubility, at
least at high temperature, approaches the Egami-Waseda topological instability
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Fe:Eri-. a c

(nm) (nm)
z=0(bulk)  0.35588 0.55874
z =0 (film) 0.358 + 0.001 0.567 £ 0.001
z = 0.09 0.360 + 0.001 0.568 £+ 0.001
z =0.16 0.361 £ 0.002 0.570 + 0.002

Table 2.1: Lattice parameters of bulk Er [28] and the terminal hcp phase of
Erip0--Fe, determined by x-ray diffraction using Cohen’s method with extrapo-

lation function cos? 8/ sin 6 [29].
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Figure 2.9: High-resolution TEM image of 3nm thick, 16 at.% Fe film deposited
on a heated (~80°C) KCI substrate. Arrows indicate disordered regions possibly

characteristic of Fe-rich amorphous regions between Er-rich crystals.
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Figure 2.10: Equilibrium phase diagram of Nb-Pd. The T, line of the terminal
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liquidus. Phase diagram taken from Ref. [31].
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of Tmax = 37-47 (again, using the prefactor for vapor deposition optimized by
Liou and Chien [26]). In contrast to the simple eutectic on the Er-rich side of the
Er-Fe phase diagram, however, in the Nb-Pd system there is a high-temperature
intermetallic fcc phase (a-NbPd) that may interfere with solubility extension of
the bcc terminal phase or with formation of an amorphous phase beyond the
solubility limit of the bce phase.

X-ray diffraction measurements of 500 nm thin films grown on unheated glass
substrates (except for z & 35, at which a 100 nm film was grown on Si/SiO,) reveal
a progressive change from single-phase crystalline structure for x = 0 and =z ~ 8
to a mixture of crystalline and amorphous phases at z =~ 25 and a completely
amorphous film at ¢ & 35 (Fig. 2.11). Our results are consistent with the findings
of van der Kolk and colleagues [33, 34, 35] that thin films of Nbygg--Pd, can be
deposited in an entirely amorphous state for 40 < z < 60 but not for z = 30. It is
also another example of the success of the Egami-Waseda criterion for predicting
the extent of the glass-forming range. The fact that no sign of the fcc a-NbPd
phase is seen at high Pd concentrations can be attributed to the kinetic difficulties
of forming the crystalline structure by surface diffusion on unheated substrates
during vapor deposition.

From the standpoint of the violation of polymorphous constraints, the salient
feature is that completely amorphous films grew even at compositions at which
the terminal crystalline phase is stable in equilibrium, at least at high temperature
[process (b)]. Certainly, at room temperature a film with z &~ 35 lies beneath the
To line of the terminal bec solution (unless the Tp line curves back on itself at
low temperature). Indeed, we will see below that rapid quenching from the melt
at the same composition yields a single-phase bcc crystalline sample. Evidently,
the result of a highly nonequilibrium synthesis technique can be strongly path

dependent.
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Figure 2.11: X-ray diffraction scans of Nbygo—Pd, thin films deposited on un-
heated glass substrates, except for z = 35, which was grown on Si/Si0;. The
region in the z = 35 scan with no counts resulted from removal of a Si substrate

Bragg peak.
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Mechanical alloying of Nb—Pd

Another technique for making highly nonequilibrium alloys is mechanical alloying
(MA) (section 1.1.3) [36]. MA is a process in which powdered components (usu-
ally elemental) are forcibly intermixed by repeated crushing together in a rapidly
shaking vial filled with steel balls (or by a variation of this method [37])—hence
the alternative name ball milling. The milling process is known to lead to com-
plete alloying in many systems, accompanied by significant grain refinement [38],
a buildup of atomic-level strain [38] and, sometimes, by complete amoirphiza,tion
of the powder [36]. The mechanically driven mixing is so strong that many sys-
tems with a positive heat of mixing (AHmix > 0) can be alloyed [39, 40, 41];
for example, in Fe-Cu, a single-phase fcc alloy of FesqCusg can be formed that
releases more than 12 kJ/mol upon phase separation to equilibrium when heated
in a differential scanning calorimeter [42]! The alloying process in MA can be
followed most readily by the structural changes evident in x-ray diffraction scans
of the powder after different milling times. For the MA machines that we used
(SPEX 8000 Mixer/Mill), early milling times (< 10 hours) are characterized by
rapid changes in lattice parameter (attributable to substitutional alloying), by
reduction of grain size (usually to the 5-25 nm range) and by increase in internal
strain (up to ~1.5at.% for alloys), while later times find these properties chang-
ing much more slowly until reaching more or less steady-state values after about
20 hours. If the sample alloy is one that undergoes amorphization by ball milling,
evidence can usually be found for a mixture of crystalline and amorphous mate-
rial within the first 5 hours of milling, although complete amorphization may take
longer than 20 hours to be achieved; it is also possible for a mixture of crystalline
and amorphous powder to exist at steady state [43].

Alloys that can be made in an amorphous state by MA are generally the same
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ones that can be made amorphous by vapor deposition, even though the synthesis
processes are so different; I know of no materials that can be amorphized by MA
but not by vapor quenching. The compositional range of glass-formation by ball
milling is comparable to that of vapor techniques and, consequently, is often much
wider than that of rapid quenching from the melt [44].

The mechanism by which alloying takes place in the extreme experimental con-
ditions present inside the vial is not presently understood. Electron microscopy
investigations have found layered microstructures of the materials being alloyed
during early milling times [45], but it is not known how these layers are subse-
quently mixed on an atomic scale. Yavari and Desré [46] recently proposed that
the capillary pressure at nanometer-sized distorted “tips” and “necks” in the lay-
ers may provide a thermodynamic driving force for alloying, even when the bulk
enthalpy of mixing is positive. Eckert et al. [47] have suggested that repeated
deformation by ball collisions pumps a high density of dislocations into the pow-
der grains, which in turn influences the solubility characteristics of the material
through the stress fields surrounding each dislocation. Experimental evidence for
the importance of dislocations in governing the properties of ball-milled materials
can be found in the success of a dislocation-interaction argument [48] in explain-
ing the minimum grain size attéinable in milling of both elemental and alloyed
powders [38, 47]. Finally, still others have attributed amorphization during me-
chanical alloying to a solid-state reaction at the interface of the alloyed elements,
similar to the solid-state amorphization reaction (SSAR) observed to occur in
some elemental diffusion couples (section 1.1.2), but amorphization by MA has
also been observed in an alloy that does not amorphize by SSAR [43].

Since Nbygo—Pd; alloys with 40 < z < 60 can be made amorphous by sputter
deposition, we expect amorphization to be possible by MA, as well. To test this

hypothesis, stoichiometric ratios of elemental Nb (99.8 %) and Pd (99.95 %) pow-
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ders with a total weight of ~ 7 g were placed in a steel milling vial along with four
steel balls. The vial was sealed in an Ar atmosphere to prevent oxidation during
milling; subsequent powder removal and vial resealing were also performed in an
Ar-filled glove bag. The milling was accomplished on a SPEX 8000 Mixer/Mill for
times typically exceeding twenty hours in order to ensure that steady-state con-
ditions were obtained. The structure of the powder was determined by standard
x-ray diffraction measurements in 6—28 geometry.!

Complete alloying of the Pd into the terminal bce Nb structure occurred for
all compositions up to 40 at.% Pd, but at 40at.% Pd, and perhaps at 35at.% Pd
as well, the Bragg peaks in the x-ray scans disappeared, leaving only the single
broad maximum characteristic of an amorphous metallic alloy (Fig. 2.12). Once
again, we have an example in which the energy associated with supersaturation
is relieved by transformation of the crystalline phase to another phase [process
(b)]. The composition at which amorphization occurs is close to that of sputter
deposition, despite the manifest differences in processing characteristics. This fact
supports the idea that in some instances, at least, the kinetics of processing may
play a secondary role to that of thermodynamics in influencing the compositional

position of the crystalline/amorphous boundary.

Splat quenching of Nb—Pd and Nb-Pd-Ge

Our final case study is an attempted supersaturation of the terminal bece Nb phase
in Nb-Pd by rapid quenching from the melt [50]. Rapid cooling of a liquid phase
can extend solubility beyond equilibrium limits, quench the melt to a metastable
crystalline phase—such as a high-temperature phase or one that does not appear

in the equilibrium phase diagram—or quench the melt to an amorphous state by

1 Most of the following experimental results were obtained by Mr. Steve Hwang as part of his
summer 1990 research project [49].
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Figure 2.12: X-ray diffraction scans of Nbygo--Pd; alloys ball milled for at least

20 hours in Ar. For r = 40 the scan has the single broad intensity maximum

characteristic of amorphous metallic alloys.
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suppressing the nucleation and growth of crystalline phases [51, 52, 53]. The cool-
ing rates of the common rapid-quenching techniques—melt spinning and piston-
and-anvil quenching—are several orders of magnitude slower than that of vapor
deposition [22, 23], a fact that is reflected in the very restricted glass-formation
ranges by rapid quenching of most binary metallic alloys. Rather than being a
disadvantage, this slower cooling rate will be seen to produce a wider supersatura-
tion range of the bec terminal Nb phase in Nb~Pd than found by vapor deposition

or mechanical alloying.

Splat quenching The particular rapid-quenching technique that we employed
is called twin-piston splat quenching, a process in which a small piece of the
material to be quenched is levitation melted in an argon-filled chamber above the
centerline of an opposing pair of pistons (Fig. 2.13). When the rf power to the
levitation coil is turned off, the melt falls through the bottom of the coil and
passes a photocell detector, which triggers the pistons to fire. By setting the
trigger delay properly, the pistons can be made to strike both sides of the falling
drop nearly simultaneously, causing the sample to be cooled at 10-10° K /sec [54].
The resulting foil has a thickness ranging from 5 to 300 ym, with the center usually
about 50~100% thicker than the edge [54]; due to heat flow considerations, the
cooling rate of a local region of the foil is approximately inversely proportional to

its final thickness [55].

Nb—Pd results X-ray diffraction scans of the foil centers found only the bcc
terminal Nb phase for Pd concentrations up to 42at.%, an extension of about
6 at.% Pd beyond the equilibrium solubility limit at high temperature and more
than 20 at.% Pd beyond the room-temperature limit (bottom row of Fig. 2.14).
A mixture of bee and fec phases is found for 44-48 at.% Pd, and single-phase fcc
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Figure 2.13: Schematic diagram of a twin-piston splat quencher. The sample is
levitation melted in an rf coil and then dropped past the photocell detector, which

triggers the pistons to close.
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foils are obtained for Pd concentrations of 50 at.% and higher. The fcc phase
has the expected lattice parameter of the high-temperature a-NbPd phase—an
extension of the terminal Pd solution—seen in the equilibrium phase diagram
(Fig. 2.10). No amorphous phase is found at any Pd composition despite the non-
crystalline phase formed at 40 at.% Pd by both sputter deposition and mechanical
alloying (see above). Neither is the nearest room-temperature intermetallic phase,
NbPd,, found in any of the splats. The relative amount of fcc phase to bcce phase,
as judged from the relative intensities of the respective x-ray diffraction Bragg
peaks, increases from 0% to 100 % as the Pd content is increased from 42 at.%
to 50 at.%, indicating that a kind of lever rule governs the quenching process in
that composition range; here is another example [process (d)] of how nature—by
following more than one synthetic path at the same time—can conspire to avoid

respecting a polymorphous constraint that we try to impose.

Nb—-Pd-Ge results Once one has determined the behavior of an alloy during
quenching, one can try to exploit its own characteristics to keep it in line! A
possible way to extend the bcc phase to higher Pd concentrations would be to
add a third element that, if forcibly alloyed with the sub-critical nuclei of the
bec and fcc phases during rapid quenching, would destabilize the fcc nuclei—thus
preventing them from growing into fcc crystals—without seriously affecting the
bee nuclei. Ideally, this third element would be incorporated substitutionally into
the bce lattice without changing its dimensions, so that the bce structure is not
destabilized by size-mismatch-induced strains. We chose Ge for this task because
(i) its Goldschmidt radius (0.139 nm) is almost identical to that of Pd (0.137 nm)
[16] and (ii) its solubility in Pd (less than 0.5at.%) is lower than in Nb (11.5at.%
at 1900°C and more than 3 at.% at room temperature) [56, 57, 58, 59]. Since Ge

atoms are so similar in size to Pd atoms, we expect the Ge atoms to substitute one



77

for one with Pd atoms in both the bce and fcc lattices. Furthermore, since a-NbPd
is an extension of the terminal fcc Pd phase, we expect Ge to have a lower solubility
in a-NbPd than in the Nb-rich bce solution. Since the equilibrium solubility limit
reflects, in part, the stability of the solid solution, a lower solubility limit implies
a higher energy state at a given composition. If this is true, then there should be
a certain range of Ge concentration that the bcc phase can tolerate but the fcc
phase cannot.

The effect of Ge addition to Nb-Pd alloys is readily apparent in x-ray scans,
where the relative amount of fcc a-NbPd is always decreased by the incorporation
of more Ge into the foil. In Fig. 2.14 we plot the structure of the rapidly-quenched
foils as a function of Ge and Nb éoncentrations (Nb concentration was used for the
horizontal axis instead of Pd concentration because to a first-order approximation
the Ge substitutes for the Pd). Replacing 3 at.% Pd with Ge extends the range of
bee phase formation to 50at.% Nb, and further increasing the Ge concentration
completely suppresses the fcc phase, even for Nb concentrations as low as 45 at.%.
The single-phase bec region, however, can be extended only by about 2at.%. Ger-
manium concentrations higher than 6 at.% increase the relative amount of the bcc
phase but also result in quenching of an amorphous phase. At 15at.% Ge the foils
are entirely amorphous (as determined by x-ray diffraction scans). The boundary
of the single-phase amorphous region was much less composition dependent than
that of the single-phase bcc and fcc regions.

The compositions indicated in Fig. 2.14 are the stoichiometric ratios present
in the pre-alloyed ingots before splat quenching. While the overall composition
of a quenched sample is certainly close to its pre-alloyed composition, there is no
guarantee that the phases present in the multi-phase foils have the same com-
position as the overall composition. By examining the lattice parameters of the

crystalline phases, however, we can estimate their compositions, because their
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Figure 2.14: Phase diagram of splat-quenched foils of Nb-Pd-Ge. The solid
squares represent the bce Nb-rich phase, the open ones indicate fcc a-NbPd, and
the shaded ones represent an amorphous phase. Squares with more than one type

of marking indicate a phase mixture.
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unit cell sizes will vary with the relative amount of Nb and (Pd+Ge) that they
contain. Figure 2.15 is a plot of the bce and fec lattice parameters determined
by x-ray diffraction (refined using Cohen’s method and the extrapolation function
cos? 8/ sin 6 [29]). The size of the bee unit cell varies more rapidly with composition
that that of the fcc unit cell. Replacing Pd with Ge at a fixed Nb c§ncentration
causes the bcc lattice parameter to increase slightly but not above the size ex-
pected from an extrapolation of the higher-Nb-content lattice parameters (dashed
line). Even at (45 at.% Nb,10 at.% Ge) the bcec phase formed (in a mixture with
fcc) has about the expected lattice parameter. If a significant amount of solute
segregation had occurred, such as the bcc phase becoming Nb rich and the fec
phase Pd rich, then a plot of lattice parameter against concentration would de-
viate from the nearly linear curve without chemical segregation. That does not
appear to occur with these foils, indicating that the quenching process was fast
enough to prevent significant concentration fluctuations.

Finally, the average grain size of the crystalline phases was estimated from
the broadening of the x-ray diffraction peaks using the variation of the full width
at half maximum with scattering angle [60]. Grain sizes for both becc and fec
phases ranged from 20 to 50 nm. Most significantly, the grain sizes of bec and fec
phases present in the same foil were about the same within the error (~20%) of
the estimation technique. Thus, the growth rates of each phase do not differ sig-
nificantly in the multi-phase compositional range; differences in nucleation rates,
rather than in growth rates, must give rise to the compositional dependence of

the volume ratio of bece and fcc crystalline phases.

Phase diagram and T, lines In Fig. 2.16 we have reproduced the Nb-rich
side of the Nb-Pd phase diagram {30, 32] and sketched in approximate Tp lines
for the bce Nb-rich and fcc a-NbPd phases using the fact the the Ty line will



80

_‘llllllIll‘llllllll'll‘IT‘II'IIIIITE

0.404

0.328 g%:—g——— —0.402
0.326 —0.400

—-0.398

—0.396

0.320

o—-Nb lattice parameter (nm)
(wu) 1e18wWesed 2911E] PdAN—

0.318 —e—-O— 0at%Ge —10.382
- —®-- 5at%Ge AT
0316 —A——A— 10 at.% Ge 0390
0-314 N A - i | i 1 1 L I S o | i 1 | L 1 L L l i 1 1 1 l 1 i 1 1 l 1.7 0-388

100 90 80 70 60 50 40

atomic percent Nb

Figure 2.15: Lattice parameters of the bcc a-Nb phase (left axis) and the fcc
a-NbPd phase (right axis) determined by x-ray diffraction. (The three data points
between 75 and 90 at.% Nb come from Ref. [32].) The dashed line is a least-squares
fit to the first five points. The horizontal axis indicates the Nb content of each

sample, with the remainder being Pd and Ge.
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pass approximately halfway between the liquidus and solidus (section 2.1.1). The
relevance of this thermodynamic construction is justified by the observation that
the constraint of uniform chemical composition is maintained during quenching,
even though more than one phase may nucleate and grow. Although there is a
large amount of uncertainty in the extrapolations of the bec and fec T lines at
temperatures well below the eutectic (1520 °C), the point of most interest to us—
the crossing point of Tp°® and T{*—requires only a small amount of extrapolation
and, consequently, is constrained fairly closely to ~42at.% Pd; note that this is
approximately the same limit we found for single-phase bcc extension at 0 at.% Ge
by rapid quenching (Fig. 2.14). Slightly higher Pd concentrations result in a
mixture of bec and fcc phases rather than single-phase fcc samples, even though
the melt crosses the fcc Tp line first during the rapid quench. As the Tp lines move
further apart at 50 at.% Pd and higher, however, the quench results in single-phase

fcc foils.

Nucleation rates and T lines The Tj line is a thermodynamic construct use-
ful for predicting the possible phases resulting from a polymorphous quench, but
determining the outcome near a crossing point of two T lines requires an under-
standing of the kinetics governing crystal nucleation and growth. As mentioned
above, lattice parameter data strongly suggest that the competition between bcc
and fcc phases in the Nb-Pd-Ge ternary system is controlled by the relative
nucleation—rather than growth—rates of the two phases. We can model this
competition in a rough way using classical nucleation theory, which approximates

the steady-state homogeneous nucleation rate as [61]:
167 T2 o3
3ks TAT? AHZ)’

I=A%W( (2.3)

where [ is the nucleation rate at temperature 7', ¢ is the liquid-crystal interfa-

cial energy, AHy is the heat of fusion, T}, is the melting point and AT is the
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undercooling at which the nucleation takes place. This general analysis will apply
even if the dominant nucleation process during the rapid quench is heterogeneous,
rather than homogeneous, because the heterogeneous nucleation rate differs from
the homogeneous rate only by a geometrical factor in the argument of the expo-
nential of Eq. (2.3) [61]. Since it is empirically found that o./AH; = 0.4-0.5,
where o, is the gram-atomic interfacial energy (o, = o N/3V?°3) [62], we can set
o = KAH;, where K is a composition-dependent proportionality factor. Further-
more, if chemical composition is held uniform, then the melting point Tj, is given

by the T} line. Making these substitutions gives

I = A"exp [—K'(T) . (T ’fOTO)Z ~ AH{] ) (2.4)

where K'(T) is a positive function only of composition and T'. At fixed composi-

tion and temperature T (< TP, Ticc) it follows that
Ibcc A*,bcc

TE N\ e\
/ cC CC

In general, we expect the exponential term to vary with composition much more

rapidly than the prefactor term. The nucleation rate ratio then is a function
primarily of the heats of fusion and of the T, values at a given ;:omposition.
This expression is consistent with the results that we obtained for 0at.% Ge:
for Nb concentrations several atomic percent greater than the Tj crossing point at
58 at.%, Tg<® > Ti°. This yields a more positive argument of the exponential due
to the large denominator in the negative term, giving 1> 3> I, Likewise, for
Nb concentrations several atomic percent less than the crossing point, 79 < T,
giving IP*° < I**°. Very close to the crossing point, Tp*® &~ T¢, and the resulting
ratio depends sensitively on the relative size of the heats of fusion and on the
ratio of the prefactors. At fixed Nb concentration the increase of I°/I* with
Ge concentration suggests that the replacement of Pd with Ge decreases AHP™

more than AH{ and/or causes TP — Ti to increase.
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Since the relative nucleation rate is so sensitive to the amount of undercooling,
|T' — Ty, the compositional dependence of I°*/ I suggests that the effect of Ge
addition is to pull the fcc phase’s Tp line to lower temperature more rapidly
than it pulls down the bcc phase Tp line (Fig. 2.17). It is as if the Nb terminal
solution’s Ty line were convoluted with the moderately steep one of the terminal
Nb solution in Nb~Ge and the a-NbPd Tj line were convoluted with the nearly
vertical one of the terminal Pd solution in Pd-Ge. This would make the T} line
of a-NbPd appear to twist downward to a greater extent than the Tj line of
the bcc Nb-rich solution, thereby shifting the crossing point of the Tj lines to
lower niobium content. This extends the single-phase bcc solubility region a small
amount while simultaneously creating a deep eutectic in the polymorphic phase
diagram, encouraging quenching of the amorphous phase [63, 64]. Thus, we see
how a rather detailed understanding of kinetics during nonequilibrium processing
can be gained from simple thermodynamic ideas derived from equilibrium phase

diagrams.

2.4 Synthesis—considerations of sample geom-
etry

In addition to the conditions that must obtain in order to maintain polymorphous
constraints when synthesizing supersaturated solutions near the 7j line, the result-
ing samples must meet certain geometrical criteria so that it is possible to measure
relevant properties. Not only do we need to determine structural parameters like
the lattice parameter, strain, density and atomic mean-square displacement, we
might also want to measure thermodynamic and mechanical properties like the
thermal expansion coeflicient, heat capacity, shear modulus and Young’s modu-
lus. The only type of sample suitable for all of these measurements would be

a cubic-centimeter single crystal! Unfortunately, no known processing technique
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Figure 2.17: Possible influence of Ge concentration on T} lines of the bec and fec
phases. Greater Ti depression causes the crossing point to move to lower Nb
concentration (to the right in this diagram). Large Ge concentrations pull both

T, lines down into a deep eutectic, enabling the amorphous phase to be quenched.
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can fabricate such a sample in a nonequilibrium state. Instead, we must make a
compromise, choosing one or more sample preparation techniques to produce sam-
ples appropriate for as many experimental investigations as possible. Table 2.2
indicates the degree to which the common nonequilibrium synthesis techniques
lend themselves to producing samples suitable for each desired measurement. It
is evident that splat quenching, hydrogenation and mechanical alloying produce
samples amenable to all of the desired nonmechanical tests, but of these three
techniques only the samples yielded by splat quenching lend themselves to simple
mechanical testing. Unfortunately, the shear modulus, which I shall discuss in the
last chapter of the thesis as a quantitative measure of crystalline stability against
amorphization, can be determined readily only in vapor-deposited thin films (by
Brillouin scattering [65, 66]) and possibly in splat—queﬁched foils (section 2.5.1),
although directionally averaged phonon dispersion curves of a powder sample can

be measured by inelastic neutron scattering [67].

2.5 Assessment of synthesis techniques of su-
persaturated solid solutions

In the following few sections I will review the advantages and disadvantages of
the common nonequilibrium crystal processing methods in regard to their ability
to fabricate supersaturated solid solutions. Three of the techniques (vapor depo-
sition, splat quenching and mechanical alloying) were described in section 2.3.2,
while the remaining two (implantation and hydrogenation) will be introduced in
the appropriate section below and, in the case of hydrogenation, explained in
more detail later in the thesis (Chapter 3). The synthesis methods are grouped
according to the mechanism by which they accomplish supersaturation. A tab-

ular comparison of the strengths and weaknesses of each technique is found in

Table 2.3.
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Nonequilibrium alloy synthesis techniques

Property Vapor Splat Implantation Hydrogenation Mechanical
Deposition Quenching Alloying
lattice parameter + + + + +
strain . + . + +
atomic MSD* - . ° + +
thermal expansion . + e - .
heat capacity - + - ° .
shear modulus . - . - -
Young’s modulus . ° . - -

®*MSD = mean-square displacement

Table 2.2: Rating of synthesis techniques with respect to the suitability of the
sample geometry for measurement of the indicated structural, thermodynamic
and mechanical properties. Plus (+) signifies that the sample lends itself to the
corresponding measurement, minus (-) indicates that it does not, and dot (e)

means that such a measurement would be difficult but possibly feasible.
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Technique Advantages® Disadvantages®
vapor deposition A/ B, C di, d2,e, f
splat quenching A, B,D1,D2,E c, I
implantation A, B F,G c, di, d2
hydrogenation B,C,D2,F, G a, dl
mechanical alloying A, D2, F b, ¢, dl, e
*KEY:
Advantages Disadvantages
wide range of alloy combinations a, limited range of alloy combinations
B. minimal impurity concentration b. significant impurity concentration
C. good microstructure uniformity ¢. poor microstructure uniformity
D1. convenient sample geometry for dl. inconvenient sample geometry for
mechanical property measurements mechanical property measurements
D2. convenient sample geometry for d2. inconvenient sample geometry for
nonmecharical property measurements nonmechanical property measurements
- E. slow quench rate avoids glass formation e. quench rate so fast that supersaturation
is limited by amorphous phase formation
F. start from crystalline state = can f. must nucleate crystal from noncrystalline
extend beyond Tj line state = cannot extend beyond T line

G. fast interdiffusion at low temperature
avoids amorphous phase formation

Table 2.3: Assessment of synthesis techniques for preparing highly supersaturated

solid solutions.
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2.5.1 Methods exploiting time-scale differences
Rapid cooling: vapor deposition and splat quenching

If a liquid or vapor is cooled rapidly enough, the atoms may not have enough time
to segregate by diffusion or organize themselves collectively into separate phases
before losing their mobility; instead, they may crystallize into the one phase that
is easiest to form for kinetic and/or thermodynamic reasons. Rapid cooling often
leads to supersaturation because the nucleation and growth of a crystalline phase
from a vapor condensing on a thin-film surface or in an undercooled liquid can
be so much faster than the atomic diffusion necessary for solute segregation, since
partitionless crystallization requires no long-range atomic diffusion. Both vapor
deposition and splat quenching can be used on an almost unlimited variety of
alloy systems, and the samples that each produces are generally free of contami-
nation by impurities. Vapor-deposited thin films usually have uniform thickness
and a columnar microstructure oriented perpendicular to substrate that is caused
by self-shadowing effects at the film surface [68]. The shadowing creates regions
between the columns of lower density than those within the columns but having
the same chemical composition, so this effect does not influence the amount of
supersaturation or most bulk properties. Splat-quenched foils typically have a
more complicated microstructure caused by the gradation of cooling rate across
the sample and as a function of foil thickness [55]. The slower cooling rate of splat
quenching in comparison to that of vapor deposition, on the other hand, often pre-
vents glass formation, thus extending the supersaturation range. The maximum
supersaturation attainable by either technique is limited by the T line because
the crystalline phase must be nucleated and grown from a noncrystalline phase
(except possibly if it can be grown epitaxially on a crystalline substrate)—if the

composition is beyond that given by the Ty line, there will be no driving force for
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nucleation and growth of the crystalline phase, and a glass will be formed (if phase
separation is suppressed). Finally, as indicated in Table 2.2 of the previous section,
the thin-film sample geometry of vapor deposition is poorly suited to density and
heat capacity measurements and can present a challenge for mean-square displace-
ment evaluation (from the Debye-Waller factor) because of significant texturing.
Splat-quenched foils are suitable for all of the measurements of Table 2.2, although
determining their elastic moduli is difficult: while the Young’s modulus can be
evaluated with some care by the vibrating-reed technique [69], determination of
the shear modulus by ultrasonic techniques [70] would require a shear transducer
of extremely high frequency (Z 50 MHz (71]) and special high-speed detection
equipment. The technique used to measure shear moduli of thin films, Brillouin
scattering, is not well adapted for use with foils because signals passing through
the foil and bouncing off the other side become too attenuated by the greater
travel distance. It may be possible, however, to adapt a technique developed by
R. B. Schwarz at Los Alamos involving a frequency-modulated magnetostrictive

coating to measure both shear and Young’s moduli in splat-quenched foils [72].

Diffusion asymmetry: implantation and hydrogenation

Instead of trying to find the “window” of cooling rates in which quenching is fast
enough to prevent solute segregation but slow enough to avoid glass formation,
one can take an alternative approach in which solute atoms are introduced into
a solvent matrix in such a way that they incorporate themselves directly into the
crystal structure rather than segregating into separate phases. Two experimental
realizations of this approach are implantation and hydrogenation: in both cases,
the diffusion rate of solute atoms is many orders of magnitude higher than that
of the matrix atoms under the sample preparation conditions. In implantation,

solute atoms are accelerated to high velocity and shot—Ilike bullets from a gun—
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into a sample (usually a thin film) made of the matrix element(s). Depending
on considerations of both kinetics and thermodynamics [73], the incoming atoms
can come to rest in interstitial sites of the lattice, or they can replace matrix
atoms substitutionally. It is experimentally found that upon reaching a critical
concentration, the incident atoms can cause the film to become partially or com-
pletely amorphous (see section 1.1.5). Hydrogenation works in a similar manner
as implantation but avoids the problems associated with radiation damage to the
matrix. Since hydrogen atoms are so much smaller than metal atoms, hydrogen
atoms diffuse much more rapidly in metals than metals themselves do [74, 75],
enabling the hydrogen atoms to incorporate themselves into interstitial sites in the
lattice of the host metal at temperatures too low té permit metal atom diffusion.
If there is no barrier to hydrogen on the surface of the metal matrix, then the host
crystal can be saturated with hydrogen merely by annealing it at low temperature
in an atmosphere of hydrogen gas at high pressure; the higher the gas pressure,
the higher will be the hydrogen concentration in the crystal because the chemical
pbtential of hydrogen in the solid must equilibrate to that of the gas (see section
3.2.4). Certain materials become amorphous upon absorbing high concentrations
of hydrogen during anneals at rather modest temperatures [76], a phenomenon
that is studied in detail in the following chapter.

The main advantage that these supersaturation techniques hold over vapor
deposition and splat quenching is that implantation and hydrogenation start with
the desired crystalline structure already formed. They do not need to nucleate
and grow it from a phase with different symmetry. Thus, they can in principle
achieve supersaturations beyond the Ty line (though not beyond the postulated
critical composition ¢* at which the Tp line has vertical slope) because there is no
need to have a driving force in the form of a free energy difference for nucleation

and growth of the crystal from another phase. Furthermore, fast solute diffusion
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in a crystal held at temperatures too low to permit thermally activated matrix
atom diffusion avoids the competing process of glass formation that limits su-
persaturation ranges in vapor deposition and splat quenching. Implantation and
hydrogenation introduce little or no impurities during sample preparation. While
there are no fundamental limitations on alloy combinations suitable for implanta-
tion, the usefulness of hydrogenation is limited to those alloys and intermetallic
compounds that have nonzero hydrogen solubilities; otherwise, the increase in hy-
drogen concentration attainable by raising the gas pressure during annealing will
be too small to measure. The microstructure of a hydrogenated crystal is quite
uniform because of the ease with which hydrogen atoms can diffuse to smooth out
concentration fluctuations; such solute diffusion is not possible in implanted crys-
tals once the incident solute atoms have lost their translational energy and settled
into a lattice position, making sample homogeneity a sensitive function of the dose
profile. To supersaturate regions that are thicker than the profile of a single dose
requires overlapping of subsequent doses, which increases the difficulty of creating
a homogeneous sample. Finally, the thin-film sample geometry of supersaturated
solid solutions made by implantation is inconvenient for both mechanical and
nonmechanical measurements, especially given the further complication of sample
inhomogeneity. Making mechanical tests on samples supersaturated with hydro-
gen can be difficult because of their generally brittle nature; in fact, most crystals
break up into a fine powder upon hydrogen absorption because of the strain en-
ergy induced by the volume expansion needed to accommodate the interstitial
hydrogen atoms. Such a powder presents no problems for nonmechanical testing,
however, as long as the hydrogen stays in the powder at the temperatures of in-
terest; if it does not, then the measurements can be made with the powder in
sealed containers (see sections 3.2.3 and 3.2.4) or the surfaces can, perhaps, be

oxidized or otherwise “poisoned” in order to form a barrier preventing hydrogen
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2.5.2 Method employing mechanical intermixing

The last common synthetic technique for extending solubility limits is mechanical
alloying. As described above (sections 1.1.3 and 2.3.2), this process achieves alloy-
ing by forcing interdiffusion between two components in the solid state through
severe deformation and mutual cold welding, but the exact mechanism for the
alloying is not presently understood. There are no fundamental limitations on
alloy combinations that can be made by milling, though harder elements and in-
termetallics are always contaminated by wear debris from the milling vial and
balls [78]. While mechanical alloying shares the advantage with implantation and
hydrogenation of having the desired crystal structure present from the start, the
range of amorphous phase formation by ball milling in many binary systems is
as wide as that of vapor deposition [44], resulting in little or no additional super-
saturation of crystalline phases over that achieved by vapor deposition [cf. ball
milling of Nb~Pd (section 2.3.2)]. Furthermore, sample uniformity is particularly
suspect in ball-milled powders: the range of grain sizes is quite wide (at least
one order of magnitude) even after the average has stopped changing [79] and
both alloyed and unalloyed wear debris is found in increasing concentration as
the milling progresses [38]. The limitations imposed by powder samples on mea-
surements are the same as described above with hydrogenated powders: not well
suited for mechanical measurements but fine for structural analysis, heat capacity

determination and thermal expansion measurement (by diffraction only).

2.5.3 Optimized sample preparation

Comparison of the various supersaturation techniques (Tables 2.2 and 2.3) points

to the general superiority of splat quenching for our particular experimental pur-
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poses. The solubility extension attainable by splat quenching may be limited by
the modest cooling rate (in comparison to that of vapor deposition, for instance),
but this characteristic serves to avoid equally undesirable glass formation. Most
importantly, splat-quenched foils are suitable for a wider variety of measurements
than the samples produced by any other technique. A detailed study of the prop-
erties of supersaturated Nb-Pd alloys prepared by splat quenching is found in
Chapter 4.

While limited to far fewer systems than splat quenching, hydrogenation has
the significant advantage of starting from the crystalline phase already present,
thus avoiding the problem of nucleating and growing it at high supersaturation.
This makes it possible, at least in theory, to extend solubility limits beyond the
Tp line. As a complement to the splat quenching of Nb-Pd alloys, we performed
a study of hydrogenated ErFe, and its stability against amorphization (Chapter
3).
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Chapter 3

Amorphization of ErFesDj 5

3.1 Why deuterate ErFe,?

As discussed in the previous chapter, hydrogenation is a promising method for
preparing highly nonequilibrium metallic solutions because hydrogen atoms can
diffuse into the matrix at temperatures much lower than those at which the metal
atoms may move, thus preserving the desired crystalline structure. The small size
of hydrogen atoms permits them to occupy interstitial sites in the metal lattice,
but not without inducing some volume expansion. The energy needed to expand
the lattice is derived from the energy gained from metal-hydrogen bonds. Above
a certain hydrogen concentration, however, the lattice can no longer maintain the
expanded crystalline structure—consequently, it transforms to another structure
or separates into multiple phases.

Surprisingly, upon annealing in a hydrogen atmosphere at temperatures be-
tween 25 °C and 250 °C, many intermetallic compounds of the form A;_,B,, where
A is a hydride-forming metal and B is a non-hydride-forming metal, collapse to
an amorphous phase rather than to one or more crystalline phases (section 1.1.1).
Many intermetallic compounds transform directly from the crystalline state with
no hydrogen to a hydrogenated amorphous state, while some others first pass

through an intermediate crystalline hydride state before becoming amorphous
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(1, 2]. ErFe, is a member of the latter class of compounds: upon being heated
in a hydrogen atmosphere, ErFe; transforms to a crystalline hydride at ~50°C
and then to an amorphous phase at ~220°C {2, 3]. If the amorphization of this
crystalline hydride occurs at a definite temperature rather than spread over a wide
temperature range, then the observed crystal-to-amorphous transformation might
provide an experimental manifestation of instability-induced amorphization, as
predicted by the polymorphous phase diagram of Fecht and Johnson, for instance
[4].

It was these considerations that motivated Fecht, Fu and Johnson [3] to in-
vestigate the enthalpy change associated with hydrogen-induced amorphization
of ErFe;. They placed a small amount of the crystalline hydride in a sealed
capsule and measured the enthalpy change upon heating in a differential scan-
ning calorimeter (DSC). To their surprise, they observed an unusual A-shaped
endothermic signal at ~200°C that seemed to be at least partially reversible.
Analysis of the sample by transmission electron mi/croscopy after cooling back to
room temperature revealed the presence of amorphous regions, suggesting that the
so-called “A-anomaly” is associated with the crystal-to-amorphous transformation
of the crystalline hydride. It is this claim ’that motivated us to devise experiments
to observe the structure of the hydride botﬁ below and above the anomaly; our
results [5, 6]—while not confirming those of Fecht et al.—shed some light on the
mechanism of hydrogen-induced amorphization and on the assumptions implicit
in the polymorphous phase diagram of Fecht and Johnson.

I begin the chapter by describing how we prepared the crystalline ErFe, hydride
starting material and the methods we chose to study its structure and properties
as a function of temperature. Then I briefly discuss the relationship between the
crystal structure of ErFe; and its various hydride phases. In the next section I

present the results of a combined DSC and high-temperature neutron diffraction
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study of the crystal-to-amorphous transition of deuterated ErFe;. The discus-
sion that concludes the chapter addresses the origin of the “A-anomaly” in the
experiment of Fecht et al. and then relates our findings to the mechanism of the

crystal-to-amorphous phase transition.

3.2 Experimental details
3.2.1 Ingot and deuteride synthesis

Ingots of ErFe, weighing ~ 5g were prepared from sublimed, dendritic Er lump
(REacton grade, 99.99 %) and vacuum-remelted, low-oxygen Fe lump (REac-
ton grade, 99.99 %) obtained from AESAR/Johnson Matthey [7]. Stoichiometric
amounts were weighed out and alloyed by induction melting on a silver boat in an
argon atmosphere. Each ingot was subsequently turned over and remelted at least
three more times to improve homogeneity. Each ingot was then sealed in helium in
a fused silica tube with a piece of titanium to act as an oxygen getter and annealed
at ~ 850 °C for at least two days, causing the ErFe, grain size to grow to a typical
diameter of 2 200 yum. The ingot was ground up with a mortar and pestle in an
argon atmosphere into a fine powder of particle size < 44 um by sifting through
a #325-mesh sieve; since the particle size is smaller than the average grain size,
a majority of particles will be single crystals of ErFe;. (This step was performed
to guard against possible distortion of enthalpy signals arising from grain bound-
aries.) The powder particles were then placed in a fused-silica tube connected to
a cylinder of deuterium (C.P. grade 99.5 % or research grade 99.99 %)—deuterium
was used instead of hydrogen to improve the signal-to-background level in neutron
diffraction (section 3.2.3). After repeated evacuation and purging of the tube with
deuterium, the gas pressure was raised to approximately 85 psi (5.9 x 10° Pa), and

a tube furnace was placed around the silica tube. The deuterium pressure was
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maintained at 85 psi while the temperature of the powder in the tube was raised
to 180-200°C for at least eight hours and then cooled slowly to room tempera-
ture. Uptake of deuterium was observed to occur very quickly, often even at room
temperature. Although oxidation of the surface of the deuterated powder upon
exposure to air renders the powder stable with respect to deuterium desorption at
room temperature (as confirmed by direct measurement—see section 3.2.4), the
powder was kept in a sealed container at all times as a precautionary measure.
Chemical analysis of the deuterium concentration in samples prepared by this

procedure found ~ 3.2 D atoms per ErFe, formula unit.

3.2.2 X-ray diffraction characterization

X-ray diffraction was used to characterize the ErFe, powder before and after
deuteration. Diffraction scans with excellent signal-to-background ratios were
obtained from an INEL 120° (26) position-sensitive detector mounted in Debye-
Scherrer geometry [8] with monochromated Co Ko radiation. Cobalt radiation
(A = 0.17903 nm [9]) is a better choice for these samples than the more commonly
used Cu radiation because Co-Ka photons do not excite fluorescence radiation
in Fe, as those of Cu do [10]. For the diffraction measurements powder samples
were mounted on glass slides with Formvar™ and held at a fixed incident angle of
~15°. Bragg peaks from both ErFe, and ErFe;D3, were very sharp, confirming
the presence of large grains [11]. No evidence for any secondary phases could be
found in the ErFe, scans or in most taken of ErFe,D3,; a second deuteride phase
in one batch of ErFe;D32 was made to disappear by repeating the anneal in a

deuterium atmosphere.



106
3.2.3 High-temperature elastic neutron diffraction

At temperatures above ~ 160°C the surface oxide of the ErFe; D3, powder breaks
down, allowing deuterium to escape from the solid (section 3.2.4); therefore, the
only way that deuterium can be kept in the solid during high-temperature mea-
surements is by containing the powder in a closed cell. This experimental con-
straint makes high-temperature x-ray diffraction almost impossible, since the can-
didate materials for making a sample enclosure—materials that scatter x-rays only
weakly, such as beryllium or other elements with low atomic number—are either
structurally rather weak or difficult to machine into a leak-tight container. In
contrast, neutrons, which have much smaller scattering cross-sections than x-rays
and, consequently, longer penetration depths, place no serious restrictions on cell
construction. The desire to study the structure of ErFe;Dj 5 near the “A-anomaly”
at ~200°C thus led us to perform elastic neutron diffraction on the deuterated
powder enclosed in a stainless-steel sample cell to be described below.

We made the elastic neutron diffraction measurements on the powder diffrac-
tometer at the Missouri University Research Reactor (MURR) utilizing neutrons
of wavelength 0.154720nm and a position-sensitive detector arranged in Debye-
Scherrer geometry [8] that covered a 20 angular range of 20°. Normalization of
individual 20° scan sections for later combination into a wide-range scan is fa-
cilitated by the ease of measuring the incident neutron flux Ip: a low-efficiency
detector is placed in the incident beam to measure a fixed fraction of Iy during
data collection at a given PSD position; because of the weak interaction between
neutrons and the detector material, the incident beam is not seriously attenuated
by the detector. Once the number of detected neutrons in the incident beam
reaches a preset value, the goniometer is rotated by 20°, the data from the previ-

ous scan are stored and a new scan is begun. By this method, diffraction scans



107

from 5° to 105° 26 could be measured in a sequence of five steps.

Another advantage of neutron diffraction over x-ray diffraction for our pur-
poses is the fact that neutrons scatter from light elements (i.e., those with atomic
number Z X 6) with roughly the same amplitude as from heavy elements [12],
while the amplitude of x-ray scattering is proportional to Z [13]. The difference
is most pronounced with hydrogen, for which position determination by x-ray
diffraction is practically impossible. Unfortunately, the common isotope of hy-
drogen (atomic mass number A = 1) is difficult to study by neutron diffraction,
as well, because nuclear spin incoherence of H leads to a high background level,
thus swamping out Bragg peaks from the sample in the noise from the counting
statistics. The problem is especially acute with ErFe,H,, since for z ~ 3, the
density of hydrogen in the solid is greater than that in liquid hydrogen! This
difficulty can be sidestepped by replacing the hydrogen atoms with their heavier
isotope, deuterium (A = 2), which has a much smaller incoherent neutron scat-
tering cross section {12, 14, 15]. This is why we studied deuterated ErFe, rather
than hydrogenated ErFe,, as in the original experiment of Fecht et al. The effect
of such a substitution on sample properties is often negligible; for example, the
isotope effect on the pressure-composition isotherms of hydrogenated ErFe, was
found to be quite small [16].

As mentioned above, it was necessary to seal the deuterated powder in order to
prevent loss of deuterium in the sample during diffraction scans at temperatures
above ~160°C. To accomplish this, we constructed a sample holder able to
withstand the buildup of pressure that may accompany the increase in chemical
potential of the solid-phase deuterium with temperature. This pressure rise can
conceivably be enormous: for a sample density of 8 g/cm?, volume packing fraction
of 10 %, temperature of 200 °C and drop in number of deuterium atoms per ErFe,

formula unit from 3.2 to 2.8, simple application of the ideal gas law predicts
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a pressure increase in excess of 20 atmospheres (2.03 x 10°Pa)! With this in
mind, we designed the sample cell sketched in Fig. 3.1. The construction of the
container not only had to be strong, but also the materials had to be impervious to
deuterium gas when heated as high as 300°C. For these purposes, we chose 1/8"
(3.18 mm) o.d. 304 stainless steel tubing with a wall thickness of 0.020” (0.51 mm)
and had it heli-arc welded to a mounting block on one end and to a “mini” {1.33”
(3.38 cm) diameter] Conflat™ flange on the other, both also made of 304 stainless.
The flange was sealed using a copper gasket. When the sample holder was filled
to tap density, it held approximately 850 mg of ErFe;D3;,. Because the sample
holder is located next to the sample powder, a diffraction scan of the sample
will include strong Bragg peaks from the stainless steel, most of which could be
distinguished from those of the sample by their much greater intensity. In order
to identify weaker stainless steel diffraction peaks, we made a scan of the empty
sample holder.

The heating unit surrounding the sample holder was designed by the staff at
MURR. It consisted of two resistance heating coils that surrounded the upper and
lower portions of the sample holder, a vanadium tube that acted as a heat shield
to improve temperature homogeneity and an aluminum case that enabled the
interior to be evacuated. Temperature measurement was made with a Chromel-
Alumel (type K) thermocouple in contact with the bottom of the sample holder.
The temperature controller could keep the cell within +£2°C of the setpoint, but
only after the unit was allowed to equilibrate. Unfortunately, equilibration took
from one to two hours in the temperature region in which we operated and was
often impossible to achieve at temperatures below 100°C. Upon changing the
temperature setpoint, the controller always caused an overshoot of 10 °C or more,
even for small setpoint changes, though the magnitude of temperature oscillations

dropped off steadily after the initial overshoot. While the long equilibration time
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Figure 3.1: Stainless-steel sample cell for neutron diffraction of deuterium-
containing powders at elevated temperature. Neither the stainless steel housing

nor the copper gasket react with deuterium at the temperatures of interest.
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and the overshoot problem affect the relative accuracy of temperature difference
measurements, the main causes of uncertainty in the absolute temperature are the
inefficiency of radiation heating in vacuum and the use of only one thermocou-
ple to measure temperature at the sample holder. For these reasons, I estimate
that the relative error of our temperature measurements was five degrees or less
for differences less than about 100°C, while the absolute uncertainty probably
increased from 10°C at a setpoint of about 100°C to 20°C or 30°C at setpoints
above 200°C. Fortunately, the large magnitude of these uncertainties did not
invalidate the high-temperature neutron diffraction measurements when assessed
in conjunction with the differential scanning calorimetry results, for which the
temperature is much more accurately calibrated.

For the actual neutron diffraction mea,suremehts, approximately 850 mg of
ErFe;D3, powder was sealed in the high-pressure stainless steel sample holder of
Fig. 3.1 under a helium atmosphere in a glove bag. Measurements were performed
at progressively higher temperatures from ~70°C to ~250°C. Typically, the
sé,mple holder was equilibrated for approximately 30 minutes upon reaching a new
temperature, and then a 30-180 minute neutron diffraction scan was measured
covering an angular range of 40-80°26. The 30-minute equilibration time was
sufficient to reduce the temperature fluctuation of the sample holder to within
+5°C, although the initial overshoot was usually on the order of 10°C above the

setpoint.

3.2.4 DSC of volatile samples

Another analytic technique that is highly sensitive to transitions in a specimen
is differential scanning calorimetry (DSC). Calorimetry is the measurement of
enthalpy H stored in a material relative to a reference state [for example, a typical

reference state used by chemists is standard temperature and pressure (STP):
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0°C and 1atm (1.01 x 10° Pa) pressure]. Scanning refers to the fact that the
enthalpy is measured as a function of temperature by raising or lowering the
temperature of the sample. Since the temperature is changed at a constant rate,
the quantity directly measured is the rate of change of H with time ¢t : dH/dt.
Finally, the technique is called differential because the actual sample dH/d¢ is not
measured directly; instead, the difference in d H/dt of the sample and of a reference
material is measured. This quantity, dAH/dt = d(Hsample—Hreference)/dt, can be
determined very precisely by comparing the power needed to heat the sample and
the reference at the same rate. Since the reference material (typically a noble
metal like Au) is chosen not to undergo any phase transitions in the temperature
range of study, dAH/dt will differ from dHsample/dt only by a continuous, nearly
constant function, which can be subtracted away easily.

I performed all DSC measurements on a Perkin-Elmer DSC4 operating be-
tween 35°C and temperatures as high as 425°C. Perkin-Elmer DSC’s maintain
the sample and the reference at identical temperatures by independently adjusting
the power input to the heaters of the sample and reference pans. The difference in
power supplied to each pan is directly proportional to dAH/dt, and the constant of
proportionality is determined by integrating the area under the endothermic melt-

ing peaks of standard samples with known latent heats of fusion Ly = (AH )mds:

(AH ) et = /T ? (%—?)P (%) N dT, (3.1)

where T is the onset temperature of the melting transition and 75 is the comple-
tion temperature. Enthalpy uptake (endothermic reaction) or release (exothermic
reaction) by the sample between any two temperatures can then be calculated
from the measured DSC scan according to the same formula.

Ordinarily, DSC measurements are made on samples in open pans, resulting in

measurements of enthalpy change at constant pressure. When the sample contains
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a volatile component, however, the evolution of gas must be suppressed because
(i) the strongly endothermic signal from outgassing may mask other transitions in
the sample and (ii) if only one component of the sample is volatile, such as deu-
terium in ErFe;D3 2, then the composition of the sample will change irreversibly in
the DSC during the first heating cycle. Both points (i) and (ii) must be considered
when searching for enthalpy changes in ErFe;D3, by DSC. For example, Fig. 3.2
shows the open-pan DSC scan of ErFe,Dj 4. X-ray diffraction of the sample after
cooldown finds a reduced lattice parameter characteristic of pure ErFe,; therefore,
we can attribute the large endotherm to evolution of deuterium from the sample.
The lack of an endothermic signal at temperatures below ~ 160°C confirms that
the surface barrier of the powder that prevents the deuterium from escaping re-
mains intact until temperatures well above room temperature are reached.

One method for overcoming the problems caused by the volatility of hydrogen
is to place the sample and reference in a deuterium atmosphere of high enough
pressure to exceed the vapor pressure of deuterium in the sample throughout the
témperature range studied. This is the approach taken by Aoki and colleagues
[17, 18, 19] using a high-pressure differential thermal analyzer- (DTA). (A DTA
instrument performs the same function as a DSC instrument but in a different
mannper: a DTA maintains a constant heating power to both sample and reference
and measures the temperature difference between the two, in contrast to the
opposite process used in a DSC.) Lacking such a high-pressure DTA unit, one can
maintain a fairly constant sample deuterium concentration by placing the sample
in a sealed DSC pan. A small amount of gas evolution will cause a rapid buildup
in the deuterium pressure above the sample in the cell until the chemical potential
of the gas equilibrates with the chemical potential of the deuterium in the solid.
Thus, gas evolution is reduced to the rate necessary to maintain equilibrium as

the sample temperature is changed.
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Figure 3.2: DSC trace of ErFe,D3; powder in an open aluminum pan. The large
exothermic signal is the heat needed to evolve deuterium from the solid phase to
the vapor phase. The small bump at low temperature will be explained in section

3.4.1.
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It is the latter method that Fecht, Fu and Johnson [3] adopted in their search
for the enthalpy signal of amorphization in ErFe;Hz4. They sealed their DSC
pans (Perkin-Elmer No. 0219-0062) by pressure-welding the aluminum base and
lid; however, such a construction has an interior overpressure rating of only
2atm (2 x 10° Pa) [20]. As suggested by the calculation in section 3.2.3, a 2atm
increase in pressure in the cell results in only a small change in sample hydrogen
concentration; unfortunately, the vapor pressure of ErFe,H3, climbs to nearly
10atm (1 x 10° Pa) at 80°C [21]! This precludes DSC measurements of ErFe;Hs 4
in the pans used by Fecht et al. unless some property of the material (such as a
surface layer of oxide from reaction with air [22] or with an oxidizing gas like SO,
[21] or CO [23]) acts as a barrier to hydrogen evolution. As we saw in Fig. 3.2,
breakdown of the air-induced oxide layer present on my samples (and on those of
Fecht et al.) occurs at ~160°C.

Fortunately, Perkin-Elmer manufactures two other models of high-pressure
DSC pans: one rated to 25 atm (2.5x 10° Pa) and the other rated to 150 atm (1.5 x
107 Pa) [24]. We decided for reasons of ease of use [25] to try the 25atm pans
(Perkin-Elmer No. 0319-0218) sketched in Fig. 3.3. The lid and base are con-
structed of 304 stainless steel and sealed together by a Viton™ O-ring. The seal
is actually made by squeezing the close-fitting lid over the base and O-ring using
a hand-held press; since the compressed metal opposes the force generated by in-
ternal overpressure, the O-ring must be capable of withstanding only a small force
at the seal. Temperature limits of the pan are determined by the glass transition
of the Viton rubber at —40°C [26] and the observed decomposition of the rubber
at temperatures 2 425 °C. While no leakage was ever detected from such a pan, it
was observed that the pan lid would irreversibly deform when the internal pressure
reached a high value, bowing out noticeably. The heat generated by deforming the

pan is exactly canceled by the cooling of the gas inside the pan upon expansion
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Figure 3.3: High-pressure (25 atm) stainless-steel DSC pan. The usable tempera-
ture range is limited by the thermal properties of the Viton O-ring, which makes

the seal when compressed between the base and lid. The cell volume exceeds 75 ul.
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of the internal volume. Nevertheless, a net endothermic signal (Fig. 3.4) occurs
because more gas must be evolved to re-establish equilibrium with the chemical
potential of the remaining gas in the solid. When the weight of ErFe,Dj, pow-
der in the 25-atm DSC pan exceeded ~ 75gm, the pan often exploded. Such an
event is easily detected in the DSC as an almost instantaneous jump in dH/dt
above the range of the most endothermic signal measurable! Since the pressure
in the pan is established by equilibration of the deuterium chemical potential in
the gas and in the solid, it may seem surprising that explosion of the pan would
depend on the amount of sample, since vapor pressure is an intensive quantity
characteristic of a material. One must remember, however, that the deuterium in
the gas that establishes the gas-solid chemical potential equilibrium must evolve
from the solid. Once it leaves the solid, the chemical potential of the hydrogen
in the solid decreases, since up = (0G/ONp)rp [27], where Np is the number
of deuterium atoms, and this derivative of G generally increases with Np. The
less material in the pan, the more the chemical potential will be lowered by the
equilibration process, because the concentration change in the solid will be pro-
portionally larger. The chemical potential of the deuterium gas is a monotonically

inCI'ea.Sing function Of pressure P:
: ‘CBQ nQ ) )

where ng = (M kgT/ 2#&2)3/2, M is the deuterium mass, and Z;, is the parti-
tion function of the internal degrees of freedom (rotational and vibrational) [28].
Therefore, a smaller deuterium chemical potential in the solid means a lower equi-
librium gas pressure for a given temperature T. Let us now turn the argument
around by considering what happens at the pan’s pressure limit Pp,..: The tem-
perature at which the gas reaches Pn.y will depend on the chemical potential of

the deuterium in the solid. The higher the chemical potential in the solid, the
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Figure 3.4: Endothermic signal from deformation of a high-pressure DSC pan
in response to the buildup of internal pressure upon heating ErFe;D3, powder.
No such peak is observed on subsequent scans. Pan deformation is concentrated
mostly in the lid but does not lead to seal failure until much higher pressures are

reached.
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lower the temperature at which the gas reaches Ppa,. Since the chemical potential
of the deuterium in the solid scales with the amount of sample in the pan, a larger
amount of powder in the pan will cause the gas to reach P, at a lower tempera-
ture (i.e., more material in the pan means that the equilibrium gas pressure starts
out closer to Ppay)-

The experimental protocol followed for each DSC scan was quite simple: First,
the 25-atm DSC pan bases and lids were pre-annealed under vacuum to remove
volatile surface impurities. Second, from 10 to 100 mg of ErFe;D3 5 powder was
sealed in a pan in a helium-filled glove bag; no grease was used on the O-ring.
Third, the sample was scanned in the DSC with an empty 25-atm pan base+lid (no
O-ring) as a reference. Scanning rates usually ranged from 5-20°C, though some
slower and faster scans were performed as part of a Kissinger analysis (section
3.4.4). Despite the relatively thick pan walls and the relatively poor thermal
conductivity of stainless steel, checking the melting point of elemental standards
in a 25-atm pan verified that no additional scan rate correction was needed beyond
that determined for the standard aluminum DSC pans, even for the fastest scan

(80°C/min) of the Kissinger analysis sequence.

3.3 Structure of ErFe; and its hydrides

Experiments have demonstrated that the structure of the hydride phases of ErFe,
is strongly influenced by the topology of interstitial sites in its crystal structure
(23, 29, 30, 31]. Measurement of the rate of hydrogen evolution from ErFe,H_,
0 < z < 4, found three distinct peaks for z 2 3, implying that hydrogen sites of at
least three different binding energies exist in the lattice [23]. While it is conceivable
that hydrogen atoms could substitute for metal atoms in the ErFe; lattice, the fact
that x-ray and neutron diffraction experiments find simply an expanded lattice

as r increases from 0 to ~ 3 indicates that hydrogen occupies only interstitial
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sites in the ErFe, lattice. ErFe; has the cubic C15 Laves structure (cF24) [32)
shown in Fig. 3.5 with lattice parameter 0.728 nm [33]. The many interstitial sites
available for hydrogen occupation are indicated in Table 3.1. All sites of a given
nearest-neighbor quadruple are identical thanks to the cubic symmetry of ErFe,.

Pressure-composition isotherm measurements have detected at least five dis-
tinct phases of ErFe;H, for 0 < =z < 4 [16, 35]. There are at least three expanded
C15 Laves structure phases for z < 3.2, one thombohedrally distorted C15 phase
for 3.2 < z 5 4 and another expanded C15 phase for z & 4. The hydrogen evolu-
tion measurements mentioned above, coupled with recent neutron diffraction work
[23, 29, 30, 31], conclude that for z < 3, hydrogen atoms occupy only A,B; sites
in a random manner, as expected from the fact that the A;B, sites are larger than
the AB3; and B, interstitial sites [30]. Even though the various A;B; sites of a
cubic structure are identical, two distinct evolution peaks are found for 1 S z < 3,
presumably resulting from the filling geometry of the A,B; sites in the lattice: for
1 < = £ 2 each A,B; site that is occupied by a hydrogen atom can be separated
By at least a sixth-nearest-neighbor distance, but for 2 < z < 3, the minimum sep-
aration of occupied A;B; drops to a fifth-nearest-neighbor distance [29]. When
z 2 3.2, the AB; site begins to be populated [23, 29, 30]. The rhombohedral
distortion (@ = 91.2° [30]) found at this composition breaks the equivalence of
the ABg sites, resulting in some being larger and the others smaller than in the
expanded C15 structure. The hydrogen atoms in ABj sites preferentially occupy
the larger sites for energetic reasons (less strain energy). Thus, the loss of cubic
symmetry enables the crystal to lower its overall strain energy by ordering the
ABj hydrogens. As z approaches 4, however, the amount of rhombohedral dis-
tortion is observed to decrease (23, 29] until at z ~ 4, the lattice is cubic once
again, probably because some of the smaller ABj; sites must be filled in order to

accommodate the extra hydrogen.
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Figure 3.5: Unit cell of the C15 Laves structure. The large spheres represent Er

atoms and the small ones represent Fe atoms. Diagram taken from Ref. [34].
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Number per Surrounding Nearest neighbors
ErFe,; formula unit atoms (formula unit AB.)
12 2 Er 4+ 2 Fe A,B,
4 1Er+3Fe AB;
1 4 Fe B,

Table 3.1: Interstitial sites in the C15 Laves structure of ErFe; (from Ref. [23]).

The size of the site decreases from top to bottom of the table.
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3.4 Results

3.4.1 Enthalpy signals in sealed-pan DSC measurements
of EI‘FegD3_2

Neutron diffraction and DSC measurements of sealed ErFe,D;, at elevated tem-
peratures were performed to settle questions about the “A-anomaly” found in the
DSC scans of Fecht, Fu and Johnson [3]. Four signals were observed in sealed-pan
DSC scans from 35-400 °C (Fig. 3.6): two reversible endothermic peaks with onset
temperatures of approximately 90°C and at 200 °C and two irreversible exother-
mic peaks with onsets at approximately 280 °C and 360°C. Let us consider what

high-temperature neutron diffraction reveals about each of them.

Endothermic peak at ~90°C

Elastic neutron diffraction scans at ~70°C and at ~ 100°C revealed that the
crystalline structure changes from rhombohedral below the tranmsition to cubic
above it (Fig. 3.7). We may understand such a rhombohedral-to-cubic transition
in terms of a change in interstitial site occupancy by deuterium atoms: Recall
that the rhombohedral distortion of the cubic C15 Laves structure occurs be-
cause. hydrogen atoms order in the AB3 (1 Er + 3 Fe) interstitial sites [23, 30).
Above a certain temperature, it is reasonable that the hydrogen atoms might
gain enough energy to jump between ABj sites, thus occupying all of them with
the same probability. Equal occupation of all AB; sites forces the lattice back
into the cubic configuration, as also occurs when the deuterium concentration ap-
proaches 4 deuterium atoms per ErFe; formula unit. Thus, we conclude that the
endothermic peak at ~90°C results from a reversible order-disorder transition of
the deuterium atoms in the ABj sites of the C15 Laves structure. The DSC scans

of this transition are usually quite asymmetric (though the trace shown in Fig. 3.6
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Figure 3.6: DSC scan of ErFe;Dj;; sealed in a 25-atm pan. The signal from the
pan itself was removed by subtracting a DSC scan of an empty pan performed
under identical conditions, and the high-pressure deformation signal (Fig. 3.4) was
removed by first scanning up to 250 °C and then cooling back to room temperature.
Since the two endothermic signals are reversible, this preliminary heating cycle
has no effect on the resulting scan except to remove the deformation endotherm.
The two exothermic signals are irreversible. At temperatures above about 425 °C,

the seal fails and the deuterium leaks out.
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Figure 3.7: Elastic neutron diffraction scans of the sample below and above the

endothermic peak at ~ 90 °C. Transition from a rhombohedral to a cubic structure

is signaled by the lack of peak splitting at the higher temperature. Regions with

no data result from deletion of Bragg peaks from the stainless-steel sample holder.
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is an exception)—see, for example, the scan of Fig. 3.8. Such asymmetry suggests
that the order-disorder transition may not be a first-order transition, an inter-
pretation that will be strengthened by the attempt to determine the activation
energy for the transition from a Kissinger analysis (section 3.4.4). Similar asym-
metric calorimetric signals caused by hydrogen rearrangement have been observed

in Ta,H (36, 37].

Endothermic peak at ~200°C

Our elastic neutron diffraction data find no structural change in the metal lat-
tice of ErFe;D3 5 upon passing through this reversible peak (Fig. 3.9). As with
the endothermic DSC trace at ~90°C, the asymmetric shape of this transi-
tion (Fig. 3.10) and the Kissinger analysis results suggest a higher-order phase
transiti;)n———possibly another order-disorder transition of the deuterium atoms.
More likely, however, the peak is just the Curie transition of the cubic Cl15
structure formed at ~ 90°C: neutron diffraction measurements on ErFe,D, with
z ~ 3.5 and C15 structure claimed to find a Curie transition temperature of
167°C [33]; the same authors measured the Curie transition of unhydrogenated
ErFe; to be 301°C. Assuming as a first approximation that the Curie temper-
ature depends linearly on z, we would expect to find the Curie transition of
ErFe;D32 at ~180°C. Given the crude approximations inherent in this estimate
and given the uncertainty of the deuterium concentration in the sample measured
in Ref. [33] and in our sample at elevated temperature, the agreement appears to
be rather close. Furthermore, we found that the rhombohedrally distorted room-
temperature ErFe,; D3, powder was attracted to a magnet at room temperature,
meaning that it is at least ferrimagnetic there (measurements have confirmed the
ferrimagnetism of ErFe,H,, z & 3 [29, 33]), but this does not necessarily mean

that the cubic C15 phase of the same composition is also ferrimagnetic between
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Figure 3.8: DSC scan of reversible rhombohedral-to-cubic transition in ErFe,Ds 5.

Asymmetry suggests that the phase transformation is not first order.
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Figure 3.9: Elastic neutron diffraction scans of the sample below, at and above
the endothermic peak at ~200°C. No change in the C15 Laves structure of the
metal atoms is detected. Regions with no data result from deletion of Bragg peaks

from the stainless-steel sample holder.
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Figure 3.10: DSC scan of reversible transition at ~200°C in ErFe;D3,. Asym-
metry suggests that the phase transformation is not first order; it may be just the

Curie transition.



129

its formation at ~70°C and the endothermic transition at 200°C. Performing a
DSC scan with the sample pan in a strong magnetic field created by a large (and
heavy!) permanent magnet held nearby didn’t affect the peak position, prob-
ably because the magnetic field was not strong enough to saturate the sample
magnetization.

Evidence of a change in the magnetic properties of the sample might have
been derived from the neutron diffraction data had our diffraction scan included
the (111) Bragg peak at ~20° 26, for the contribution of scattering from the
Fe magnetic moment to the integrated intensity of the (111) peak is stronger
than its contribution to any other Bragg peak [33]. Unfortunately, our counting
statistics were not good enough to detect the smaller magnetic contributions to
the intensities of higher-angle peaks.

Finally, it must be admitted that the shape of this transition resembles that
of the “A-anomaly” found by Fecht et al. at nearly the same temperature in
ErFe,H; 4. The enthalpy per mole derived from the integrated area of our DSC
signal [58 J/mol(atoms)] is much smaller, however, than that of the “A-anomaly”
[~ 440 J/mol(atoms)], suggesting that the peaks do not share a common origin. In
any event, no sign of amorphization was seen upon heating through this transition,
in contradiction to the claims of Fecht et al. Ishall return to the issue of the origin

of the “\-anomaly” below (section 3.5.1).

Exothermic peak at ~280°C

This prominent exothermic peak is not reversible; upon cooldown to room tem-
perature, the powder’s x-ray diffraction scan is found to have no Bragg peaks, im-
plying that the signal corresponds to amorphization of the sample (Fig. 3.11). In
the high-temperature neutron diffraction measurements, the Bragg peaks of crys-

talline ErFe,D; ; were observed to disappear between 220 °C and 240°C (Fig. 3.12),
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Figure 3.11: X-ray diffraction scans of ErFe; D35 heated above the first exothermic
peak at ~280°C (middle) and above the second exothermic peak at ~ 360°C
(top). Unlike the middle scan, the top scan has intensity maxima at the expected
locations for ErD,, indicating that ErD; has crystallized from the amorphous
phase. The peak at about 53°26 in both deuteride scans is close to, but slightly
shifted from, the position of the Fe (110) peak (bottom).
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which is ~ 50 °C lower than the onset of the corresponding DSC signal. This dis-
crepancy in amorphization temperature could result from temperature control
problems (such as overshoot, calibration inaccuracy, etc., discussed above in sec-
tion 3.2.3) and to the difference in time at which the sample is held at elevated tem-
perature in the DSC and in the neutron diffraction sample holder. We will discuss
the latter point below in connection with an activation energy for amorphization
(section 3.4.4). The enthalpy release upon heating through this transition ob-
tained by integrating the area of the exothermic peak! is ~ 6.7kJ/mol(atoms),
which is comparable in magnitude to the heat of fusion that one would esti-
mate (using Richard’s Rule [38]) for melting of the crystal at the amorphiza-
tion temperature: 5-9kJ/mol(atoms). Chemical analysis reveals a change in
(room-temperature) deuterium concentration from ErFe;Ds 2 to ErFe;Dg s, which
is in good agreement with the composition of the amorphous hydrogenated ErFe,

formed directly by annealing ErFe; in a hydrogen atmosphere at 240°C [3].

Exothermic peak at ~360°C

Since no neutron diffraction scans were recorded above 250°C, we had to deter-
mine any associated structural changes using x-ray diffraction of the powder after
it had been heated through this irreversible transition in the DSC and cooled back
down to room temperature. The x-ray diffraction scan has broad peaks similar
to those of the amorphous sample of the previous section, but the peaks of the
sample heated through the transition at ~ 360 °C can be indexed to the expected
Bragg peaks of ErD, and also, perhaps, to Fe (Fig. 3.11). The precipitation of
ErDj, should leave Fe-rich clusters, but only a peak near the strong (110) Fe posi-

tion is obvious; there are none corresponding to higher-order Fe reflections. Even

1Technically, this area is not exactly equivalent to AH because the pressure inside the sealed
pan is not constant during the transition. Unfortunately, there is no easy way to measure the
pressure change in the DSC pan.
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Figure 3.12: Elastic neutron diffraction scans of ErFe;D35 measured at ~220°C
and ~240°C. Peaks from the C15 Laves structure of the metal atoms vanish
between the two temperatures, leaving only a broad intensity maximum charac-
teristic of an amorphous phase. No recovery of the crystalline phase was observed
upon cooling back to 220 °C or to lower temperatures. Subsequent x-ray diffraction
scans of the amorphous powder were identical to those of the ErFe,D3, powder

heated above ~280°C in the DSC (Fig. 3.11).
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the possible Fe (110) peak is noticeably displaced from its position in bulk Fe,
though this could reflect lattice expansion due to interstitial D or to alloying with
Er. Analysis of the similar crystalline hydride GdFe,H, in a high-pressure DTA
by Aoki et al. found separate exothermic peaks corresponding to precipitation of
GdH; and Fe [19]. This suggests that the “(110)” peak is actually the nearest-
neighbor peak arising from amorphous Fe. Application of the Scherrer formula
[11] for the effect of small grain size on peak width suggests that the precipitated

ErD, grains are quite small:

N 0.9
~ Bcosfg

where )\ is the x-ray radiation wavelength (0.17903 nm for the Co-Ka radiation

L ~ 2nm, (3.3)

used in the scan of Fig. 3.11) and B is the full width at half maximum of the

diffraction peak at 203p.

3.4.2 Outgassing of deuterium

We have seen that the deuterium evolution found in the open-pan DSC scan of
ErFe;D3, (Fig. 3.2) necessitates the use of high-pressure DSC pans when inves-
tigating phase transitions in this material. Placing the sample in a sealed pan
does not, of course, prevent all deuterium evolution from occurring. As discussed
above, deuterium will leave the sample until the chemical potential of deuterium
in the gas phase is equal to that of the remaining deuterium in the solid; thus,
some concentration change in the solid must occur as a function of temperature.
The continuous outgassing of deuterium can, in fact, be observed in the increase
of the baseline of Fig. 3.6, in which the signal due to the pan has been subtracted
(the baseline increase begins below 160°C in this scan because I first heated the
sample to ~200°C to break the oxide surface layer). The heat needed to “boil
off” deuterium from the solid represents an endothermic contribution to the en-

thalpy change per unit time dH/dt measured by the DSC. As this is a continuous
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process (as long as deuterium remains to evolve from the solid), it will cause the
ErFe;D3 2 signal to rise above that of an empty pan (assuming “up” corresponds

to “endothermic”), which is exactly what we observe.

3.4.3 Concentration dependence of signal temperatures

If we suppose that the ease of amorphization in ErFe;Dj, is influenced by the
concentration of the deuterium still in the solid or by the pressure on the solid,
then we would expect the temperature at which amorphization occurs to depend
on the packing fraction of powder in the DSC cell or in the neutron sample holder,
where packing fraction is defined as the ratio of sample volume to container vol-
ume. This is in fact what is observed: the onset temperature of amorphization
decreases as the packing fraction is increased (Fig. 3.13). An opposite tempera-
ture dependence of ErD; precipitation on packing fraction is also found. The onset
temperature of the endothermic order-disorder transition at ~ 85 °C does not have
a noticeable packing-fraction dependence; unfortunately, the signal from the pos-
sible Curie transition at ~ 200°C was masked by the endothermic peak associated
with pan deformation (section 3.2.4). The lack of temperature dependence in the
order-disorder case may be due to the fact that at low temperatures there is
less difference in deuterium concentration for different packing fractions than at
high temperatures, while the opposite temperature dependences of the exothermic
transitions can be explained by the atomic-level mechanisms for amorphization
and crystallization.

Since the packing fraction of the neutron sample holder was ~ 0.14, we would
expect from Fig. 3.13 that the onset of amorphization in the neutron diffraction
experiments would occur at ~ 280 °C. This prediction is still ~50°C higher than
the temperature actually observed; as promised above (section 3.4.1) we will now

investigate to what extent the temperature offset can be explained as an effect of
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an activation energy for amorphization.

3.4.4 Kissinger analysis-derived activation energies

According to Kissinger [39], the activation energy E, of a single, thermally acti-
vated endothermic or exothermic first-order transition seen in a DSC trace can be
estimated from the dependence of the transition peak temperature 7}, on scanning

rate r according to the equation:

d(ln %
(1) _”‘;') & »

This expression is accurate only when the reaction is dominated by one thermally
activated process with an Arrhenius temperature dependence; if, for instance,
both nucleation and growth occur during the reaction, the analysis may give a
spurious result [40, 41]. In particular, for a higher-order transition, which has no
nucleation barrier, T;, will be independent of r. Application of Eq. (3.4) to such a
situation will result in unphysically high estimates of E,. Kissinger plots for the
two endothermic and two exothermic reactions seen in the DSC scans are given
in Figs. 3.14(a)-3.14(c). The slope of the line provides an estimate for E,, and
the error of the least-squares fit provides a measure of the statistical uncertainty
in F,. The deuterium order-disorder reaction at 90°C has an apparent activation
energy of 16 eV /atom at slower scan rates and 2 eV /atom at faster scan rates; this
unphysical behavior (especially the high activation energy at slower scan rates)
supports our interpretation (section 3.4.1) of the peak’s asymmetric shape as an
indication of a higher-order phase transition. A similar conclusion follows from
the poor fit and high activation energy of ~5eV/atom for the possible Curie
transition at 200 °C.

The exothermic amorphization reaction at ~280°C has an activation energy

of 1.02 £ 0.04 eV /atom, although the deviation of the data points from a straight
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line indicates that one or more of the assumptions necessary for the success of
Eq. (3.4) has broken down. The problem likely arises from interference of activated
growth with the signal from nucleation of the amorphous phase. Hence, the value
derived for FE, should be viewed as only an approximation to the true value. The
Kissinger analysis estimate of the activation energy for crystallization of ErD, is
2.65 + 0.04 eV /atom. In section 3.5.2, I shall discuss the proper interpretation of
these energies in light of an atomic mechanism for both transitions.

Finally, the fact that a reaction has an associated nucleation barrier results in
a time dependence of the reaction temperature. In other words, the (apparent)
onset temperature at which a reaction occurs will depend on the time at which the
sample is left at that temperature: depending on the activation energy a reaction
may take, for instance, one hour to complete at 150 °C but only a minute at 175°C.
The activation energy £, ~ 1eV/atom for amorphization allows us to calculate
how long amorphization would require at the temperature at which it was seen in
neutron diffraction (230 °C), given that it takes ~ 3 min to complete starting from
an onset of 280°C in the DSC (at the packing fraction of the neutron diffraction
sample holder—see Fig. 3.13). To make such an estimate, we need only use the

standard empirical expression for the diffusion coefficient D [42]:
D = Doexp (—E,/ksT), (3.5)

where Dy and E, may vary with composition but not with temperature. Since
the units of D are [Length]*[Time|™!, the characteristic length Lo over which
diffusion occurs in a time t at a temperature T3 is just \/D(T1)¢(Ty). Thus, the
time required for diffusion over the same distance Ly at a different temperature
T, is just:

4T = Tew [ (7 - )] (3.6)

Inserting the above numbers into Eq. (3.6) yields a time required for amorphiza-
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tion at 230 °C of 24 minutes, which is about the same as the minimum equilibration
time spent between neutron diffraction measurements. This provides a reasonable
explanation for the temperature offset between the neutron and DSC amorphiza-

tion reactions.

3.5 Discussion
3.53.1 Isthe “)A-anomaly” associated with amorphization?

The results described above make it highly unlikely that the apparent “A-anomaly”
in the DSC trace of ErFe,Hs 4 seen by Fecht, Fu and Johnson [3] is related to
a reversible amorphization reaction. Not only was (irreversible) amorphization
found in the high-temperature neutron diffraction experiments at a temperature
at least 30 °C above that of the “A-anomaly,” but the signal from the deformation
of the stainless-steel DSC pan (Fig. 3.4), which was found at about the same
temperature as the “A-anomaly,” would be expected to .occur in response to a
much higher internal pressure than the 2atm (2 x 10° Pa) rating of the sealed
aluminum pans used by Fecht et al. That is, the pans used by Fecht et al. could
not have remained intact upon heating through the endothenﬁic transition that
we saw at ~ 200°C, because their seals would have broken upon reaching the
temperature at which outgassing from the powder begins.

In fact, it is reasonable to suppose that the “)-anomaly” is simply the de-
formation peak of a sealed aluminum pan: the low-temperature edge would rise
for the same reasons as with the deformation peak of the stainless-steel pans (gas
evolution from the sample necessary for re-establishing equilibrium) and the quick
drop-off on the high-temperature side might result from a sudden ceasing of the
deformation. That is, the deformation of the aluminum might proceed rapidly

until reaching a point at which further deformation can only occur by breaking
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the seal, a process that may require significantly more internal pressure than that
needed for the initial deformation. Indeed, several scans of ErFe,D5 5 in the same
sealed aluminum DSC pans used by Fecht et al. produced “A-like” signals just be-
fore seal failure [Fig. 3.15(a)]. The temperature at which the anomaly occurs is the
same as the temperature at which the oxide layer is broken and deuterium begins
to evolve from the powder. We could even reproduce the “partial reversibility”
found by Fecht et al.: if the sample is heated to a point above the “\-like” signal
but below the temperature at which the sample pan breaks open, then cooled
back to room temperature and reheated, a second “A-like” signal can be observed
that is weaker in magnitude than the first and displaced to a lower temperature
[Fig. 3.15(b)]. This result is consistent with pan deformation, since once the sur-
face oxide layer is broken and deuterium evolution can occur—as seen in the first
scan’s “A-anomaly”—then deuterium evolution will begin at a significantly lower
temperature, so the pressure buildup will occur faster during the second scan than
the first. The smaller magnitude of the signal is probably related to the smaller
amount by which the aluminum pan can deform a second time before breaking.
Lastly, we must question the finding by Fecht et al. of amorphous regions
in TEM images of ErFe;H3 4 heated through the “A-anomaly” and cooled back
down to room temperature. We saw no amorphous regions in x-ray diffraction
scans of ErFe;D3 2 heated to just below the amorphization exotherm. Perhaps the
amorphous regions seen by Fecht et al. were an artifact of TEM sample preparation
or were caused by the influence of the electron beam and degassing of the sample

in the microscope.

3.5.2 Exothermic amorphization

Convincing evidence that hydrogen-induced amorphization is exothermic in RE-

Fe; compounds (RE = rare earth) was first obtained by Aoki and coworkers using
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Figure 3.15: DSC scans of ErFe;D3; in sealed aluminum pans of the type used
by Fecht et al. [3]. Scans from several individual runs terminating in pan failure
are found in (a). In (b), the first scan was stopped before the pan failed; the
second scan from room temperature indicates both a rise in the baseline (caused
by outgassing of deuterium at lower temperature, since the oxide layer was broken
during the first scan) and a “A-like” peak displaced to lower temperature. Fecht

et al. suggested that this was evidence for partially reversible amorphization.
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a high-pressure DTA [17, 18, 19]. Their study of GdFe;H, [19], which has an
expanded C15 Laves structure like that of ErFe,D;, (above the order-disorder
transition), found the same sequence of transitions that we obtained in ErFe;Ds 5:
first, amorphization occurred, then precipitation of the rare-earth dihydride, and,
finally, crystallization of pure Fe to achieve the equilibrium mixture of RE-H; +
a-Fe. (Temperature limitations of our high-pressure DSC pans prevented us from
measuring the Fe crystallization step in ErFe;D3,.) The measured dependence of
GdFe; hydride amorphization and crystallization temperatures on ambient hydro-
gen pressure in the DTA was qualitatively the same as the transition-temperature
dependence on packing fraction (section 3.4.3) for both transitions in ErFe;Ds .
Using the Kissinger analysis technique, Aoki et al. also determined the activation
energies for each transition, again finding similar values to those we obtained for
ErFe,D;, (Table 3.2).

If polymorphous amorphization is thermodynamically similar to melting—as
we claimed in Chapter 1—and if thermally induced amorphization of a hydro-
genated crystalline intermetallic compound is polymorphous—as we would ex-
pect it to be, since it occurs at low temperatures, where the metal atoms lack
mobility—then the enthalpy signal upon amorphization should be endothermic,

not strongly exothermic as we measured!

Atomic-level structural change upon amorphization

‘This counterintuitive result can be understood from an analysis of the change
in the atomic-level structure of the sample during the amorphization transition.
The majority of information that we have about the amorphous phase is found
in its x-ray diffraction scan, which has an unusual amount of structure for a
diffraction scan of an amorphous solid. To first approximation, we can ask if

any of the intensity maxima in the amorphous diffraction scan correspond to a
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E,
Transition ErFe; D, GdFe H,.
(eV/atom) (eV/atom)
amorphization 1.02 - 0.04 1.2

hydride crystallization 2.65 £ 0.04 2.1

—r

Table 3.2: Activation energies for amorphization of ErFe;D3, and GdFe,H, ; and
for crystallization of the rare-earth hydride as measured by the Kissinger analysis

technique. All data on GdFe;H, ; taken from Aoki et al. [19].



144

reasonable interatomic distance in the solid. For an intensity maximum centered
on a diffraction angle 20, the corresponding interatomic spacing dy, is given by
Ehrenfest’s formula [43]:

A

I = K, (3.7)

where A is the wavelength of x-ray radiation and K is a constant equal to 1.1-
1.2. Keeping in mind that the assumptions made in deriving this formula render
it useful only for order of magnitude predictions in most cases [43, 44], we get
distances of dy, &~ 0.35 nm for the lowest-angle maximum and dp, = 0.25nm for
the next-highest-angle maximum in Fig. 3.16. In ErFe,, the Fe-Fe bond distance
is 0.257nm, Er-Fe is 0.301 nm and Er-Er is 0.314nm [45]. It is tempting to
identify the first intensity maximum with the Er—-Er bond length and the second
maximum with the Fe-Fe bond length. These peaks can be distinguished only
if the amorphous phase has relatively few Er—Fe nearest neighbors; otherwise,
overlap with the signal from Er-Fe bonds—which would fall between the other
two maxima—would result in one broad intensity maximum in the diffraction
scan. That the amorphous solid has relative few Er~Fe nearest neighbors strongly
implies the existence of short-range clustering of Er and Fe atoms with other
atoms of the same kind.

This clustering explanation for the structure of the amorphous diffraction scan
has been placed on a firm foundation by comparison of the radial distribution
function (RDF) of amorphous ErFe, with that of hydrogenated amorphous ErFe,
[45].2 The difference in partial coordination numbers (Table 3.3) between crys-

talline ErFe; and amorphous ErFe; (prepared without hydrogen by thin-film de-

2For the RDF measurements of Ref. [45], the hydrogen-containing amorphous phase was
obtained by hydrogenating an already amorphous film of ErFe, rather than by inducing a crystal-
to-amorphous phase transition in the crystalline hydride, as we did with ErFe;D3 5. We believe
that both techniques should lead to the same amorphous structure, however, since comparative
studies of hydrogenation of amorphous and crystalline ZrzRh found no significant structural
differences in the final states [46, 47].
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Figure 3.16: X-ray diffraction scan of amorphous ErFe; D, 5. The unusual split first
intensity maximum can be identified with Er-Er and Fe-Fe interatomic spacings,
while the lack of intensity in between these peaks can be attributed to a dearth
of Fe~Er nearest-neighbor bonds in the amorphous structure. Intensity maxima

positions predicted by use of Eq. (3.7).
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position) provides evidence for a moderate increase in Fe-Fe and Er-Er clustering
in the amorphous state. The clustering becomes almost complete, however, with
the addition of hydrogen: the partial correlation number of Fe-Er drops from 6
in the crystal to 3.1 in a-ErFe; to 1.1 in the hydrogenated glass! It is no surprise,
then, that a contribution to the nearest-neighbor amorphous peak from Fe-Er
interatomic distances is missing from' the x-ray diffraction scan.

The increase in Er-Er nearest-neighbor distance upon amorphization (Ta-
ble 3.3) suggests that amorphization relieves the compression of the rare-earth
spacing characteristic of the Laves phase [29, 48]: compare the Er-Er interatomic
distance in pure Er (0.3468 nm [49]) to that in ErFe; (0.314nm) and in the hydro-
genated glass (0.361nm). Neither amorphization nor subsequent hydrogenation
have much effect on the Fe-Fe or Fe-Er spacings. Hydrogen atoms in the amor-
phous phase must be be found almost entirely in the Er clusters, since the Er-Er
spacing increases upon hydrogenation while the Fe-Fe spacing does not [45]. This
is not surprising, given the relatively high solubility of hydrogen in rare-earth met-
als and the large, negative heat of mixing of hydrogen with Er. The Er~Er spacing
measured in hydrogenated amorphous ErFe; is quite close to the distance that we
estimated from the Ehrenfest equation; clearly, it corresponds to a reasonable

position for the lowest-angle amorphous intensity maximum in Fig. 3.16.

Diffusional activation energy for clustering

An activation energy E, ~ 1.0eV/atom for amorphization of ErFe,Ds, was de-
termined by the Kissinger method. This energy must correspond to the barrier
hindering atomic rearrangement from the expanded C15 Laves phase of crys-
talline ErFe; D3 to the clustered amorphous state of ErFe;Dgs. The change in
short-range configuration found in the RDF analysis requires some diffusion of

metal atoms to occur. We expect Fe atoms to diffuse much more rapidly in
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e

Bond Interatomic distance?® Coordination number®
dx da dh Ny Ns Nh
(nm) (nm) (nm)

Fe-TFe 0.257 0.257+0.005 0.262 %+ 0.005 6 72+£0.2 10.5+0.2
Fe-Er 0.301 0.299 +0.005 0.305 % 0.005 6 3.1+02 11402
Er-Er 0.314 0.341 £0.005 0.361 & 0.005 4 70+02: 9.6+£05

®Subscript key: x = crystalline ErFe,, a = amorphous ErFe,,

h = hydrogenated amorphous ErFe;.

Table 3.3: Partial coordination numbers and nearest-neighbor spacings in crys-
talline ErFe;, amorphous ErFe; and hydrogenated amorphous ErFe,. All data

from Matsuura et al. [45].
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ErFe;D3, than Er atoms, because the Fe atoms are much smaller than the Er
atoms. While there are no known measurements of the activation energy for Fe
diffusion in ErFe,D;; (Goldschmidt radius rp. = 0.126 nm [50]) or even in bulk
Er (rgr = 0.1750m), we can get an idea of its value from the measured E, for
the diffusion of Au (raw = 0.144nm) in Er: 0.66eV/atom parallel to the c-axis
of Er and 1.0eV/atom perpendicular to it [51]. The activation energy for Au
diffusion in ErFe; D3, would probably be higher, since the “average metal atom”
is smaller in ErFe;D3; than in pure Er, but Fe atoms are smaller than Au atoms,
which would tend to lower the activation energy, so it is reasonable to assign the

activation energy E, =~ 1.0 to Fe diffusion.

Enthalpy release and concentration dependence of amorphization

The proposed clustering mechanism of amorphization in ErFe;D3; successfully
accounts not only for the intensity maxima seen in the diffraction scan of the
amorphous phase and for the activation energy determined by Kissinger analysis,
but also for the large enthalpy release associated with amorphization and for the
packing fraction dependence of its transition temperature. First, the exothermic
heat release can be seen to arise from the change in local environment of the deu-
tertum atoms in the solid. Instead of having at most two Er nearest neighbors-—to
which an interstitial deuterium atom is limited in the C15 crystalline structure (see
Table 3.1)—the deuterium atoms in the amorphous phase can surround themselves
almost entirely with Er atoms by occupying interstitial sites in and around the
Er-rich regions. The clustering enables the deuterium atoms to avoid energetically
unfavorable Fe neighbors. The enthalpy release gained from this favorable change
in deuterium environment provides the energy to drive the atomic-level decompo-
sition of the crystalline phase (through Fe diffusion) that results in amorphization.

Hydrogen-induced amorphization has long been attributed to the energetically ad-
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vantageous hydrogen environments present in the amorphous phase [52]; we have
succeeded in directly measuring the sizeable enthalpy release associated with the
energetic driving force for amorphization.

Second, the fact that the amorphization transition temperature decreases as
the packing fraction (PF) in the sealed DSC pans increases (Fig. 3.13) can be
attributed to a concentration dependence of the amorphization mechanism. Recall
that for a given temperature, a higher PF corresponds to a higher concentration of
deuterium in the crystalline phase. Also, the more deuterium present in the solid,
the larger the lattice parameter of the C15 unit cell will be, meaning that the
metal atoms will be farther apart. The greater the spacing between metal atoms,
the easier it will be for the Fe a,tom$ to diffuse out of their crystalline positions—
hence, the lower tefnperature required for amorphization at higher PF. The same
argument explains the pressure dependence of the amorphization temperature
and activation energy in GdFe;Hy, observed by Aoki et al. [19]. Decrease of the
transition temperature and of the activation energy with higher ambient hydrogen
pressure can both be attributed to the expanded crystalline lattice resulting from

the increase in hydrogen concentration in the solid phase with pressure.

Diffusional activation energy for ErD, crystallization

The activation energy for crystallization of ErD; in amorphous ErFe;D; g deter-
mined by Kissinger analysis is E, =~ 2.7eV/atom. This value is much higher
than the E, for amorphization, which implies that a different mechanism gov-
erns crystallization of ErD,. It is reasonable to assume that a certain amount of
atomic rearrangement in the Er+D clusters will be necessary for crystallization
to occur. Therefore, the measured activation energy may correspond to Er dif-
fusion, which would likely be the rate-limiting step in the crystallization process;

not surprisingly, the activation energy for ErD, crystallization is close to that of
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Er self-diffusion (3.1eV/atom [53]). Furthermore, the observed increase in the
crystallization temperature with PF can be attributed to the higher deuterium
concentration in the Er+D clusters hindering Er rearrangement. Aoki et al. [19]
found a similar increase in the GdH; crystallization temperature with increasing
ambient hydrogen pressure.

Finally, no activation energy could be measured for crystallization of the amor-
phous Fe regions because it occurs at a temperature higher than the maximum at
which the high-pressure DSC pans remain sealed (the Viton O-ring begins to de-
compose around 425 °C). No activation energy for Fe precipitation in amorphous

GdFe,Ha 5 was reported by Aoki et al., either.

3.5.3 Violation of the polymorphous constraint

The clustering of Er and Fe during amorphization of ErFe;D3 5 described in the
previous section occurs without apparent phase separation, at least as phase sep-
aration is traditionally considered. The clusters of Er and Fe are probably smaller
than the ~2nm ErD, regions that crystallize at a higher temperature (section
3.4.1). Thus, the chemical composition profile of the amorphous phase is essen-
tially uniform except when considered at an almost atomic length scale! If we did
not know about the short-range clustering, we might think that the deuterium-
induced amorphization of ErFe, occurred polymorphously.

But polymorphous amorphization—just like polymorphous melting—should
be endothermic: At the polymorphous transition temperature Ty, Go-Gx =
AH —TyAS = 0, which means that AH = T;AS. Since the amorphous phase has
a higher entropy than that of the crystal (except at the critical point of the poly-
morphous phase diagram of Fecht and Johnson [4]), AH > 0. But we measured
AH < 0 for amorphization of ErFe,D3 4. Hence, the transition could not have oc-

curred at the polymorphous melting point Tp. Apparently, the clustering observed
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in the amorphous phase, despite the very short range over which it occurred, was
enough to change the thermodynamics of the amorphization transition from what
one would expect of a polymorphous transition to one that is completely different.
If the amorphization is not truly polymorphous, then AG need not be zero at the
transition. For the reaction to occur spontaneously at a given temperature Ty, it
is necessary for the free energy to drop (i.e., AG < 0). This requires only that
AH -T,AS < 0or AH < T,AS. A negative enthalpy change and a positive
entropy change are certainly consistent with this relation; in fact, both help to
satisfy it. Thus, from this perspective the exothermic heat release upon amor-
phization merely indicates that amorphization occurred nonpolymorphously at a

temperature T, < Tp.

Superheating with respect to the clustered state

Since AH <« 0 and AS > 0 (clustering could make AS negative, but that
tendency is offset by the topological disorder of the clustered regions), AG =
AH — T,AS < 0. Thus, before amorphization the crystal is in a highly su-
perheated state! It is so superheated, in fact, that it is almost certainly heated
beyond the “inverse Kauzmann” temperature proposed by Fecht and Johnson [4],
if one could define the entropy of the clustered liquid corresponding to the ex-
perimentally obtained clustered amorphous state. The free energy curves drawn
in Fig. 3.17 illustrate this superheating as a function of deuterium concentration.
The concave free energy curve accounts for the tendency of the amorphous phase
to decompose into clustered regions of different composition. This diagram is also
consistent with the compositional dependence of the amorphization temperature
as inferred from its packing-fraction (PF) dependence. The higher the PF, the
higher the concentration of deuterium in the sample at a given temperature. Since

the driving force for amorphization, AG, increases as the amount of deuterium
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Figure 3.17: Schematic free energy curves of crystalline and amorphous phases
of ErFe;D. as a function of deuterium concentration z. The driving force for
amorphization with clustering is given by the downward arrow. The concave free
energy curve of the amorphous phase accounts for its tendency to decompose into

clustered regions of different composition.
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in the solid increases, the amount of additional thermal energy needed to cause
the amorphization reaction to proceed will decrease with increasing deuterium

concentration. Thus, the reaction temperature goes down with increasing PF.

Phase diagram of ErFe;4-D

Using schematic free energy curves as in Fig. 3.17, we can infer a possible phase
diagram for the deuterated ErFe; system having an unusual feature (Fig. 3.18).
A miscibility gap appears in the amorphous phase at a temperature T* due to
development of a region of negative curvature in the associated free energy curve
G a; below T™ the homogeneous amorphous phase decomposes into clustered states
with compositions at the minima of G,. At still lower temperatures, the free
energy curve of the crystalline phase drops below that of the amorphous phase,
passing first through a eutectic-like condition at Te», at which the two amorphous
phases and the crystalline phase simultaneously satisfy the chemical potential
equilibrium conditions (as indicated by the common-tangent construction). Below
T.», which may be negative, the crystalline phase opens up into an equilibrium
phase field. Upon heating of a sample with composition ce+ from the single-phase
crystalline region to a temperature above T.«, the system transforms into two
liquid-like phases—a sort of inverse analogue to eutectic solidification, in which
a single-phase liquid transforms into two crystalline phases. (For this reason, we
have given it the name inverse eutectic.) The T; line for the crystalline phase is
sketched into the phase diagram, as well. Just as with the polymorphous phase
diagram of Fecht and Johnson (section 1.5.3) the Tj line indicates a boundary to
superheating and supersaturation of the crystalline phase. It is improbable that
the crystalline phase of such a diagram could melt or amorphize polymorphously
because the Tj line is located entirely within the miscibility gap of the amorphous

phase—only if the crystal were somehow driven intact beyond the T line could it
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Figure 3.18: Possible phase diagram for ErFe,+D derived from free energy curves
of the type in Fig. 3.17. The crystalline phase opens up into a phase field below the
temperature T... Heating from this crystalline region to a temperature above T..
causes a crystalline phase to transform to two amorphous phases—a sort of inverse

to eutectic solidification, in which a liquid phase transforms into two crystalline

phases.
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then transform to a uniform amorphous phase.

The prediction of this schematic phase diagram regarding the unlikelihood
of observing polymorphous amorphization in ErFe,Ds, is probably true of all
known examples of hydrogen-induced amorphization. The clustering mechanism
that we have deduced from the structure of amorphous deuterated ErFe, may
be a universal feature of such crystal-to-amorphous transitions, regardless of
whether the material first forms a crystalline hydride or transforms directly to
the amorphous phase. When discussing the topological change in a crystal upon
hydrogen-induced amorphization, Dubois [54] has emphasized the importance of
the role of preferential chemical bonding (such as between a rare-earth element
and hydrogen) and the unsuitability of simple disorder parameters like atomic-
size mismatch or atomic mean-square displacement for describing this particular
crystal-to-amorphous transition. In this respect, hydrogen-induced amorphization
may be better understood as a chemical reaction than as an instability-induced

thermodynamic phase transition.
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Chapter 4

Precursors of instability in
Nb—Pd solid solutions

In the previous chapter we saw that supersaturation of ErFe, by hydrogenation
led to a violation of the polymorphous constraint on an almost atomistic length
scale and caused amorphization to occur in a completely different manner than
expected from the polymorphous phase diagram. Instead of being reversible and
endothermic, the amorphization was irreversible and strongly exothermic. We dis-
cussed reasons for suspecting that all hydrogen-induced amorphization transitions
will share these characteristics. The anisotropic bonding behavior of the hydrogen
(strongly favoring the rare-earth atoms over the transition metal atoms) leads to
the clustering that results in a fundamental change in the short-range order of the
material, rendering the polymorphous diagram inapplicable.

A way to avoid the asymmetric bonding problem of a ternary system—espe-
cially of one involving hydrogen—is to disorder a binary alloy simply by changing
the relative concentrations of its components. In order to get an accurate measure
of the variation of alloy properties as the composition nears the postulated stability
limit of the crystalline phase, it must be possible to change the composition over
a rather extended range (say, 15 at.% or more) without changing the symmetry

of the crystalline phase. Solid solutions with such an extended solubility range
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tend to occur only when the relative size difference of the component atoms is
less than 5%, but as discussed in section 2.2, the Tp line that corresponds to
such a small atomic size difference usually has a very shallow slope, making it
uncertain whether it will ever become vertical. On the other hand, steep Tj
lines correspond to large relative atomic size differences, but according to the
empirically well-founded Hume-Rothery Size-Factor rule {3}, such alloys do not
have extended solubility ranges. As is frequently the case, the requirements of

experiment and theory are at loggerheads.

4.1 Why Nb-Pd?

A promising compromise, however, is found in the Nb-Pd binary system [1, 2].
The phase diagram (see Fig. 2.10) [4, 5] reveals a solid solubility range of the
terminal Nb (bcc) phase (also called a-Nb) out to ~ 36 at.% Pd at 1520°C as well
as narrowly spaced liquidus and solidus lines that allow the position of the T, line
to be estimated fairly accurately. The far edge of the equilibrium single-phase
Bcc phase field approaches within ~7at.% Pd of the T line at 1520°C ) (see
Fig. 2.16). While Nbygo-,Pd, has an fec phase at 49 < z < 60 (called a-NbPd),
it is unstable below 1255°C; at room temperature the nearest intermetallic to
a-Nb is NbPd,, which has a body-centered orthorhombic MoPt;-type structure.

Previous studies described in Chapter 2 (section 2.3.2) found that vapor depo-
sition is not able to extend the solubility range of a-Nb out to the Ty line because
of the formation of an amorphous phase. The effective quench rate of techniques
like rapid quenching, on the other hand, is much slower than that of vapor deposi-
tion [6], resulting in little or no trapping of atoms in an amorphous phase [1]. Splat
quenching was able to extend the a-Nb phase out to nearly 42 at.% Pd, which is
6 at.% beyond the high-temperature limit for a-Nb and at least 22 at.% beyond

its solubility range at room temperature! No sign of the intermetallic NbPd; was
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found at any composition studied. The fcc a-NbPd phase, on the other hand,
was found at Pd concentrations of 42 at.% and higher. The formation of a-NbPd
is difficult to avoid because of its high-temperature equilibrium solubility range;
this presents a formidable barrier to extension of the bcc Nb-rich phase because
a liquid solution with 49 at.% Pd or more must be cooled through a temperature
range of 200-300°C where nucleation and growth of the fcc phase is favored.
Another salient feature of the Nb~Pd phase diagram is the relative extent
to which the Tp line falls before reaching the eutectic temperature: it drops to
65 % of the melting point of pure Nb at ~41at.% Pd. Extrapolating the T, line
to higher Pd concentrations on the Nb—-Pd equilibrium phase diagram suggests
that the Tp line may become vertical between 50 and 60at.% Pd, implying that
we can perhaps supersaturate Nb with Pd to within ~ 15at.% of the postulated

instability concentration c¢*.

4.2 FExperimental details
4.2.1 Ingot preparation

Ingots of various compositions were prepared by arc melting' Nb wire (ESPI,
99.995 %) and Pd foil (Materials Research Corporation, 99.99 %). While compo-
sitions stated denote the nominal stoichiometry before arc melting, mass changes
during melting were negligible. A particular problem for purification of Nb is
separating it from tantalum. Typical Ta concentrations in the best Nb are 300-
1000 ppm [7]; only with expensive electron-beam processing can the Ta content be
reduced below 300 ppm. While the vendor claimed that the Ta content of the Nb
wire used in these experiments was 300 ppm, no independent measurement of this
quantity was attempted. Regardless, any effect that the Ta impurity could have

on these experiments would probably be overshadowed by that of nonmetallic
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impurities, such as oxygen, but we found no evidence for oxidation of either the
ingot before splat quenching or the quenched foils in x-ray or neutron diffraction

sCans.

4.2.2 Splat quenching

. The arc-melted ingots were broken into 100-200 mg pieces, which were levitation
melted in a high-frequency rf field and subsequently quenched into thin foils in an
argon-filled Bihler twin-piston rapid quencher (see Fig. 2.13). The typical cooling
rate for this process is 10°-~10” K/sec at the freezing point, slowing by an order
of magnitude or greater as ambient temperature is approached [8]. Due to heat
flow considerations, the cooling rate is inversely proportional to the thickness of
the resulting foil [9]. Foil thicknesses ranged from 50 to 80 um at the center to as
thin as 30 ym at the edge. The homogeneity of the splats was checked by x-ray
diffraction using a Philips diffractometer operating in #-20 mode with Cu Ko
radiation. Due to the opposing-piston geometry of the rapid quencher, one side
of the splat is always cooled at a somewhat faster rate than the other: the falling
liquid metal drop makes contact first with one piston and then. collides with the
opposing piston. The quench rate on the side of the splat hit by the second piston
is faster than that hit by the first piston because the splat is in contact with
the second piston for a shorter amount of time. (This had a noticeable effect on
the relative amount of bcec a-Nb and fcc a-NbPd phase in splats of Nbygo_,Pd,
with 42 < z < 50. In that region, the faster the quench, the greater is the
relative proportion of bece a-Nb that would nucleate and grow in the splat [1].)
At 42 at.% Pd a small amount of the undesired fcc phase was always detected on
both sides of the splat by x-ray diffraction, implying that a certain amount of fcc

a-NbPd was distributed throughout the sample.
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4.2.3 Low-temperature elastic neutron diffraction char-
acterization

The use of elastic neutron diffraction to study samples at temperatures elevated
above room temperature was described in the previous chapter (section 3.2.3).
Neutron diffraction is also a convenient tool for characterization of samples held
at low temperatures. The long penetration depth of neutrons facilitates the con-
struction of low-temperature cryostats that do not cause a prohibitive amount of
beam attenuation. We performed elastic neutron diffraction measurements at the
Missouri University Research Reactor (MURR) on Nb-Pd alloy samples held at
12K, 100K, 200K and 300K in a cryorefrigerated cold head unit (Fig. 4.1). The
sample pieces were held in a vanadium tube that was attached to one of the inside
faces of an aluminum cylinder filled with helium gas. The high thermal conductiv-
ity of He gas helps to equilibrate the temperature of the sample, as does the fact
that the aluminum cylinder acts as a large heat shield around the sample; since
the boiling point of He is 4.2 K [10], it remains gaseous even at the lowest tem-
perature reached by the cold head. The temperature was held constant to within
+1 K by a Lake Shore cryogenic temperature controller connected to a thermocou-
ple and resistance heaters in the cold head. All other details of operation of the
neutron powder diffractometer, including data acquisition, were identical to those
described above for the high-temperature sample holder (section 3.2.3) with the
exception that in this case no extraneous Bragg peaks resulted from the sample
holder because vanadium has an extremely small coherent scattering cross section
for neutrons [11]. (The aluminum cylinder and cold-head housing contributed no

peaks because they are located so far from the sample.)
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Figure 4.1: Schematic diagram of cryorefrigerated cold head sample holder for low-
temperature neutron diffraction. When mounted on the powder diffractometer at

MURR, the entire unit is upside down in comparison to this diagram.
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4.2.4 Thermal expansion measured by dilatometry

Since thermal expansion of a solid occurs only because of the anharmonic shape of
the interatomic potential [12], change in a material’s thermal expansion coeflicient
signifies modification of the shape of the potential function. The linear thermal

expansion coefficient ap, is defined as:

1 (0L 1 [ 0a
ar, Z <a—j;)P = ; (8—T->P, . (41)

where L is the length of the specimen, T is temperature, P is pressure and a is

the unit cell parameter. (The latter equality holds for cubic materials.)

One method for measuring ar, is to determine the change in lattice parameter
a as a function of temperature. Values for the lattice parameter are easy to
obtain from elastic x-ray or neutron diffraction, but the precision with which
they can be determined is often too low to determine oy, with an uncertainty of
less than 10-20 %. This problem is especially acute with metastable materials of
small grain size and/or high strain, for their rather broad Bragg peaks increase
the uncertainty in a significantly. A simple calculation suffices to illustrate the
problem: for a temperature change of 300K, a lattice parameter of @ = 0.3nm
and a minimum uncertainty in the change in a of 0.0001 nm (usually éa is known

only to within 0.0003 nm or so), the resultant uncertainty in ¢y, is approximately

ba -6
5aL-m-——1X1O . (42)

Typical values for oy, are 7.3 x 107 for Nb at room temperature [13] and 11.8 x
1076 for Pd at room temperature [14], so the relative error in determining oy, by
diffraction is about 10 % even under ideal conditions.

Much better results can be obtained from measurements of the overall length L
of a specimen, since then the absolute change is much larger and easier to measure.

For example, a piece of Nb that is 1 cm at room temperature will increase in length
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by more than 20 um upon heating by 300°C. Instruments constructed to measure
such length changes—called dilatometers—can easily determine such distances
with a relative error of less than 5%. Making this kind of measurement on splat
samples is subject to further complications due to geometrical considerations,
but if the splats are self-supporting when stood on edge, the thermal expansion
coefficient parallel to the plane of the splat can be measured quite reliably. The
ar, of our samples—6 mm X 3 mm pieces cut from the center of splat-quenched
foils—were measured by Manfred Klingel, a graduate student at the laboratories
of Prof. Dr. H. Gleiter [15], from 150 K to room temperature using a dilatometer
(Fig. 4.2). Uncertainties arising from flexing of the splats in the dilatometer
necessitated three or four temperature scans for each sample to reduce the relative

uncertainty in ar, to ~ 3 %.

4.2.5 Low-temperature heat capacity measurements

Low-temperature heat capacity measurements enable accurate determination of a
sample’s Debye temperature p, which we will find to be an important parameter
for estimating elastic properties and the dynamic mean-square displacements of
atoms about their ideal lattice points. At temperatures T' < 0p, the heat capacity
of a metal may be written as a sum of the electronic and lattice contributions:
Cp = 4T + AT®, where v is a constant characterizing the electronic heat capacity
and A is a constant characterizing the vibrational heat capacity [16]. Thus, the
vibrational heat capacity can be isolated by fitting a straight line to a plot of
Cp/T against T?: the slope will give A and the intercept will give 4. The Debye
temperature is determined from the T = 0 K expression for A evaluated with the

Debye model for the phonon density of states:

1274 NkB

A= .78
5 63

(4.3)
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Figure 4.2: Schematic of dilatometer used to determine the thermal expansion
coefficient a,. Operating temperatures range from 150 K to room temperature.
The thin-foil sample is stood on edge at the bottom of the apparatus as indicated.

Its length is sensed by a carefully balanced rod pressing against it from above.
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where N is the number of atoms in the sample [17].!

The Debye temperatures of Nb-Pd alloys of several compositions were mea-
sured by Christoph Ettl, a graduate student at the laboratories of Prof. Dr. K.
Samwer [18]. He used a modified heat-pulse method to measure Cp between 1.5 K
and 9K [20, 21]. In this method, Cp is calculated from the duration and decay of

the heat pulse according to the formula:

- Wr ~Atfr
Cp = (1 = e78), (4.4)

where W is the power of the heat pulse, At is its duration, AT is the maximum
temperature change of the sample in response to the pulse and 7 is the sample’s
temperature decay constant. The samples (individual splats) were fixed with
grease onto a small sapphire plate having an evaporated Au heater and a Si
chip for temperature measurement attached to its back. The entire apparatus
was held in a *He cryostat (Fig. 4.3) and cooled to temperatures below 4.2K by
pumping on a small liquid *He bath. Temperatures above 4.2 K were achieved by
heating with a manganese heater. A plot of Cp vs. T for NbyPdag is given in
Fig. 4.4(a) and determination of A is indicated in Fig. 4.4(b). Note the transition

to superconductivity at about 2.2 K.

4.2.6 Sample preparation for TEM

In order to investigate the microstructure of the splats by transmission electron
microscopy (TEM), it is necessary to thin them enough to allow penetration of
the electron beam. While several rather involved techniques have been developed
to thin semiconductor, polymer and bulk metal samples [22], sample preparation

of splats is simplified by the fact that they already have one thin dimension [23].

! Actually, this formula for A is derived from the low-temperature expression for Cy (not
Cp), but Cp -~ Cy — 0 as T — 0 because Cp — Cv = 9a,2BV T, where B is the bulk modulus
[19].
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Figure 4.3: Schematic of apparatus for measuring low-temperature heat capacity
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superconducting NbTi wires. Operating temperatures range from 1.5K to 9 K.
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Three-millimeter-diameter disks were punched out of the splat foils and then at-
tached to a Teflon™ holder with paraffin. The wax acts as a mask to prevent the
acid from attacking the edges of the disk. The standard etch for Nb is a roughly
2:1 solution of nitric acid (HNOs) and hydrofluoric acid (HF) [24], and nitric acid
also etches Pd [25]. By dipping the holder in a beaker of the above acid solution
at room temperature for 15-30 seconds, rinsing the specimen in water and then
looking for holes under an optical microscope, it was possible to produce areas
thin enough for TEM analysis in about 20-30 minutes. This etch was adequate
for all compositions of Nbyge—,Pd, studied (0 < z < 42).

4.3 Analysis of neutron diffraction data

The theoretical framework for describing the elastic scattering of neutrons from
atoms of a condensed phase is formally identical to that which describes the elastic
scattering of x-rays [26]. The only necessary modification to the structure factor
describing the scattering amplitude is the replacement of the atomic form factor
f appropriate for x-ray scattering with the scattering length b appropriate for
neutron scattering, reflecting the difference between scattering from the electron
cloud of the atom (x-rays) and from the atomic nucleus (neutrons). In both
cases, the intensity Ig of the scattered diffraction probe at a reciprocal lattice
point G is proportional to the square magnitude of the structure factor: Ig
|Fel> = FgF&, where the proportionality factor is a function of such factors
as the scattering geometry, the instrumental broadening and the multiplicity of
the Bragg peak. All of the structural information about the sample—atomic
positions, mean-square displacements and site occupancy probabilities—is found

in the structure factor, however.
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4.3.1 Structure analysis by powder diffraction

Hence, the determination of sample structure from x-ray or neutron diffraction
must focus on careful measurement of the structure factors Fg. Ideally, the sample
in question is a single crystal large enough to provide a measurable diffracted bearn
intensity, since the theory of perfect-crystal diffraction is well-developed [27, 28],
as are techniques for single-crystal structural refinement by either x-ray or neu-
tron diffraction {29, 30]. Many kinds of samples, such as metals rapidly quenched
from the melt, can be prepared only in polycrystalline form, however; structural
determination of such samples is more difficult than of single crystals but often
still feasible because all of the possible Bragg reflections from the sample will be
present in any given diffraction scan (assuming more-or-less random crystallite
orientation). Traditionally, structural refinement of such so-called “powder” sam-
ples is performed by integrating the measured Bragg peaks to gain an estimate
for |Fg|?... and compariﬁg this to a calculated |Fg|2,,. based on assumed atomic
positions {r} in the unit cell and known atomic form factors or neutron scatter-
ing lengths [31]. Refinement of the atomic positions {r} is then accomplished by

adjusting the atomic positions to minimize the R-factor:

R= ZG HFG‘meas — ‘FGICaIC‘ , (45)

3G 1FG | meas

or, alternatively,

R= % WG (1FGlmeas = 1FGleatc)”» (4.6)
where wg is a weighting factor determined by the relative accuracy of the corre-
sponding diffraction intensity measurement. The same technique can be used to
optimize the atomic mean-square displacements and the site occupancy probabil-
ities in ordered solutions.

This traditional method breaks down frequently because of overlap of Bragg

peaks in powder diffraction patterns, thus preventing the isolation of individual
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|Fg|2... values by peak integration [32]. An elegant way around that problem was
developed by Rietveld in the late 1960s [33, 34]. His so-called “profile refinement”
technique, which has become the standard structural refinement tool in neutron
crystallography, assumes a peak profile function for the Bragg reflections, calcu-
lates the entire diffraction scan from a given set of atomic positions, mean-square
displacements and site occupancies, and then compares the calculation to the ob-
served diffraction scan in order to refine the structural parameters. Thus, peak
overlaps pose no problem as long as the peak profile function is reasonably accu-
rate. Standard nonlinear least-squares refinement techniques are used to minimize
the quantity

M =3 w, (Ipe= - 15%)’, (4.7)

k

where I; is the background-corrected intensity at the 28-point k£ and wy is a
weighting factor determined by the minimization scheme. If2€ is computed from
all of the Bragg peaks of the given structure that contribute to the intensity at
the point k. Labeling a Bragg reflection by its associated reciprocal-lattice vector

G, we have [32, 35]

A =g % |Fg|? jg Lg H(26,—20g), (4.8)
where
S = scale factor,
G = multiplicity of reflection G,
Lg = Lorentz factor,
20g = calculated 26 position of G,
H(20,-20Gg) = peak profile in 26-space.

The structure factor Fg is computed from the atomic unit cell positions {r}, the
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site occupancy probabilities p, and the isotropic temperature factor Ui, [36, 37]:

872 sin? 9)

Fg = Zpr by eiG‘l‘ exp (——3—(];50——;\—2— (4-.9)
T

where b; is the neutron scattering length for the atom at site r and A is the neutron
wavelength. (The refinement can be carried out with an anisotropic temperature

parameter if the symmetry of the crystal allows it.)

4.3.2 GSAS: Generalized Structure Analysis System

The actual refinement package that we used in analyzing the elastic neutron
diffraction data from Nb-Pd splat-quenched alloys was GSAS, an acronym for
Generalized Structure Analysis System. GSAS is an integrated set of computer
programs [38], written and assembled by Allen C. Larson and Robert B. Von
Dreele of Los Alamos National Laboratory, for performing single-crystal or pow-
der Rietveld analyses on x-ray or neutron diffraction data. GSAS is written in
VAX FORTRAN and runs under the VMS operating system on any of a number
of graphics terminals. The current version can handle all diffraction effects except
magnetic scattering, though future versions of GSAS will reportedly include this
important component of neutron diffraction.

As an interactive data analysis package, GSAS presents the experimenter with
several choices regarding the selection and complexity of functions for background
subtraction and peak-profile modeling. I shall describe the functions upon which
we settled by trial-and-error after a significant number of data analyses. Fol-
lowing this discussion I will briefly describe the manner in which we refined the
temperature factor U, since that will turn out to play an important role in our

subsequent analysis of the structural changes accompanying supersaturation of

the Nb-rich bee phase of Nb-Pd.
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Background subtraction

We used a cosine Fourier series function for background subtraction of the form:

Iback = B1 + ZBJ COS[29(j - 1)], (410)
=2
where By, Bs, ..., B, are refinable coefficients and n is an integer up to 12. We

used n = 6 for all compositions except pure Nb and Nbg3zPd;, for which we used
n = 3. The advantage of Eq. (4.10) is that it is always rather flat: it has enough
curvature to fit any slight curvature in the background due to thermal diffuse
scattering, but it does not follow background oscillations of short period [35]. All
of the raw diffraction scans of the Nb-Pd alloys had very flat backgrounds—so
flat in the case of pure Nb and NbgzPd; that more than three refinable coefficients

led to no noticeable improvement in the fit.

Peak profile function

All of our analyses were performed using the standard Gaussian peak profile mod-

ified by Rietveld [34] for peak asymmetry. This function has the form:

1 AT |AT| A 2 /9,2
0,—20c) = a8l A —@arr/ee _
H(20x-20g) T (1 tand ) e , (4.11)
where
Fy
2 2 F,
o‘ = Utan 0+Vtan9+W+m, (4.13)

and U, V, W, A, Fi and F; are refinable parameters. We refined all six param-
eters for each composition except pure Nb, for which F; and F; did not improve

the fit.
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The Gaussian function Eq. (4.11) fit the measured diffraction peak shapes very
well except at the base of the lowest-angle (110) reflection, the tails of which fell
off slightly more slowly than the Gaussian function would permit; nevertheless,
the “missing” intensity was in all cases only a small fraction of the total area under
the (110) peak. It is possible to improve the fit in such cases by replacing the
Gaussian peak profile function with the more sophisticated Voigt function, which
is a convolution of Lorentzian and Gaussian peak shape functions [39, 40, 41], but
only at the expense of having still more refinable parameters. Once the number
of refinable parameters becomes large, the nonlinear refinement program tends to
adjust some of them to nonphysical values, indicating that the diffraction data has
too little information to determine properly so many parameters. Our simple bce
diffraction scans are an example of just such a case, since unphysical parameter
values resulted every time that we tried to fit the data with the Voigt diffraction

profile.

Temperature parameter

The refinable temperature parameter Ui, appears in one of the éxponential terms
of Eq. (4.9); this term is commonly called the Debye- Waller factor [42]. It ac-
counts for the reduction in intensity associated with the fact that with increasing
temperature, the diffracting atoms in a crystal oscillate with greater amplitude
about their ideal lattice positions. If we let the instantaneous position of a given
atom be r(t) and its ideal position be rg, then its instantaneous displacement
vector can be defined as u(t) = r(t) — ro. If the amplitudes of the various u(t)’s
for all of the atoms are small or have a Gaussian distribution, then for monatomic
cubic crystals it can be shown that Ui, is equal to the time-averaged mean-square
displacement (MSD) (u?) [42, 43]. In the case of cubic crystals with more than

one type of atom, to be strictly correct one must assign a different MSD to each
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atom type, but for practical purposes this is usually not necessary, since at high
temperature (T 2 0p) the MSD is independent of atomic weight [44].?

In a random solid solution there is no way to determine the relative contribu-
tion to the overall Debye-Waller parameter from each atomic component because
all of the lattice sites giving rise to the diffraction signals have the same occupancy
probability. Therefore, in bcc Nb-Pd alloys, the Debye-Waller factor gives a MSD
averaged over the Nb and Pd contributions, UYP and UE?; we expect UNP and UFd
to be equal at high temperatures and to differ by no more than the difference of
the inverse atomic weights of Nb and Pd (~13 %) at low temperatures. Thus, it
should not be a bad approximation to assume ULYP ~ UF4. Furthermore, because
of the cubic symmetry of the bcc lattice, the MSD of the “average atom” must
be isotropic [46]. These considerations led us to refine an isotropic temperature
parameter Ui, in Eq. (4.9) subject to the constraint that UNP = UFd.

Neutrons hold a distinct advantage over x-rays in refining the value of the tem-
perature parameter, because the scattering potential for neutrons has a smaller
spatial extent (~10~®m [47]) than that of the x-ray scattering potential
(~10~**m). Thus, the neutron scattering potential is better represented by a
delta function than is that of x-ray scattering, resulting in more accurate struc-
tural information (especially with regard to thermal vibrations) [48].

GSAS provides estimates for the uncertainty in each refined parameter from
the corresponding entry in the error matrix of the multivariable nonlinear least-
squares fit [49]. Such error estimates properly take into account correlations be-
tween refinement parameters, but the estimates can provide a measure only of

the uncertainty due to statistical fluctuations in the data and to inadequacy of

fit—that is, such uncertainty values do not take into account the many potential

2At low temperature (T < 0p), however, the MSD will vary roughly inversely with atomic
weight [45].
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sources of systematic error. The errors that we quote in the data of the next sec-
tion are the one-standard-deviation values resulting from the GSAS fit without
any additional estimated systematic error. Since we will mostly be investigating
relative changes between measurements made in an as nearly identical fashion
as possible, the systematic error should have minimal effect on our analysis and
conclusions.

Figure 4.5 illustrates the ability of GSAS to fit one of our raw diffraction scans.
The solid line running through the data points is the calculated diffraction scan,
and the roughly flat scan below it is the difference curve between the measured
and calculated diffraction intensities. Note how well the Rietveld analysis is able

to fit the raw data.

4.4 Results

According to the polymorphous phase diagram of Fecht and Johnson [50], near
the supersaturation limit a solid solution may exhibit “pre-amorphization” ef-
fécts in one or more structural, thermodynamic or mechanical properties. Such
anomalies should be easiest to recognize as deviations in the temperature or com-
positional dependence of the properties in question. As part of the search for these
effects, we performed elastic neutron diffraction on a series of Nbygo-,Pd, alloys
(z =0, 7, 15, 30 and 42) at temperatures of 12K, 100K, 200K and 300 K. We
determined the lattice parameter, thermal expansion coefficient, inhomogeneous
strain and atomic mean-square displacement from each diffraction scan using the
program GSAS described in the previous section. Direct measurements of the
thermal expansion coefficient from 150 K to 270 K by dilatometry and of the De-
bye temperature fp by low-temperature heat capacity supplement the information

derived from neutron diffraction.



181

| T I I 1 1 i
o~
eL » -
w ©
e
>
ol -
Q-
o—
~
ek
(@]
[%2] WM%M*—MA—%W»——A—W
=
Z
2
Q
(5] l 1 1 | 1 ] l L
’ 0.3 0.4 0.5 0.6 0.7 0.8 0.9 1.0

2-THETA, DEG X10E 2

Figure 4.5: Example of Rietveld profile-refinement fit to raw elastic neutron
diffraction data taken of NbsgPdsp at 200 K. The solid line passing through the
data points (crosses) in the upper scan is the calculated diffraction scan for the re-
fined structural parameters, profile parameters and background coefficients. The

lower scan 1s the difference curve between the measured and calculated intensities.



182
4.4.1 Lattice parameter

The bcec unit cell side length a is plotted against Pd concentration at each temper-
ature in Figure 4.6. The lattice parameter varies nearly linearly with composition
in accordance with Vegard’s law [51, 52] until about 42 at.% Pd, at which composi-
tion a is larger than expected, implying either that (1) some solute segregation has
occurred (i.e., the bec crystals have less Pd than the overall composition would
dictate) or that (ii) the true a vs. Pd concentration relationship is somewhat
curved. X-ray analysis of a series of bcc Nb-Pd and Nb-Pd-Ge alloys found no
evidence, however, for solute segregation, even at Pd concentrations above 42 at.%
(see section 2.3.2) [1]; furthermore, deviations from Vegard’s law are so numerous

[53] that now they are considered the rule rather than the exception!

4.4.2 Thermal expansion coefficient

From the temperature variation of a at each alloy composition [Fig. 4.7(a)], we can
estimate that the thermal expansion of bec Nbygg—Pd, alloys increases with z. By
fitting a straight line to the data of Fig. 4.7(a), we can determine an “average” af,
for each composition using Eq. (4.1) [Fig. 4.7(b)].®> The increase in of, at z = 42
suggests that the crystal might be exhibiting growing anharmonicity as a precursor
to instability—that is, the crystal could be nearing a point of divergence in ar.
Unfortunately, the uncertainty in a arising from the diffraction statistics increases
with z because of significant peak broadening at high Pd concentrations. When
substituted into Eq. (4.2), the uncertainties in a produce such large error bars
(> 20 %) at all data points (especially at z = 42) that no significant compositional
trend in o, can be inferred from Fig. 4.7.

Since dilatometry can provide much more accurate determination of o5, than

3The thermal expansion coefficient is roughly constant at high temperature but varies as T3
for T' < 8p {54].
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Figure 4.6: Lattice parameter a vs. Pd concentration in Nb-Pd alloys at several
temperatures. Error bars are plus or minus one standard deviation, as provided

by the GSAS fitting.
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data point.
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diffraction can (see section 4.2.4), we arranged for several alloys of Nb-Pd to be
measured in this manner from 150-270 K (Fig. 4.8). In Fig. 4.9 we compare the
value of a3, at 150K to the “average” oy determined from neutron diffraction
between 12K and 300K; evidently, the anharmonic collapse suggested by the
neutron diffraction data is an artifact of statistical fluctuation. Plotting oy, against
at.% Pd demonstrates that a roughly linear relationship exists across the entire
composition range, even though the 52 at.% Pd and the pure Pd samples have fcc
structure rather than bce. Thus, we have no way of deciding whether the increase
in ap, with Pd content in the bcc samples indicates significant destabilization of
the crystalline structure or just a kind of weighted average of the anharmonicity
in the interatomic potentials that cause thermal expansion (a Vegard’s law for
aL?).

In retrospect, it is not surprising that oy gives no sign of diverging as the
crystalline phase nears its supposed stability limit with respect to amorphization.
If we define an overall Grineisen parameter vy, we can write (ignoring electronic

éffects) (55, 56]:
_ 1l
3B’

ar, (414)

where Cy is heat capacity, V is the volume of the sample and B is its bulk modulus.
The Griineisen parameter is a constant having a typical value between one and
two for most materials [56], and—as we shall argue in the next chapter (section
5.2.3)—the bulk modulus of elemental solids extrapolates smoothly through the
melting transition, so B would not be expected to diverge upon amorphization,
either. At temperatures above 0p, the heat capacity at constant volume of the
crystalline phase reaches the Dulong-Petit limit, so we would expect it to remain
roughly constant until the amorphization or melting transition were to occur.
Thus, we should not expect ap, to be a sensitive measure of pre-amorphization

effects.
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Figure 4.8: Linear thermal expansion coefficient oy, of Nb~Pd alloys determined
by dilatometry between 150 K and 270 K. The samples with 42at.% Pd or less
have bce structure, and those with 52 at.% Pd or more have fcc structure. The
value of of, at 150 K is roughly equivalent to the “average” ap determined by

neutron diffraction between 12K and 300K [Fig. 4.7(b)].
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Figure 4.9: Linear thermal expansion coefficient of Nb-Pd alloys at 150 K deter-
mined by dilatometry and the “average” o, determined by neutron diffraction
vs. Pd concentration. Obviously, the apparent anharmonic enhancement of ap, at
42 at.% Pd in the neutron data is a result of the large uncertainty for that data
point. The roughly linear dependence of ay, on Pd concentration extends from

pure Nb to pure Pd.
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4.4.3 Inhomogeneous strain

We can estimate the root-mean-square inhomogeneous strain (e2)}/? of the crys-
talline phase from the angular dependence of the full width at half maximum
(FWHM) of the Bragg peaks [57]. If we let §(26), represent the FWHM of a
diffraction peak (in radians) caused by strain broadening, then it can be shown
that [57]

6(20), = 5(¢*)/tan 4. (4.15)

Since a Gaussian peak profile of the form given in Eq. (4.11) has FWHM =

v/ (81n2)c?, it follows from Eq. (4.13) that

(FWHM)? = 81n?2 (U tan’f + Vtand + W + F ) . (4.16)

tan* 6

The only term on the right-hand side of Eq. (4.16) having the same angular depen-
dence as 6(260)? is (81n2)U. Subtracting off Uy —the contribution of instrumental

broadening to U—yields

(€)

UERLELY S A (817)

The variation of (¢2)'/? in the Nbjgo-,Pd, alloys over the temperature range that
we studied was statistically insignificant, but the variation with Pd concentration
(Fig. 4.10) was dramatic. From z = 0 to z = 30, (¢*)}/? increases rapidly to
the rather high value of ~0.6%. But at z = 42, the apparent strain resulting
from the profile refinement is 2.4 %! While such a value is unphysically high, it
may be a sign that the incorporation of 42 at.% Pd drives the bcc phase into a
highly nonequilibrium state. Breakdown of this strain analysis method probably
occurred because of failure to satisfy one or more of the conditions for validity of

Eq. (4.15).
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Figure 4.10: Root-mean-square strain plotted against Pd concentration. The
inhomogeneous strain was estimated from the peak profile fitting parameter U
(not to be confused with the temperature parameter Ui, ) according to Eq. (4.17).
The value for 42 at.% Pd is unphysically high, indicating a breakdown in one or

more of the assumptions made in deriving Eq. (4.15).
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4.4.4 Atomic mean-square displacement

We plot the total atomic mean-square displacement (MSD) (u?®),,—which is
just the isotropic temperature parameter U,—against temperature for several
Nbygo—zPd, compositions in Fig. 4.11. From the plot it is evident that (u?),,, has
a roughly linear dependence on temperature and can be fit by a function of the

form:
Au?)io
(1) & () + (———-—< 2. ) T (w18)

By fitting a straight line to the data in Fig. 4.11, we can estimate (u?), and
O{u?) 101/ OT for each composition z. A plot of (u?), against Pd concentration
[Fig. 4.12(a)] reveals a nearly linear dependence of the T = 0K part of (u?)q
on composition, a fact that will be seen to violate theoretical considerations (see
section 4.5.1). The behavior of the slope of (u?)y [Fig. 4.12(b)] is even more

unusual: it goes down as z increases. This is unexpected because

a(u2)tot ].

in the Debye approximation.* Thus, a decreasing MSD slope implies an increasing
Debye temperature, which is exactly opposite to what we would expect of a lattice

becoming progressively more unstable.

4.4.5 Direct measurement of dp

In order to resolve this paradox, we arranged for the direct determination of fp
as a function of composition by low-temperature heat capacity measurement. Ac-
tually, the dp found in the Debye model for atomic displacements [from which
Eq. (4.19) is derived] is not the same Debye temperature as that used to model

the low-temperature heat capacity of solids. The difference arises because the

4Obtained by assuming that the temperature-dependent part of (u?)io; may be represented
by (u?)ayn as given in Eq. (4.20) below and differentiating with respect to temperature.
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Figure 4.11: Total atomic MSD (u?), plotted against temperature for several
Nb-Pd compositions. Straight lines fit to the data points provide estimates for
(u?)y and Hu?)it/OT [Eq. (4.18)]. (At 15at.% Pd, the dashed line was used

because the highest temperature data point seems anomalously large.)
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Debye models for atomic displacements and for heat capacity involve different av-
erages over the phonon frequency spectrum (for instance, the low frequencies are
relatively more important than high frequencies to mean-square displacements,
but they are equally important to the heat capacity for T 2 0p [59]). The dif-
ference is ordinarily not very large [60], however, so it is usually acceptable to
replace the diffraction-measured Debye temperature with that derived from heat
capacity measurements (higher accuracy can be obtained by making corrections
using experimentally determined elastic constants and infrared/Raman frequen-
cies [45]).

As is evident in Fig. 4.13, 6p of Nbyge-Pd, alloys decreases by about 15%
from z = 0 to ¢ = 42, while at z = 52, for which the sample has fcc structure,
Op is even higher than for pure Nb or pure Pd. The falling Debye temperature is
reminiscent of the measured and extrapolated decrease in 6p in bece alloys like Ti-
Mo and Ti-Cr as the solute concentration approaches the martensitic transition
range [61]. That is, the decrease in fp may signal a significant softening of one
6f the elastic moduli of the bce crystal; we shall derive an explicit connection
between the Debye temperature and the shear modulus in Chapter 5. Along with
the inhomogeneous strain data, this drop in fp suggests an impending instability

in the bcc Nb—Pd phase with increasing Pd concentration.

4.4.6 Static and dynamic decomposition of (u?)

Such a decrease in 0p is also exactly opposite to what we expect from the composi-
tion dependence of J{u?)o:/IT! Recall that the decrease in the MSD slope as Pd
concentration increases implied that dp should go up rather than down. A possible
resolution of the contradiction lies in a somewhat subtle assumption made when di-
viding (u?)s into its “static” and “dynamic” parts: {u®)sas+{u2)dyn- The conven-

tional approach assigns temperature dependence only to the dynamic term, which
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Figure 4.13: Debye temperature fp vs. Pd concentration for several Nb-Pd al-
loys. The pure Nb and Pd Debye temperatures are taken from Ref. (58]. The
samples with up to 42 at.% Pd have bcc structure, and those with more Pd have
fcc structure. Note the discontinuity in fp between the bec and fec phase fields.
Low-temperature heat capacity measurements were used to determine all dp val-

ues in this plot.
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accounts for the contribution of the vibrational motion of the atoms to {u?).c.
The vibrations obviously increase in amplitude as the temperature increases. The
remaining part of (u?)4, which includes the static atomic displacements,’ is as-
sumed not to depend on temperature. There is no a priori reason to believe, how-
ever, that the static MSD’s of an alloy must remain independent of temperature—
they could decrease with increasing temperature, for instance, if increasing vibra-
tional amplitudes enable adjacent atoms to correlate their motion in such a way
that each on average remains closer to its ideal lattice site.

Indeed, this may be occurring to (u?)s.; in the Nb-Pd alloys with high Pd
content. We can calculate (u2)sm as a function of temperature for each composi-
tion by subtracting (u?)ayn from the (u?),,; measured by neutron diffraction. In

the Debye approximation [63],

9n2 T _[6p 1
2 — — _ —
(u )dyn = M]{,‘BaD [0D®< T) + 4:| ) (420)

where M is the (average) atomic mass and ®(z) is defined as

@(z)gl/j LA, | (4.21)

rJo et—1""
Using the Debye temperatures of Fig. 4.13 in Eq. (4.20), we are able to subtract
off the calculated vibrational contribution to (u?)is, to get an estimate for (u?)g.;
at each composition and temperature (Fig. 4.14). As expected, {u?)ga; is ap-
proximately zero for pure Nb at all temperatures, and it assumes a higher value
as the Pd concentration increases. At 30at.% Pd there is a hint of a decrease
in (u%)ga; with increasing temperature, and at 42at.% Pd the downward slope

becomes statistically significant. Such a decrease of “static” displacement with

5The remainder of (u?)io¢ also includes the zero-point motion of the atoms [62], which can be
significant at temperatures below fp, but in the case of Nbigo—.Pd, alloys is entirely negligible
for z > 7. Compare, for instance, the extrapolated MSD at T" = 0 K for pure Nb in Fig. 4.11,
which is entirely due to zero-point motion, to the other extrapolated MSD’s in the figure—even
the static MSD of the sample with 7at.% Pd is much larger than the zero-point contribution.
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Figure 4.14: Static MSD (u?)4. vs. temperature for several Pd concentra-
tions. The static MSD was determined by subtracting (u?)4yn, as determined
by Eq. (4.20), from the (u?);,, measured at each composition and temperature by
neutron diffraction (Fig. 4.11). The downward slope of (u?)4a with increasing
temperature at 30 and 42 at.% Pd suggests that the atoms are able to reduce the
amplitude of their static displacements using the thermal energy available at the

higher temperatures.
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increasing temperature suggests a “melting” of distortions in the highly nonequi-
librium crystal that were “frozen in” at low temperature. That is, it appears
as if the atoms can exploit their greater mobility at higher temperatures to im-
prove their topological packing, but at low temperatures they become trapped in

positions rather far from their corresponding ideal sites.

4.4.7 Transmission electron microscopy

To study the issue of the “static” distortions in the high-Pd-content alloys, we
decided to examine the samples in the electron microscope, looking in particular
for bands of diffuse scattering in the diffraction pattern arising from static dis-
order [64]. Unfortunately, the crystals in the sample with 42 at.% Pd were too
small to permit isolation of the diffracted signal from just one crystal using the
smallest SAD (selected area diffraction) aperture in the microscope. But to our
surprise, bright-field/dark-field image pairs and high-resolution images revealed a
strikingly anisotropic structure: when viewed down the (100) or (110) zone axes,
the crystals have a “tweed”-like structure reminiscent of martensitic decomposi-
tion [Fig. 4.15(a) and 4.15(b)], whereas when viewed down the (111) zone axis
[Fig. 4.15(c)], the crystals appear to have a uniform substructure! Crystals in
the samples with 30 at.% Pd were large enough to permit recording sharp diffrac-
tion patterns in the electron microscope, and the “tweed” microstructure was
still present when viewed along all zone axes except (111) [Figs. 4.16(a)-4.16(c)],
though the cross-hatched contrast was perhaps not as distinct as in the case of
42 at.% Pd. The fine scale of the microstructure is visible in a high-resolution im-
age of NbroPdsy taken down the (100) zone axis (Fig. 4.17). One explanation for
the zone-axis dependence of the contrast is that the atomic displacements respon-
sible for the “tweed” structure occur only along the (111) real-space direction. A

common displacive transition seen in many bcc alloys in which relative atomic dis-
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NbsgPdy, <100>

Figure 4.15(a): Bright-field TEM image and corresponding diffraction pattern
of NbsgPdy, taken down the (100) zone axis. Note the cross-hatched “tweed”

microstructure characteristic of martensitic and w-phase decomposition.
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Figure 4.15(b): Bright-field TEM image and corresponding diffraction pattern

of NbssPdy, taken down the (110) zone axis. Note the cross-hatched “tweed”

microstructure characteristic of martensitic and w-phase decomposition.



NbsgPd,, <111>

Figure 4.15(c): Bright-field TEM image and corresponding diffraction pattern

of NbssPdy, taken down the (111) zone axis. Note the lack of a cross-hatched

“tweed” microstructure as seen along the (100) and (110) zone axes.
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Figure 4.16(a): Bright-field TEM image and corresponding diffraction pattern
of NbzoPdsy taken down the (100) zone axis. Note the cross-hatched “tweed”
microstructure and the strong lines of diffuse scattering intensity in the diffraction

pattern.
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Figure 4.16(b): Bright-field TEM image and corresponding diffraction pattern of

NbzoPd3y taken down the (110) zone axis. Note the cross-hatched “tweed” mj-

crostructure and the lines of diffuse scattering intensity in the diffraction pattern.



Nb,Pds, <111>

Figure 4.16(c): Bright-field TEM image and corresponding diffraction pattern
of NbzoPds, taken down the (111) zone axis. Note the lack of a cross-hatched
“tweed” microstructure as seen along the (100) and (110) zone axes. Lines of

diffuse scattering can still be detected in the diffraction pattern, however.
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Figure 4.17: High-resolution and diffraction images of NbsoPds, taken down the

(100) zone axis. The fine scale (S 1nm) of the “tweed” microstructure is clearly

visible.
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placements occur only along (111) is the bec — w phase transition [65, 66], which
has been attributed to softening of a shear modulus; furthermore, the tendency
to form the w phase is often signaled by a buildup of diffuse intensity along {111}
planes in reciprocal space, which is consistent with the results of our TEM inves-
tigation [65]. The increase in (u®)stas at low temperature may reflect a buildup
of w-phase-like local distortions; {4®)star would be expected to increase as a sec-
ondary effect of the softening of the lattice force constants associated with the
elastic instability [67]. We will discuss this observed microstructure again in rela-
tion to a (111)-direction instability recently observed during irradiation-induced

amorphization of the intermetallic compound Cu,Tis [68] (section 5.2.6).

4.5 Discussion

4.5.1 Calculating the atomic MSD

Is the rapid increase in Nb—Pd static disorder with Pd concentration an indication
of growing instability in the bec lattice structure? In order to answer this question,
we must determine what portion of the static disorder is expected from packing
together atoms of two different sizes and what portion can oﬁly be attributed
to instability-induced disorder. The two most common ways of calculating the
expected static disorder are based on bond-length fluctuations in a linear chain
[69, 70, 71] and displacements in an isotropic continuum [72, 73, 74]. The static
atomic MSD in a linear chain of overall composition A;_,B, can be determined
directly from the variance and average of the bond length b: (u?)sta = (B?) — (b)2
[69]. The authors of Ref. [69] calculate

() sont = %x(l ~2) (ba — b3)? = a(1 — 2) (ra — rp)?, (4.22)

where 5 and rg are the radii of the A and B atoms, respectively. According

to the authors of Refs. [70, 71], generalization to three dimensions introduces
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only a symmetry-dependent constant ¢ multiplying the rightmost expression in
Eq. (4.22):
(u?)stas = Cz(1 = 2) (rs — r)®. (4.23)

They advocate the use of €' ~ 4 for the alkali-metal alloys that they studied, but
they provide no theoretical justification for this choice.

Huang [72] was the first to develop a more sophisticated model for static -
disorder by regarding a (dilute) solution as an elastic, isotropic continuum with
distortion fields centered on the solute atom sites. The displacement of any atom
in the lattice is given by the superposition of displacements arising from all of
the distortion centers. The only displacement field u(r-ro) centered at ro that is
consistent with the assumption of an elastic, isotropic medium has the inverse-

square functional form [72, 73]:

alrer) — ¢(r-rp)
(r=ro) ,1'—1'0,3’

(4.24)

where ¢ is a constant. Using Eq. (4.24), Krivoglaz [74] calculated the static MSD

expression for a cubic lattice of composition A;_,B,: to first order,

27 - 14+ 0\%/8a\?
<u2>stat =0 4—71_2'173(1 - $) (1 U) (55) , (4.25)

-

where ¢ is the Poisson ratio, a is the lattice parameter and ¢y = 0.0932 for bee
lattices.

We compute the static MSD in Nbygo—,Pd, alloys using Eqs. (4.23) and (4.25)
and compare the calculated values to the measured values (Fig. 4.18). In Eq. (4.23)
we use the apparent Pd radius in the Nb-rich solution estimated by extrapolating
to pure Pd a linear fit to the compositional lattice parameter data of Fig. 4.6;
also, we use C' = 4, as suggested by Voronel et al. [70]. Likewise, for Eq. (4.25) we
determine the value of (Ja/ Oz) from a linear fit to F ig. 4.6 and use a value of 0.3

for 0. As is evident in Fig. 4.18, the observed static MSD’s are much larger than



207

600x10°° |

500

400

300

200

static disorder <u2>stat (nm?)

100

0 continuum approx.
| I I | |
0 10 20 30 40 50
at.% Pd

Figure 4.18: Measured and calculated static MSD’s in Nb-Pd alloys plotted
against Pd concentration. Neither the generalized linear-chain model [Eq. (4.23)]
nor the more sophisticated continuum model [Eq. (4.25)] come close to predicting

the magnitude of the observed (u?)gtat-
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the results of either calculation. It is true that the 200 K and 300 K data can be fit
fairly well with an equation parabolic in z, as both theoretical expressions predict,
but the calculated magnitudes are far too small. (The linear dependence of the
observed static MSD’s at 12K and 100 K may result from the elastic instability

discussed in the previous section.)

4.5.2 Failure of static MSD calculations

While fair agreement has been achieved between calculated and measured static
MSD’s in mixed alkali halide crystals [75], there are few measurements involv-
ing metals [73, 76, 77, 78, 79, 80] from which to assess the general reliability
of the two models discussed above. The inability of the two models to account
for the measured {u?)ga in Nbygo-Pd, for z > 7 must reflect a breakdown in
one (or more) of the assumptions made in deriving the models, the most impor-
tant assumptions being (i) no short-range ordering or clusfering and (ii) isotropic
displacement fields around point defects. Considering the first assumption, the
presence of short-range ordering would actually reduce the static MSD because
the atoms would tend to “pack” better [81]; clustering, on the other hand, would
increase it. We did not observe any deviation in the average lattice parameter
that would indicate the presence of clustering in the Nb~Pd alloys, except pos-
sibly at 42 at.% Pd, and the failure of the theoretical models to account for the
static MSD began at 7 at.% Pd, where we don’t expect clustering to occur. Hence,
the anomalously high observed values of (u?)¢.; probably do not originate from
short-range clustering effects.

The second assumption—that the displacement field around a “point defect” is
isotropic—is not so easy to justify. In fact, experimental evidence and theoretical
models conclude that the displacement field about a defect in a crystalline lat-

tice has a complex structure that depends on both distance and orientation with
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respect to the defect [82]. Thus, Eq. (4.24) is probably too simple to describe
adequately the vector displacement at a point in the lattice caused by too big
and too small atoms located at other points. Hence, the continuum model fails.
The generalized linear chain model also relies on the assumption of isotropic dis-
placement fields: if u(r-rg) has a complex dependence on the distance and angle
between r and ro, then it will not suffice to calculate (u?)qar from an isotropic
parameter like the difference in atomic radii.

Recall from section 4.3.2 that the temperature factor Ujs, is equal to the total
MSD (static plus dynamic) if the atomic displacements are either small or have
a Gaussian distribution. In light of the probable violation of assumption (ii),
it seems likely that at high Pd concentrations, the displacements in the Nb-Pd
alloys are neither small nor distributed according to a Gaussian. Krivoglaz [74]
has assessed the potential deviation of U, from (u?) in such cases. He finds
that in interstitial solutions the difference can be substantial, but in homogeneous
substitutional solutions, like Nb—Pd, the relative difference is generally less than
one percent. Theréfore, we can continue to consider the refined temperature
parameter to be an accurate estimate of the true total MSD of the atoms in the

crystalline lattice.

4.5.3 Relationship to Lindemann melting criterion

The Lindemann melting criterion [section 1.3.1, Eq. (1.1)] dictates that melting
will occur when the atomic root-mean-square displacement (RMSD) reaches a
critical fraction of the interatomic spacing in the crystal [83]. Since the Lindemann
criterion has been investigated primarily in elemental solids, little attention has
been paid to the influence of static contributions to the MSD on the melting
temperature. Rabinovich and colleagues [70, 71, 84] have recently demonstrated

that the Lindemann criterion holds for alloys if the total MSD, rather than only the
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dynamic MSD, is used to predict the melting point. That is, the static MSD plays
an equivalent role to the dynamic MSD in influencing the melting temperature of
alloys.

This fact suggests that the degree of instability of the crystalline phase may
be related to the fraction (uz)l/z/(uz);/zx, where (u2)lln/a2x is the RMSD at the melt-
ing point as predicted by the Lindemann criterion. For bcc crystals, the atomic
RMSD is approximately 15 % of the nearest-neighbor spacing at the melting point
(85]. In pure Nb this represents a maximum RMSD of 0.043 am, which decreases
to 0.042nm at 42 at.% Pd due to shrinkage of the unit cell. The difference between
this maximum RMSD and the measured static RMSD’s at the same Pd concen-
tration indicates the additional amount of RMSD that must be imparted to the
atoms of the crystal in order to cause polymorphous melting. In Fig. 4.19(a) we
see that the 300 K static RMSD rises to approximately 43 % of the melting RMSD
and at 12K it reaches 58 %. By way of comparison, in Fig. 4.19(b) I have plotted
the RMSD’s measured by Seidel et al. [86] in Mn-implanted Al as a function of
Mn concentration. The critical Lindemann fraction for fec structures like Al is
12 % [85], resulting in a maximum RMSD of about 0.034nm." Seidel et al. ob-
served amorphization to occur suddenly at about 6 at.% Mn, at which point the
RMSD is 67 % of the maximum at melting. This amount of static disorder may
correspond to an instability of the crystalline phase with respect to amorphiza-
tion. If we were to assume that the 67 % criterion holds for Nb~Pd, then we would
predict by extrapolating the 12K and 300 K RMSD data points in Fig. 4.19(a) to
higher Pd concentrations that the bcc phase would become unstable with respect
to amorphization at 60-65 at.% Pd.

Furthermore, substituting the expression for the dynamic MSD (u?)4yn given

by Eq. (4.20) into the Lindemann melting criterion for Nbyge_,Pd,,

(4 (2))stat + (u?(2))ayn = (4?) o = (0.0420m)?, (4.26)
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Figure 4.19: Static rms displaceinents in (a) Nb~Pd alloys plotted against Pd
concentration (' = 12K and 300K) and in (b) Al-Mn alloys plotted against
Mn concentration (data taken from Ref. [86]). Regions of the Al-Mn alloy begin
to amorphize when (u2)sml/ ? reaches a maximum of ~ 67 % of the Lindemann
limit for melting. The Nb-Pd alloys reach ~58 % of the Lindemann limit at
42at.% Pd. At a Pd concentration of 60~65at.% the (uz)statl/ ? of Nb-Pd would
reach the fraction of the Lindemann limit at which the Al-Mn alloys began to

amorphize.
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yields an expression for the polymorphous melting temperature Tp in terms of the

measured static MSD and the Debye temperature p at z:

_ Mksb3(2)

To ~ 97‘12 [(uz)max - <u2(x)>stat] ; To > 9D7 (4:27)

where we have expanded the Debye function [Eq. (4.21)] ®(y) for y < 1 [60]:
O(y) + 1y =14 £y* — 555y* + -+ -. Given the measured Debye temperatures as
a function of z in Fig. 4.13 and the static MSD’s of Fig. 4.18, we use Eq. (4.27)
to calculate the melting temperature Ty(z) as a function of Pd concentration and
superpose this on the Nb side of the Nb-Pd phase diagram (Fig. 4.20). The
success of this approach in approximating the known T line for Nb~Pd above the
eutectic temperature suggests that a reliable way to extrapolate the Tj line to lower
temperatures (i.e., higher Pd concentrations) is to extrapolate the measured 0p(z)
and {u?(z))stas curves to higher z and substitute into Eq. (4.27). Doing so enables
us to map out the 7j line until it approaches the Debye temperature (Fig. 4.20).
Since the T} line must be vertical at the ideal glass transition temperature, which
ié located at about 40-60 % of the eutectic temperature [88], we can estimate the
critical composition ¢* of Fecht and Johnson’s polymorphous phase diagram to
be 65-70at.% Pd in the Nb-Pd system. Note how close this prediction is to the
instability concentration of 60-65 at.% Pd estimated from the “2(u?)_ 7 criterion

proposed above!

4.5.4 Conclusions

We have found several pieces of evidence suggesting that highly supersaturated
bee crystals of Nbyge—Pd, have an underlying stability limit of z ~ 65. The
unusually large static disorder and inhomogeneous strain at large z suggest that
the atoms are not “packed” very well into the average lattice. The falling Debye

temperature implies that the shear modulus of the crystalline phase decreases
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Figure 4.20: Calculated Tj line superposed on the Nb side of the Nb~Pd phase
diagram. The T} line was calculated using Eq. (4.27) and measured and extrapo-
lated values for the terms therein. A value for {(u?)_,_of (0.0392nm)? was chosen
to give the correct melting point for pure Nb. The slope of the Tp line is ex-
pected to become infinite at the glass transition temperature of ~ 600°C, which
would entail a critical composition ¢* of about 65-70at.% Pd. Equilibrium phase

diagram taken from Ref. [87].
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with increasing Pd content. Finally, the unusual structure seen in the TEM mi-
crographs of the most highly supersaturated sample may be a precursor of the
elastic instability entailed by the falling Debye temperature. A generalization of
the Lindemann criterion to alloys enables us to calculate the polymorphous phase
diagram for Nb-Pd, which predicts a maximum solubility of 65-70 at.% Pd in the
bce crystalline phase. Such a composition cannot be reached by splat quenching
because of interference from the fcc crystalline phase field at 50 at.% Pd, but an-
other synthetic technique like implantation may enable samples to be prepared
at higher concentrations near this ultimate limit, because the bcc phase would
not need to be nucleated and grown from a more disordered phase, as with splat

quenching.
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Chapter 5

Quantifying the stability of
nonequilibrium solid solutions

To what extent do the results of the previous chapters increase our understand-
ing of the fundamental nature of crystal-to-amorphous and crystal-to-liquid phase
transitions? The increase in atomic mean-square displacement (MSD) and in asso-
ciated structural anomalies as a function of the Pd concentration in Nb-Pd alloys
supports the idea that a crystalline solution can be driven toward an instability-
induced transition to an amorphous phase by a combination of supersaturation
and thermal energy. But does this finding provide any insight into the fundamen-
tal question of how to quantify the degree of destabilization? In this final chapter
of the thesis, I shall survey the various means of parametrizing the stability of
the crystalline phase relative to a liquid or amorphous phase of the same com-
position, indicating those measures that are favored by our experimental results.
Prior to embarking on such a discussion, however, we shall find it fruitful to re-
visit the notion of metastability encountered in Chapter 1 and implicitly assumed
in the remainder of the thesis. It will become apparent that the supposed sharp
boundary between a solid’s metastable and unstable regimes is actually quite
diffuse, resulting in competing—rather than mutually exclusive—decomposition

processes in crystals driven near the boundary and, consequently, in structural
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inhomogeneities on several length scales. We shall propose that these topological
fluctuations are a fundamental feature of highly nonequilibrium crystalline phases

and necessitate the use of a local, rather than global, parameter for stability.

5.1 The polymorphous constraint and metasta-
bility

Recall that a phase transition is called polymorphous when it occurs without
change in local chemical composition. Analogously, we say that a crystalline phase
satisfies the polymorphous constraint if its chemical composition remains uniform
throughout the sample: the overall composition can change (as during alloying),
but the change must be homogeneously distributed throughout the crystal rather
than concentratéd in certain regions. We shall see that the thermodynamic defi-
nition of metastability that we developed in Chapter 1 assumes the applicability
of the polymorphous constraint. The physical impossibility of actually imposing
such a constraint on a real solid and the observed tendency of real crystals, such as
ErFe;Ds,, to violate it in subtle ways suggest that we should develop definitions

of metastability and of instability that do not rely explicitly on this constraint.

5.1.1 Thermodynamic definition of metastability

The definition of metastability developed in section 1.5.1 is a fundamentally ther-
modynamic definition because of its reliance on the shape of free energy curves
rather than on any kinetic concepts of the lifetime of the metastable state. Re-
call from the previous discussion that stable, metastable and unstable regions
are determined solely by properties of one or more free energy curves: the sta-
ble/metastable boundary is determined by the common-tangent construction used
to define an equilibrium two-phase region, and the metastable/unstable boundary

is determined by the point at which the curvature of the free energy changes sign
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[Figs. 1.1(a) and 1.1(b)]. Decomposition of a metastable crystalline phase occurs
by a nucleation and growth mechanism because a finite energy barrier must be
overcome to create compositional fluctuations in the phase [1]. In contrast, there
is no energy barrier for the buildup of such fluctuations in an unstable crystal, at
least for long-wavelength fluctuations, for which interfacial energies are negligible
[1, 2]; this kind of decomposition results in, for example, the “tweed” microstruc-
ture seen in spinodal decomposition [3].

Note that the polymorphous constraint is implicitly assumed in drawing a
continuous free energy curve over a wide range of compositions. The curve gives
the free energy of a chemically uniform sample with fixed symmetry (i.e., bcc,
fce, hep); the very existence of the curve relies on the concept of the polymor-
phous constraint. There is a fundamental problem with diagrams of this sort,
however, that is related to the conceptual difficulties of defining the properties
of an absolutely unstable crystal, such as one having a higher entropy than the
liquid of the same composition (section 1.5.2). Thermodynamic stability criteria
tell us that global thermodynamic energy functions must be convex functions of
their variables [1, 4, 5].‘ Not surprisingly, sophisticated free energy calculational
techniques (such as cluster calculations) yield no concave regions in the unstable
region of Fig. 1.1(a); instead, the more accurate they get (corresponding to the
larger and larger clusters that they include), the closer they approximate a free
energy curve that is flat in the equilibrium two-phase region, as predicted by the
common-tangent construction. In other words, global free energy curves cannot
look like the curve of Fig. 1.1(a). Such a curve with concave regions can be in-
terpreted only as “coarse-grained free energy functional” [1]—i.e., as a local free
energy. In order to calculate local free energy curves, one must obviously suppress
the phase separation entailed by the flat free energy curve in the equilibrium two-

phase region [1, 2], but such a step is equivalent to imposing the polymorphous
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constraint!

The thermodynamic definition of metastability predicts a sharp boundary be-
tween metastable and unstable regions and a concomitant qualitative difference
in decomposition mechanisms in the two regions. Recent theoretical studies of
this boundary, however, find no sudden change in dynamic behavior when passing
from the metastable region to the unstable [1, 2]; rather, there occurs a gradual
transition from nucleation and growth to spinodal (i.e., long-wavelength) decom-
position. The physical reason for this is that the nucleation barrier drops as the
composition moves away from the equilibrium coexistence line (that is, as the
overall composition moves deeper into the metastable region) until it is of the
order of kgT'. As the nucleation barrier shrinks, the rate of decomposition by nu-
cleation and growth increases. Simultaneously, the closer the system gets to the
spinodal curve, the lower the energy cost becomes for long-wavelength composi-
tional fluctuations. In the region near the thermodynamically defined boundary
between metastable and unstable regions, both decomposition processes occur si-
multaneously, with the predominant process changing gradually from nucleation
and growth to spinodal decomposition as the system moves across the spinodal

curve [1].

5.1.2 Kinetic definition of metastability

These observations suggest that the thermodynamic definition of metastability
is poorly equipped to distinguish metastable from unstable phases, which, after
all, is a primary task in studying the dynamic behavior of destabilized phases.
A rather more useful definition can be formulated using kinetic criteria [1, 2].
Metastable phases fabricated in computer simulations and in actual experiments
~demonstrate two characteristic time scales, the difference between them being a

measure of metastability. The first time scale, labeled 71, is the time for an order
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parameter (see section 5.2) characteristic of the metastable phase to settle down
to a more or less “steady” value. The second time scale, 73, is the time at which it
becomes apparent that the metastable state is not truly an equilibrium state but
is in fact slowly relaxing; evidence for relaxation would come from a noticeable
change in the “steady-state value” of the order parameter whose relaxation time
defined 7. Metastability is signaled by a significant difference (i.e., many orders
of magnitude) in the time scales 7, and 7,; that is, metastability corresponds to a
highly nonlinear decay of the order parameter with time [1, 2].

Though subject to a certain degree of arbitrariness, such a kinetic definition of
metastability provides a practical, useful way to distinguish between metastable
and unstable phases. This definition, moreover, makes explicit the smooth tran-
sition between metastable and unstable phases, since increasing destabilization
(i.e., movement of the system away from equilibrium) will correspond to 7, and
71 approaching each other. It also makes clear the task in fabricating crystalline
samples with progressively less stability: they must relax to the desired state
during 7 and have a metastable lifetime 7, — 7, long enough to permit the neces-
sary thermodynamic, mechanical and structural measurements to be performed.
Such measurements must determine the extent to which the sample satisfies the
polymorphous constraint, and they must evaluate the stability of the resulting
crystalline configuration. We discuss the former task in the next section (section

1.1.3) and the latter task later in the chapter (section 1.2).

5.1.3 The polymorphous constraint and length scales

Recall that the enthalpy change upon heating ErFe;Ds, powder in a sealed dif-
ferential scanning calorimetry cell had the opposite sign to what is expected of
polymorphous melting and amorphization (section 3.5.2). We assigned the cause

of this discrepancy to violation of the polymorphous constraint: instead of preserv-
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ing the uniform chemical distribution of the crystalline deuteride, the amorphous
phase formed with Er-rich and Fe-rich clusters. Apparently, the final state of the
crystal-to-amorphous transition fell in the unstable region of the homogeneous
amorphous phase (see Fig. 3.18), resulting in enthalpy release upon amorphous
phase decomposition. Had the final state been a chemically uniform amorphous
phase, on the other hand, the transition would have been endothermic, as ex-
pected.

A moment’s reflection makes it clear that violations of the polymorphous
constraint should be quite common, especially since a crystal driven into the
metastable region wants to phase separate in order to lower its total free energy.
Decomposition into two or more crystalline phases, however, is easily detectable
with diffraction techniques. What is unsettling about the deuteride case is that
the clustering occurred on a nearly atomic-level length scale (most likely in re-
gions less than 2nm in size, as suggested by the size of the crystallized ErD,
regions), but it had an enormous influence on the thermodynamics of the transi-
tion: the exothermic enthalpy release had about the same order of magnitude as
one would have expected of the heat of fusion at that temperature! Clustering on
such a short length scale, especially in the amorphous phase, is very difficult to
detect by the commonly available tools for structural characterization. But it is
at short length scales that changes in chemical ordering will have their greatest
impact, since bond energies are dominated by nearest-neighbor interactions. In
other words, the violations of the polymorphous constraint that are the hardest
to detect are the ones that have the most significant thermodynamic effect. Our
experiments on ErFe;Dj, underscore the importance of restricting the class of
polymorphous phase transitions to those in which topological order changes but
chemical order does not.

Chemical inhomogeneities occurring on longer length scales are also difficult
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to detect in an amorphous phase. Recent studies by Sales and colleagues at
Oak Ridge obtained a quantitative measure of structural differences at length
scales of 5nm and beyond (!) between amorphous lead pyrophosphate formed
by water-quenching and by ion irradiation [6, 7]. [They were able to measure
aspects of structure over such a long-range in amorphous phases by utilizing a
novel technique—high-performance liquid chromatography (HPLC)—that is sen-
sitive to chains of PO, tetrahedra in the amorphous phases.] The clear differences
that they found in the amorphous product phases of two different synthetic routes
contradict previous findings of path independence of amorphous phase prepara-
tion schemes in comparisons of atomic radial distribution functions (RDF) |8, 9],
but meaningful RDF information can be determined only out to about 2nm.
Fortunately, the same reasons that make thermodynamic measurements sensitive
to changes in short-range chemical structure render them rather insensitive to

long-range changes during ostensibly polymorphous transitions.

5.1.4 Can crystal-to-amorphous transitions be polymor-
phous?
With all of the possible ways that a system can violate the polymorphous con-
straint and with the associated difficulties in detecting those violations when they
occur over very short or long length scales, it is fair to ask if any crystal-to-
amorphous phase transitions occur polymorphously. There are, of course, exam-
ples of polymorphous transitions in real materials, such as allotropic and displacive
transitions and the melting of elemental solids. I know of no proof as yet, how-
ever, that any crystal-to-amorphous transitions—with the probable exception of
pressure-induced amorphization of certain nonmetals—meet this constraint. Good
candidate transitions would be those that destabilize an already-formed crystalline

state, such as hydrogenation, ball milling, irradiation or implantation. We saw
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evidence in Chapter 3 that violation of the polymorphous constraint is the actual
driving force for hydrogen-induced amorphization, thus eliminating hydrogena-
tion from consideration. Likewise, the energy storage accompanying decrease in
chemical order is thought to be necessary for irradiation-induced amorphization
of intermetallic compounds [10]. That leaves ball milling and implantation as
remaining possibilities. Some recent studies employing each method do, indeed,
suggest experimental realization of a polymorphous crystal-to-amorphous phase

transition. Let us briefly consider each one.

Mechanical alloying of Zr-Al

Mechanical alloying of up to 15 at.% Al with Zr results in a single-phase Zrip0-zAls
solid solution having the terminal a-Zr structure (hcp) [11, 12, 13, 14, 15]. For
z 2 17 a homogeneous amorphous phase results; the two-phase crystalline+amor-
phous region separating the single-phase regions is remarkably narrow (< 2at.%
wide) [12, 15]. Ma and Atzmon [12, 13, 14] have produced rather convincing ev-
idence (enthalpy measurements and calculated free energy curves) that the crys-
tal/amorphous compositional formation boundary occurs within'a few atomic per-
cent of the room-temperature crossing point of the free energy curves; that is, the
crossover from crystalline to amorphous occurs at about the composition of the
T, line corresponding to room temperature. Furthermore, their lattice parameter
measurements as a function of Al concentration are consistent with there being
no solute segregation in the single-phase crystalline alloy up to the two-phase
boundary. If the Tj line for the a-Zr phase becomes nearly vertical at low tem-
peratures like room temperature, the maximum composition of hcp Zr-Al made
by mechanical alloying may be close to the isentropic maximum composition ¢*.

It is difficult to understand, however, why the amorphous phase does not

nucleate heterogeneously at a lower Al concentration due to the high defect den-
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sity (dislocations, stacking faults, grain boundaries, etc.) of ball-milled powders.
Furthermore, the broadening of x-ray diffraction peaks caused by grain-size refine-
ment and strain [16] in the ball-milled alloys makes it impossible to determine the
lattice parameter with sufficient accuracy to rule out small amounts (< 10 at.%)
of solute segregation. The amorphous phase has not been checked for short-range
clustering of the type seen in amorphous deuterated ErFe;, but x-ray diffraction
scans reveal no anomalous structure indicative of clustering, as with the deu-
teride. Ongoing experiments are still searching for enhanced thermodynamic or
mechanical properties of the metastable crystalline powders near the calculated
To boundary. Efforts to measure the average mean-square displacement (MSD)
by powder diffraction [15] and the grain boundary structure and dimensionality
[17] by small-angle x-ray or neutron scattering (SAXS or SANS) [18, 19] hold

particular promise.

Implantation of B into Nb and Mo

As discussed several times already, Linker and colleagues found that the implanta-
tion of boron into liquid-nitrogen-cooled films of Nb or Mo resulted in interstitial
incorporation of B atoms until a critical concentration of B was reached, at which
point regions of the sample became amorphous [20, 21]. In both cases, the critical
concentration for amorphization (5-7 at.% B) is reasonably close to the maximum
possible supersaturation concentration ¢* defined by the concentration at which
the Tp line becomes vertical [Figs. 5.1(a) and 5.1(b)]. Again, it is difficult to
verify the extent to which the amorphization in this case is polymorphous, even
though it seems to occur (at least locally) at the instability line of the polymor-
phous phase diagram. The implantation process introduces defects that should
produce sites for heterogeneous nucleation of the amorphous phase, and—as with

the amorphous Zr-Al alloys discussed above—the amorphous Nb-B and Mo-B
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states were not checked for short-range clustering, which has been found in other

metal-metalloid glasses (8].

5.2 Parameters for crystalline stability

We have seen in the previous sections that determining compliance with the poly-
morphous constraint during amorphization of a crystalline phase can be a daunting
project. Now we turn to the associated task of quantifying the loss of stability as
the crystalline phase is driven toward the amorphous state. A logical first step in
attacking the latter problem would be to define crystalline stability in terms of an
order parameter for the crystal-to-liquid or crystal-to-amorphous transition. An
order parameter for a phase transition is an extensive variable that has a different
value in the ordered and disordered phases on either side of the transition [1]. By
convention it is chosen to be zero in the disordered phase and non-zero in the
ordered phase. Depending on the nature of the phase transition, the appropriate
order parameter can be a scalar, vector or tensor quantity [1]. For example, the
order parameter for melting is the Fourier component of the atomic density at a
reciprocal lattice vector G. Just as with liquid phases, amorphous phases have
pe = 0, as desired, so this is an appropriate order parameter for the crystal-to-
amorphous phase transition, as well.

We now ask if it is possible to quantify the stability of the crystalline state
in terms of this order parameter. As long as the crystal has long-range trans-
lational order, the Fourier component of the atomic density at reciprocal lattice
vectors will be nearly constant; thus, such a quantity is relatively insensitive to the
local structural changes that may accompany superheating and supersaturation.
Alternatively, the fact that crystals can support shear forces and liquids cannot
suggests using some kind of shear modulus as an order parameter for melting and

amorphization. Amorphous phases can also support shear forces, however, so the
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shear modulus cannot be a proper order parameter for both phase transitions.
How about the atomic mean-square displacement (MSD) that is fundamental to
the Lindemann criterion for melting and, as we argued in the previous chapter,
is a criterion for amorphization as well? In the liquid phase the MSD is clearly
infinite, but in the amorphous phase it is certainly not infinite because the atoms
are trapped within the shell formed by their nearest neighbors. If we were to
define an order parameter by 1/MSD, for example, it would be finite in the solid
and amorphous phases and zero in the liquid. Although it does not satisfy the
criteria for being a proper order parameter for both melting and amorphization,
it represents an improvement over the Fourier-component order parameter, for
1/MSD is observed to decrease as the stability of the crystalline phase decreases,
be it due to heating or to supersaturation (Chapter 4).

The latter example suggests that it may be better to relax the definition of
order parameter than either to search for a proper order parameter appropriate
for both melting and amorphization or to deal with the complications of having
two order parameters—one for each transition. In the spirit of the one-phase
melting/amorphization instability theories discussed in Chapter 1, let us focus
‘our attention on the crystalline phase alone and require only that the appropriate
parameter vanish at the stability boundaries of the crystalline phase; in order to
distinguish this new parameter from an order parameter as properly defined, we
shall refer to it as a stability parameter. For example, the Lindemann criterion
defines a maximum possible MSD for the crystalline phase: (u*)max. Using this
quantity we may define a stability parameter ¢ = (u?)pa— (u?) that would vanish
at the stability limit of the crystalline phase against both melting and amorphiza-
tion. This is not the only possible stability parameter, however: in Chapter 1 we
discussed several lattice instability theories for melting and amorphization, each

of which has an associated measurable quantity that can be cast in our stability
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parameter language. I shall conclude this thesis by comparing these various pro-
posed parameters and attempting to identify which, if any, are most appropriate

for describing crystal-to-amorphous phase transitions.

5.2.1 Atomic-level stress

As discussed in sections 1.4 and 2.2, the “atomic-level stress criterion” developed
by Egami and Waseda [24] to account for the success of their empirical equation
[Eq. (1.2)] for predicting glass formation ranges in binary alloys is predicated on
an instability of the local topology of the crystalline phase [24]. The instability is
caused by the buildup of hydrostatic stress in the lattice due to replacing A atoms
with B atoms of a smaller or larger size [25]. Collapse occurs when a change in
coordination number will relieve the (local) elastic energy arising from the size
mismatch.

Egami and Aur [25] interpret this instability as a kinetic condition for glass
formation: crystallization kinetics are slowed by the local instability of the crystal
leading to “mistakes” in lattice plane registration during crystallization, result-
ing in the incorporation of many defects and drastically slowing the progress of
crystallization in the undercooled melt. This interpretation highlights the fact
that Eq. (1.2) was optimized to account for the boundary between crystalliza-
tion and glass-formation during a rapid-quenching experiment from a disordered
phase to an ordered phase, rather than being optimized to the stability bound-
ary of the crystalline phase itself. In other words, the approximation Agw = 0.1
for Tmax|AV|/Va is probably quite sensitive to cooling rate; its extrapolation to
zero cooling rate would represent a more realistic stability limit for the super-
saturated crystalline alloy. It should be noted, however, that empirical support
for a value of 0.1 comes from vapor-quenching experiments by Liou and Chien

[26], which demonstrated that Eq. (1.2) with Agw = 0.07-0.09 does a good job
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of predicting the experimentally determined glass-formation ranges, even though
the cooling rate of vapor-quenching is ~ 6 orders of magnitude faster than that of

liquid quenching [27].

5.2.2 Volume expansion

The results of irradiation-induced amorphization have led to speculation that
a critical amount of volume expansion, sometimes called free volume, triggers
amorphization [10]. For instance, it was observed in irradiation experiments of
1 MeV Krt ions directed at ZrsAl that lattice expansion occurred without amor-
phization until a relative expansion of ~ 0.8 % was reached [28]; hydrogen-induced
amorphization of ZrzAl found no homogeneous amorphization until the lattice ex-
pansion reached the same value [29, 30]. This criterion has several drawbacks,
however: It provides no explicit reason for loss of crystalline order at a particular
volume expansion (a defect shared by the atomic-level stress criterion and the Lin-
demann criterion). There are also indications from computer simulation that the
volume expansion is much more dependent on processing history than the atomic-
level stress criterion is [31]. Furthermore, it is not clear how to measure volume
expansion in substitutional alloys—as opposed to intermetallic compounds—for
there is no well-defined reference volume of an “ideal” solid solution. Finally, we
recall that some crystalline solids actually shrink upon amorphization when the

transformation is induced by the application of pressure (section 1.1.6).

5.2.3 Crystal rigidity

The elastic moduli of the crystalline phase are direct measures of its mechanical
stability. If one were to drop to zero or become very small (i.e., become soft),
the crystalline lattice would become unstable with respect to the shape change

associated with the soft modulus. For a cubic lattice there are three independent
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elastic moduli [10]: two shear constants, c44 and C’ = % (¢11 = ¢12), and the bulk
modulus, B = % (e11 + 2¢12), where the ¢;;’s are the elastic stiffness constants [32].
In general, we do not expect the bulk modulus B to become small or vanish upon
melting or amorphization because (i) the bulk moduli of metallic glasses are only
a few percent less than those of corresponding crystalline phases {8}, (ii) the bulk
moduli of the crystalline phase of elemental solids extrapolate smoothly to the
B of the liquid phase [33], and (iii) even systems with shear instabilities have
normal B behavior (e.g., Mo-Re [34]). Thus, we expect any elastic instability to
be reflected in the shear moduli (cyy and C") rather than in the bulk modulus.

There is evidence from irradiation experiments on intermetallic compounds
that one of the shear moduli of the crystalline phase decreases as the radiation
dose increases to the critical value for amorphization [10, 28]. In fact, if the
normalized shear modulus C/Cy is plotted as a function of the volume expansion
of the lattice AV/ Vg, C/Cy extrapolates to zero at about the volume expansion of
the resulting amorphous phase! Tallon [33] has made a similar plot for the shear
moduli of elemental cubic crystals versus the volume expansion that occurs upon
heating up to and above the melting point. He finds that in each case one of the
shear moduli extrapolates to zero at about the volume expansion of the resulting
liquid phase.?

Thus, shear instability provides a mechanism for melting and amorphization
triggered by volume expansion: at the critical volume expansion one of the shear
moduli becomes small enough that the crystalline phase loses its rigidity and
collapses to a disordered phase. While this makes it tempting to view volume
expansion as the underlying cause of the shear instability, I feel that this view is

mistaken, since the shear criterion is more generally applicable: it can explain, for

IThis general relationship does not hold for materials having a higher density in the liquid
phase than in the crystalline phase, of course. Examples of such exceptions include Si, Ge, Ga,
Bi, Sb and H,O0 [10, 35].
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example, amorphization in solid solutions, which do not display significant volume
expansion upon progressive destabilization [cf. behavior of lattice parameter upon
supersaturation of Nb-Pd (Fig. 2.15)]. Also, one should not expect the shear
modulus to depend fundamentally on lattice volume, since shearing of a unit cell

affects its volume only to second order.

5.2.4 Hierarchy of instabilities

Tallon [35] recently proposed that the entropy instability of Fecht and John-
son [36] together with the volume and shear instabilities discussed above form
a hierarchy of instability points for superhea,te:d elemental crystals. The isen-
tropic instability—the temperature at which the crystal and liquid have the same
entropy—is preceded by the isochoric point, which occurs when the crystal and
liquid have the same volume. Empirical studies and computer simulation both
identify the isochoric point as the temperature at which the entropy of the su-
perheated crystal is equal to the entropy of the liquid less its communal entropy
[35, 37]. Tallon assigns the rigidity instability to an even lower temperature at
which the volume of the superheated crystal equals that of the liquid at the freez-
ing point, and he points out that in Boyer’s [38] thermoelastic instability theory
of melting (section 1.3.2), the impending rigidity collapse causes a preemptive di-
vergence of the crystalline phase’s compressibility. Thus, starting from the equi-
librium melting temperature, a superheated crystal would encounter instabilities
in the following order [35]: elastic compressibility, elastic rigidity, isochoric insta-
bility and isentropic instability. In Tallon’s opinion it would not be possible to
access the isochoric and isentropic instabilities experimentally because the crystal
would transform to a liquid upon losing rigidity.

Whether such a hierarchy applies to the crystal-to-amorphous transition re-

mains open to question. Since the rigidity and isochoric instability points occur
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at nearly the same condition (Vx = 14,), Tallon’s argument applied to amorphiza-
tion implies that a highly destabilized crystalline alloy would have nearly the
same volume as that of an amorphous phase at the same composition. Plots of
the composition dependence of average atomic volume in the Fe-P and Zr-Rh
alloy systems [Figs. 5.2(a) and 5.2(b)] seem to contradict this assertion: the ex-
trapolated volume of the crystalline phase at the crystal/amorphous composition
boundary is significantly smaller (2.7% for Fe-P and 2.4 % for Zr-Rh) than that
of the amorphous phase extrapolated to the same composition. If vanishing of the
shear modulus is indeed linked to near equality of crystalline and amorphous vol-
umes, then these volume dependences may indicate that the isentropic instability

is more restrictive than the shear instability, at least in alloys.

5.2.5 Effective elastic modulus

The shear modulus could vanish before the volumes of the liquid and crystalline
phases are approximately equal, of course. A general way to estimate the compo-
sition of rigidity collapse in crystalline alloys based only on the Debye temperature
fp was proposed by Johnson [43] in the context of calculating an effective elastic

modulus M g:

2 -
Mg =p (];Bq?) = (G—a;/—z + ‘gi%) . (5.1)
with Debye wavevector gp, density p, isotropic shear modulus G, bulk modulus
B and constants a; and a;. We note that Mg o 03 and that if G — 0, then
Mg ~ G (we do not expect B — 0 for reasons given in section 5.2.3). Thus, for
G — 0, G ~ 03, a relation known to be generally true even when G is not small
[44].

We now apply Eq. (5.1) to three binary systems for which the composition de-
pendence of dp has been measured: Zr-Rh [45], Mo—Re [34, 46] and Nb-Pd. For

the Zr-Rh system, the effective modulus (Fig. 5.3) falls rapidly as the Rh concen-
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Figure 5.2: Atomic volume plotted against composition for (a) Fe-P and (b) Zr-
Rh alloys. The difference between the atomic volume in crystalline and amorphous
phases at all compositions suggests that the crystalline phase does not become
unstable with respect to amorphization at an equal-volume condition. Data for

Fe-P obtained from Refs. [39, 40}; data for Zr-Rh obtained from Refs. [41, 42, 54].
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tration increases from zero to 9at.%. An additional point can be extrapolated at
~ 15 at.% Rh using the superconducting transition temperature 7. measured for
that alloy [54], its estimated electronic specific heat v extrapolated from measure-
ments at lower Rh concentrations [45] and the modified BCS-Morel relationship
between T, v and fp [55, 56]. Notice in Fig. 5.3 the significant difference be-
tween the effective modulus of the crystalline Zr-Rh alloys extrapolated to higher
Rh content and both the effective moduli of the Zr-Rh intermetallic phases and
of several Zr-based amorphous phases. Mg of the crystalline phase at the crys-
talline/amorphous boundary found by melt spinning (~ 15 at.% Rh [54]) is lower
than the extrapolated effective modulus of the amorphous phases or of the in-
termetallic compounds at the same boundary. Extending a curve through the
effective moduli of the crystalline alloys to zero modulus (i.e., shear instability)
finds a maximum Rh concentration of 20-25 at.%, which is nearly identical to the
isentropic maximum concentration ¢* that one would estimate from the Zr-Rh
phase diagram (Fig. 5.4).

- For the Mo-Re binary system both the compositional dependence of the Debye
temperature and also that of the elastic moduli have been measured. Although
the phase diagram of Mo—-Re [58] indicates that the terminal Mo solution does not
have a plunging Tj line, it is possible to make amorphous films of Mo-Re by vapor
quenching [59]. Compositional measurements of the elastic constants find a de-
crease in C’ for increasing Re concentration but an increase in cyq and B [34]. The
Debye temperature and, consequently, the effective modulus M.g both decrease
rapidly, with the effective modulus falling by nearly a third between pure Mo and
MosoReqo (Fig. 5.5). The boundary between crystalline and amorphous phases
for amorphous alloys with a crystallization temperature above room temperature
falls at a composition (~ 50 at.% Re [59]) at which both C’ and M,g extrapolate

to relatively small values, suggesting that the stability of the amorphous phase for
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Figure 5.4: Phase diagram of Zr-Rh taken from Ref. [57]. We have sketched in a
reasonable Tg line for the 8-Zr terminal solution; note that it becomes vertical at

about the same Rh concentration as Mg extrapolates to zero in Fig. 5.3.
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Figure 5.5: Effective modulus Mg plotted against Re concentration for Mo-Re
alloys. Mg of the crystalline phases falls to a small value as the Re concentration

approaches the composition (~ 50 at.% Re [59]) at which amorphous Mo-Re thin

films are stable at room temperature.
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Re concentrations above about 50at.% is enhanced by the relative instability of
the crystalline phase of the same composition. Incidentally, if the elastic constants
had been measured on polycrystalline Mo-Re rather than on single crystals, only
a directionally averaged shear modulus G = % (2C" + 3c44) [60] could have been
determined. In the Mo-Re case, such a G would actually increase until rather
high Re concentrations, even though C' decreases monotonically [34] (Fig. 5.6)!
From an experimental perspective, the Debye temperature dp can evidently be a
more sensitive probe of crystalline stability than direct measurement of the elas-
tic constants of a polycrystalline sample, which is usually the only form in which
supersaturated solutions can be prepared.

Finally, using the measured compositional dependence of 8p in Nb—-Pd alloys
(Fig. 4.13), we can compute the effective moduli of the becec Nb-based alloys in-
vestigated in Chapter 4. Unlike the Zr-Rh case, Mg for Nb-Pd (Fig. 5.7) does
not fall rapidly to zero; rather, only at high (~30at.% Pd) does it begin to drop
quickly. Extrapolation to small M g is difficult because of the few data points in
the region of large negative slope, but fitting a quadratic curve to the measured
bec-phase Debye temperatures of Fig. 4.13 allows somewhat reliable calculation of
Mg out to ~T70at.% Pd. As is evident in Fig. 5.7, the extrapolated Mg falls to
less than one-third of its value in pure Nb by 70 at.% Pd, suggesting that a shear

instability may be likely to occur near this composition.

5.2.6 Local topological collapse

In the preceding discussion of crystalline stability, we have focused almost ex-
clusively on stability parameters characteristic of a whole sample, such as the
Debye temperature, shear modulus, or average mean-square displacement. It
is not necessary, however, for a crystalline solid to become unstable and collapse

homogeneously—i.e., uniformly in every volume element of the whole. Rather, the
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shear modulus GG against Re concentration for Mo—Re alloys. Note that M.g and
C’ fall monotonically, but the averaging inherent in G causes it to rise until large

Re concentrations are achieved. Data for C” and G taken from Ref. [34].
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destabilization process could progress at different rates in different regions of the
sample. Fluctuations in atomic-level stress, free volume, (local) shear modulus,
(local) Debye temperature, etc., could lead to some regions of the sample melting
or amorphizing before other regions do so. Such nonuniform nucleation of the dis-
ordered phase might be explained as simple heterogeneous nucleation at defects,
but recent irradiation-induced amorphization studies {10, 61] call that explana-
tion into question, at least in certain experimental circumstances. Let us consider
some examples of experimental techniques that relate measurable quantities—
diffuse scattering of electrons, mean-square atomic displacements, high-resolution
transmission electron microscopy images—to local distortions in nonequilibrium

crystalline phaseé.

Irradiation-induced amorphization of Cu,Ti;

Using high-energy electrons (2 MeV) in a transmission electron microscope (TEM),
Luzzi {61] was able to observe irradiation-induced amorphization of CuyTiz at a
ﬁearly atomic level. He found that the chemical order of the CuyTi; decreased,
but did not vanish completely, before amorphization began. Simultaneously, he
witnessed the development of diffuse scattering upon looking down all zone axes
of the unit cell except for the {771) direction (effectively, the (111) direction of the
bce subunit cell out of which the CuyTi; unit cell is built). Such a finding indi-
cates that displacements of atoms are occurring out of their equilibrium positions
along the close-packed atomic chains of the bcc structure; the displacements occur
preferentially in the (111) direction because this is the direction characteristic of
atomic replacement collision sequences in irradiated bce crystals [61].

In the TEM Luzzi was able to track the entire amorphization process of the
sample from the cofnpletely crystalline initial state to the completely amorphous

final state. He found that the amorphous phase first nucleated at isolated re-
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gions about 2nm in size rather than nucleating uniformly throughout the sample.
He accounted for this observation with a model of local buildup of topological
disorder—predominantly along the (111) direction—that, upon exceeding a criti-
cal value, creates small regions of amorphous phase. Such local disorder cannot be
attributed to fluctuations in the electron dose, since only minimal dose variations
could occur over the small spatial extent of the islands. Neither can heterogeneous
nucleation at defects account for the local amorphization, since no such defects
could be observed in the crystalline phase either before or during irradiation. It
appears, therefore, that the crystal prefers to relieve the (111) disordering by ho-
mogeneously amorphizing in small regions. It is not yet understood what governs

the size or spacing of these amorphous zones.

Mean-square displacement as a local stability parameter

The implantation-induced amorphization experiments of Linker and colleagues
[62] also support the idea of local amorphization. They observed that the mean-
sQuare displacement (MSD) of Al films grows approximately linearly with the con-
centration of implanted Mn until an amorphous phase is nucleated (see Fig. 4.19).
At that point, the MSD of the remaining crystalline phase drops nearly to zero!
The film apparently can relieve all of the built-up disorder caused by excess Mn
in the crystalline Al matrix by forming regions of amorphous phase. Since the
MSD parameter is measured as an average over the entire crystalline sample, it
cannot distinguish between uniform and nonuniform distributions of topological
disorder, but there is no obvious mechanism for the crystal to “dump” a homo-
geneous distribution of static displacements into the initial amorphous regions.
Rather, it is more reasonable to assume that—as with irradiation-induced amor-
phization of CuyTiz—the local MSD varies significantly over distances of 1-5nm

in the crystalline phase as it is progressively supersaturated, implying a nonuni-
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form distribution of local stresses, free volume, and defects that may be observable
in an electron microscope.

Our high-resolution transmission electron microscopy images of nonequilib-
rium Nb-Pd solutions (section 4.4.7) support this interpretation: local distor-
tions with wavelengths of < 1nm are observed looking down all but the (111)
zone axis throughout the supersaturated crystals, implying—as with irradiation
of CuyTiz—that distortions occur along the (111) direction. This is the direc-
tion of close-packed atomic chains in the bcc Nb-Pd crystals; it may indicate
development of a pre-w-phase instability, which would be expected to manifest
itself in bee crystals through distortions in the spacing of (111) lattice planes [63].
The temperature dependence of the static MSD of NbszPdy, (section 4.4.6) is

consistent with the occurrence of an w-phase instability at low temperature.

5.2.7 Conclusions

The significant anisotropy in local disorder seen by Luzzi in irradiated CuyTis
and by us in supersaturated Nb—Pd point to the importance of a local parame-
ter for crystalline stability. The MSD is typically measured as an average over
a large region of the crystal, so it does not meet the criterion of locality, but its
anomalous compositional dependence in Nb—Pd—inexplicable from elastic contin-
uum theory—is likely a measure of the extent to which the static and dynamic
structure of the crystal has become inhomogeneous. This local information can
be complemented by Debye temperature measurements to provide an estimate for
the softening of an effective modulus. Together, the two measurements provide
an indication of the behavior of the local shear modulus, whose softening is the

probable underlying cause of both melting and amorphization.
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