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ABSTRACT

Hierarchical structuring has emerged as a powerful strategy in functional material
design to enhance mechanical performance and impart functional properties across
multiple scales. In architected materials, leveraging tessellated multiscale geomet-
rical features enables unconventional properties such as ultra-low density and high
energy absorption. Similarly, in functional polymers, rational design of molecular
chemistries and polymer microstructures allows for tunable mechanical properties
and stimuli-responsive behaviors. However, a substantial knowledge gap persists
in understanding how multiscale interactions connect to determine the macroscale
performance of these materials. This gap arises from challenges in scalable fab-
rication, multiscale characterization, and limited mechanistic insight from theory
and simulations. To address these challenges, this thesis presents a comprehen-
sive approach that integrates scalable fabrication, multiscale characterization, and
theoretical modeling to develop hierarchical materials with tunable functionalities.
Specifically, we (1) demonstrate scalable fabrication of hierarchical materials using
additive manufacturing, (2) investigate the bulk mechanical responses by tuning the
smallest level in hierarchical design, and (3) perform multiscale studies to bridge

the gap between unit-level interactions and macroscale performance.

In the first study, we explore the role of structural hierarchies in architected polymeric
materials for enhanced energy dissipation. Using metasurface-based holographic
lithography, we fabricate nano-architected polymeric sheets and demonstrate how
geometrical parameters for unit cell design such as relative density and beam as-
pect ratio influence stiffness, energy dissipation, and deformation modes. These
findings highlight the significance of hierarchical structuring in enhancing mechan-
ical performance and establish design principles for scalable manufacturing. In the
second study, we focus on dynamic polymers and examine how dynamic crosslink-
ing at the molecular level influences macroscale material responses. A single-step
stereolithography approach is developed to tune molecular-level controls in the
material. Through multiscale modeling and experimental characterizations, we
reveal how dynamic bonding mechanisms govern stiffness, stretchability, and frac-
ture energy. The results underscore the significance of multiscale interactions in
tuning mechanical behavior and suggest a pathway for designing materials with pro-
grammable responses. In the final study, we build on these insights by integrating

molecular-level controls with nonlinear structural responses such as buckling and
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shape transformations. The central premise is that molecular interactions dictate
local responsiveness, while structural geometries can amplify or suppress these re-
sponses through localized deformation or stress redistribution. As a demonstration,
we explore how tailored viscoelasticity and controlled instabilities can determine
the buckling mode of a structural beam. This synergistic interplay highlights the
potential of the materials requiring programmed reconfigurability, shape morphing,

and stimuli-responsive properties.

The findings presented in this thesis offer a robust framework for bridging molecular-
level design with macro-scale performance through scalable fabrication and charac-
terization strategies. By expanding the design space of material-level behavior, this
work lays the groundwork for developing next-generation materials with enhanced
functionality, adaptability, and intelligence for applications such as soft robotics,

healthcare, and sustainable materials.
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Chapter 1

INTRODUCTION

1.1 The Concept of Structural Hierarchies in Material Design

Materials are at the core of nearly every engineering application, fundamentally
determining the functionality, efficiency, and performance of systems ranging from
consumables and textiles to electronics, architecture, and biomedical devices. As the
demands on materials grow, there is an increasing push to expand their capabilities,
making them smarter, more adaptable, and capable of extreme mechanical proper-
ties. Achieving this requires materials to not only exhibit basic properties such as
elasticity, plasticity, and stability but also advanced functionalities like self-healing,

stimuli responsiveness, and high energy dissipation.

One promising strategy to meet these evolving demands is hierarchical structuring,
the design of materials with multiscale architectures that span from a unit-level to
continuum macro-scale levels. By organizing material structures hierarchically, it
becomes possible to in functional material design to enhance mechanical perfor-
mance and impart functional properties across multiple scales. This strategy is
indeed drawing the inspiration from natural systems, where hierarchical structuring
is a fundamental design principle. For instance, in plants tissue, the arrangement of
cellulose fibrils, cell walls, and stacked layers enables a balance of stiffness, tough-
ness, and anisotropic properties. Similarly, in biological systems, the hierarchical
organization of DNA sequences defines protein structures, which in turn govern
the functional behaviors of cells. These examples highlight how nature leverages
multiscale hierarchical configurations to achieve exceptional mechanical properties

and adaptability.

Inspired by these natural systems, material scientists, chemists, and engineers are
increasingly adopting hierarchical structuring principles to expand the design space
of engineered materials. The integration of hierarchical designs not only enhances
mechanical resilience and energy dissipation but also opens pathways for designing
smart materials capable of self-regulation and adaptive responses to external stimuli.
Among the diverse strategies for enhancing material performance, two approaches
stand out for their effectiveness in leveraging multiscale architectures: (1) structural

hierarchies in architected materials and (2) hierarchical organizations in dynamic
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polymers. These strategies have been instrumental in expanding the design space
of materials, enabling a range of advanced functionalities from energy absorption

to stimuli responsiveness.

In the next section, we delve into the efforts of two approach and how each ex-
plore how hierarchical structuring has been utilized to expand the design space and

enhance the functional capabilities of modern materials.

1.2 Hierarchy in Structure Design: Architected Materials

Dimension >> L

Dimension ~ L
buckled

Rl Cor:?ectivity(n) ﬁq
1% o B

Structural Unit-level Discrete-level Continuum-level
Building block Material Material Material
Nanoscale Macroscale
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Structural hierarchies in architected materials

Figure 1.1: Structural hierarchies in architected materials.

Hierarchical structuring in architected materials enables precise control over me-
chanical behavior, unlocking properties that surpass those of conventional bulk
materials. By leveraging multiscale geometrical features and arrangement, shown
in Figure 1.1, architected materials can be tailored for ultra-low density, high energy
absorption, damage tolerance, and enhanced mechanical resilience. These materi-
als often mimic nature’s structural hierarchies—similar to how plant cell walls are

architected to achieve a balance of stiffness, toughness, and anisotropy.

At the core of architected materials is the strategic design of unit cells, which
determines global material properties. The hierarchical arrangement of multi-
scale structural constituents, such as beam-based lattices, shell-based structures,
and origami/kirigami patterns, enables tunable mechanical responses and multi-
functionality. These unit cells can be engineered for periodic, stochastic, or func-
tionally graded designs, allowing fine-tuned control over energy dissipation, impact

mitigation, and reusability.

Recent advances in additive manufacturing (AM) have revolutionized the fabrication

of architected materials, enabling the realization of nano-, micro-, and macroscale
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hierarchical structures with unprecedented precision. The following sections discuss

the fabrication techniques and mechanical properties that define these materials.

1.2.1 Fabrication Techniques

The fabrication of architected materials has significantly progressed with the ad-
vent of advanced additive manufacturing and nanofabrication techniques. These
developments have enabled the creation of high-resolution structures, even at the
submicron scale, expanding the design space and geometrical controllability in the

architected materials.

Submicron- and Micro-Fabrication Techniques

Two-photon lithography (TPL) is widely regarded as the gold standard for fabricating
nano-architected materials with submicron resolution and high pattern fidelity [1].
This maskless 3D printing technique uses a tightly focused laser beam to polymerize
photosensitive resins at the voxel level, enabling the fabrication of intricate 3D
lattices. TPL has been successfully used to produce high-strength nanolattices with
ultralow densities, demonstrating enhanced mechanical properties [2]. However, a
significant limitation of TPL lies in its serial processing nature, which results in

prohibitively slow fabrication rates, making large-scale production inefficient.

For a microscale resolution, projection-based microstereolithography provides an
alternative [3]. Unlike TPL’s voxel-by-voxel approach, this method combines light
scanning with focused image projection, enabling the fabrication of microscale lat-
tices with feature sizes on the order of tens of microns while significantly improving

fabrication speed compared to serial TPL processes.

Macro-Fabrication Techniques

Well-established additive manufacturing techniques are primarily used for macroscale
architected materials, enabling the fabrication of large-volume hierarchical struc-
tures with a balance of precision and scalability. The most commonly used methods

include:

* Vat Photopolymerization (VP): Techniques such as stereolithography (SLA)
and digital light processing (DLP) selectively cure a liquid photosensitive
resin using light exposure [4]. These methods enable the fabrication of large
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sample volumes (10-100 cm?) with feature resolutions in the range of 1-10s

of microns.

* Material Extrusion: This category includes fused deposition modeling (FDM)
and direct ink writing (DIW), where materials such as thermoplastics or shear-
thinning inks are extruded through a nozzle to define the printed structure.
These methods offer a broad selection of printable materials but are generally

limited by resolution (=100 um) due to the extrusion process [4].

* Powder Bed Fusion (PBF): Commonly used for metallic structures, PBF
techniques such as selective laser sintering (SLS) and laser melting (SLM)
achieve high-resolution lattice architectures with feature sizes down to 100s

of microns over tens of millimeters [5, 6].

These fabrication approaches enable the design and realization of hierarchical struc-
tures at the macro-scale, providing an optimal balance between feature resolution

and manufacturability.

1.2.2 Material Properties

By designing unit-cell geometries with precise control, it has been demonstrated to
achieve desired material properties such as enhanced damage-tolerance [?], reusable
energy absorption [7], and stimulus responsivity [8]. For example, nanolattices with
ultra-low relative densities of 5% exploit nanoscale-induced material size effects to
derive higher strengths and stiffnesses compared with their constituent material,
while others can suppress brittle failure in architected materials composed of in-
trinsically brittle materials [9, 10]. Optimizing lattice architecture by, for exam-
ple, beam- versus plate-based patterns and periodic versus stochastic geometries,
enables approaching the theoretical mechanical parameter limits in engineered ma-
terials [ 1 1]. Beyond these advantageous quasi-static mechanical properties, Portela
et al. demonstrated that nano-architected pyrolytic carbon with a relative density of
23% (i.e. 77 Y% porosity) can combine material-level size effects and structure-level
densification mechanisms in cellular solids to mitigate impact of 14 ym-diameter
projectiles traveling from 50 to 1000 m s™! with a 70% higher specific energy dissi-
pation compared to Kevlar [12]. These hierarchical designs allow for a balance of
strength and lightweight properties, making them ideal for protective systems and
aerospace applications. Architected materials can also be designed for reconfigura-

bility and stimuli-responsive behaviors. By integrating stimuli-responsive polymers
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into lattice structures, researchers have demonstrated reconfigurable metamaterials

capable of self-healing, shape memory, and adaptable stiffness.

1.3 Hierarchy in Material Design: Polymer Structures

Hierarchical organizations in dynamic polymer
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Figure 1.2: Hierarchical organizations in dyamic polymers.

Dynamic polymers represent a diverse and highly tunable class of materials whose
properties arise from hierarchical structuring across multiple length scales, from
molecular interactions to continuum-scale material responses. The ability to tai-
lor polymer structures at different scales has led to significant advancements in
mechanical tunability, environmental adaptability, and stimuli-responsive function-
alities. Many biological materials, such as collagen, silk, and DNA, exemplify how
molecular-scale interactions propagate to mesoscale and macroscale architectures,
dictating mechanical robustness, elasticity, and self-repair capabilities. Inspired
by these natural systems, synthetic polymers have been designed to incorporate

hierarchical interactions to achieve desired performance characteristics.

A central approach in dynamic polymer material design is introducing dynamic
bonding mechanisms, such as metal-ligand coordination, reversible covalent bonds,
and hydrogen bonding, and leveraging molecular-scale interactions to program
macroscale behavior such as stimuli-responsive and tunable mechanical behavior.
For example, tuning the cross-linkingking dynamics or densities with the metal-

ligand bond tunes the stiffness an order of magnitude difference [13].

To fully exploit these design principles, it is essential to understand how hierarchical
configurations of dynamic polymers evolve across multiple scales. As illustrated
in Figure 1.2, hierarchical organizations in dynamic polymers can be classified into

four key levels:

* Molecular-level interactions — Governing bonding dynamics (e.g., metal-



ligand coordination, hydrogen bonding, ionic interactions).

* Polymer chain architectures — Dictating entanglement, crosslinking density,

and segmental mobility.

* Polymer network structures — Determining viscoelasticity, fracture resistance,

and processability.

* Continuum material behaviors — Governing macroscale mechanical properties

such as toughness, elasticity, and responsiveness.

Since materials performances are inherently dictated by molecular structure and
morphology, a deep understanding of multiscale configurations is essential. Similar
to how DNA sequences encode protein structure and function, the composition and
architecture of polymers dictate their bulk behavior. The following sections review
some of fabriaction and characterization techniques which exploiting different level
design in hierarchical polymer structuring in dynamic bonds to designing mechanical

properties and functional performance.

1.3.1 Design Strategies and Fabrication Techniques

Designing hierarchical polymer structures requires precise control over both tem-
poral and spatial dimensions, which dictate material behavior and responsiveness.
This control is achieved through bond kinetics, which modulate relaxation dynamics
over time, and polymer morphology, which governs macroscopic properties such as

stiffness, toughness, and adaptability.

Temporal control via bond kinetics

Dynamic polymer networks achieve tunable mechanical responses through re-
versible crosslinks that continuously associate and dissociate. By tailoring bond
kinetics, these materials can transition from a soft, viscous polymer melt to a stiff,
elastic solid, offering a wide range of mechanical tunability and advanced function-

alities such as self-healing, shape memory, and stimuli-responsiveness.

Dynamic bonds can be broadly categorized into noncovalent interactions and dy-
namic covalent interactions [ |4]. Dynamic noncovalent interactions such as hydro-
gen bonding, m —  stacking, host—guest interactions, ionic interactions, and metal
coordination create transient, rapidly exchanging crosslinks that enable energy dis-

sipation and adaptive mechanics [15—17]. In contrast, dynamic covalent bonds,
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such as Diels—Alder reactions, thiol-Michael reactions, and boronic ester bonds,
offer greater stability while retaining reversibility, allowing materials to undergo
controlled reconfiguration over longer timescales [18-20]. These bonds rearrange
via dissociative pathways (where bonds fully break before reforming) or associative
pathways (where bond exchange occurs continuously). While distinct in mechanism,
both pathways have been shown to follow similar Arrhenius-type scaling, indicating

a common kinetic framework that governs their exchange dynamics [21].

The key determinant of polymer behavior is bond lifetime, which dictates network
rearrangement and macroscale mechanical responses. Short-lived bonds facilitate
rapid stress relaxation and viscoelasticity, while longer-lived bonds maintain struc-
tural integrity, leading to stiffer, load-bearing materials [22]. The tunability of bond
association and dissociation rates enables materials to transition between these
states. Achieving optimal performance requires balancing bond reversibility and
stability. Strategies such as electronic and steric effects, solvent interactions, help
fine-tune equilibrium constant (K,,), association rate (K,), and dissociation rate

(Ky), all of which govern network morphologies and material response [23—-25].

Spatial control via polymer morphologies

While bond kinetics regulate time-dependent behavior, polymer morphology plays
a crucial role in defining network integrity, phase behavior, and mechanical perfor-
mance. Combining network topology with dynamic bonding mechanisms allows
materials to retain reversibility while significantly enhancing stability and mechan-
ical robustness. Some of effective approaches to improve mechanical robustness in

dynamic polymer systems:

Hybrid networks: Double-network (DN) hydrogels incorporate two interpenetrating
polymer networks with distinct mechanical roles. A covalently crosslinked primary
network provides mechanical stability and load-bearing strength, while a secondary
dynamic network incorporates reversible crosslinks that break and reform under
stress, dissipating energy and enhancing resilience. This interplay allows DN gels
to achieve high fracture toughness and fatigue resistance, as observed in stretch-
able hydrogels that combine rigid, sacrificial domains with soft, extensible regions
[26]. Beyond dual-network strategies, orthogonal dynamic bonding—where distinct
dynamic bonds with different strengths operate independently—enables energy dis-
sipation without significant hysteresis. Incorporating both strong covalent bonds

and weaker metal-coordination bonds leads to materials with enhanced fracture en-
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ergy and mechanical durability, exhibiting superior fatigue resistance under repeated

loading [27].

Polymer chain architecture: Structuring entanglements allows better transmission
of tension along polymer chains and across the network, improving toughness and
elasticity [28]. Creating spatially varying crosslinking densities produces regions
of differential extensibility and localized stiffness, enabling materials to exhibit
adaptive strain localization and tunable failure modes. Beyond linear polymers,
brush-like architectures, which expand polymer chain diameters and reduce entan-
glement density while maintaining extensibility, provide an effective strategy to
decouple stiffness and stretchability. These topological optimizations enable net-

works to be designed with independently tunable elastic moduli and extensibility

[29].

Microphase separation: Beyond molecular and chain-level configurations, mi-
crostructural heterogeneities provide an additional mechanism to program function-
ally graded mechanical properties in dynamic polymers. For example, incorporating
block copolymers with dynamic bonds allow microphase separation enables mate-
rials to achieve tunable morphologies in response to different stimuli [30]. Beyond
molecular and chain-level configurations, microstructural heterogeneities provide
an additional mechanism to program functionally graded mechanical properties in
dynamic polymers [31]. Even the dynamic bond immisibility at different tempera-
ture was used as a mechanism for phase separation that enables instant stiffnening

upon temperature applied [32].

Fabrication techniques

Fabricating hierarchical dynamic polymer networks involves a range of techniques,
from traditional bulk processing to advanced additive manufacturing, each offering

distinct advantages in spatial control, network formation, and scalability.

Layer-by-layer deposition (LBL): LBL is a widely used bottom-up technique for
assembling hierarchical polymer structures particularly using charge interactions,
with precise nanoscale control. In this approach, alternating layers of oppositely
charged polymer solutions are sequentially deposited, allowing tunable crosslinking
density, film thickness, and molecular orientation [33, 34]. Each deposition cycle
results in a nanometer-thick layer, and the process can be repeated to construct
multilayered polymer networks. This method is particularly advantageous for fab-

ricating dynamic polymer thin films, biointerfaces, and stimuli-responsive coatings
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[35]. However, LBL can be time-consuming due to the need for multiple dipping

cycles and is generally limited in achieving bulk mechanical control.

Molding and injection techniques: It is widely adopted method for producing bulk
hydrogels and elastomers with controlled network formation. In these processes,
pre-synthesized polymers are cast into molds or injected into predefined cavities,
where they undergo crosslinking via thermal, UV, or chemical curing [36—39].
This approach allows large-scale material production with controlled macroscopic
shapes and bulk composition. However, conventional molding techniques often
result in uniform crosslinking throughout the polymer matrix, limiting the ability
to introduce spatial heterogeneities or graded architectures. Additionally, while
effective for scalable production, these methods lack the precision necessary for

engineering microscale and nanoscale features.

Additive Manufacturing: Recent advances in additive manufacturing have trans-
formed the fabrication of dynamic polymers by enabling direct spatial control
over structure, composition, and crosslinking density. Among AM techniques,
projection-based stereolithography (SLA, DLP) and extrusion-based direct ink writ-
ing (DIW) are particularly effective for dynamic polymer fabrication. SLA and DLP
leverage UV/visible-light photopolymerization to pattern polymer networks with
exceptional precision, enabling hierarchical structuring down to the micron scale.
These techniques allow for intricate spatial control of crosslinking density and poly-
mer heterogeneity, though they require specialized photoinitiators and monomers
with high UV sensitivity [40—42]. In contrast, DIW enables multi-material printing
by extruding highly viscous polymer inks, which are subsequently crosslinked via
ionic interactions, thermal curing, or UV exposure [43—45]. This method offers
superior versatility for printing complex dynamic polymer architectures, including
heterogeneous networks and functional gradients. However, precise rheological tun-
ing is required to ensure consistent extrusion and prevent clogging, while structural

stability must be maintained post-printing to prevent collapse.

1.3.2 Material Functionality

By leveraging spatiotemporal control through bond kinetics and polymer architec-
ture, dynamic polymers have been tailored for specialized functionalities, including
tunable mechanical properties, extreme toughness, efficient energy dissipation, stim-
uli responsiveness, and self-healing. Dynamic bonding strategies enable materials

to transition from soft and stretchable to highly stiff and impact-resistant. The incor-
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poration of multiple dynamic metal-ligand bonds allows broad damping over large
frequency domains due to sequential polymer relaxation mechanisms [46]. When
combined with highly entangled polymer networks, these materials achieve excep-
tional fracture resistance, where dynamic bonds serve as primary energy dissipation

mechanisms.

Beyond mechanical performance, tunable metal-ligand coordination provides a
mechanism for stimuli-responsive behavior. By selecting specific metal-ligand
pairs, materials can be designed to exhibit tunable stiffness, self-healing, volumetric
changes, and even optical shifts in response to environmental triggers such as pH,

temperature, or mechanical stress. These adaptable properties have been harnessed

in various applications, including soft robotics [13, 47—49], sensors [50, 51], and

smart coatings [52—54], where reconfigurable material behavior is essential [43, 55,
].

The reversible nature of these bonds also enables self-healing capabilities[57, 58],

allowing materials to autonomously repair damage and extend their functional lifes-
pan. Similar mechanisms facilitate adaptive adhesion, where materials reversibly
adhere or detach in response to external stimuli by dynamically forming and break-
ing physical bonds [59, 60]. This versatility in bonding kinetics and polymer
structuring establishes dynamic polymers as a powerful platform for engineering

multifunctional, adaptive materials [61].

1.4 Challenges in Hierarchical Material Design

Despite significant advancements in both architected materials and dynamic poly-
mers, several key challenges remain in realizing their full potential for scalable
fabrication, multiscale characterization, and predictive modeling. These challenges
must be addressed to enable more precise material control, reliable manufacturing,

and systematic integration of hierarchical designs for enhanced performance.

Challenges in Scalable Fabrication

A major barrier to widespread implementation of hierarchical materials is scalable
and high-resolution fabrication. While additive manufacturing (AM) has revolu-
tionized material design by enabling complex geometries and fine structural control,
existing techniques face a fundamental trade-off between resolution, printing speed,

and sample volume.

* For architected materials, large-area, high-resolution fabrication techniques
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are essential to transition nano-architected materials from lab-scale prototypes
to functional macrostructures with tunable mechanical properties. While
light-based lithography has demonstrated scalability, further developments
are needed to enhance pattern fidelity, resolution, and process efficiency for

manufacturing large-scale nano-architected materials.

* For dynamic polymers, a reliable and scalable synthesis platform is critical
to precisely tune molecular interactions and crosslinking dynamics. Current
fabrication methods for dynamic polymers often rely on multi-step fabrication
or batch-based solution synthesis, which lacks spatial control over network
structures. Developing photo-controlled polymerization or direct-write AM
approaches would enable more localized, tunable, and high-throughput fabri-

cation of hierarchical dynamic polymers.

Challenges in Multiscale Characterizations

A persistent knowledge gap exists in understanding how multiscale interactions,
ranging from molecular dynamics to continuum material behavior, govern macroscale
performance. Capturing material responses across multiple length scales presents

fundamental challenges:

* Architected materials require characterization techniques that correlate unit-
cell deformations and material-level responses across different scales. While
in situ nanomechanics and high-speed imaging have provided insights into me-
chanical response and structural failure mechanisms, integrating these meth-

ods into a unified multiscale characterization framework remains a challenge.

* Dynamic polymers introduce characterization complexity due to multiscale,
highly-coupled interactions among design parameters. Characterizing their
bond dynamics, microstructure morphologies, phase transitions, and mechan-
ical evolution across different time and length scales requires an integrated
approach combining rheology, molecular spectroscopy, and in situ imaging
techniques. No single experimental technique can fully capture the broad span
of hierarchical interactions, necessitating hybrid methodologies that integrate

experimental characterization across multiple scales.

Challenges in Predictive Design & Modeling
The lack of predictive modeling frameworks capable of bridging hierarchical in-

teractions across orders of magnitude hinders the rational design of hierarchical
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materials.

* For architected materials, existing models often treat structures as continuum
approximations, which may not accurately capture local deformations, in-
stabilities, and failure mechanisms in nano-architected materials. Advanced
finite element models (FEM) and data-driven approaches, such as machine
learning-assisted structure-property predictions, are needed to optimize ar-
chitected material designs for energy dissipation, resilience, and impact resis-

tance.

* For dynamic polymers, traditional viscoelastic models fail to incorporate
bond-exchange dynamics, molecular relaxation, and network reconfiguration
under external stimuli. Developing multiscale computational models—such
as coarse-grained molecular dynamics (MD) simulations coupled with contin-
uum mechanics models—would enable predictive design of tunable polymer

networks with programmable mechanical and functional properties.

To address these challenges, a comprehensive approach that integrates scalable fabri-
cation, multiscale characterization, and modeling should be developed to effectively

design hierarchical materials with tunable functionalities.

1.5 Chapter Outlines

This thesis addresses some of the multiscale challenges in hierarchical material de-
sign (Section 1.4). The work explores how hierarchical structuring, spanning molec-
ular interactions to macro-scale architectures, can be leveraged to achieve tunable
and enhanced material properties. By integrating novel fabrication and characteriza-
tion techniques, we investigate how structural hierarchies—ranging from molecular
interactions to macro-scale architectures—can be strategically employed to achieve
enhanced and tunable material properties. The subsequent chapters systematically
investigate these themes, providing experimental findings and analytical insights

based on scalable fabrication techniques and multiscale material characterization.

Chapter 2 focuses on the creation of structural hierarchies within architected ma-
terials through the use of two-photon lithography and holographic lithography.
These methods enable precise control over unit cell length scales and allow for the
tessellation of these units into macroscale domains. The chapter presents a com-

prehensive study on how geometrical parameters, such as relative density and beam
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aspect ratio, influence stiffness, energy absorption, and failure mechanisms. By
employing metamask-based holographic lithography, we demonstrate the ability to
fabricate nano-architected sheets with high specific energy dissipation and impact
resistance, highlighting the role of hierarchical structuring in enhancing mechanical
performance. The findings in this chapter provide critical insights into the design

principles required for scalable manufacturing of functional architected materials.

Chapter 3 investigates the role of dynamic crosslinkers in shaping the mechanical
properties of constituent polymers through a hierarchical organization spanning
molecular, nano, micro, and macro levels. By examining multiscale interactions
and their propagation across these levels, this chapter reveals how molecular-level
dynamics significantly influence macroscale material responses. The study employs
a combination of experimental techniques and multiscale modeling to elucidate
the coupling mechanisms between dynamic bonding and material stiffness, energy
dissipation, and deformation modes. The results underscore the importance of
hierarchical structuring in tuning mechanical responses and offer a framework for
designing responsive materials that leverage multiscale phenomena for enhanced

functional performance.

Building on the insights from Chapter 3, Chapter 4 explores how the multiscale
knowledge of hierarchical interactions can be leveraged to design functional ma-
terials with tailored properties. This chapter presents strategies for manipulating
material functionality at the global scale by controlling molecular interactions and
microstructural arrangements. Key case studies include the design of materials with
programmable buckling deformation, stimuli-responsive shape transformation, and
guided dissolution. By integrating experimental findings with theoretical modeling,
we demonstrate how multiscale design principles can be systematically applied to
optimize material performance for specific functionalities. The chapter concludes
by highlighting the potential of hierarchical structuring in advancing the field of

additively manufactured functional materials.

Finally, Chapter 5 offers a concise summary of the findings presented in this thesis,
emphasizing the role of hierarchical structuring in expanding the design space
and controlling mechanical responses in nano-architected and dynamic polymer-
based materials. The chapter also outlines future research directions focusing on
the additive manufacturing of functional soft materials, the challenges of scalable
fabrication, and the potential for multiscale modeling to further refine the design of

hierarchical materials. I hope the insights gained from this thesis contribute to pave
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the way for the development of advanced materials with enhanced functionality and

adaptability.
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Chapter 2

LARGE SCALE, NANO-ARCHITECTED POLYMERS

This chapter has been adapted from:

M. KagiasT, S.Lee', A.C.Friedman®, T. Zhang, D. Veysset, A. Faraon & J.R. Greer™.
“Metasurface-Enabled Holographic Lithography for Impact-Absorbing Nanoarchi-
tected Sheets”. Advanced Materials 35,2209153(2023). DOI: 10.1002/adma.202209153
Contributions: S.L. designed the experiments, performed experimental character-

izations, analyzed the results, and wrote the manuscript.

2.1 Chapter Summary

This chapter explores the role of structural hierarchies in enhancing the mechanical
performance of architected materials—a class of metamaterials that leverage tes-
sellated multiscale geometrical features to achieve unconventional properties such
as ultra-low density and high energy absorption. In particular, we focus on nano-
architected polymeric materials that exploit size-dependent mechanical effects at
the unit cell level and extend these effects into complex structural designs over

macroscale domains.

A significant challenge in realizing the potential of these materials lies in the develop-
ment of scalable fabrication techniques capable of producing sub-micron resolution
features over large areas. To address this limitation, we developed a holographic
lithography-based fabrication technique utilizing laser exposure of phase metasur-
face masks to pattern negative-tone photoresists. This approach enables the produc-
tion of nano-architected sheets with thicknesses of 30 to 40 um, lateral dimensions
of 2.1 x 2.4 cm?, and an intricate 3D brick-and-mortar-like lattice structure with

strut widths of 500 nm and overall porosity ranging from 50% to 70%.

Nanoindentation arrays across the entire sample reveal that the in-plane elastic
modulus varies between 300 MPa and 4 GPa, with post-elastic deformation initiating
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through mechanisms such as individual nano-strut buckling, layer densification,
shear band formation along perturbation perimeters, and tensile cracking. Further
analysis of geometrical parameters highlights the relative ratio and relative density

as critical factors in determining overall material stiffness and deformation behavior.

To assess energy dissipation capabilities, we performed laser-induced particle impact
tests (LIPIT), which revealed a specific inelastic energy dissipation of 0.51-2.61 MJ
kg'!. These values are comparable to high-impact energy-absorbing materials such
as Kevlar/polyvinyl butyral (PVB) composites, polystyrene, and pyrolyzed carbon

nanolattices with 23% relative density.

These results underline the potential of holographic lithography as a scalable plat-
form for fabricating nano-architected materials with impact-resistant capabilities,
while preserving the multiscale correlations between unit cell design and bulk mate-
rial properties. By demonstrating how structural hierarchies can control mechanical
properties across different length scales, this chapter establishes a foundation for
exploring hierarchical structuring as a key design principle in the development of

functional materials.

2.2 Introduction

Holographic lithography has been demonstrated as a viable platform for rapid and
scalable manufacturing of nano-architected materials [ |—4]. This technique funda-
mentally relies on the interference of light to generate three-dimensional patterns,
which are subsequently imprinted into a photosensitive polymer. The interference
patterns can be either achieved by multiple independent light beams or by the use of
a diffractive mask that splits a single incoming beam into multiple diffracted orders
that interfere coherently. Several approaches to holographic lithography have been
explored for fabricating nano-architected structural materials. For instance, Bagal
et al. employed 3D colloidal nano-lithography[5] to produce 1 um thick nano-
structured metal oxide films [6] with the out-of-plane elastic moduli of 1.19 GPa
and specific energy dissipation of 0.32 MJ kg™!, defined as energy dissipated per
unit mass. This approach utilized a single layer of colloidal nanoparticles as a phase
shifting photolithographic mask. This allows for cost-effective and scalable fabrica-
tion of nanoarchitected sheets. However, the fidelity of the achievable patterns was
significantly constrained by the use of spherical nanoparticles. Another noteworthy
example is the work of Bae ef al. who utilized a binary phase-modulating photomask

to fabricate 4 x4 in” regions with 600 nm periodic patterns in 10 xm thick negative
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tone photoresist through a single laser exposure [7]. Despite its effectiveness, a
major limitation of binary phase masks is the limited control over the generated
pattern morphology, stemming from their inherently low diffraction efficiencies. In
contrast, Kamali et al. demonstrated through numerical simulations that optical
metasurfaces—or metamasks, as referred to in this work—could generate complex
3D nano-architectures [8] that are unattainable with conventional diffractive optics.
Metasurfaces consist of subwavelength features that locally modulate the phase of
incoming light, with the potential for polarization-selective phase modulation. This
capability enables the generation of intricate patterns, such as gyroid, rotated cubic,
and diamond structures, which are not feasible with traditional diffractive masks
[8]. However, the experimental realization of such patterns and the application of
optical metasurfaces in holographic lithography remain largely unexplored. In this
work, we present a scalable fabrication pathway based on holographic lithography
for creating nano-architected materials with high specific energy dissipation, mak-
ing them ideal for impact mitigation applications. Unlike previous implementations
of holographic lithography, our approach leverages optical metasurfaces to expand
the design space of possible nano-architectures, thereby enhancing the mechanical

performance and energy absorption capabilities of the resulting materials.

2.3 Scalable Fabrication: Metasurface-based Holographic Lithography

To fabricate nano-architected materials with macroscopic lateral dimensions, we
developed a customized laser scanning lithographic system (Figure 2.1a). The
system was utilized to expose 1 mm thick 2 x 2 in? soda-lime glass slides coated
with a layer of 30 to 40 um negative tone epoxy based photoresist (SU8 2050), which
was sensitized for 532 nm light and deposited by spin-coating. The system consists of
a two-dimensional high-precision linear piezo-stage and a laser beam of wavelength
532 nm. The beam is directed orthogonally to the scanning plane of the stage, which
sequentially rasters the metamask placed in direct contact with the photosensitive
material, under the fixed laser beam (Figure 2.1b). This scanning approach enables
scalable fabrication of samples with macroscale lateral dimensions, accommodating

a wide range of metamask sizes.

Laser exposure parameters
As the laser exposure dose is a critical factor in determining the final geometrical
resolution and the degree of crosslinking of the constituent material, we optimized

the process by controlling the laser beam width w, the stage scanning speed v,
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Figure 2.1: Metasurface based holographic lithography. a, Schematic repre-
sentation of the lithographic setup. The scanning trajectory of a laser beam is
highlighted by the dashed blue line. b, The metasurface is placed directly on top
of the sample substrate covered with SU8 photoresist. The metamask diffracts the
incoming laser beam and creates a near field 3D intensity distribution within the
photoresist. ¢, The fabricated metamask (scale bar 5 mm). Insets represent a top-
view helium ion microscope (HIM) image of the utilised metamask (scale bar 450
nm) and a zoomed-in tilted HIM image of the outlined region (scale bar 100 nm).
d, Near field 3D intensity modulation generated by the fabricated metamask design,
color represents light intensity normalized by the maximum intensity.

and the scanning step size ¢ between sequential lines. The accumulated exposure
dose, defined as D = P/vt, where P is the beam power, was uniformly distributed
over the metamask (see Appendix A.1). For our experiments, we utilized laser
powers in the range of 0.23 to 0.25 W, the line spacing ¢ of 0.4 mm and the scan
speed u of 1.5 mm/s, resulting in exposure doses between 0.38 to 0.41 J/mm?. The
printing of 3 x 3 cm? with feature resolution of 100s of nm took a total time of 24
minutes, demonstrating the efficiency of this method. The exact geometry of the
resulting pattern was directly linked to the 3D intensity distribution generated by

the metamask.

Metamask fabrication

The metamask we utilized is fabricated based on 300 nm c-Si on Quartz wafer. A
300 nm thick layer of e-beam positive resist ZEP 520A (Zeon Corporation) is spin
coated on the chip. A 100 keV electron beam lithography system (Raith EBPG
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5200) is used to generate the metasurface mask pattern. The pattern is developed in
a developer (ZED-N50, Zeon Corporation). A 50 nm layer of Al,Oj3 is deposited
using e-beam evaporator to reverse the generated pattern by lift-off process. Then
the transferred Al,O3 pattern is used as a hard mask for SFs/C4Fg dry etching of
silicon(Oxford Plasmalab System 100). After that, the Al,O3 is removed by 1:1
ammonium hydroxide and hydrogen peroxide at 80 °C. Finally, a 2 um layer of SU8
is spin coated on top of the metamask for protection. The fabricated metamask
was composed of an array of 900 nm-spaced face-centered unit cells of five 115
nm-diameter 300 nm-tall crystalline Si nano-pillars spaced at s = 225 nm on top of
I mm thick Quartz substrate. Figure 2.1c contains scanning electron microscopy
images (SEM) of a 3x3 array of unit cells spaced by distance p = 900 nm (top
view) and a zoomed-in view of a single unit cell (45° tilt view). The metamask
covered a patterned area of 2.1 x 2.4 cm? and was fabricated by electron beam
lithography and deep reactive ion etching as descried in the experimental section.
The utilized metamask generates a near field interference pattern that resembles
struts organized in layered 3D brick-and-mortar-like patterns as shown in Fig. 2.1d.
The light intensity pattern was calculated by finite difference time domain (FDTD)

and angular spectrum propagation simulations.

Polymerization and Post-processing

Cationic polymerization was performed using the negative photoresist SU8. The
SUS8 was sensitized with a visible light sensitizing system, HNu 470 and HNu 254
(at mass ratio of 0.53% and 4.66%, respectively, in a 70% solids resist). The resist
was spun-coated onto substrates with adhesion layers at 3000 rpm for 30 seconds
to produce 40 um uniform coatings. The sample was then pre-baked at 65 °C for
10 minutes and then at 95 °C for 30 minutes. Upon laser exposure, photoacid was
generated from an onium salt-based visible light photoinitiator in concentrations
proportional to exposure intensity. Following exposure, the sample was post-baked
at 650C for 270 s to promote the photoacid and polymer chain diffusion necessary
for cationic polymerization of the oxirane rings. The sample was subsequently
developed by suspending it inverted in a bath of propylene glycol monomethyl ether
acetate (PGMEA) for 2 hours. After development, the samples were washed in a
series of baths to perform a solvent exchange from PGMEA to isopropanol (IPA).
After ~ 1 hour in 100% IPA, the samples were air dried.
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Figure 2.2: Morphology and pattern fidelity. a, A top view photo of the fabricated
sample. White square in the middle corresponds to the patterned area, whose
appearance is opaque (scale bar 1 cm). b, Scanning electron microscopy (SEM)
image showing a typical cross section of the fabricated material. A clear pattern
transfer is observed throughout the entire sample thickness (scale bar 25 um). The
inset shows the beam arrangement within a single layer (scale bar 1 ym). ¢, A
zoomed-in SEM image of the cross section showing the generated beam structure
and difference in diameter d. The blue area in (ii) corresponds to the adhesion layer
(scale bar 1 gm).

2.4 Microstructural Characterization

Figure 2.2 shows a photograph of a typical 30 um-thick nano-architected sheet
produced via this process patterned over the area of 2.1x2.4 cm? on a glass substrate.
The opaque region of the sheet corresponds to the nano-architected material, and the
translucent periphery corresponds to the monolithic unpatterned SU8. The white
appearance of the sheet is attributed to its strong scattering over a broad band of
visible light wavelengths. Cross sectional SEM images demonstrate that the pattern
was preserved and successfully developed throughout the thickness of the material
(Figure 2.2b), with the resulting architecture of brick-and-mortar arrangements of
beams, with each horizontal layer shifted by half a period in both lateral directions
respective to the underlying one (Figure 2.2b inset). The SEM images reveal a
lateral periodicity of 900+10 nm, which matches the periodicity of the metamask,
and a vertical periodicity of 1.62+0.02 ym, which is 30% lower than the periodicity
of 2.39 um predicted by finite difference time domain simulations (shown in Figure
2.1d). Based on the cross-sectional images at different depths throughout the sample
(Figure 2.2¢), the beam diameter d increases by approximately 15% from the sample

surface to base. The average beam width varied between 462 + 42 nm in the top
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layers to 523 + 26 nm in the bottom layers. The unit cells in the upper 20% of the
sample height have a fully open-cell morphology (Figure 2.2c (i)), the unit cells in
the center region and below (Figure 2.2c¢ (ii) & (iii)) preserve the laterally open-cell
morphology but lose the vertical interconnectivity. Based on the measured beam
diameters we estimate that the relative density (volume fraction) p to vary between
0.2 and 0.35 throughout the thickness of the material.

2.5 Quasi-static Characterization

To assess the mechanical properties of the nano-architected materials, we performed
quasi-static mechanical characterization at a strain rate of approximately & ~ 10
s”! using nanomechanical testing techniques. Given the large separation of scales
between the nano-sized unit cells and the macroscale tessellated brick-and-mortar
structure, we initially examined the collective response of multiple unit cells to cap-

ture properties that more closely resemble the continuum behavior of the material.

2.5.1 Ex-situ Nanomechanical Indentation

Nanoindentation experiments were conducted with a G200 XP Nanoindenter (KLA).
As shown in Figure 2.3a, the nano-architected SU-8 sheets remained attached to the
glass substrate during testing. To probe the effective behavior of the overall archi-
tected material rather than individual unit cells, we employed a flat-ended cylindrical
punch with a 100 um diameter, which compressed approximately 7,850 unit cells
per test. The samples were indented to a maximum displacement of 12 ym at a

I corresponding to a strain rate of ¢ = 10* s'!. To

displacement rate of 20 nm s
minimize the influence of time-dependent viscoelastic effects, the indenter was held
at the peak load for 100 seconds before unloading. Continuous stiffness measure-
ment (CSM) technique, which imposed 2 nm displacement oscillation amplitude at
a frequency of 45 Hz, was utilized to detect an initial contact between the indenter
tip and the sample and quasi-continuously measure contact stiffness as a function of
depth. For all experiments, the effective elastic modulus was extracted by analyzing
the continuous stiffness at the depth of 10% of the sheet thickness (~3 pm after the

full contact) following the Oliver-Pharr method [9].

2.5.2 Mechanical Response of Architected Materials
A representative indentation load vs. displacement curve is presented in Figure 2.3b,
revealing three distinct mechanical response regimes: (1) an initial linear elastic

regime up to a strain of 0.13 followed by (2) a plastic deformation regime with a
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Figure 2.3: Quasi-static nanoindentation characterization. a, Schematic rep-
resentation of Nanoindenter setup. b, Representative load-displacement response
of the nanoarchitected material during compressive indentation with a 100 um-
diameter flat punch at a strain rate of & ~ 10 s!. The dashed lines represent the
slopes of the initial elastic loading, plateau-like response, and the upper 30% of
the unloading data segment. The arrows in the plateau region depict a series of
displacement bursts that correspond to the collapse of individual structural layers
and crack formation. ¢, SEM image of the representative indentation mark after the
nanomechanical experiment, with the intended cross-sectional plane denoted by the
red-dashed line (tilt 30°). d, SEM image of a cross-section through a 12 um-deep
and 100 ym-wide residual impression of the indentation mark.

gradually increasing load plateau and discrete displacement bursts up to a strain of
0.37 and (3) partial elastic recovery of 0.027 strain during unloading. The stiffness
of the material in each regime, calculated as the slope of load and displacement,
is indicated by the dashed lines in Figure 2.3b. This analysis revealed that the
post-yield regime has a plateau-like response, characterized by a ~75% lower slope
(S2) compared with that in the initial elastic regime (S;), a pronounced step-like
behavior, containing a series of discrete displacement bursts, indicated by arrows in
Figure 2.3b, and strain hardening. This response is attributed to indentation-induced
shear stresses arising from the boundary constraints of the cylindrical punch and
the densified layers beneath the indentation mark. The unloading curve indicates
the significant amount of plastic deformation with the slope (S3) being ~720%
stiffer than the initial elastic stiffness. The full post-indentation impression mark is

shown in Figure 2.3c and confirms the inclusion of multiple unit cells across the flat
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punch diameter and the establishment of full parallel contact between the tip and the
sample surface. The cross-sectional SEM image of the indentation imprint shown
in Figure 2.3d shows that 5 to 8 layers collapsed within the densified region beneath
the indenter tip and that plastic deformation was largely confined to the crushed area.
Within these densified layers, nano-struts in the same layer were observed to buckle
in the same direction, which alternates across the depth. This behavior suggests
the presence of strong shear stresses during compressive loading. Additionally, we
observed the formation of tensile cracks around the contact perimeter, indicating
the development of tensile membrane stresses on the sample surface. Shear-off
along the imprint perimeter occurred through severe plastic deformation, followed

by deeper penetration of fracture as the load increased [10, 11].

2.5.3 In-Plane Inhomogeneity Across the Large-scale Sheet
Given that the nano-architected structures span across the macroscale, ensuring
in-plane material homogeneity is essential for maintaining consistent mechanical

behavior.

Spatial Mapping of Stiffness
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Figure 2.4: Spatial Mapping of Stiffness Across Macroscale Architected SU8
Sheet. a, Indentation mapping of the 25x25 indents conducted on the nano-
architected SU8 sheet. An array of dots represents individual indents located on
a 820 ym in X 840 um in Y Cartesian grid across the sheet (scale bar 6 mm). b,
Distribution of experimentally measured elastic modulus with an average of 0.96
GPa and a standard deviation of 0.52 GPa. ¢, Spatial mapping of in-plane modulus
across the sheet (scale bar 6 mm).

To assess the mechanical uniformity across the entire sample, we performed a series
of nanoindentation tests at an average spacing of 820 ym in X and 840 ym in Y

on a 25X25 Cartesian grid across the sheet (Figure 2.4a). As aforementioned, the
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effective indentation modulus was calculated using the Oliver-Pharr method [9] at
a depth of 10% of the sheet thickness (~3 um after the full contact) to minimize
the substrate effects. The histogram in Figure 2.4b shows that the average elastic
modulus across the entire sample is 0.96 + 0.52 GPa, with a range of 300 MPa to 4
GPa. The distribution exhibits a right-skewed tail that approaches the modulus range
of monolithic SU-8, reported to vary between 3.5 GPaand 6 GPa [12—17]. This right
skewed histogram reveals that ~ 88% of the indents fall within a modulus range of
300 MPa to 1.5 GPa. Within this range, the distribution is more symmetric, with an
average modulus of 0.80 GPa and a standard deviation of 0.25 GPa. According to the
spatial modulus map in Figure 2.4c, the modulus uniformity is relatively consistent
in the center of the sample, whereas stiffer regions are predominantly distributed near
the edges. This observation suggests that edge effects or potential process-induced

variations may contribute to the increased stiffness near the boundaries.

Stiffness Variation from Metamask Inhomogeneity

To understand the root cause of in-plane stiffness variations in the architected SU-
8, we examined the diffraction efficiency, «, of the metamask by measuring the

intensities of the zeroth and first diffraction orders (Appendix A.2).

The results in Figure 2.5a show that the observed mechanical pattern traces the
diffraction landscape of the metamask, suggesting a strong correlation between the
mechanical properties and the diffraction efficiency of the metamask. Specifically,
regions with higher diffracted intensity exhibited greater stiffness. Two different
sample locations, A and B, marked by black stars in Figure 2.5a, were identified to
receive @ ~ 0.85 and @ ~ 0.37, which induces the modulus of 2.07 GPa and 0.73
GPa, respectively. Further analysis of the transmitted and diffracted intensities of
the metamask in the marked locations reveals that the region with @ ~ 0.85 received

an approximately 27% higher optical dose compared to the region with @ ~ 0.37.

This local variation in diffraction intensity and optical dose is likely to induce a non-
uniform cross-linking in the underlying polymer and microstructural variations. As
shown in Figure 2.5b, two locations A and B exhibit different relative densities, with
stiffer regions having a higher relative density. The increased exposure is likely to
result in a larger volume of cross-linked polymer, effectively filling more space and

enhancing stiffness.

The laser power also significantly affects the intrinsic elastic stiffness of the material.

To evaluate the extent of laser power on affecting intrinsic material properties, we
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Figure 2.5: Stiffness Variations Correlation to Metamask Inhomogeneity. a,
Spatial mapping of in-plane modulus across the sheet (left) and the corresponding
metamask diffraction efficiency map over the same area (scale bar 6 mm). b, SEM
images of the samples at two distinct locations, A and B. ¢, The effects of laser
power on the constituent material properties. Stiffness was measured from the
unpatterned, monolithic SUS8 crosslinked with a different laser power attainable in
the actual patterning process.

prepared unpatterned, monolithic SU-8 samples polymerized under different laser
powers and measured their stiffness. Figure 2.5¢ demonstrates a strong correlation

between laser power and elastic stiffness with a proportional relation.

Since the elastic modulus of a cellular material is influenced by both structural

dimensions and the intrinsic properties of the constituent material, [18, 19]

E = f(P)E;, (2.1)

it is crucial to establish a precise correlation between these design factors and the

diffraction efficiency («) of the metamask.

Realistically, achieving a fully uniform diffraction pattern on the macroscale meta-

mask is highly challenging due to the fabrication inconsistencies and the sensitivity



26

of diffraction efficiency to nano-scale defects. FDTD simulations (Figure 2.6) reveal
that even small deviations in the nano-pillar width (e.g., ~5 nm or ~5% from the
nominal width of 115 nm) can result in up to a three-fold increase in diffraction
efficiency, emphasizing the practical complexity of maintaining uniformity across

the metamask surface.
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Figure 2.6: Simulated diffraction efficiencies for varying nano-pillar width.

Therefore, we decide to evaluate more fundamental understanding in what extent
geometrical variations in mechanical properties so that we can understand the role of
structural design in shaping the overall mechanical performance of nano-architected
materials. The next section, we conduct a detailed study on how variations in geo-
metrical design, particularly relative density and beam aspect ratio, affect stiffness,

energy absorption, and failure mechanisms.

2.6 Effects of Structural Designs: Relative Density and Beam Aspect Ratio
2.6.1 Two-Photon Polymerization for Variations in Unit Cell Design

While metasurface-based holographic lithography provides a scalable approach for
fabricating nano-architected materials, systematic variation of geometric parame-
ters remains challenging due to the predetermined beam morphology imposed by
the metamask. The multi-step metamask fabrication process makes it cumber-
some to systematically modify design parameters. To overcome this limitation,
we employed two-photon polymerization (2PP) direct laser writing using the Pho-
tonic Professional lithography system (Nanoscribe GmbH). Though less efficient for

large-scale fabrication, 2PP enables precise control over geometric parameters with-
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Figure 2.7: Two Photon Lithography for SU8 Photoresist. a, Schematic repre-
sentation of the 2PP lithographic setup featuring the galvo scanning mode and oil
immersion configuration. b, The effect of variations in scan speed (SS) and laser
power (LP) on the SU-8 photoresist. Lower SS combined with high LP resulted
in overexposure and, in some cases, explosive delamination due to excessive heat
generation. ¢, The effect of variations in slicing and hatching distances on 2PP
voxel conditions. Larger slicing and hatching distances reduced the printing time
but compromised structural integrity and weakened the interfaces between subcom-
ponents within the design.

out requiring a metamask, making it an ideal platform for systematically exploring

variations in unit cell design.

The lithography process followed the same sample preparation protocol described
previously, including spin-coating and post-baking steps. A soft-baked SU-8 thin
film was placed in an oil immersion configuration for exposure (Figure 2.7a). Given
the unconventional use of 2PP for SU-8, extensive optimization of printing param-
eters was necessary to achieve high-fidelity structures. As shown in Figure 2.7b, a
lower scan speed (SS) combined with higher laser power (LP) resulted in overexpo-
sure and, in extreme cases, explosive delamination due to localized overheating of
the photoresist. Through systematic tuning, the optimized printing parameters were

identified as SS =40 and LP = 3 (galvo scanning mode).

Additionally, slicing and hatching distances, which define the spacing between
neighboring voxels, were optimized to 0.15 to maintain structural integrity and en-
sure interfacial cohesion (Figure 2.7c). The precise control afforded by this method

enabled systematic exploration of geometrical parameters, particularly relative den-
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sity and beam aspect ratio, providing valuable insights into the relationship between

design and mechanical performance.

2.6.2 In-situ Nanomechanical Compression

The fabricateed architected structures were characterized under quasi-static com-
pression at a strain rate of ~ 10~ s~! to evaluate their mechanical behavior. Unlike
ex-situ nanomechanical indentation, uniaxial compression was performed using a
flat punch (100 m diameter) mounted on a nanoindenter (InNSEM, Nanomechan-
ics Inc.) installed within an SEM (FEI Quanta 200F). This setup enabled in-situ

imaging of deformation mechanisms throughout the experiment.

Compression was conducted under displacement control until full densification.
Stress is calculated using o = F/A , where F and A is the initial cross-sectional
area (footprint of the sample) perpendicular to the loading direction. Engineering
strain (&) was determined by normalizing displacement by sample height. Effective
elastic modulus (E) was extracted between strains of 0.01 and 0.04 to avoid artifacts
from initial contact misalignment, and yield strength (o) was measured using the
0.2% offset method.

2.6.3 Mechanical Response of Architected Materials
Relative Density

Relative density, p of architected material dquantifies the fraction of unit cell volume
occupied by solid material. As seen in Figure 2.5b, the large-scale fabricated sample
exhibited relative density variations from 0.35 to 0.60. To systematically investigate
the effects of p on mechanical performance, 3-by-4 tessellated samples with p
ranging from 0.37 to 0.72 were fabricated using 2PP (Figure 2.8. At low p, the
samples remained open-cell, but as p increased, the structures gradually transitioned

to closed cell morphologies at p ~0.72.

In-situ quasi-static compression tests measured stress-strain responses (Figure 2.12a).
At low p, the material exhibited plateau stress indicative of buckling and layer col-
lapse, followed by densification [20]. With increasing p, the plateau stress became

less apparent, and strain hardening occurred throughout compression.

Elastic modulus, E, and yield strength, o, were determined from stress-strain curves
(Figure 2.12b) and followed the expected scaling relations. Typically, strength and

modulus in architected materials scale with relative density as:

E =BE(p)", (2.2)
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Figure 2.8: Variations in Relative Density (o) for Small Lattice SU8. a, CAD
models of unit cells illustrating different morphologies with varying relative den-
sities. b, SEM images of 3-by-3 SUS lattices fabricated using 2PP lithography,
showing variations in relative density across different samples.

oy =Coys(p)", (2.3)

where E; and o, are the constituent material’s elastic modulus and yield strength,
respectively; B and C are geometry-dependent proportionality constants, and m and

n are scaling coeflicients [21].

We found that the experimentally measured stiffness in our polymeric structures
scales nearly linearly (m = 1.12) with relative density, as shown in Figure 2.10c,
while the yield strength follows o, ~ /1% In the linear elasticity regime, where
microscopic strain remains below the elastic limit of the constituent material, the
scaling coeflicients for a bending-dominated structure—where deformation is pre-
dominantly bending rather than stretching—are theoretically predicted as m ~ 2 and
n ~ 1.5 [22]. Due to the relatively high p of our samples compared to conventional
cellular solids (p < 0.3), stiffness exhibits a weaker dependency on p, whereas

strength follows the expected scaling relation more closely.

In polymeric nano-architectures, first mode, Euler beam buckling beams serves
as the dominant failure mechanism. Due to residual stresses from the substantial

post-buckling deformation, materials generally have limited recovery [21]. As
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shown in Figure 2.10a, post-compression SEM images indicate that the structures
primarily undergo plastic deformation with minimal recovery. The stress-strain
curves suggest that deformation modes shift with p: at lower p, the structures
exhibit layer-by-layer collapse, whereas at higher p, the failure mode transitions
toward a more uniform barreling deformation. Recent studies [23] suggest that
deformation mode is influenced not only by o but also by unit cell morphology,
particularly transitioning from polymer columnar structures (at low p) to closed-
cell (porous) architectures (at high p). The viscoelasticity of SU-8 likely contributes
to the observed ductile load-displacement behavior.
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Figure 2.9: Quasi-static compression results for nanoarchitected SU8 with dif-
ferent relative densities (p). a, Stress vs. strain curves measured during compres-
sion. b, Zoomed-in stress vs. strain curves comparing elastic modulus and yield
strength. ¢, Effective elastic modulus vs. relative density. d, Effective yield strength
vs. relative density.

To assess the energy dissipation capability of these structures, we calculated the
absorbed energy density, W,, as the area enclosed by the stress (o) vs. strain (&)

curve.
W, = / — 2.4)

up to the densification strain, which serves as the practical limit for energy absorption

applications in structured materials [24].

Figure 2.10b shows that as relative density increases, the material absorbs more

energy, but saturation occurs at p > 0.48. To quantify energy absorption efficiency,
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Figure 2.10: Deformation and Energy absoprtion of nanoarchiated SU8 with
different relative density (o). a, Post-mortem SEM images of deformed samples.
Scale bar 30 um b, Calculated absorbed energy (J/m?) and ¢, specific absorbed
energy (J/kg?) for the samples with different p.

we computed the specific energy absorption metric, ¢, defined as:
psp’

(2.5)

where p; is the density of the constituent SU-8 polymer (o, ~ 1200 kg/m?). As
shown in Figure 2.10c, the highest specific energy absorption is achieved at p ~
0.48, indicating an optimal balance between energy absorption and material weight.
This suggests that nano-architected SU-8 structures with moderate relative densities

provide the best performance for lightweight energy-absorbing applications.

Beam Aspect Ratio

As our material design relies on strut-based architectures, the geometry of individual
struts plays a crucial role in mechanical performance. The strut geometries (defined
in Figure 2.11a), particularly the longitudinal periodicity, p., is strongly modulated
by the periodicity of the metasurface, such that p, , = p, which corresponds to the
spacing between 3x3 arrays of unit cells, as shown in Figure 2.1c. The longitudinal
periodicity of the metamask, p purely defines the 3D intensity distribution so that
P2, of the corresponding architected structure is governed by the Talbot effect, given

by:
A
Nnsu-8 (2.6)

N R
1 1 (Pﬂsurs)
where ngy.g = 1.6 is the refractive index of SU-8 at the operating wavelength

A =532 nm.

| =

Pz =
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Small variations in p can significantly alter the strut geometry within the sample,
allowing modulation of the beam aspect ratio for mechanical tunability. Figure
2.11b illustrates the range of achievable p, values and corresponding beam aspect
ratios (p. /D) using this metamask design principle. To ensure accurate predictions,

our design accounts for up to a ~60% volume shrinkage during post-processing.

b 12 )
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Figure 2.11: Variations in Beam Aspect Ratio (p./D) for Small Lattice SUS.
a, The geometrical parameters, the lateral (p,) and longitudinal (p,) periodicity
with beam diameter (D,) define the aspect ratio of the nanoarchitected SUS. b,
Theoretically attainable aspect ratio of the fabricated SUS lattice by adjusting the
lateral periodicity of metasurface (p,) for the developed holographic setup (4 =
532nm, n = 1.6). The longitudinal periodicity (p;) is a direct result of the Talbot
effect. The maximum shirinkage during the post-processing can be up to 60% of
the as-printed stuctures. ¢, SEM images of 3-by-3 or 3-by-2 SUS lattices with p =
0.4 fabricated using 2PP lithography, showing variations in beam aspect ratio across
different samples.

Using this principle, we fabricated nanoarchitected samples with different beam
aspect ratios at a fixed relative density of p ~ 37% using 2PP lithography (Figure
2.11c.

The mechanical properties of periodic lattices with varying beam aspect ratios are
presented in Figure 2.12a and b. As p,/D increases (i.e., as the struts become taller),

the peak stress corresponding to buckling decreases, and the plateau stress extends.



33

Due to the relatively slow printing speed of 2PP, larger aspect ratio samples were
printed as 2-by-2 lattices instead of 3-by-3, as the latter requires significantly more

fabrication time. Consequently, densification occurs earlier in high p,/D samples.
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Figure 2.12: Quasi-static compression results for nanoarchitected SU8 with
different beam aspect ratios (p,/D). a, Stress vs. strain curves during compres-
sion. b, Zoomed-in stress vs. strain curves for elastic modulus and yield strength
comparison. ¢, Effective elastic modulus vs. beam aspect ratio (p./D). d, Effective
yield strength vs. beam aspect ratio (p./D).

For non-rigid lattices composed of solid Euler struts with characteristic cross-
sectional dimension D and length L (in our notation, p;), stiffness is expected

to be dominated by beam bending, following the scaling relation:

E o« (D/L)", 2.7)

where n depends on the dominant deformation mechanism. Figure 2.12¢ plots the
effective elastic modulus as a function of aspect ratio, revealing two distinct regimes
with minimal stiffness variation within each. The underlying mechanisms governing
the transition between these states remain unclear; however, the key observation is
that beam aspect ratio has a negligible impact on effective modulus. This suggests
that the stiffness variations observed in our large-scale samples are primarily driven

by relative density variations and the intrinsic properties of the constituent material.

As struts become taller, additional deformation modes emerge, including shear,

beam bending/buckling, and node failure due to stress concentration, collectively
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Figure 2.13: Effects of beam aspect ratio on material deformation mode. a,
Post-mortem SEM images of a deformed large-scale nanoarchitected SU8 sheet
fabricated via holographic lithography. Scale bar: 30 yum. b, Post-mortem SEM
images of 2PP-fabricated nanoarchitected SU8 samples with varying beam aspect
ratios (p;/D).

reducing the effective yield strength (Figure 2.12d). The activation of buckling and
shear failure mechanisms leads to premature structural collapse, lowering the overall

load-bearing capacity.

The effects of p, on deformation modes are evident in Figure 2.13b, where increasing
p./D shifts deformation from barreling failure to layer-by-layer collapse. This
bifurcated deformation follows a repeating pattern across layers, with shear-driven
failure propagating through the structure. Due to the high stress concentration and

limited elasticity of SU-8, most failures occur at or near the nodes.

These findings are consistent with our observations in large-scale nanoarchitected
sheets fabricated via holographic lithography. Cross-sectional SEM images of in-
dentation imprints in densified regions after quasi-static indentation (Figure 2.13b)
confirm that nanostruts within the same layer buckle in the same direction, alternat-
ing across the depth. This behavior suggests strong shear stress influences during

compressive loading.

Overall, these results validate the scalability of our design principles. The ge-
ometrical effects and failure mechanisms observed in small-scale 2PP-fabricated
lattices translate well to large-scale samples produced using holographic lithog-

raphy, demonstrating the robustness of our approach to nanoarchitected material
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design.

2.7 Dynamic Characterization

As demonstrated in the quasi-static characterizations, the enhanced local deforma-
tion and the multiple distinct plastic energy dissipation mechanisms available to
nano-architected polymers enable these materials to have superior energy dissipa-
tion capabilities. As the scalable nano-architected SUS is aimed for impact resistant
application, understanding the material behavior under dynamic loading is of our in-
terest. Due to the limited access to the dynamic testing set-up, the tested architected

sample have an average of p,/D ~2.5 and p ~ 50%.

2.7.1 Laser Induced Particle Impact Testing

To measure the impact absorbing capability of the fabricated material, we performed
laser-induced particle impact tests (LIPIT) [25], on 40 um-thick nano-architected
sheets during which 14 um-diameter SiO, microparticles were launched to impact
the material. A selective particle was propelled from the launching pad, by rapidly
expanding the polyurea layer with the ablation laser, which selectively accelerated an
individual projectile. The excitation laser pulse energy was calibrated to control the
projectile velocity from 50 m s™' to 103 m s!. A laser imaging pulse (Cavilux, 640
nm wavelength, 30 us duration) was used to illuminate the moving microparticle,
and the adjacent snapshots of its trajectory captured by an ultrahigh-speed camera
(SIMX16, Specialised Imaging) were used to measure the impact (vo) and rebound
velocities (v,). These experiments were performed on a sample with a relative
density, p ~50%, and the impacting particle size was approximately one order of
magnitude greater than that of the unit cell (lateral periodicity of 900+10 nm),
which allows for the separation of relative scales between the impact area and the

characteristic material length scale.
2.7.2 Energy Absorption and Impact Response
Energetic performance

To evaluate the energetic performance of nano-architected SU8, we calculated the

impact energy

1
W, = z;npvo2, (2.8)
and rebound energy
1
W, = =myv, 2, (2.9)
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where the mass of a micro-projectile

1
3
mp = gﬂpSiOZDSiOZ ,

is calculated to be 2.64 ng, based on the measured diameter Dg;p, (13.96 um) and

(2.10)

the density of silica ps;o, (1,850 kg m>).

The dissipated energy W, of the material during the impact was calculated from the
kinetic energy loss of a projectile, W,, and the inelastic energy due to consolidation

in the microparticle, W; s;0,, defined as

Wyg=W, =W, -Wsio, . (2.1

According to [26], W si0, 1s a function of W, with the form of a quadratic function,
Wi sio, = C 1Wr2 + C2W, + C3, where C; are the fitting parameters.

LIPIT experiments convey that the lithographically patterned nano-architected SU8
exhibits near-ideal energy dissipation, with a linear slope of 0.992 (R, = 0.99)
(Figure 2.14a). This indicates that nearly most energy was dissipated upon the
impact to the material. Portela et al. [26] performed similar LIPIT experiments on
nano-architected glassy carbon with similar beam dimensions in the range of 400 to
500 nm yet different relative density, ~23% and reported three distinct responses as a
function of impact energy W,: (1) elastic collision for impact velocities below 50 m
s!, which corresponds to W, of less than 0.003 uJ, (2) particle rebound with partial
cratering beyond elastic regime, and transitioning to (3) particle embedding beyond
515 m s”! with W, ~0.034 uJ. In the experiments in this work, no external damage
was observed for impact velocities of 250 m s”! with W, of ~0.08 uJ. Under these
conditions, the impacting particles rebounded with a high coefficient of restitution,
(e = |v,|/|vol) in the range of 0.27 - 0.45. At velocities greater than 250 m s,
the higher kinetic energy and momentum of the projectile were sufficient to induce
plastic deformation of the nano-lattice, forming a localized crater with no noticeable
signs of fracture at the impact site. The vertical beams directly underneath the impact
site plastically deformed, which bent the horizontal layers, creating a dimple on the
surface. At W, greater than ~ 0.16 uJ, major cracks formed along the circumference
of the projectile impact site, which deepened the crater in addition to the observed
plastic distortion. These characteristics of structural layer collapse under the impact
zone and tensile cracking around the compacted area are similar to those observed
during quasi-static indentation experiments (2.15). Impact velocities greater than
~750 m s”! resulted in the microparticles being captured within the nanolattice with

no rebound. SEM images of the characteristic regimes are shown in Figure 2.14b.
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Figure 2.14: Analysis of micro-ballistic experiments on nano-architected SU8
sheet. a, Dissipated and rebound energetics versus impact energetics. A linear fit
of the dissipated energy is presented with a green dashed line. As a function of
impact energy, four deformation regimes were exhibited: (i) elastic rebound, (ii)
shallow and (iii) deep crater formation to (iv) particle capture. b, Corresponding
post-impact micrograph of each regime. (scale bar 5 um).

Specific Energy Absorption

To quantitatively compare to other materials tested at different sample thicknesses
and projectile sizes, the specific dissipation energy W is calculated by
W, W,

W’ = = — R (2.12)
d Mcerater PPsusVerater

with relative density 5 (~0.5), base polymer density psyg (1,200 kg m™) and crater
volume V4, Which was measured via post-mortem analysis. Since the specific
energy is sensitive to crater volume measurement, it is obtained for deep crater (v, >
450 m s'!) only where the crater volume is large enough to be accurately measured
from SEM-FIB post-mortem analysis.
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Figure 2.15: Crater morphology and cross-sectional micrographs. a, Shallow
crater formed after an impact with v, = 345 m s’!. b, Deep crater formed with
impact velocity v, = 600 m s! (scale bar Sum)

Comparing to other ballistic materials [5, 26—37], Figure 2.16 conveys that the
nano-architected SUS has the specific energy of 0.51-2.61 MJ kg™! across a broad
range of tested velocities, a range comparable to that of other composite materials
used for impact absorption, such as Kevlar/PVB composite [32], polystyrene [30],
and pyrolized carbon nanolattices [26]. This enhanced energy dissipation is most
likely enabled by the synergistic interplay between the high fracture toughness of
SUS and the structural instabilities [38, 39]. Benefitting from its nano-architecture,
the patterned SU8 sheet with p ~ 50% achieves the absolute density of 600 kg
m~, a value 2-4 times lower than that of fully dense thin polycarbonate films [29]
or multi-layer graphene [34]. The material and experimental parameters of other
ballistic studies are summarized in Table 2.1.

The variability in the specific energy dissipation of nano-architected SUS8 tested



39

3 :

o A

o0

205t ]
= Polystyrene
=3

$ms Nano-architected A

B2 Su-8 A 1
% P s

) A

g 15¢ A .
o) Polycarbonate ML graphene
s

g,

7 1r A Pyrolytic carbon 4
2 micro lattice

o

g A

[dm]

o= Kevlar

205 L A
(%‘ Aluminum Steel - -

PMMA g
0 —_— — | L |
0 200 400 600 800 1000

Impact velocity, vy [m s]

Figure 2.16: Specific dissipation energy of nano-architected SU8 sheet. W, of
nano-architected SUS8 thin sheet compared with other bulk and nanomaterials [5,

_37].

under the same experimental conditions can be attributed to uncertainties in the
crater volume measurements and to the local variations of mechanical properties
indicated from the indentation data, which can possibly affect the size of deformation
and failure mechanisms [29]. Since the crater volume was estimated from the radial
symmetric assumption of the cross-sections, which were prepared by focused ion
beam (FIB) milling, the material damage or removal induced from beam local
heating [40, 41] and measurement uncertainty induced from the charging issue [42]
was not inevitable. Based on the rough analysis for the propagation of uncertainty

from the measured values of v, ~ 2%, v, ~ 2% and V,;4¢r ~ 30%,

(2.13)

the experimental errors from the post-mortem analysis can result in about 30% errors
in the energy calculations. The local variations of mechanical properties indicated
from the indentation data can possibly affect the size of deformation and failure

mechanisms as well [26, 29].

In addition, it has been also reported that post-mortem inspection of residual im-
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Target Projectile
Material Thickness Density Specific E. || Material Diameter Impact
Dissipa- velocity
tion
[-] [#m)/[mm] [kg MIkg'] || [-] [pm)/[mm] [ms™']
m]
Nano- 28 196, 0.19-1.1 Silica 14 30 -
architected 322 1200
pyrolised
carbon!”*]
Polycarbonate!””10.20 1200 0.79-1.69 || Silica 7.6 500
Graphene 0.08 - - 0.42-0.75 || Silica 7.6 400
oxide/SF 0.15
composites!”*!
Polystyrenel™l  0.075 - 1053  0.4-2.8 Silica 3.7 350 -
0.29 800
Multi-layer 0.01 - 2200 0.86 - 1.26 || Silica 3.7 900
graphenel”"! 0.10
PMMAL*! 4-6 1190  0.034 - || Steele 7.8 89.3 -
0.23 670
304 Stainless 0.4 7800 0.091 - || Steel 8 176 -
Steell '] 0.27 592
304 Stainless 3 7800 0.20 - 0.68 || Steel 12.5 480 -
Steell*! 997
CFRPL! 2,6 1900 0.28 - 0.56 || Steel 4 500 -
1230
Kevlar/PVB 7 1355 0.46 - 0.55 || Tungsten 12.7 296 -
compositel’”] carbide 422
Aluminumt'l - 1.27 2780  0.11-0.56 || Steel 64 - 152 -
12.7 869

Table 2.1: References for Other Micro-LIPIT/Macro spherical projectile bal-
listic experiments on other materials

pact impressions in polymers often underestimates the actual deformation volume
because it does not account for the time-dependent properties of the base material,
for example viscoelastic recovery, elastically deformed zone [25]. This indicates
that attributing the dissipation capability of the material solely to the deformed area
might not capture the right physics under the impact. Therefore, we have exam-
ined the contribution of crater kinetic energy to the the total dissipated energy by

decomposing W, into two terms:

Wd = WcraterKE + Wdelocalization s (214)



41

where the first term |
WeraterkE = E””lcratervo2 s (215)

represents an approximate measure of kinetic energy transferred within the deformed

volume of the material and the second term

Wa’elocalization = Wd - WcraterKE s (216)

accounts for all other dissipation mechanisms such as intrinsic viscoelastic dissi-
pation [25, 34, 36], adiabatic heating of polymer [30], or strain delocalization. To
evaluate the delocalization capability of nano-architected SUS, the specific delocal-

ization energy W’

.. is evaluated by decoupling the crater mass contribution,
delocalization

1
* T 7 B
Wdelocalization - Wd 2\/0 : (2.17)
a b
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Figure 2.17: Contribution of crater Kinetic energy and delocalization energy

during dissipation process. a, Decomposition of W7 into two terms, W . .
dW d delocalization
and W

carerk - s Percentile of dissipation contribution from each factor.

Figure 2.17 shows the superior impact delocalization ability of the material. In
Figure 2.17 (a), the large deviation from a baseline which represents the material-
independent energy dissipation term indicates that more sample volume beyond
the crater size contributes to the energy dissipation. The contribution from each
term is quantified to be ~12.7% and ~87.3% for We,arerke and Waeiocatizations
respectively, from the total W, (Figure 2.17b). Quantifying the contributions of
each of these factors is critical to laying out the parameter space for the energy
dissipation capabilities in nano-architected materials and should be explored in

future studies.
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2.8 Conclusion

This chapter demonstrates that holographic lithography, enabled by optical metasur-
faces and laser scanning, is a scalable and effective platform for fabricating nano-
architected materials. Using this technique, we successfully produced macroscale
SU8 sheets with lateral dimensions of 2.1 x2.4 cm?, thicknesses of 30 to 40 um, in-
dividual unit cell dimensions of 0.9 um, and relative densities between 20% to 50%.
The ability to achieve sub-micron resolution over macroscopic areas highlights the

precision and scalability of this approach.

Mechanical characterization revealed that the elastic modulus of the fabricated
sheets ranged from 300 MPa to 4 GPa, consistent with the scaling of modulus
based on relative density. Additionally, laser-induced particle impact tests (LIPIT)
demonstrated a specific energy dissipation of 0.51-2.6 MJ kg™!, comparable to other
bulk and nanomaterials such as Kevlar/PVB composite [32], polystyrene [30], and
pyrolised carbon nanolattice [26]. This comparison underscores the superior energy
dissipation capabilities of the nano-architected sheets, attributed to the hierarchical

structuring that facilitates multiple dissipation mechanisms.

The findings highlight that both unit cell design including relative density and beam
aspect ratio and intrinsic material properties, such as the degree of crosslinking, are
critical factors in determining the overall mechanical response of hierarchical ma-
terials. Effective control of these factors allows for tailoring mechanical properties

such as stiffness, energy absorption, and failure mechanisms.

The ability to scale fabrication efficiently combined with the geometrical design
principles explored in this study can be directly applied and extended to different
material systems, significantly expanding the design space for nano-architected ma-
terials. While this investigation focused on polymers, the developed fabrication
methodology and geometrical design principles offer a versatile pathway for extend-
ing nano-architected materials to other material classes. For instance, atomic layer
deposition (ALD) can be used to apply metal or oxide coatings, and pyrolysis can
convert polymer templates into amorphous carbon. Additionally, swelling the poly-
mer network with metal salts followed by calcination and reduction could enable

the creation of metallic or oxide architectures [43].

In summary, the findings of this chapter underscore the potential of holographic
lithography as a scalable and adaptable fabrication platform for producing large-
area nano-architected sheets with sub-micron resolution. The demonstrated ability

to translate geometrical design principles across different material systems advances
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our understanding of hierarchical structuring but also lays a solid foundation for

future applications in impact protection, energy absorption, and functional coatings.



44
Chapter 3

MULTISCALE INTERACTIONS IN METAL-COORDINATED
DYNAMIC POLYMER

This chapter has been adapted from:

S. Lee*", P. Walker', S. Velling, A. Chen, Z. Taylor, C. Fiori, V. Gandhi, Z-G.
Wang & J.R. Greer. “Molecular Control via Dynamic Bonding Enables Mate-
rial Responsiveness in Additively Manufactured Metallo-Polyelectrolytes”. Nature
Communications 15, 6850 (2024). DOI: 10.1038/s41467-024-50860-6

Contributions: S.L. conceived and designed the project, fabricated samples, per-

formed experimental characterization, analyzed the results, and wrote the manuscript.

3.1 Chapter Summary

While Chapter 2 explored structural hierarchies in architected materials to control
mechanical responses through geometric design, this chapter shifts focus to the con-
cept of hierarchical organization within polymers, emphasizing how molecular-level
dynamics propagate to influence macroscale behavior. We explore how molecular-
level control in metallo-polyelectrolytes (MPECs)—through dynamic bonding and
reversible crosslinking—can be leveraged to dictate macroscale mechanical behav-
ior effectively. By integrating theoretical insights with experimental investigations
using stereolithography-based additive manufacturing, we examine how hierarchi-
cal interactions across multiple length scales influence stiffness, energy dissipation,
and functional properties of MPECs. The findings reveal a strong coupling effect
between molecular interactions and continuum-level properties, where parameters
such as metal ion valency and polymer charge sparsity play a pivotal role in govern-
ing mechanical performance. This study also demonstrates how multiscale studies
can predict and guide the design of adaptive and reconfigurable materials with tun-
able mechanical properties. By establishing a comprehensive understanding of how

hierarchical structuring in MPECs can be systematically controlled, this chapter sets
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the stage for extending these design principles to a broader range of soft materials.

3.2 Introduction

MPECs are a class of soft materials that exhibit unique mechanical and physical
properties through reversible electrostatic interactions between dynamic crosslinkers
(multivalent metal ions) and charged polymer chains. MPECs consist of polyanions
that are electrostatically crosslinked by labile metal cations with secondary metal—
ligand coordination [17, 62, 63]. In concert with the polymer chain conformations
that arise from electrostatic interactions, these molecular-level processes govern
global phenomena in the gels. For example, the local coordination environment
yields distinct stiffness response [64, 65], while the oxidation state of the metal ion
has a significant impact on the ionic conductivity [66]. This molecular-level control
offers a wide range of opportunities to explore for a range of applications — from

filtration to biomedical devices and sensors [60, 67-69].

The multiscale physical behavior of MPEC gels, ranging from local coordination
environment at the atomic level to mesoscale polymer conformation to macroscopic
material properties, is strongly affected by the chemical nature of metal complex-
ation [62, 70, 71], solution pH [72], and solvent quality [73]. The knowledge gap
between the molecular-level chemistry of the dynamic bonds and the continuum-
level material properties, combined with the lack of mechanistic insight from theory
and simulations, has limited the development and utilization of this class of mate-
rials in real-world applications [17]. Existing state-of-the-art fabrication methods
are typically complicated and require multiple steps of solution-based metallo-
polyelectrolyte synthesis [17, 74] to produce samples, most of which have been
reported to lack long-term stability, suffering from inhomogeneity, and in some
cases requiring the addition of non-dynamic covalent crosslinkers for synthesis [70,

]. The use of theoretical methods to gain intuition of and alleviate these experi-
mental complications is also hampered by computational challenges, arising from

the large range of length and time scales involved [17, 71, 76, 77].

To close this substantial knowledge gap between the molecular-level chemistry of
dynamic bonds and the continuum-level material properties, we fabricated homo-
geneous, stable, and long-lived poly(Acrylic Acid) MPEC gels using a single-step
stereolithography and conducted a theory-guided, physically-informed multi-scale
study of MPEC gels. Through holistic material characterization, we probe the rele-
vant length scales to corroborate theoretical and computational predictions. Based
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on these findings, we present a roadmap that outlines the effect of chemical compo-
sition on the MPEC gel properties that can be used to tailor their functionality and
responsiveness at the material level. The overall framework and chemical species
explored in this work are common in soft materials formed with dynamic bonds,

which renders our findings readily applicable to different material systems.

3.3 Additive Manufacturing of MPEC Gels via Stereolithography

Conventional methods for fabricating metallo-polyelectrolytes (MPECs) often in-
volve multi-step processes that introduce inhomogeneities, diffusion limitations, and
mechanical variability [17, 74]. Additionally, these methods require equilibration
and storage in water, complicating the production of stable and inert structures for
ambient environments [34]. To overcome these challenges, we developed a single-
step stereolithography-based approach using Liquid Crystal Display (LCD)-based
3D printing (Figure 3.1a). This one-pot method enables in situ synthesis and fabri-
cation of MPEC structures suitable for vat polymerization, ensuring uniformity, and

mechanical stability without requiring multi-step processing.
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Figure 3.1: Additive manufacturing of MPEC using stereolithography. a,
Schematic representation of Liquid Crystal Display (LCD) Stereolithography set-
up. A layer-by-layer printing is processed to produce solidified parts. b, Resin
formulation for one-pot synthesis of MPEC. ¢, Free-radical photopolymerization
reaction is initiated by projecting UV light into a liquid photoresin in the bath. The
polymerized chains undergo in-situ coordination with multivalent metal ions.
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Resin Preparation and Composition

We prepared a homogeneous photoresin solution consisting of Acrylic Acid (AA)
monomers and Sodium Acrylate (SA) co-monomers to serve as chain builders,
combined with metal ion species as dynamic crosslinkers. Poly(acrylic acid) (PAA)
networks were formed in situ during photopolymerization, which was initiated
by ethyl phenyl (2,4,5-trimethylbenzoyl) phosphonate (TPO-L) under 405 nm UV
light. The incorporation of dynamic crosslinkers enabled in situ coordination dur-
ing printing, eliminating the need for additional chemical crosslinkers (Figure 3.1c).
To enable precise printing resolution for metal ions that do not absorb UV light
effectively, we incorporated 1 v/v% of 30 mg/mL tartrazine (yellow-dye) as a pho-
toblocker. Glycerol and water were used as co-solvents to prevent gel dehydration

and ensure environmental stability of the fabricated structures. The total monomer

Reagent Purpose Amount
Acrylic acid Monomer 15 mL
2M Sodium acrylate Monomer/Buffer 2.18 mL
H,0 /2M NaOH / 4M NaOH Diluent/Buffer 2.40 mL
Nitrate Salt (6M for Mono, 3M for Di, 2M for Binder 0.73 mL
Trivalent)

N,N-dimethylformamide (DMF) Diluent 1.37 mL
2,4,6-Trimethylbenzoyldi-Phenylphosphinate Photoinitiator ~ 695.3 mg
(TPO-L)

Trisodium-5-hydroxy-1-(4-sulfonatophenyl)-4- UV blocker 8.15 mg

[(E)-(4-sulfonatophenyl)diazenyl]-1H-pyrazole-3-
carboxylate (Tartrazine)
Glycerol Plasticizer 2.40 mL

Table 3.1: MPEC photoresin composition

concentration was maintained at 8.8 M to ensure consistent polymerization, while
the carboxylate—metal cation bond ratio was fixed at 0.02 mol% to provide uniform
crosslinking density. To control the ionic strength of the metal cations, we used
0.726 mL of 6 M, 3 M, or 2 M metal nitrate solutions for mono-, di-, and tri-valent
ions, respectively. The pH of the resin was adjusted using 2.4 mL of Milli-Q water
and either 2 M or 4 M Sodium Hydroxide (NaOH) to modulate the degree of ion-
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ization of the polyanions and influence the coordination environment of the metal

crosslinkers. The detailed resin formulation is listed in Table 3.2.

Printing and Post-processing

Na* Li* Ni2+ Ca2* Co?* Zn2+ Cr3* AP+  Ga® Fe?

Figure 3.2: Additive manufactured MPEC gels. a, Optical images of synthesized
photo resins (without tartrazine to show coordination color) and 3D-printed lattices
(with tartrazine) with different metal ions. Scale bar 15 mm. b, Magnified images
of 3D-printed octet lattices, showing multiple unit cells. Scale bar 2 mm.

The formulated resin was printed into 3D structures using a commercial 405 nm
wavelength monochrome LCD-based mSLA printer (Mars 2 Pro, Elegoo Inc.). A
layer thickness of 50 um was exposed for 30 seconds at a laser power of 1.99

mW/cm?

. The detailed printing parameters are listed in Table 3.2. To remove
volatile unreacted photoresin precursors, the printed samples were placed on a
PTFE (Teflon©) sheet and dried for 24 hours at room temperature in a vacuum oven.
Following this, the samples were equilibrated under ambient conditions (22.5°C,

45% RH, 1 atm) for 48 hours prior to any characterization.

This approach enabled the successful fabrication of MPEC structures incorporating a
wide range of metal ions, from sodium to iron, using a single-step stereolithographic
printing process. As shown in Figure 3.2, the fabricated octet lattice structures ex-
hibited high resolution with feature sizes in the hundreds of um, demonstrating

the versatility and precision of this method. Notably, the gels were fabricated ex-

"High hydrophilicity of Polyacrylic acid results in high sensitivity to temperature and RH. Thus,
equilibration conditions were slightly varied depending on the temperature and RH conditions.
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Parameter Setting
UV wavelength 405 nm
Layer thickness 50 pm
Exposure time 30s
Built head lifting speed 60 mm/min
Drying conditions 24hrs at 25°C, Vacuum

Ambient equilibration conditions 48-72hrs! at RT, 45% RH

Table 3.2: LCD printing and post-processing parameters.

clusively with entanglement and metal crosslinkers, without the need for chemical
crosslinkers. Consequently, it was observed that sodium ion-based MPECs ex-
hibited reduced resolution, as their mechanical integrity relied solely on polymer

entanglement rather than metal coordination.

3.4 Material Characterization for AM-Fabricated MPEC Gels

Since the rapid radical polymerization process effectively freezes the chemical
species within the gel matrix, it is crucial to verify the state of the gels, espe-
cially given the focus on a multiscale study. Therefore, we conducted extensive

material characterization of AM-fabricated MPEC gels to verify the following:

* Formation of metal coordination bonds and their role in creating dynamic

crosslinking between polymer chains.

» Consistency in the content of metal ions and other species across different

samples.

* Uniformity of the fabricated MPEC gels, ensuring that they can be considered

to possess continuum properties at the macroscale.

* Thermodynamic equilibrium of MPEC gels to accurately reflect the intrinsic

material properties.

Formation of Metal Coordination Bond

To confirm the formation of metal coordination bonds with carboxylate groups on
PAA chains, we performed Fourier Transform Infrared (FTIR) spectroscopy on the
printed MPEC gels. For simplicity, we selected Na*, Ca*, and AI’* as representative
metal species. Figure 3.3a shows that metal ions form stoichiometrically charge-
balanced complexes with the polymer. The spectra display characteristic peaks

for carboxyl (R-COOH) and carboxylate (R-COQO™) groups: carboxyl groups show
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Figure 3.3: Metal-carboxylate coordination bond for AM-fabricated MPECs.
a, FTIR spectra exhibits signatures of both carboxyl and carboxylate functional
groups, with the later being associated with bidentate chelation of Na*, Ca’*, and

AP+, b, Visual representative of structural models of coordination for Na*, Ca®*,
and AP+,

absorption at ~1760 cm™! (monomer) and ~1700 cm™" (dimer), while the alcohol
C-OH stretch appears at ~1240 cm™~!. The carboxylate anion shows asymmetric and
symmetric stretches at ~1545 cm~! and ~1410 cm™!, confirming the bond-and-a-
half character. In pure PAA gels without metal crosslinkers, only carboxyl stretches
were present, indicating that the polymer was fully protonated. The presence of
symmetric and asymmetric carboxylate modes in MPECs at pH < 2.5 confirms
the complexation of metal cations and the formation of metal-ligand coordination
bonds.

To determine the coordination environment of metal ions, we analyzed the separation
(Av) between symmetric (vg) and asymmetric (v,) stretching frequencies of the
carboxylate group. Following the methods of Deacon and Phillips and Kirwan et
al. [78=80], we used sodium polyacrylate salt at pH = 13 as a spectral reference.
The results indicated that Na*, Ca%*, and AI’* exhibit bidentate chelation, with
direct coordination of metal ions to the polymer. DFT simulations of acetate anions
(CH3COO™) bonding to each dynamic crosslinker further supported the observed
local coordination environments (see Appendix B.1). These simulations confirmed
that charge neutrality was maintained through a balance between the number of

coordinating carboxylates and the metal cation valency (Figure 3.3b).
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This validates that the printed MPEC gels successfully form metal coordination
bonds and follow the valency as the coordination number for the selected species.
While different metal ions may exhibit varied coordination environments, this study

focuses on hard ions for consistency.

MPEC Gel Content Analysis

Understanding the actual material composition of MPEC gels is crucial for accurate
modeling, as their properties are strongly influenced by multiple parameters. To

quantify the gel contents, we performed Thermogravimetric Analysis (TGA). The
analysis allowed us to verify:

* Solvent content in the gels: TGA confirmed that the gels contain consistent
water content, which enables us to decouple the effects of solvent, ion, and

pH, ensuring a fair comparison between samples.

* Metal ion content: TGA results showed that the metal ion content in the
gels matches the intended resin composition, validating that the photoresin

formulation accurately translates into the gel composition.
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Figure 3.4: Thermogravimetric analysis of MPEC gels for contents quantifica-
tion. a, Weight loss profiles of MPEC gels with different metal ions. During thermal
ramp, the gels undergo dehydration-desolvation-decarboxylation-and-polymer ther-
mal degration. b, Weight loss profiles of MPEC gels for each metal ion with different
pH: (i) pure PAA without any metal crosslinkers, (ii) Na*-MPEC, (iii) Ca™-MPEC,
and (iv) AI*-MPEC. ¢, Dash lines are theoretical metal binding ratio based on the
resin formulation. The makers are measured metal binding ratio as inferred from
TGA using residual oxide weights.
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TGA was used to quantify the water content and the metal cation (M"*) to polyelec-
trolyte repeat unit (r.u./RCOQ™) binding ratio in the gels by analyzing the weight
loss profile during heating. As shown in Figure 3.4, the TGA curves display dis-
tinct weight loss events corresponding to different thermal decomposition stages of
MPECs: dehydration, desolvation, decarboxylation, and polymer thermal degrada-
tion. Figure 3.4b illustrates these thermal transitions, regardless of metal ion type

or pH, exhibited similar weight loss profiles and thermal stability.

Loosely Bound Crystalline Total
pH  Start End Delta Start End Delta -
PAA 09 100% 84.04% 15.96% 84.04% 83.66% 0.38% 16.34%
PAA 2.54 100% 8597% 14.03% 8597% 85.64% 0.33% 14.36%
PAA 2.8 100% 85.04% 14.96% 85.04% 84.57% 0.47% 15.43%
PAA 325 100% 84.48% 15.52% 84.48% 83.42% 1.06% 16.58%
Na H,O 2.55 100% 88.88% 11.12% 88.88% 85.96% 2.92% 14.04%

Na2M NaOH 2.95 100% 91.48% 8.52%  91.48% 87.68% 3.81% 12.32%
Na4M NaOH 3.25 100% 93.44% 6.56%  93.44% 88.83% 4.61% 11.17%
Ca H;O 2.15 100% 9490% 5.10%  94.90% 90.87% 4.03% 9.13%

Ca2M NaOH 2.72 100% 89.77% 10.23% 89.77% 85.89% 3.88% 14.11%
Ca4M NaOH 3.1 100% 89.07% 10.93% 89.07% 85.73% 3.34% 14.27%
Al H,O 14 100% 91.64% 836%  91.64% 86.90% 4.75% 13.11%
Al2MNaOH 24 100% 89.00% 11.00% 89.00% 84.35% 4.66% 15.65%
Al4M NaOH 2.97 100% 89.17% 10.84% 89.17% 84.45% 4.71% 15.55%

Table 3.3: Quantified water contents in MPEC gels from TGA analysis. Using
inflection points in derivative data, regions of loosely bound water evaporation and
tightly bound water was determined. The cumulative total of these values is reported
as the total water content (wt%).

Using the first derivative of the TGA curves, we identified the contents of loosely
bound water and tightly bound (crystalline) water associated with the polymer
and metal cation—carboxylate bonds. The water content was consistent across all
samples at approximately 14% + 2.14% by weight, with a median of 14.27% after
post-processing (Table 3.3). This uniform water content allows us to decouple the

effects of solvent, ion, and pH, ensuring a fair comparison between gels.

To determine the metal ion content, we estimated the metal cation (M"*) to poly-
electrolyte repeat unit (r.u./RCOQO™) binding ratio based on the residual metal oxide
weights after complete polymer degradation (Figure 3.4a). The residual metal oxide

content was calculated as:

wt%omox = Wt%nmpec — WtT0s00t
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where residual MPEC gel, wt%sq0t, and Soot content, wt%gqo, were determined by

running MPEG gels and pure PAA samples to 1000°C, respectively.

The mole fraction of metal ions was determined by:

lg
nm = Wt%Mox X ———— X ¥M.MoX
M WMOx
where ymMox represents the stoichiometric ratio of metal to metal oxide and
MWyi0x 1s the molas mass of the corresponding metal oxide.

The mole fraction of repeat unit on PAA was determined by:

lg
~ (Wt%py — wtY X
W (Wt%oDried Gel — Wt%oMoOx) MWor

Nyru. = (WtoioPAA) X

where MW 4 is the molar mass of the acetic acid. Wt%pyied Gel 18 the fully dehydrated

weight of the gels (wt% at 200-260°C, depending on metal species).

As a result, the metal-to-PAA binding ratio was calculated as:

F=M:PAA = ™M

Nra.

As shown in Figure 3.4c, the experimentally determined binding ratios (markers)
were consistent with the theoretical expectations (dashed lines) based on the resin
composition. This agreement confirms that the printed MPEC gels contain the
intended ion density, validating that the photoresin formulation accurately translates

into the gel composition.

Material Uniformity

To assess the uniformity and homogeneity of metal crosslinkers in the dehydrated
MPEC gels, we performed X-Ray Fluorescence Spectroscopy (Micro-XRF) using
an M4 TORNADO Spectrometer. Mapping mode was applied to an identical sample
area of 3.5 mm x 3.5 mm with a thickness of 2.5 mm, a resolution of <20 um, and
a dwell time of 40 ms/px under conditions of 50 kV and 600 pA. Spectral counts
were directly recorded (see Table 3.4).

Overall, XRF mapping in Figure 3.5 confirmed that metal crosslinkers were ho-
mogeneously distributed throughout the samples for all metal ions (Na*, Ca®*, and
AI*"), validating the uniformity of metal crosslinkers in the AM-fabricated MPEC
gels. However, a pH-dependent variation was observed for higher-valency ions.
For Na* (pH 2.40 to 3.20) and Ca®* (pH 2.15 to 3.04), the metal ion distributions
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Figure 3.5: X-Ray Fluorescence (XRF) mapping of AM-fabricated MPECs. a,
Na® MPEC, b, Ca?* MPEC, and ¢, AI** with sodium counter-ion from buffer. From
top to bottom in each pane shows samples fabricated in most acidic to most alkaline
conditions. Outset shows large area map of XRF relative to total sample width. Spot

size for all XRF maps is 20 ym X 20 ym.

Gel pH Phosphorus Na* [M"+]
PAA 0.9 7.6323E+04 2.7100E+02
2 3.6869E+04 7.7300E+02
2.54 7.1893E+04 8.6400E+02
2.8 5.7893E+04 1.2630E+03
325 4.5382E+04 1.6520E+03
MBAA 0.9 2.0239E+05 5.8330E+03
Na* 2.4  7.7519E+05 6.2780E+03
32 1.4698E+06 6.2425E+04
Ca** 2.15 8.0942E+04 1.8540E+03 4.7704E+05
3.04 2.6679E+06 4.5130E+04 7.2856E+06
AP+ 1.4 4.8188E+05 3.9330E+03 6.1579E+04
2.55 1.3306E+06 3.4479E+04 4.3611E+05
3.1  9.2093E+05 4.9520E+04 4.1606E+05

Table 3.4: XRF Counts in constant volume mapping volume across cation and
pH ranges tested. Counts are reported for identical area (3.5 mm X 3.5 mm),
sample thickness (2.5 mm), resolution (20 ym), and dwell time (40 ms/px) under
50kV, 600 uA conditions.

remained relatively uniform across the gels. In contrast, for AI**

samples, distinct
aluminum-rich and aluminum-poor regions emerged at higher pH levels, suggesting

a phase separation effect.

Material Thermodynamic Equilibrium
Establishing that the MPEC gels achieved thermodynamic equilibrium is essential
for accurately interpreting the results and comparing them with theoretical predic-

tions. To address this concern, we conducted a series of experiments that provide
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Figure 3.6: Thermodynamic equilibrium of AM-fabricated MPECs. a, Mass
tracking of MPEC-gels over fabrication stages, confirming mass equilibration. b,
Reproducible thermal cycles over 25°C to 60°C ¢, Reproducible thermo-mechanical
behaviors of re-equilibrated gels at T > T, (i) Mass tracking of Ca** (green)
and AI**-MPEC gels (yellow) to ensure constant solvent content between tests.
(i1) Temperature profile applied during the test, using four different equilibration
temperatures to probe the rheological behavior of (iii) Ca’* (green) and (iv) AlI**-
MPEC gels.

multiple lines of evidence supporting the equilibrium state of the gels.

Firstly, as shown in Figure 3.6a, we monitored the mass of the gels throughout

the fabrication stages and observed that they reached equilibrium densities within
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three days post-processing. When exposed to a high-humidity environment (RH ~
80%), the gels exhibited a temporary mass increase due to hydration but consistently
returned to their original mass after a certain period. This behavior indicates that

the solvent content likely reached an equilibrium state.

To assess the thermal stability of the gels, we subjected them to repeated heating
and cooling cycles between room temperature and 60°C at a rate of 5°C/min with
a fixed frequency of 1 Hz. By controlling for solvent evaporation, we observed
consistent thermal signatures in storage modulus and tan delta values across more
than five cycles for each gel, suggesting that the thermal properties were stable and

reproducible (Figure 3.6b).

Lastly, to verify the stability of the gels at higher temperatures, we extended the
analysis up to 110°C (Figure 3.6c). Before each cycle, (i) the gels were re-solvated
in a high-humidity environment (RH ~ 80%) for over 24 hours to ensure consistent
solvent content. (ii) The gels were then equilibrated at 40°C, 60°C, 80°C, and 100°C
for 10 minutes each during the temperature ramp to minimize thermal drift. Rheo-
logical measurements were performed at each temperature, sweeping the frequency
from 0.1 Hz to 100 Hz. The results showed consistent thermal signatures across all
cycles, even at elevated temperatures for both (iii) Ca**-MPEC and (iv) AI**-MPEC.

Collectively, these findings strongly support that the MPEC gels have likely reached
thermodynamic equilibrium, providing a reliable basis for interpreting the results

and comparing them with theoretical models.

3.5 Molecular-Level Controls: Binding and Coordination

The fabrication platform developed in this work offers the ability to modulate several
chemical parameters for MPECs, including metal identity, valency, pH, solvent
content, and monomer type/concentration. To understand the influence of these
molecular controllers on global material properties, we focused on the effects of
metal valency and pH for the subsequent multiscale studies. The roles of solvent

and metal identity are discussed in Section 3.8 for conciseness.

3.5.1 Metal Valency

Metal valency is a critical parameter that controls both binding strength and coordi-
nation number of metal cations. To screen potential metal nitrate salts, we performed
Density Functional Theory (DFT) calculations to estimate the binding energy be-

tween metal cations and carboxylate (acetate) groups. Although this provides a
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qualitative understanding, it serves as a useful approximation of the interactions
between charged sites and metal ions. Bidentate structures were used as the initial
configuration based on the FTIR spectra in Figure 3.3, with water as the solvent
modeled using the Conductor-like Polarizable Continuum Model (CPCM) [81].

As shown in Figure 3.7, the binding energy scales linearly with the cation valency,
demonstrating control over both the coordination number of complexed polyanion
sites and the binding energy [82—84]. However, metal ions with available d-orbitals
(e.g., Ni%*, Cr*") deviate from this scaling behavior due to the formation of overlap-
ping m-orbitals. Detailed discussions on the effects of metal identity can be found

in Section 3.8.
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Figure 3.7: Binding energy of multivalent metal ions. Binding energy vs. metal-
carboxylate separation of multivalent metal ions printable with the developed fab-
rication method. Dashed curves represent theoretical metal cation-PAA dipole
interactions. The inset highlights how the different charges of metal cations lead to
distinct coordination numbers around the metal center.

In our studies, we selected three representative hard ions—Na*, Ca>*, and AI**—to
isolate the effects of valency without the interference of d-orbital interactions. Due
to the low binding energy of Na* relative to protonation, both pure PAA gels and
Na*-MPEC gels were used as control systems depending on the pH range. The weak
electrostatic interactions of Na* allow the monovalent gel to serve as a reference
system where entanglement is the primary contributor to the material response.
Additionally, we fabricated non-dynamic PAA gels covalently crosslinked with
N,N’-Methylenebisacrylamide (MBAA) to highlight the contribution of dynamic
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bonds. For consistency, each crosslinker is represented by a consistent color: blue
for Na*, green for Ca>*, yellow for AI**, and gray for MBAA.

As for our studies, we focus on three representative hard-ions for each valency,
Na*, Ca®*, and AI’*, to isolate the effects of valency without the concomitant
effects of d-orbital interactions. Owing to the low binding energy of Na* relative
to protonation, pure PAA gels and Na*-MPEC gels are used as a system control,
depending on the pH range explored. The weak electrostatic interactions of Na*
ions allow the monovalent gel to serve as a reference system where entanglement is
the major contributor to the material response. For comparison, non-dynamic PAA-
gels covalently crosslinked with N,N’-Methylenebisacrylamide (MBAA) were also
fabricated to demonstrate the contribution of the dynamic bonds. For the remainder
of this article, each crosslinker is represented by a consistent color except where
otherwise specified: blue for Na*, green for Ca®*, yellow for AI’**, and gray for
MBAA.

Time-Temperature Superposition
10* 1 15;

Arrhenius equations:
...... / Eq (1 1 ) 4
L ’ ar=exp|—=|z——
=108 - T p R\T Ty
o
=) F 4 5 =
[ 2 Shift factor, ar > P
. 3 —> / = %
\‘assomated B 102 £ (s) 4 0
® s /.‘ visco c
9 ] s 4 < Na* a8
1°Y = G > y * 20C 60C 5 a :/,./ :
5 S T v.:
= ~1 D10} seessenst P .« 1o = s e
3 ce® ; G;»‘ 20 100'C o A
E L s PR TS co
2 * soc 130°c
> 10° '152‘ 5 3 35 4
< 10° 10" 10%0° 10° 10° 10" ’ 1000 K]
8 Frequency [HZ] a; x Frequency [HZ]
w
. b ¢ E, < E < E < < E
5 O aH-bond aNa ‘aca = ac—c
. dissociated k] kJ
Reaction (20 KJ/mol)  8531— 122.14—— (350 kJ/mol)
Coordinate mol mol

Figure 3.8: Experimentally measured activation energy of metal. a, A schematic
of bond dissociation activation energy measured from rheological data. b, Measured
rheological data for AI**-MPEC via time-temperature superposition. The data
indicates that clear.

The activation energy associated with the binding strength of metal ions can be
experimentally estimated by analyzing the bond relaxation time. As shown in
Figure 3.8a, the rheology of transient networks allows us to assess the dissociation
and reassociation dynamics of metal-coordination bonds within the network using
frequency sweeps. By applying the Arrhenius Equation, we extracted the activation

energy of the relevant relaxation processes [71, 85].
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For MPEC gels with different metal valencies, we performed frequency sweeps to
probe these dynamics. However, the rheological data in Figure 3.8b indicated that
a distinct bond dissociation regime was not observed. Instead, the results showed a
viscoelastic relaxation time, suggesting that the measured response is a convoluted
effect of multiple network relaxations. The activation energy for the viscoelastic
relaxation process was found to scale with metal valency, suggesting that binding
strength influences the energy difference between relaxation processes. However, the
exact contribution of bond strength remains unclear due to structural heterogeneities
and the presence of other relaxation dynamics. Further investigation is required to
clarify the relationship between binding strength and relaxation dynamics in the
MPEC networks.

3.5.2 Polyanion Charge Density

Another key parameter is the pH of the resin, which was controlled using nitric acid
and sodium hydroxide, complementary to the sodium acrylate buffer and nitrate salts.
During printing, each ~50um-thick layer is saturated in the resin with exposure time
of 30s, allowing for equilibration with the solution. To minimize pH-dependent chain
conformation effects induced from anion repulsion and the changes in hydrogen
bonding [£6], we maintained the pH in our experiments below the pKa of polyacrylic
acid (~4.5) (Table 3.5). FTIR confirmed that the change of hydrogen bonding was
minimal within the range of pH explored and the deprotonation of the polyacid as

pH increases (Figure 3.9).

The high ionic strength of the gel [87, 88] allows us to correlate the pH with charge
sparsity of polymerised polyanion following the Henderson—Hasselbach (HH) equa-
tion, (¢) = [COOH]:[COO~] (Figure 3.10a). For multivalent metal salts, their strong
association with the charged sites on the polymers shifts the deprotonation equilib-
rium forwards [89, 90], reducing the charge sparsity of the polyanion relative to the
HH expectation. Thus, we account for this effect using a modified HH equation, as
shown in Figure 3.10b (see Appendix C.1 for derivations). Under the experimental
conditions, the modified HH equation demonstrates the availability of sufficient
number of binding sites on the polymer backbone to complex with the available
metal ions ([COO~] > n[M"*]). Figure 3.10b conveys the three pH regimes exper-
imentally explored in this work: (1) low (1.5 < pH < 2.5), (2) intermediate (2.5 <

2To keep the constant concentrations of all chemical species in the photoresin, the same volume
of diluent/buffer was added as indicated on Supplementary Table 1.

3pH was measured without the photoinitiator and glycerol to avoid the reading errors induced
by the organic solvents.
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Trasmittance (%)

Metal ions Diluent/Buffer>? pH3
Na* H,0 2.55
2M NaOH 2.95

4M NaOH 3.25

Ca** H,0 2.15
2M NaOH 2.72

4M NaOH 3.10

AP+ H,O 1.40
2M NaOH 2.40

4M NaOH 2.97

NiZ* H,0 2.06
2M NaOH 2.62

4M NaOH 3.05

Co** H,0 2.15
4M NaOH 2.95

Fe’* H,0 0.70
4M NaOH 2.84

Cr3t H,0 1.55
4M NaOH 3.00

60

Table 3.5: pH measurement of photoresin.
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Figure 3.9: Infrared spectrum of poly(acrylic acid) under variable pH from
most acidic (pH ~ 0.9) to most alkaline (pH ~ 3.25) in region of signature
bands for the carboxyl and asymmetric carboxylate stretches. pH control of
(de)protonation of the polyacid is clearly observed in the infrared spectrum via the
disappearance of the monomeric R-COOH shoulder and emergence of the R-COO™
asymmetric mode as pH increases.

pH < 3.0), and (3) high (3.0 < pH < 3.5). Using pH measurements of the photoresin

as a proxy, these values correspond to the range of polyanion charge sparsity (£), of

approximately 100:1 to 10:1.
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Figure 3.10: Modified Henderson equation for polyanion charge density esti-
mation. a, Henderson Hasselbach equation estimate charge density w.r.t. the pH
values. b, pH versus charge sparsity of polyanion chains, with varying cation va-
lency of fixed concentration (0.02 mol%). Strong association of multivalent metal
cations pushes the equilibrium forwards below the Henderson—Hasselbach theory
in the range of pH of interest.

3.6 Multiscale Interactions

With our AM fabrication platform, we can precisely tune molecular parameters
and fabricate macroscale MPEC gels that exhibit distinct functionalities based on
molecular design choices. To fully understand how molecular-level interactions
— particularly metal valency and polyanion charge density —propagate to global
material properties, we perform multiscale characterization spanning from atomic

interactions to continuum-scale mechanical behavior.

As illustrated in Figure 3.11, polymer structures exhibit a hierarchical organization
across multiple length and time scales: from molecular-level chemistry, polymer-
ion interactions, polymer network microstructures to continuum-level mechanical
behavior. To capture the material response across different hierarchical levels, we
combined experimental characterization, theoretical modeling, and computational

simulations.



62

Atomic Multiscale Study Macroscale
10° 108 107
(nm, ns) buckled
/;Jo \\ )
o, . oG 1D e S
~ 5 2% VN
[ \4: <7
aee T
e compression
Molecular-level Polymer-lon Polymer Chains Polymer Network Conti_nuum—lev_el Structural
Chemistry Interaction Interaction Microstructure Material Behavior Design

Figure 3.11: Multiscale-span hierarchical organization of polymer structures.

3.6.1 Chain Relaxations

To identify how the molecular controls affect the chain-level interactions, we char-
acterized the chain relaxation. First, we performed temperature ramp to capture
phase changes in the polymer as shown in Figure 3.12a. Dynamic Mechanical
Analysis (DMA) results reveal that MPEC gels exhibit the expected thermoplastic

phase behavior, transitioning through distinct regimes:

1. Glassy Regime (T < 0°C): Polymer chains are immobilized, and the material

exhibits a high storage modulus (E").

2. Glassy-to-Rubbery Transition (5 —50°C): A 2 to 3 order of magnitude decrease

in £’ indicates the onset of chain mobility.

3. Rubbery Regime (50 — 70°C and above): Polymer chains gain full mobility
and undergo reptation, characteristic of an entangled network.

Despite the presence of dissociable metal-polymer crosslinks, a viscous flow regime
was not observed at high temperatures. Instead, material embrittlement occurs
beyond 170°C, attributed to water evaporation and the formation of anhydride bonds.
This highlights the critical role of solvent phases in mediating polymer motion within
MPEC gels.

While the thermal-phase transitions appear independent of metal valency, the rub-
bery regime distinctly reflects the impact of metal coordination on polymer mobility.
As shown in Figure 3.12a, higher-valency metal ions restrict chain motion, leading
to an increase in the plateau modulus in the rubbery phase. To quantify this effect,
we estimated an effective plateau modulus from the storage modulus. Due to the

incomplete rubbery regime for water evaporation, an effective plateau modulus was
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defined at Ty, < T ~ 150°C < Texo-endo Of the polymer in the rubbery state (Figure
3.12b). As seen in Figure 3.12c, higher valency gels induced higher plateau mod-
ulus. The plateau modulus of crosslinked polymer correlates with both polymer
entanglement and crosslinking density, so to confirm the role of metal coordination
and chain entanglement in governing polymer relaxation, we tried to compare our
MPEC gels with the theoretical benchmarks for purely entangled polymer chains

(no crosslinks) and permanently crosslinked polymer chains.

Using aqueous gel permeation chromatography (GPC), we estimated the molecular
weight (M,,) of MPEC gels, which ranged from 270 kDa to 450 kDa, corresponding
to a degree of polymerization of N ~ 270 — 500. From [91], for a long poly acrylic
acid (~560 kDa) in theta-solvent, Small-angle X-ray scattering (SAXS) estimates the
radius of gyration, R, ~ 227A . Although our solvent system is not a theta solvent,
which will non-negligibly impact the R, of our chains, we used this measurement as
a bulk part estimation for comparison. This enable us to estimate the corresponding

molecular parameters [92]:
1

2 _ 2
R, = 3 onl” . (3.1
where n is the number of repeat units, £ for C-C bond = 1.54 A. This results in the
Flory characteristic ratio, C = 8.3, and the Kunh length of poly(acrylic)acid, b =
8.3 A.

1
v, = b*d ~ 5b3 ~1.93nm>. (3.2)

The entanglement is
2

VO
N, ~ 100ﬁ ~25. (3.3)

The effective entanglement (G.) and crosslinking plateau modulus (G,) at fixed
temperature, 7 = 150°C, where the experimental modulus confidently reaches the

plateau, can be analytically approximated [93]:

RT kT
G, =Pt ~0.12 MPa. (3.4)
M, VolN,
1 KT 11
Gy=pRT——— ~ " (— 4+ —) ~0.87 MPa. (3.5)
M, +M, v, N, N,

Pure PAA and Na*-MPEC gels at all pH have almost identical values to to G,
owing to the lack of crosslinking and indicating completely driven by modulus.

Multivalent gels deviate from this limit where the plateau modulus scales with
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Figure 3.12: Chain relaxation and plateau modulus. a, Thermomechanical
analysis of MPEC gels (storage modulus vs. temperature) showing distinct phase
transitions of MPECs during a temperature ramp at ~ 5°C min~'. b, Zoomed-in
thermogram of the leathery-to-rubbery transition in the temperature range of 80°C
to 200°C, highlighting differences in relaxation behavior. ¢, Influence of pH and
metal ion valency on the plateau modulus of MPECs in the rubbery state. Plateau
modulus values were extracted from Figure 3.12b and compared with analytically
estimated plateau modulus.

valency (Figure 3.12¢). Asexpected, covalent gels observe the most-limited polymer
motion available with the largest plateau modulus. It is noteworthy that all gels have
lower modulus than Gy, confirming that ion dissociation partially releases chain
constraints, allowing dynamic polymer mobility. This mechanism could be further

corroborated from the Molecular Dynamic (MD) simulations of the gel systems.

The simulations were carried-out using the Large-scale Atomic/Molecular Mas-
sively Parallel Simulator (LAMMPS) [94]. The Kremer—Grest [95] coarse-grained
force-field was used to model the polymer chains. All simulations were performed
with 50 polyelectrolyte chains each with 300 beads. An implicit solvent model was
used where the effects of the solvents were taken into account by using the dielectric
constant and pressure of the system. This effectively models all solvents present as
just two parameters. Following energy minimization and equilibriation in an NpT
ensemble, the production simulations were performed: an NV E simulation to anal-
yses the relaxation modes. We computed the autocorrelation functions for ion-pair
relaxation, pion(0,7) and polymer end-to-end vector relaxation, ppoly.(0,7). (phys-
ical interpretation is depicted in Figure 3.13a, b, respectively). Figure 3.13c show
that higher valency ions (A1**, Ca®") exhibit significantly slower ion-pair relaxation
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Figure 3.13: MD simulated ion-pair and polymer chain relaxations. a, Schematic
representation of ion-pair relaxation. b, Schematic representation of polymer relax-
ation. Autocorrelation functions of the ¢, ion-pair and d, polymer end-to-end vector
for MPECs with different ion valencies at low charge sparsity. Effects of high pH
to the autocorrelation functions of the e, ion-pair and f, polymer end-to-end vector
for MPECs with different ion valencies (solid lines correspond to the low pH and
dashed ones correspond to high pH).

(0ion(0, 7)), by almost an order of magnitude, than monovalent Na*, suggesting
stronger and longer-lived coordination bonds. Polymer relaxation times (ppoly (0, 7))
follow a similar trend, where the longer bond lifetime of the higher valency ions im-
pose larger energy barriers for polymer motion, restricting chain relaxation (Figure
3.13d).

MD simulations (Figures 3.13e and f) reveal that both ion-pair pjon (0, 7) and polymer
relaxation ppory.(0,7) are also affected by polyanion charge sparsity. Higher pH
(higher charge density) accelerates ion-pair relaxation, pjon(0,?) as the increased
availability of binding sites (R-COO™) enhances competition and ion mobility to
next sites. This faster ion mobility can be also propagated for pyo1y. (0, ), affecting

polymer relaxation gets faster as well.

The discrepancies between experimental and simulated charge density effects on
relaxation may arise from several factors. In simulations, ion-site binding occurs
in an idealized system where all binding sites are equally accessible, allowing for

unrestricted ion hopping between coordination sites. However, in real MPEC net-
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works, microstructural constraints introduce steric hindrance and local competition
for binding sites, limiting the dynamic rearrangement of the metal-polymer inter-
actions. Additionally, inter-chain connectivity and polymer entanglements impose
topological constraints that may further affect chain mobility and relaxation dynam-

ics, guiding us to investigate chain configurations in greater detail.

3.6.2 Chain Configurations

The configuration of polymer chains within a network plays a critical role in deter-
mining polymer integrity, mechanical properties, and final material morphology. As
illustrated in Figure 3.14a, depending on metal ion valency and local charge environ-
ment, polymer chains can form two distinct crosslinking modes: intra-crosslinking,
where metal ions coordinate within the same polymer chain or inter-crosslinking,

bridging between different polymer chains.

To quantify the competition between inter- and intra-chain crosslinking, we em-
ployed a statistical mechanics framework based on Semenov and Rubinstein’s ap-
proach [96]. In assumptions that all negative sites are fully associated (i.e. X; = 1)
and that intra-crosslinks are only formed between nearest neighbors, we can estimate

the entropic penalty for forming an intra-crosslink: [97]:
ASintra. = Minga. kB In e ) (3.6)

where minr, 1 the number of intra-crosslinked pairs, &k p is the Boltzmann constant,

and ¢ is the polymer segment length.

By incorporating this entropic cost with metal ions-polymer association equilibrium,
and the combinatorial probability of intra-crosslinks formation, we can analytically
estimate the fraction of inter-chain fiper vs. intra-chain crosslink ( finra) in MPEC
systems as a function of metal valency and polyanion charge density. The theoretical
estimate is shown in Figure 3.14b (see Appendix C.2 for full derivations). As shown
in Figure 3.14b, the fraction of inter-crosslinks ( finer) is strongly dependent on metal
valency. Trivalentions (AI**) exhibit a hi gher finer compared to divalent ions (Ca%).
This indicates that higher valency metals provide more probability in forming inter-
crosslinked coordination sites, whereas divalent systems favor intra-crosslinking due

to lower coordination numbers and higher entropic costs for inter-chain bonding.

Beyond metal valency, polyanion charge density strongly influences crosslinking
distribution as well. Initially, increasing charge density enhances finer, as more

metal ions bind to available sites, promoting inter-chain bonding. However, past an
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Figure 3.14: Chain configurations. a, Different possible configurations for intra-
and inter-crosslinks. Different colors represent different chains. b, Theoretically-
(lines) and computationally- (markers with 95% confidence interval) predicted frac-
tion of inter-crosslinked ions for divalent (green) and trivalent (yellow) systems at
different charge sparsity. Dotted line corresponds to the sparsity where the metal
ions perfectly neutralize the polyanion. ¢, Schematic representation of the effects
of metal ion valency and charges sparsity on the distribution of intra- vs. interchain
crosslinks.

optimal charge density, finer begins to decline, as excess negative charges introduce
electrostatic repulsion and increase the entropic cost of inter-chain bridging. This
transition occurs at the critical charge density where metal ions perfectly neutralize
the polyanion (dotted line in Figure 3.14b). Beyond this point, intra-crosslinking
dominates, leading to more localized polymer folding rather than inter-chain con-
nectivity. These trends are also corroborated by MD simulations (symbols), which

closely match theoretical predictions.

For our experimental case, the high-pH MPEC gels correspond to the left region of
Figure 3.14b with an excess of charged sites relative to metal ion concentration. As
pH increases, charge density increases, and the excess charges reduce inter-chain
connectivity, leading to higher intra-crosslinking fractions. These findings reveal a
complex interplay between metal valency and charge density in governing MPECs

chain connectivity (Figure 3.14c¢)
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3.6.3 Network Topology

The inter-chain crosslinks play a crucial role in the formation of MPEC gel net-
works. To better understand how metal valency and polyanion charge sparsity
influence network formation, we performed MD simulations to observe percolation

and clustering behavior under different molecular design conditions (Figure 3.15a).

For this study, we define clusters as percolating networks formed by dynamic
crosslinks between polymer chains, rather than localized ion aggregation from elec-
trostatic interactions [98]. To quantify the clustering behavior, we computed the
fraction of polymer within the largest cluster, fiuseer, by measuring its radius of
gyration (Ry) for the largest cluster and estimating its volume fraction within the

total simulation box (Viox):

2 2 2
8(Rg’xx + Rg’yy + Rg’ZZ 37

Vbox

f cluster =

where fouster = 1 represents a fully percolated gel network in which all chains are

interconnected, while f.juser = 0 indicates isolated polymer chains without network

formation.
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Figure 3.15: Polymer network. a, MD simulation set-up for cluster analysis. b,
Violin plot of simulated cluster distribution across different metal valencies and
charge sparsity. The wider distributions represent greater fluctuations in cluster
formation. ¢, Representative MD snapshots illustrating the percolation of polymer
chains under different valency conditions. The same color represents polymer chains
that are interconnected.

Figure 3.15b demonstrates the effects of metal valency and charge sparsity. The
results indicate that divalent and trivalent ions promote extensive polymer crosslink-

ing, leading to percolated networks where nearly all polymer chains are intercon-
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nected (Figure 3.15¢). In contrast, monovalent systems exhibit significantly lower
Seluster» as Na™ ions lack the ability to directly form inter-chain crosslinks, resulting in
smaller clusters primarily stabilized by polymer entanglements. Trivalent MPECs
exhibit the narrowest cluster distribution, suggesting more uniform, stable network
formation due to stronger binding and slower relaxation dynamics. The trend in
cluster size with respect to charge sparsity mirrors the previously observed fraction
of inter-chain crosslinking (fineer) in Figure 3.14b. This suggests that inter-chain
crosslinking serves as a fundamental driving force for the evolution of polymer

network topology.

Experimentally verifying percolation in MPECs poses challenges, as traditional X-
ray scattering techniques are limited in resolving such large-scale clusters. Both
simulated and experimental small-angle X-ray scattering (SAXS) results show no
significant peaks at low structural factor (q) (Figure 3.16), indicating that polymer
clusters in MPEC gels are too large to be detected by this method.
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Figure 3.16: Small-angle X-ray Scattering for cluster size estimation. a, Simu-
lated X-ray scattering signatures for mono-, di-, and trivalent gels. b, Experimentally
measured SAXS spectrum for Na*, Ca?*, and AI**-MPEC gels.

Instead of directly measuring the cluster size and distributions in the gels, we
observe macroscale differences in optical opacity as an indirect signature of network
interactions and phase behavior. As shown in Figure 3.17a, higher pH MPECs
exhibit increased opacity, suggesting greater phase separation between the polymer-
rich network and surrounding solvent. This phase separation becomes most apparent
in the as-printed state, where the gel retains the highest solvent content. After air-
drying and equilibration, opacity is reduced but remains pH-dependent (Figure
3.17b). These findings suggest that network connectivity and interactions with the

surrounding environment strongly influence MPEC properties.
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Scanning electron microscopy (SEM) further corroborates these observations, re-
vealing distinct microstructural phase separation in high-pH MPECs (Figure 3.17c¢).
At low pH, gels exhibit a uniform amorphous polymer matrix, whereas increas-

ing charge density induces phase-separated morphologies. The interplay between
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Figure 3.17: Charge-density-dependent opacity and microstructure in MPECs.
a, Optical images of as-printed MPECs at different pH values, showing increased
opacity at higher pH. b, Equilibrated MPECs after air drying. ¢, SEM micrographs
capturing the transition from uniform microstructures at low pH to phase-separated
morphologies at high pH. Regardless of the cation types, all MPECs exhibit similar
responses. Ca’*-MPECs were shown as a representative.

polymer charge density, metal coordination, and network topology significantly
impacts the mesoscale phase behavior of MPECs. Given the observed trends in
optical opacity and microstructure, understanding how metal valency and polyan-
ion charge sparsity dictate phase separation becomes crucial for controlling bulk

material properties.

3.6.4 Phase Behavior

To better understand the phase behavior of MPECs, we developed a mean-field
theoretical framework for sparsely charged polyelectrolyte systems in the presence
of multivalent ions. Building on the mean-field theory developed in prior works
[99, 100], we accounts for three key contributions: (1) excluded-volume effects,
(2) long-range electrostatic interactions, and (3) short-range association between

charged polymer sites and the metal crosslinkers. The total free energy for this
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system is then expressed as:
F = Fig. + Fexc. + Fele. + Fassoc. » (3.8)

where Fiq. is the free energy from ideal system, Fey. accounts the excluded volume
effects for polymer chains treating with hard-sphere contribution, Fej. captures the
charged species (metal ions, polyelectrolytes, solvents, other co-ions) interactions
and activies using the Debye—Hiickel equation [101], and Fyg0c. reflect the associ-

ation interaction between metal ions and the charged polyelectrolyte backbone. A

° +Fexc.

Figure 3.18: Mean-field representation of MPEC phase behavior. The excluded-
volume, electrostatic, and metal-polyelectrolyte association interactions determine
the overall phase behavior. Different species are represented: polymer chains (col-
ored), charged polyelectrolyte sites (red), metal crosslinkers (yellow), polyelectrolyte
counterions (light blue), and metal co-ions (brown).

visual representation of the contributions from each term is shown in Figure 3.18.
The detailed derivation of this framework and the governing equation of state are
provided in Appendix C.2.

Using this theoretical framework, we constructed phase diagrams for MPEC gels
formulated with different metal valencies and polyanion charge densities (Figure

3.19). These phase diagrams delineate the conditions under which the system
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remains in a single-phase gel state versus undergoing phase separation, with the

boundaries marked by contour lines. Figure 3.19a illustrates the impact of metal
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Figure 3.19: Phase diagram of MPEC systems. a, Comparison of divalent (left)
and trivalent (right) metal ions, showing that trivalent gels develop a ‘notch’ feature
at low concentrations, indicating gel-gel phase separation. b, Influence of charge
sparsity (pH) on phase stability. Through-the-height contour plot demonstrate an
expanded two-phase region at higher charge density (higher pH).
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Figure 3.20: Optical images of different phases in MPEC. Optical images of gels
at each phase from Figure 3.19a. Scale bar 20 mm.

valency on the phase boundary. While both divalent and trivalent gels exhibit the
classical supernatant-coacervate phase split characteristic of polyelectrolyte systems,
adistinct ‘notch’ feature emerges at low metal ion concentrations in trivalent systems.
This indicates the onset of a gel-gel phase separation, where two gel-like phases
with different polymer and ion concentrations coexist. The increased tendency for
trivalent systems to undergo phase separation is attributed to the stronger electrostatic

correlations and higher crosslinking density imposed by AI** ions.

The impact of pH, which modulates polyanion charge sparsity, is reflected in the
expansion or contraction of the phase envelope. As seen in Figure 3.19b, increasing

charge density (higher pH) dramatically expands the two-phase region, leading to
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a greater propensity for phase separation. This trend aligns with our previous
macroscopic observations of opacity and microstructural phase separation in SEM
(Figure 3.17). It further demonstrates that at sufficiently low charge density (low
pH), the two-phase region disappears due to the decrease in electrostatic correlations,

and the system remains single-phase.

The theoretical phase diagrams were experimentally validated by direct observations
of phase-separated regions (Figure 3.20) and more details in Appendix B.3). Optical
images confirm that AM-fabricated MPEC gels exhibit visible phase transition from
single-, two-, and triple- phases depending on the fabrication conditions, supporting

the predicted phase behaviors.

Furthermore, confocal microscopy of thin-film MPECs (Figure 3.21) reveals in-
creased phase separation at high pH, as evidenced by the autofluorescent poly-
mer matrix (purple) becoming more discontinuous due to solvent-rich void regions
(black).

3.6.5 Multiscale Study Summary

The investigation into MPECs spanned multiple scales, beginning with (1) defining
molecular-level parameters, specifically metal valency and polyanion charge sparsity
(pH), and (2) examining their effects on microscale interactions, including ion-
pairing dynamics and chain relaxations. These molecular interactions translated
into (3) chain configurations, dictating the balance between intra- and inter-chain
crosslinks, which in turn shaped (4) micro- and mesoscale network structures and
ultimately governed (5) the macroscale phase behavior and mechanical properties of
the gels. A comprehensive summary of these interconnected effects is presented in
Figure 3.22, highlighting how molecular-scale parameters dictate polymer network
morphology and dynamic properties. Strong metal-polymer association (high-
valency ions and low charge sparsity) leads to slow chain relaxation and a highly
interconnected polymer network, forming a coalescent, percolated structure. In
contrast, weak associations (low-valency ions and high charge sparsity) result in
fast relaxation and a more phase-separated polymer network, favoring segregated

morphologies.

With this fundamental understanding, we now shift our focus to how these structural
and relaxation variations manifest in macroscale mechanical properties, such as
elasticity and fracture resistance, as observed in bulk material testing. By tuning

molecular parameters, we can engineer MPECs with tailored mechanical behaviors.
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Figure 3.21: Confocal microscope images for phase separation observation Con-
focal microscopy (LSM 800, Zeiss) conducted on pH-controlled MPEC samples. It
shows poly(acrylic ccid) autofluorescence (purple) at 640 nm whereas negative void
space corresponds to fluid filled regions. All samples are imaged across 800 ym by
800 um at the depth of 50 + 25 ym. Higher pH of the gels demonstrating severe
phase separation of fluid filled regions from polymeric region for similar molecular
weight network. Scale bar for all images 150 um.

3.7 Macroscale Mechanical Behavior

3.7.1 Uniaxial Tensile Testing

The bulk mechanical properties of MPEC gels are significantly influenced by their
relaxation dynamics and structural morphologies. During tensile deformation, the
mechanical response at low strain is predominantly governed by the structural topol-
ogy of the network, crosslinking degree, and crosslinker functionality. As the strain
increases, the influence shifts towards chain mobility and relaxation dynamics,

where the rupture of crosslinkers allows stress relaxation of the stretched chains.
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Figure 3.22: Summary of multiscale studies. The mechanistic correlation between
molecular parameters (metal valency and polyanion charge sparsity) and macroscale
gel properties. Stronger metal association leads to slow relaxation and coalescent
polymer networks, while weaker association promotes faster relaxation and segre-
gated networks. The intermediate regime exhibits a mixed behavior.

In the case of dynamically-coordinated polymers, the bond relaxation — such as
the metal-ligand bond exchange rate — plays a crucial role in determining the me-
chanical response. Weak interactions with low association constants can facilitate
chain relaxation during deformation, enhancing stretchability and modulating the
stress-strain response (Figure 3.23). In contrast, strong interactions behave more like
covalent bonds, leading to chain rupture under high strain. As we now understand
the different relaxation and microstructure driven from the multiscale interactions
from molecular species in MPEC gels, we conducted uniaxial tensile experiments
on dog bone-shaped specimens to exemplify distinct mechanical response. A uni-
axial test is applied a constant strain rate, ¢ ~ 0.03 s~ at 25°C (Figure 3.24a). In
Figure 3.24b, we show the stress—strain data for MPEC gels infused with different
metal ions for T > T, and within the low pH regime. This figure demonstrates a
valency-dependent effect: gels with higher valency metal ions have greater stiff-
ness and strength, and a lower stretchability. The Young’s modulus, estimated as
the slope of the initial linear regime up to 10% strain, increases from 0.92 MPa
Na*-MPEC gel to 1.30 MPa for Ca*-MPEC gel to 2.82 MPa for Al*-MPEC gel.
The stresses and strains at rupture are 2.68 MPa and 1750% for the Na*-MPEC
gel, 3.12 MPa and 1600% for the Ca?*-MPEC gel, and 3.56 MPa and 870% for
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Figure 3.23: The dependence of bulk tensile response to weakly associated
bonds. The mechanical response under load is dominated by: the initial structural
topology of the network at low strain regime and the dynamics of bond relaxation
at higher strain which determines the tensile failure mode. Reprinted by permission
from [102]. Copyright ©2016, American Chemical Society.

the AI**-MPEC gel. These results reveal that despite the maximum number of po-
tential carboxylate—metal bonds being kept constant for all gels, local functionality
induces a noticeable difference in mechanical response. The covalently-crosslinked
gel, shown in Figure 3.24b, has a similar elastic modulus to the mono- and divalent
gels, most probably due to similar molecular network connectivity, which governs
the material properties at low strains as described in Figure 3.23. The permanent
nature of covalent bonds leads to stiffening of the gel at larger strains and results in
limited stretchability of 550%.

To further interpret the mechanical behavior, we applied the Mooney-Rivlin model,

a phenomelogical model of elasticity, to the stress-strain data [93].

Starting with the free energy density of the ideal polymer network,
F
V=C0+C1(11—3)+C2(12—3)+C3(13—3)+---, 3.9

where I, I», and I3 are strain invariants and Cy, C1, C2, and Cs are stiffness tensors.

For uniaxial deformation of incompressible network,

L=222=1. (3.10)

xtytz

A=A, =4, = 3.11)

2
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The Mooney-Rivlin free energy density can be written in A

F 2 1
—=Co+C1(P+==-3)+C(20+— - 3), 3.12
g =G+ G+ =3+ G20+ 5 -3) (3.12)
and the true stress can be obtained from eqn 3.12,
d(F|V 2C 1
Tirue = /l(a—/l/) = (2C1 + 72)(/12 - E)' (3.13)

This leads to the Mooney-Rivlin equation with reduced stress:

Otrue Oeng 2C2
_ =20+ 22, 3.14
2-1/4 A-1/2 T (3.14)

The parameter C; in the Mooney-Rivlin model describes deviations from the clas-

sical dependence observed in ideal polymer networks. In the Mooney-Rivlin plot,
a positive Cy value (Cy > 0) suggests a reduction in the constraining potential for
surrounding chains, which is indicative of strain softening. Physically, for tran-
siently crosslinked gels, this behavior implies that the dynamic bonds can dissociate
during deformation, allowing the polymer chains to slip and relax from the sur-
rounding crosslinking points. The Mooney-Rivlin parameters revealed that C; > 0
for MPEC gels, indicating strain softening and bond dissociation during the de-
formation at the applied strain rate. This bond dissociation enables the release of
local constraints, facilitating chain mobility and energy dissipation under stress,
thereby enhancing stretchability and preventing premature failure. In contrast, the
covalently-crosslinked gels showed strain hardening due to the permanent nature of
the crosslinks, which restricts chain relaxation under stress. This analysis confirms
that the fast dynamics of metal coordination bonds enable the protection of chains
during deformation, resulting in enhanced stretchability and lower stiffness at high

strains.

In Figure 3.25e, the mechanical response of the experimentally-equivalent polyelec-
trolyte gel networks in the low pH regime obtained from coarse-grained Molecular-
Dynamics (MD) simulations is shown. These simulations qualitatively reproduce
the trends of metal ion valency on gel stiffness. The evolution of the polymer net-
work at different strains (Figure 3.24d) reveals that polymer chains in the divalent
gels are able to re-orient along the loading direction during uniaxial deformation;
in the trivalent gels, the polymer chains are more-closely packed and tend to form
large percolating structures through the dynamic crosslinks (clusters) that inhibit
re-orientation. This behavior is supported by the observation that trivalent gels
maintain a higher fraction of inter-crosslinked metal ions, fir than that of divalent

gels under high strains (Figure 3.24e).
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Figure 3.24: Uniaxial tensile response of bulk MPEC gels with different metal
valency. a, Optical image of uniaxial tensile test for Ca>*-MPEC gels. b, Ex-
perimental stress—strain data of gels crosslinked with each metal crosslinks versus
with MBAA under uniaxial tensile loading. ¢, Mooney-Rivlin representation of the
stress-strain curves. d, MD simulation snapshots of divalent(top) and trivalent (bot-
tom) gels under uniaxial loading. e, MD simulation stress-strain data for different
metal valency under uniaxial loading. f, The change in fraction of inter-crosslinked
divalent and trivalent ions during elastic deformations obtained using MD simula-
tions.

In addition to the influence of metal ions, the charge sparsity of polyanions plays a
critical role in determining the mechanical behavior of MPEC gels. The distribution
of negative charges along the polymer backbone affects the crosslinking density,
chain conformation, and network topology, which collectively govern the gel’s
stiffness, stretchability, As shown in Figure 3.25a, the increase in pH (charge density)
induces all gels to exhibit a 2X reduction in modulus and tensile strength and a

concomitant decrease of tensile strain from > 1600% to 1000% for Na*- and Ca?*-
MPEC samples.

The MD simulations also predict that reducing the charge sparsity on the polyanion

(increasing pH) leads to a reduction in fiy, relative to the high sparsity system,
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Figure 3.25: Uniaxial tensile response of bulk MPEC gels with different polyan-
ion charge sparcity. a, Experimental stress—strain data as a function of pH,
which shows degradation in mechanical performance in increasingly alkaline envi-
ronments. b, MD simulation stress-strain data for different pH gels under uniaxial
loading. ¢, The change in fraction of inter-crosslinked for high pH gels during elastic
deformations obtained using MD simulations.

with a corresponding reduction in gel stiffness (Figures 3.25b,¢). This non-intuitive
shift where all stress-strain curves collapse to that of a Na*-MPEC gel appears
to be correlated with the evolution of network topology, comprised of intrachain-
molecular and interchain-molecular junctions and loops. The reduction in inter-
crosslinks and the formation of a more segregated polymer network lead to a more
compliant response and reduced stretchability. The stiffness and stretchability of
AIP*-MPEC gels are reduced by a lesser amount, indicating that trivalent ions may
offer some resistance to charge sparsity effects due to their ability to form multiple

crosslinks per ion.

These findings highlight how the multiscale effects of molecular choices, such as
metal ion valency and polyanion charge sparsity, are manifested in the global material
properties of MPEC gels. Understanding these hierarchical interactions provides
valuable insights into the mechanisms governing the bulk mechanical response of
MPEC gels.

3.7.2 Fracture Toughness
The mechanical response of MPEC gels under tensile deformation provides valuable

insights into how molecular-level interactions influence the bulk properties of these
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materials. While significant progress has been made, a key challenge remains:
translating this mechanistic knowledge into guidelines for designing hydrogels with
targeted mechanical properties, particularly fracture toughness which is a critical

mechanical properties in the field of polymers and soft materials.

Thus, we aim to extend the current mechanistic understanding to design tougher
MPEC gels by tuning metal valency and polyanion charge sparsity. The goal is
to develop a comprehensive understanding of how molecular interactions at the
nano-scale correlate with the bulk-level energy dissipation capabilities and fracture

resistance of these gels.

Fracture toughness in soft gels is significantly influenced by the ability of the network
to dissipate energy through multiple mechanisms, including bond dissociation, chain
relaxation, and reversible crosslinking. Given the complexity and multi-factor nature
of these behaviors, it is essential to revisit the general design principles for tough
gels. As illustrated in Figure 3.26, the fracture energy for a tough gel is dependent
on how much energy is required to fracture a layer of polymer chains (crack surface)
and how much mechanical energy can be dissipated within the process zone around

the crack tip.

Based on the Lake-Thomas model and recent advancements in the field [103], this

can be quantitatively expressed as:
I'=Iv+Ip, (3.15)

where I" is the total fracture toughness of a tough gel, I', is the intrinsic fracture

energy and I'p the mechanical dissipation energy within the process zone.

The intrinsic fracture energy represents the energy required to break polymer chains

lying across the crack plane per unit area:

Nb
T = ”‘g . NUy, (3.16)
N

where n is the number of polymer strands per unit volume, N is the degree of
polymerization, b is Kuhn length of the polymer chain, A; is the swelling ratio if
solvent exists, and Uy is the energy required to fracture a polymer chain. The first
term (nVNb/ A2) represents the density of polymer chains per unit area at the crack
plane, while the second term (NUy) denotes the energy needed to fracture these

chains.
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Figure 3.26: Design principles for fracture toughness in soft gels. The total
fracture toughness of the tough hydrogel, I" is contributed from the intrinsic fracture
energy, I', from fracturing a layer of polymer chains and the mechanical dissipation
in the process zone around the crack tip, I'p. Reprinted by permission from [104].
Copyright ©2021, American Chemical Society.

The mechanical dissipation energy in the process zone (I'p) accounts for the energy
dissipated through bond dissociation, chain relaxation, and hysteresis in the vicinity

of the crack tip:
I'p = 2V‘7§ odd-h, (3.17)

where: V is the volume fraction of polymer chains in the process zone, o is the stress
in the material, A is the stretch ratio and 4 is the size of the process zone. The line
integral ( 9§ odA) represents the hysteresis loop in the stress-strain curve, capturing
the energy dissipation due to multiscale relaxation mechanisms. The factor of 2
accounts for energy dissipation on both sides of the crack plane for pure shear test

set-up.

Based on the analytical expressions for fracture toughness, several key strategies
can be proposed to optimize the balance between crosslinking density and bond

dynamics in MPEC gels. For instance:

1. Maximize chain density and network integrity within the gels, which increases
both nV/Nb/A2 in Ty and V in Tp. A denser network provides more load-
bearing polymer strands per unit area, enhancing the energy required to break
polymer chains and increasing the volume fraction of load-bearing chains in

the process zone.
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2. Enhance stress distribution and increase the effective size of the process zone
(h) in I'p by promoting inter-crosslinking efficiency and facilitating fast bond
and chain relaxations. Efficient stress distribution prevents localized stress
accumulation and delays the onset of crack propagation by spreading the

mechanical load more evenly throughout the network.

3. Maximize the hysteresis loop in I'p by promoting efficient energy dissipation
mechanisms that enable the gels to absorb high amounts of energy without
undergoing catastrophic failure. For example, strong bond dissociation and
entanglement friction can induce a wider hysteresis loop in the stress-strain

curve, reflecting greater energy dissipation during deformation.

The Mooney-Rivlin analysis from Figure 3.24c¢ reveals a clear strain-softening be-
havior in all MPEC gels, suggesting that the dynamically-coordinated bonds can
dissociate and reform under stress. This mechanism enables the gels to absorb
energy efficiently without undergoing catastrophic failure. These findings lead to
the hypothesis that:

1. Higher valency metal ions at low pH and low solvent will exhibit higher frac-
ture toughness due to their ability to form multiple inter-crosslinks, compact
network, while sustaining dynamic bond exchange allowing for dissipation

from strong bond dissociation and delayed fracture.

2. Reducing metal valency or increasing pH will lead to a decrease in fracture

toughness by reducing inter-crosslink density and network integrity.

To test this hypothesis, we fabricated and measured the fracture toughness of Na*-,
Ca®*-, and AI**-MPEC gels at both low pH and high pH. Due to experimental
limitations, the solvent content was fixed at 10 v/v% for all gels, and the monomer
concentrations were kept constant to be 8.8M. This approach ensures that the ob-
served differences in fracture toughness can be attributed primarily to variations in

metal valency and pH rather than solvent content or monomer concentration.

The fracture toughness of MPECs was evaluated using pure shear fracture exper-
iments (Figure 3.27). In these experiments, we used notched thin gel sheets and
tested them in an MTS load frame (MTS Systems Co., Eden Prairie, MN). The
methodology followed the approach first developed by Thomas, Rivlin, and Lake
[105, ] and later adapted for probing the fracture behavior of tough hydrogels
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[26]. During the experiments, a thin MPEC sample with dimensions (W X Hy X th)

a
Clamps MTS Load Frame

Deformation |
CHEE rmation Image

Light Source Sample Load Cell

Subset
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- [4.50

FOV: 75 pym/px

3.00

1.50

0.00

Figure 3.27: Fracture test set-up and DIC analysis. a, Experimental setup for
tension testing using the MTS load frame. A series of flashlights are used to
sufficiently and uniformly illuminate the sample for image capture using the high-
resolution camera and DIC analysis. b, Overview of the DIC analysis with the region
of interest (ROI), dimensions of the samples, cross-head width for calibration, and
labeled subsets. ¢, Comparison of &y, calculated from actuator displacement data
and averaged DIC data within the orange circle as a function of time for an un-
notched sample undergoing uniaxial tension. Additionally, the strain field at ¢t =
150s is shown to demonstrate the uniform distribution of &y, indicating no slip
occurred.

of 40x10x1.5 mm? and an initial notch length (ag) of 16 mm (ag/W = 0.4) was
stretched uniaxially at a strain rate of € ~ 0.02 s~! to induce crack propagation until
complete sample rupture. We used Digital Image Correlation (DIC) using a com-
mercial software, VIC-2D (Correlated Solutions, Columbia, SC) [107] to capture
the gel slippage and exact moment of crack initiation. The stress-strain curves for

both notched and un-notched samples are shown in Figure 3.28.
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Figure 3.28: Stress-strain curves for un-notched and notched MPEC for fracture
experiment. Un-notched and notched samples were stretched uniaxially at a strain
rate of & ~ 0.02 s\

From the DIC analysis, we defined the critical strain (4..;) as the point at which
the pixels around the crack tip were lost, indicating the initiation of a crack. The

fracture energy (I") was calculated using:

/lcrit
F:HO/ oda, (3.18)
0
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where o is the stress response of the corresponding un-notched samples as described
in Figure 3.29b.
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Figure 3.29: Fracture energy of MPEC gels. a, Sample dimensions of un-notched
and notched samples for pure shear test. b, Fracture energy, I' measured using
the initial gauge length (H,, the un-notched sample stress-strain curve, and critical
strain, A.,;; as per [108]. Box plots for I" and A.,;; for crack initiation for ¢, charge-
sparse MPEC and d, charge-dense MPEC.

As shown in Figure 3.29c, the fracture energy (I') and critical strain (1.) for MPEC
gels cross-linked with different metal ions demonstrate that the fracture energy
increases with metal valency as we hypothesized. In the low pH range (1.5-2.5), the
AIP*-MPEC gels exhibited the highest fracture energy of 7.32 + 1.04 kJ/m?, which
is approximately 50% greater than that of Ca**-MPEC gels (4.66 + 0.98 kJ/m?) and
about 120% higher than that of Na*-MPEC gels (3.27 + 0.94 kJ/m?). A similar
trend was observed at higher pH (Figure 3.29d).

In Figure 3.29¢, we show the I' and A, for MPEC samples cross-linked with each
metal ion and demonstrate that the fracture energy increases with stiffness. In a
range of pH of 1.5-2.5 (left panel), the AI>*-PEC gels achieve fracture energies
of 7.56 + 1.25 kJ/m2, ~ 50% greater than that of the Ca?* MPEC, whose fracture
energy is 4.66 + 0.98 kJ/m? and ~ 120% higher than that of the Na*-MPEC gel, 3.03
+ 0.94 kJ/m?. We observed a similar trend for higher pH (Figure 3.29d). It is also
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noteworthy that the critical strain for crack propagation (A1.) correlates strongly with
the fracture energy, suggesting that the higher fracture energy is not only a result
of greater stiffness and energy dissipation but also due to delayed fracture in the
higher-valency systems. This implies that the dynamic bond exchange and slower
bond relaxation rates in higher-valency systems allow for more effective energy

absorption before fracture, enhancing both fracture toughness and crack resistance.

Consistent with our hypothesis, the increase in pH resulted in a reduction of fracture
energy for all gels regardless of metal valency. Specifically, at high pH, the fracture
energy of AI**-MPEC, Ca>*-MPEC, and Na*-MPEC gels decreased to 6.16 + 0.58
kJ/m?, 2.92 + 0.82 kJ/m?, and 2.69 + 0.77 kJ/m?, respectively. This corresponds
to a reduction of approximately 20%), 38%, and 11% compared to the low pH gels.
The observed decrease in fracture energy suggests that the loss of connectivity and
network integrity at higher pH levels reduces the ability of the gels to resist fracture
effectively. Interestingly, despite the reduction in fracture energy, the critical strain
increased at higher pH, indicating delayed fracture. This suggests that the gels may
still retain the ability to dissipate energy efficiently; however, the compromised net-
work integrity and reduced inter-crosslinking density at higher pH likely counteract
the benefits of energy dissipation. Further investigation is needed to gain a more
concrete understanding of the mechanisms underlying this behavior. Remarkably,
all MPEC gels demonstrated 2—10 times higher fracture toughness compared to
their covalently crosslinked counterparts. This significant enhancement highlights
the crucial role of bond dynamics. The transient nature of these bonds enables chain
relaxations, delayed fracture, and higher mechanical dissipation, which collectively

contribute to the superior fracture toughness of MPEC gels.

Due to the complex stress field and large deformations in soft gels, we focused
primarily on crack initiation, which determines the total fracture energy. However,
the crack propagation behavior also presents an intriguing avenue for understanding
how multiscale interactions influence macroscale mechanical responses. As shown
in Figures 3.30a and b, the DIC analysis reveals different degrees of crack blunting
and the corresponding strain (g,,; y-axis is along the loading direction) distribution
around the crack tip during propagation. As shown in Figure 3.30c, initially,
the crack shape and local stress concentration between Ca®*- and AI**-MPEC gels
appear comparable at crack initiation. However, their propagation behaviors diverge
significantly. For Ca®*-MPEC gels, the faster local bond dissociation at the crack

tip allows chains to slip, reducing stress concentration and blunting the crack. Ca”*-
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Figure 3.30: Crack propagation behavior of MPEC gels. a, High-resolution
images of MPEC gels at crack initiation and crack propagation. Scale bar 20 mm.b,
the corresponding spatial mapping of &y, from DIC analysis, applied with a subset
size of 15x15 px?, a step size of 1, and a strain filtering radius of 15 px [107]. Scale
bar 20 mm. ¢, Crack tip velocity during the propagation.

MPEC gels show a constant steady crack propagation with continuous crack blunting
until the rupture. In contrast, AI**-MPEC gels exhibit a sharper crack tip with more

localized energy dissipation, leading to multiple crack velocity jumps.

This difference in crack propagation behavior is likely linked to the bond and
chain dynamics—specifically, the bond exchange rates and chain relaxation mech-
anisms—which influence how effectively energy dissipation and stress distribution
are managed at the crack tip. Since crack propagation involves multiple strain rates
and a complex stress field, further investigation would be necessary to identify the
dominant factors. Nevertheless, the observed behaviors suggest that a more detailed
mechanistic understanding could provide valuable insights into designing MPEC

gels with desired fracture behavior.

3.8 Additional Molecular-Level Controls: Solvent and Metal Identity

3.8.1 Solvent Effects

Solvent content is a critical parameter that significantly influences the material be-
havior of MPEC gels. While we kept the solvent content constant across all samples
in the previous sections to isolate other variables, we conducted additional stud-

ies to understand the effects of solvent using both experimental and computational
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approaches.

Experimental results

The primary solvents used in the fabricated MPEC gels are water and glycerol.
TGA analysis in Figure 3.4 confirmed that all equilibrated gels, regardless of metal
ions and system pH, contained approximately 14% + 2.14% water by weight and 10
v/vY glycerol. To assess the impact of water content, we placed the equilibrated
gels in a high-humidity environment (RH ~ 80%) to vary the water content. Figure
3.31a shows that the gels absorbed different amounts of water, which significantly

influenced their mechanical properties.

Quasi-static tensile tests indicated that increasing the water content from 10% to
20% and 30% by weight reduced the modulus by a factor of 1.41 and 4.80 for Al-
MPEC and 1.86 and 3.92 for Ca-MPEC, as shown in Figure 3.31b. The increased
water content led to a more flexible network with lower stiffness and higher energy

dissipation.

The glycerol content was varied by adjusting the amount introduced into the pho-
toresin. For fair comparison the total solvent amount is kept same instead the volume
fraction between water and glycerol varied. As shown in Figure 3.32, reducing the
glycerol fraction resulted in the overall solvent remained in the gels after post pro-
cessing decreased due to more volatile nature of water compared to glycerol. The
impact of this reduction is demonstrated in Figure 3.32 where gels exhibit stiffer

responses with earlier failure. 3.32.

Theoretical results

To identify the molecular mechanisms of the effect of solvents on MPEC gels, we
performed molecular dynamics simulations using an implicit solvent model. The
simulations varied the dielectric constant and system pressure to account for changes
in solvent composition. As there is a high concentration of polyelectrolyte, varying
the solvent composition is not likely to have a dramatic effect on the system dielectric.
On the other hand, by replacing glycerol with water, the overall free volume of the
system is expected to decrease, leading to an increase in osmotic pressure. This

effect is expected to be more substantial when varying the solvent. 3.33.

As shown in Figure 3.33, increasing the system pressure (equivalent to increasing

the water fraction) led to higher stress responses across all valencies, which agrees
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Figure 3.31: Effects of solvent content in MPEC gels. Different amount of water
included in trivalent (left) and divalent (right) MPEC gels by equilibrating the gels
in high-humidity environment (RH~80%). a, TGA analysis confirms that the
gels contain different amount of water contents. b, Stress-strain curves obtained
for different water contents on. The respective young’s moduli, area enclosed by
the loading-unloading curve (hysteresis) and energy dissipation percent (hysteresis
normalized by the total energy induced from the applied loading) of each gel have
been given in the tables above.

well with the experimental results in Section 3.8.1. Figures 3.33b and 3.33d indicate
that the reduced free volume significantly hindered polymer motion, resulting in a
narrower distribution of cluster sizes for divalent and trivalent gels and a longer
end-to-end vector relaxation time. In contrast, the monovalent gel exhibited a wider
cluster distribution due to the absence of dynamic crosslinks. The ion-pair relaxation
times showed only a slight decrease despite the change in free volume (Figure 3.33c).
This suggests that while the solvent content strongly influences polymer motion and
mechanical properties, its impact on ion-pair dynamics is limited. The enhanced
stiffness and mechanical hysteresis can be attributed to the much hindered polymer

motions which dissipate energy from extensive frictions and make the system more
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Figure 3.32: Stress-strain curves obtained for different co-solvent contents. For
a, the trivalent and b, the divalent MPEC gels. The respective storage moduli and
standard deviations of each gel have been given in the tables above. The same
protocol was used to print and perform the experiments on the gels as described in
the main text.

compact.

3.8.2 Metal Identity Effects

As shown in Figure 3.7, metal identity can influences the coordination environment
and binding strength of MPEC gels, primarily due to differences in ion size and
the ability to form shared molecular orbitals. To explore the effects of metal ions
beyond hard ions, we conducted both experimental studies and MD simulations to

assess how metal identity impacts the mechanical properties of the gels.

Experimental observations

To investigate the impact of metal ion identity on the mechanical properties of MPEC
gels, we printed gels using different metal ions from the same pre-gel solutions and
confirmed their bidente chelation by carboxylate. We then performed quasi-static
tensile tests to measure their mechanical responses. The results are summarized in
Figures 3.34 and 3.35.

For divalent ions (Ca%*, Zn?*, Ni2*) shown in Figure 3.34, the gels became stiffer
as the ionic radius decreased from Ca®* to Zn>* to Ni**, particularly at medium to
high pH (Figures 3.34b and 3.34c). This trend aligns with theoretical predictions at
the subsequent section. The significantly higher stiffness observed for Ni>*-MPEC
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Figure 3.33: MD simulations of MPEC gels with varying applied pressure. a,
Stress-strain curves from uniaxial stretching. b, Cluster size distribution under
different system pressure. ¢, lon-pair relaxation and d, end-to-end vector relaxation.
Solid curves correspond to pressures of 0.001¢/0> and dashed curves correspond
to pressures of 0.005¢/0->. The color scheme used in this figure follow the scheme
used in the main text (blue: monovalent, green: divalent and yellow: trivalent ions).

gels is likely due to the presence of half-filled d-orbitals, which enhance binding
strength and relaxation dynamics.

Interestingly, there appears to be a maximum in the tensile critical strain as we vary
the ionic radius, likely resulting from a balance between the binding strength of the
coordinating bonds and the polymer relaxation time. An interesting exception to the
stiffness trend occurs at low pH, where the trend does not strictly follow ion size.
This suggests that protonation and other charge interactions become more dominant,
and the difference in binding strength becomes less detectable, especially in the low
pH regime where the number of available binding sites is reduced and protonation

becomes strongly favored.

For the trivalent ions shown in Figure 3.35, the binding strength across different
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Figure 3.34: Stress-strain curves obtained for different divalent metal ions
(Ca®*, Zn’* and Ni’**) at varying pH. (a,: low, b,: medium, c,: high). The
respective young’s moduli and standard deviations of each gel have been given in
the tables above. The same protocol was used to print and perform the experiments
on the gels as described in the main text.
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Figure 3.35: Stress-strain curves obtained for different trivalent metal ions
(APP*, Ga**,Fe?* and Cr’*). The respective young’s moduli and standard deviations
of each gel have been given in the table on the right. The same protocol was used to
print and perform the experiments on the gels as described in the main text.

species is relatively similar as predicted by Figure 3.7, yet the gels exhibited distinct
mechanical responses. Cr’*-MPEC and Fe**-MPEC gels initially showed a lower
elastic modulus compared to hard ions such as AI** and Ga** but became stiffer at
larger strains and failed earlier than the other trivalent gels. The observed elastic
modulus is likely driven more by the polymer microstructure, while the response at
larger strains reflects the influence of relaxation dynamics. This suggests that the

metal identity affects both the microstructure and the relaxation behavior of the gels.

Cr’*-MPEC gels can be printed with finer resolution than other gels, likely due
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to the presence of multiple half-filled d-orbitals in Cr**. This promotes a binding
characteristic closer to covalent than ionic, resulting in stronger bonds and a more
static crosslinking network. Consequently, the gels exhibit strain stiffening and
earlier failure due to altered cluster formation and distribution. Similarly, Fe3*-
MPEC gels also contain multiple half-filled d-orbitals, which contribute to a stiffer

response at larger strains.

However, transition metal species are known to undergo photo-reduction in the pres-
ence of supporting electrolytes (Na™), carboxylic acids, hydroxycarboxylic acids, and
other weak-field ligands, resulting in the reduction of metal cations such as Fe>*
to Fe2* [109—111]. Additionally, many transition metal salts exhibit a broader UV
absorbance band extending to higher wavelength, overlapping with the exposure
wavelength (405 nm) used for photopolymerization. This overlap could influence
the degree of polymerization or chelation degree in the gel matrix, thereby affecting
the mechanical properties. Therefore, the mechanical response of transition metal
species likely requires further investigation to account for photo-induced effects and

polymerization dynamics, beyond just binding strength.

Theoretical predictions

To explore the impact of metal identity on MPEC gels, we conducted theoretical
investigations by assessing the effect of ion diameter on mechanical behavior. Due
to the complexity of capturing local asymmetries in coordination environments and
mixed ligand-fields, a more sophisticated computational model would be required
for a detailed understanding, which is beyond our current capabilities. As shown
in Figure 3.36, increasing the ion diameter resulted in different extents of effects
depending on metal valency. For monovalent gels, changes in ion diameter had
minimal impact on their mechanical properties. This can be attributed to the fact that
monovalent ions do not form crosslinks between chains. Consequently, variations
in binding strength had little effect on polymer motion. The stress-strain response
in monovalent gels is likely governed more by chain entanglement and electrostatic

repulsion rather than by metal coordination.

In contrast, for divalent and trivalent gels, increasing the ion diameter resulted in
faster relaxation times for both ion-pair and end-to-end vector dynamics. This
behavior is attributed to the larger metal-acetate distances, which lead to weaker
binding strength (Figures 3.36b—3.36d). The reduced binding strength also mani-

fested as a decrease in cluster size, indicating that larger ions promote a more mobile
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Figure 3.36: MD simulations of MPEC gels with varying ion diameters. a, Stress-
strain curves from uniaxial stretching. b, Cluster size distribution over different ion
diameters. ¢, lon-pair relaxation and d, end-to-end vector relaxation. Solid curves
correspond to diameters of 0.50 and dashed curves correspond to diameters of o .
The color scheme used in this figure follow the scheme used in the main text (blue:
monovalent, green: divalent and yellow: trivalent ions).

and less interconnected network.

Divalent gels were particularly sensitive to ion diameter, with larger ions causing
the cluster size and mechanical behavior to resemble those of monovalent gels. This
suggests a shift towards a less crosslinked network as the ion diameter increases.
These findings highlight the role of ion size in modulating both binding strength
and the extent of crosslinking in divalent MPEC gels.

In contrast, for trivalent gels, despite the faster relaxation dynamics, the cluster size
and mechanical response of aluminum ions were less affected by changes in ion
diameter. This suggests that the experimentally observed stiffness variations for
trivalent gels may be influenced by factors beyond ion size and binding strength

alone. The results imply that coordination geometry and the ability to form multiple
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crosslinks per ion may play a more significant role in determining the mechanical

properties of trivalent MPEC gels.

3.9 Conclusion

In summary, we present the design, characterization, and multiscale modeling of
additively manufactured metallo—polyelectrolyte gels. The advanced characteri-
zations through the lens of thermodynamics and mechanics demonstrate the re-
markable interplay of dynamic crosslinker valency and polyanion charge sparsity in
governing material properties of MPEC gels. The use of theoretical and computa-
tional approaches led to a fundamental understanding of the experimental findings
and provided insights into the underlying mechanisms from local bond relaxation
to mesoscale polymer network topology. The theory developed for this work is
capable of extension to other material systems using the key chemical levers identi-
fied/explored herein. The development of a simple synthesis pathway and integra-
tion to additive manufacturing offers a large parameter space for material design of
MPEC gels and an abundance of applications of metallo-polyelectrolytes.
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Chapter 4

BRIDGING MOLECULAR-TO-MECHANICS: MOLECULAR
CONTROL FOR GLOBAL MATERIAL RESPONSE

This chapter has been adapted from:

S. Lee*", P. Walker', S. Velling, A. Chen, Z. Taylor, C. Fiori, V. Gandhi, Z-G.
Wang & J.R. Greer. “Molecular Control via Dynamic Bonding Enables Mate-
rial Responsiveness in Additively Manufactured Metallo-Polyelectrolytes”. Nature
Communications 15, 6850 (2024). DOI: 10.1038/s41467-024-50860-6

Contributions: S.L. conceived and designed the project, fabricated samples, per-

formed experimental characterization, analyzed the results, and wrote the manuscript.

S. Lee, Z. Liu, K. Funk, X. He & J.R. Greer. "Cation-Induced Pattern Trans-
formation of Additively Manufactured Polyelectrolytes". In Preparation.
Contributions: S.L. conceived and designed the project, fabricated samples, per-

formed experimental characterization, analyzed the results, and wrote the manuscript.

4.1 Chapter Summary

Building on the insights from Chapter 3, this chapter explores how multiscale
knowledge of hierarchical interactions in MPECs can be leveraged to control global
material behavior. By employing multiscale knowledge of hierarchical interactions,
we explore how molecular-level control such as dynamic bonding and reversible
crosslinking can dictate global material/structural behavior such as controllable de-
formation, shape transformation, and multifunctionality. The findings provide a
comprehensive understanding of how molecular design strategies can be extended
to develop adaptive and reconfigurable materials with tailored mechanical and func-

tional properties.
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4.2 Introduction

A critical frontier in polymer research is the integration of adaptability and re-
sponsiveness into soft materials to enable functional responses to external stimuli.
MPECs have emerged as a promising class of responsive and adaptive materials
due to their reversible and tunable bonding interactions. Recent studies have high-
lighted the versatility of MPECs. For instance, their dynamic bonding enables
reversible network formation, facilitating reprocessing and recycling by dissolving
and reshaping the gels under controlled conditions [ | |2]. The tunable metal-ligand
coordination imparts adaptable mechanical properties and enables drastic alterations
in their physical and chemical characteristics positioning them as strong candidates

for applications in soft robotics [ 1 3] or tunable adhesives [59].

However, while the constituent dynamic polymers offer potential for responsiveness,
programming these responses in a controlled manner or tailoring them to specific
functionalities remains a significant challenge. As observed in Chapter 2, not only
do the constituent material properties matter, but the structural design also plays
a crucial role in determining the global material response. Therefore, an inte-
grated approach that combines dynamic chemistry with solid/structural mechanics

is essential to achieve controllable adaptability in functional material systems.

This chapter addresses this challenge by combining molecular-level controls, in-
cluding dynamic bonds and phase transitions, with nonlinear structural responses
such as buckling and reconfigurability to program global material behavior. The
central premise is that molecular interactions dictate local responsiveness, while
structural geometries can amplify or suppress these responses through localized de-
formation or stress redistribution. This synergistic interplay is anticipated to enable
programmable material responses that can self-reconfigure under external stimuli,
unlocking capabilities such as tailored viscoelasticity, controlled instabilities, and

environmental adaptability.

4.3 Mechanical Stimuli: Controllable Deformation of Bilayer Structure

The deformation and buckling behavior of slender structures is governed by fun-
damental principles of structural mechanics, where factors such as beam geometry,
material properties, boundary conditions, and applied loads collectively dictate
structural stability. For example, in Euler-Bernoulli beam theory, the critical buck-

ling load, P., which marks the transition from a stable to an unstable state under
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axial compression, is given by:

_ m’El
P. = %

, 4.1)

where E is elastic modulus, / is the moment of inertia, and L, is the effective beam
length. This equation accurately predicts when a beam will buckle; however, it does
not provide insight into the direction of deflection (i.e., whether the beam buckles
left or right). This directional uncertainty stems from stochastic factors, such as
material heterogeneity, geometric imperfections, or small perturbations in experi-
mental conditions. In this study, we leverage the rich dynamic properties enabled by
molecular controls in MPEC:s to intentionally guide nonlinear deformation behaviors
in flexible structures. Specifically, we fabricate bi-material structures in which two
MPEC gels—crosslinked by different metal ions—introduce controlled mismatches
in viscoelastic relaxation dynamics. These mismatches create predictable asymme-
tries in stiffness evolution and stress relaxation, biasing the direction of buckling.

This approach enables programmed instability-driven mechanical deformation.

Fabrication of the bilayer MPECs
We used the same fabrication process described in Chapter 3.3. Due to the limitation

of printing resolution, we only explored mm-scale structural response. To fabricate

Vat with Resin 1

[ 1.

N
+ N/ +
Resin exchange
uv Air blow uv

Source Source

Figure 4.1: Vat polymerization set-up for bimaterial/composite structure of
MPEC:s.

the bi-material MPEC constructs with spatially controlled dynamic crosslinking, we
employed a resin-exchange vat polymerization approach, as illustrated in Figure 4.1.
The first material was first printed via layer-by-layer photopolymerization. Once the
designated portion was printed, the resin vat was replaced with a second precursor
solution. During the exchange, an air-jet method was used to blow away residual

precursor solution from the exposed surface, minimizing material contamination
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at the interface and limiting cross-diffusion of chemical species. The construct
underwent post-processing and curing to stabilize the polymer network. This resin-
exchange AM technique enables the fabrication of bi-material MPEC structures with
sharp material transitions, allowing us to program distinct mechanical relaxation
behaviors at the interface. This controlled heterogeneity serves as a mechanism for

directing structural deformations, which will be explored in subsequent sections.

4.3.1 Strain-rate Dependent Buckling

Inspired by the work of Janbaz et al.[1 3], we introduce a bilayer beam system in
which two chemically identical MPEC matrices are crosslinked with different metal
ions to induce distinct time-dependent viscoelastic relaxations (Figure 4.2). This
engineered mismatch allows us to predictably switch buckling direction depending

on the applied strain rate.

é
v
/
) MPEC with MPEC with -
PEC with K , [
poly(acrylic) acid . . Metal ion #1 Metalion #2 ( |

Choice of metal ions Strain rate-dependent |

for distinct relaxation buckling

Left Right
buckling buckling

A single Bilayer-beam
polymeric network

Figure 4.2: Controllable buckling mode under compressive stress.

To introduce a controllable mismatch in viscoelastic relaxation, we fabricated bilayer

beams composed of:

 AIP*-MPEC: Exhibits slow, highly viscoelastic relaxation with a lower equi-

librium modulus.

* Ni’*-MPEC: Exhibits faster relaxation with a higher equilibrium modulus.

We first conducted stress relaxation experiments under an instantaneous tensile load
to quantify the time-dependent mechanical response of each gel. As shown in Figure
4.3, AI**-MPEC exhibits slower relaxation with prolonged stress dissipation, while
Ni?*-MPEC relaxes more rapidly with a higher equilibrium modulus. This mismatch
in viscoelastic behavior introduces a strain-rate dependency in the buckling response.
Since the effective stiffness of each layer depends on the deformation timescale, the

softer side under a given strain rate will preferentially buckle.
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The buckling transition criteria of the bilayer beam is first evaluated. To model the
distinct visco-hyperelastic behavior of MPEC gels, the Neo-Hookean model and
Prony series are used. The strain energy density function for the model can be

expressed as:

W =1, —3)(1—2&(1—[%)) +p(l3-1), (4.2)

i=1
where /| and I3 are the first and third invariants of left Cauchy-Green deformation
tensor. C?, gi» Tj» and n are the Prony parameters representing instantaneous modu-
lus, dimensionless coeflicients, relaxation time and number of series terms. p is the

hydrostatic pressure component.

For incompressible material (J = det F = 1) under uniaxial deformation, the defor-

mation gradient can be expressed as:

11
F =diag(4, -, =), 4.3
iag( ) /1) (4.3)
and the left Cauchy-Green defomration tensor:
B=F-F' = dia (/1211) (4.4)
- - g 9 A, A b ¢

where A is the applied stretch in principal direction 1.

The corresponding Cauchy stress can be obtained from the following expression:

1= &l —e‘%)) (ﬁ—%) . (4.5)
i=1

1. 0w
- _F—_ =Y
o=7FeF =G

and the material properties in the loading direction can be described as:
< L 1
I—Zgi(l—e M| (2245 (4.6)
i=1

The stress relaxation data were fitted with a four-term prony series using Isqcurvefit

0
—O-—E()

EW =57 =

algorithms. As shown in the inset of Figure 4.3a, four terms provided highly accurate
results for both materials and the corresponding prony parameters were provided in
Figure 4.3b.

To model the buckling criteria, the Euler buckling conditions for a finite beam on

elastic foundation with fixed ends were used [ 14]. The implicit equation for the
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Figure 4.3: Stress relaxation of selected MPECs and Prony series fitting. a,
Fitting of experimental data of relaxation modulus for AI** at high pH (yellow) and
Ni>* at low pH (green). A four-term Prony series (n=4) was selected for fitting based
on the residual norm analysis (inset). b, The Prony parameters determined for each
material.

buckling was given as:

sin(3+/72x +2y) Vrlx +2y

=7 4.7)

Sin(%\/ﬂzx -2y) n2x — 2y ’

P 1> kel4
where x = —— andy = ey
nlEl El

which can be approximated with a mathematical fitting equation [1 14]:

2
bie
y = 7()6—4), 4.8)

which simplifies into an analytical solution for the critical buckling load, P, and/or

critical buckling strain, &, is given as:

2EI [k 2
T on?y. (4.9)

Por ==\ g1

P, 21 k fl4 )
=— = —|4/—+2 , 4.10
Cor=Ea " 2A\NEI T 4.10)
where E, k1,1, A are elastic modulus of the beam, stiffness of the elastic founda-
tion, effective length of buckling, and the moment of inertia, and the cross section

area of a beam.
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From the equation 4.10, if we assume the same geometry of each layer on the beam

(I, 1,and A are identical for both materials), the buckling direction criteria can be:

E E
wil* Al o Teft buckling , 4.11)
EAZI En;il
Enl* _ |E
N Al o right buckling . 4.12)
EAII Enil

Combining with the visco-hyperelastic model (equation 4.6), the criterion for left
buckling — buckling towards the side of AI**-MPEC — can be given as:

Eo ni (1 - 2 &ha(l - e_ﬁ))

Eoai (1 - X &ini(l - e‘ﬁ)

(4.13)

For the lower (¢ — o0) and higher (r+ —0) limits of strain rates, equation 4.13 can

be simplified as
Eoni 1= 8
ONi ( Z'r:l g ’Al)) for lower strain rate (t — 0), 4.14)
Eoar  (1-XL, gini)
Eo ni . .
> 1 for high strain rate (t —0). 4.15)
Eo a1

By fitting the material parameters from Figure 4.3b into equation 4.13, we can
construct the critical buckling strain plot as a function of the strain rate, & as shown

in Figure 4 .4a.

It indicates that the critical buckling strain for the bilayer beam of AI’*-Ni%*, &, is
transitioned at ~4e-3: if &€ > £, (fast compression), the beam buckles to the left and

if & < &, (slow compression), the beam buckles to the right.

To verify this prediction, we fabricated bilayer beams (20 x4x4 mm?>) using resin-
exchange printing (see Figure 4.1). Due to the same polymer matrix, the interface
between AI’* and Ni>* gels remained chemically stable, preventing delamination.
We performed uniaxial compression experiments at a strain rate of 1073s~! (slow
loading) and 10~!s™! (fast loading). As shown in Figure 4.4, the bilayer beam
predictably buckled left under fast compression and right under slow compression,

validating our strain-rate-dependent instability control.

4.3.2 Relaxation Dependent Curling
In dynamic materials, post-deformation shape recovery is largely governed by re-

laxation dynamics and polymer network reconfiguration. The rate and degree of
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Figure 4.4: Strain-rate-dependent buckling direction control in MPEC bilayer
beams. a, Calculated critical buckling strain as a function of strain rate for the fab-
ricated MPEC bilayer beam. b, Experimental validation demonstrating controlled
buckling direction under different strain rates. Scale bar 4 mm.

relaxation dictate their ability to recover from applied strain. This property can be
exploited to induce shape transformations, where mismatch strain can drive pro-
grammable out-of-plane bending upon release. Building on our findings in strain-
rate-dependent buckling, we introduce a bilayer system composed of AlI**-MPEC
and Ni**-MPEC gels, where the mismatch in viscoelastic relaxation generates a
strain-dependent curvature change. This approach allows us to program stretch-

release curling behavior as shown in Figure 4.7. To quantify the recovery properties

MPEC with MPEC with
) Metal ion #1 Metal ion #2
PEC wlth . I [
poly(acrylic) acid
Choice of metal ions R ' Fast
for distinct relaxation Slow recovery

i recovery
t @ constant e -

A single - . . i
polymeric network Stretched Distinct relaxation Different curling
Bilayer-strip and recovery curvature

Figure 4.5: Controllable curling curvature induced by tensile stress in MPEC
bilayer strips.

of the individual gels, we conducted stress relaxation and recovery (creep at zero

load) experiments for individual gel. As shown in Figure 4.6b, a constant strain is
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applied to stretch the gel, hold the strain for a fixed period of time (#5,;4), and then

release the stretch and track the recovery time.

To quantify the extent of permanent deformation, we define the plastic strain,
Apiasiic = (L(trecovery) — Lo) /Lo, Where L, is the initial strip length before stretch-
ing, and L(Z,ccovery 18 the length after release. Thus, if the gel fully recovers, then

L(trecovery) = L,, meaning Aplastic =0.
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Figure 4.6: Distinct recovery strain of selected MPEC gels. a, Schematic repre-
sentation of the bilayer strip. b,Representative strain and stress profiles, with colored
annotations indicating material-dependent properties. Measured plastic strain evo-
lution for ¢, AI**-MPEC and d, Ni%*-MPEC over recovery time (Zrecovery) after being
stretched by 4 = 1.4 for various hold times (tp019). €, Induced mismatch strain
resulting from differences in relaxation rate and degree between the two material
systems.

As shown in Figures 4.6¢.d, both AI**-MPEC and Ni**-MPEC exhibit an initial
elastic snap-back response upon release due to stored elastic energy from the polymer
network. The high polymer density and strong crosslinking in AI**-MPEC lead to
a greater initial elastic recovery force, but over time, greater relaxation occurs
compared to Ni”*-MPEC. The strong recovery forces induces out of plane bending
on the strip due to fixed boundary end, so A,/45ic < 0 does not mean the gel is
shorten and then elongated again. After that, it soon equilibrate into its final plastic
strain. Over t,,,;4 time, greater relaxation occurs for both gels in Figure 4.6e. Due
to prolonged relaxation of AlI**-MPEC, observed from Figure 4.3a, it had a larger
Aplastic compared to NiZ*-MPEC. This evolving mismatch in residual strain drives

increasing curvature formation as #5,;4 increases.
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To predict the achievable curvature from the mismatch strain, we employ a saddle

bending model based on the mechanics of bilayer beams [1 15, ].

Assuming incompressibility (J = det F = 1), the deformation gradient, F is com-

posed of stretch contribution, Fy and bending contribution, Fj:

F=F F,, (4.16)
where: .
Fs = diag(/lmis,x’ /lmis,y, _) P (417)
A1
K 1
Fy, =diag(1+kyz+ (1 = cos(—kyy))(kyz — —y), 1+ kyz, ——), (4.18)
Ky Ao

where 4,5« and «,, are the mismatch strain and gaussian curvature along the stretch
direction, A,,;5,, and «,, are the lateral contraction and gaussian curvature across the

width of the strip, z is the coordinate in the current configuration along the thickness.

For a thin and slender rectangular strip (L, >> L, and L, >> H), plane strain
conditions apply with uniaxial kinematic (Ad,;5,y = 1/4/Amisx and k, =~ 0), which

simplifies the deformation gradient to a case for pure bending deformation:

1 1
F =diag((1 + ky2) Amis,x» , ). 4.19)
\/ /lmix,x v /1mix,x
Using the Neo-hookean hyperelastic model:
Y1, 2, 3) = C1 (A2 + 23+ 23 -3), (4.20)

where C is the material elasticity coefficient. The total strain energy for the entire

volume of the strip (€ = Q4;+Qy;) can be evaluated:

U:UA1+UNi:/lﬁAldQAl"‘/wNidQNi- 4.21)
Q Q

Given the strip dimensions (Ly X Ly X H = 18 X 4 X 2 mm?) and the mismatch
strain (Figure 4.6e), we estimate the curvatures (ky, ;) minimizing U. Due to
the slender and thin shape of the fabricated bilayer strip, it was estimated that
ky ~ 0. The estimated curvature of k, (marker) is highly dependent on #;,,4 due
to the evolution of mismatch as demonstrated in Figure 4.7a. To experimentally
verify the predicted curvature evolution, we fabricated AI**-Ni%* bilayer strips
using resin-exchange printing (same as for the buckling experiment). Using a

static displace-controlled loading in Dynamic Mechanical Analyzer, we applied an
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Figure 4.7: Relaxation-dependent curling curvature from stretch-release shape
change. a, Calculated curvature (markers) for the constructed MPEC bilayer strip
at frecovery = 100s. A line curve is included as a visual guide. b, Experimental veri-
fication of curling curvature variation depending on ty01q. The measured curvatures
(stars) are plotted in Figure 4.7a. Scale bar 4 mm.

instantaneous stretch of 4 =1.4 held for a predefined #5,;4, and then released the
load. Figure 4.7b confirms that as 5,4 increases, the induced curvature grows,
and ImageJ] curvature measurements from post-release strip deformation closely
match analytically estimated values. The strong mismatch strain in AI**-MPEC and

Ni2*-MPEC generates a pronounced curling effect.

4.4 Solvent Stimuli: Swelling-induced Shape Transformation

The interplay between metal ions and charge interactions in MPECs not only dictates
their mechanical properties but also significantly influences their interactions with
surrounding solvents. When MPEC gels come into contact with solvents such as wa-
ter, metal solutions, toluene, acetone, or isopropanol (IPA), solvent molecules diffuse
into the polymer network, leading to volume expansion (swelling) or contraction
(shrinking) of the elastomeric structure. These solvent-polymer interactions pro-
vide a versatile design tool, enabling precise control over swelling behavior through
adjustments in metal ion coordination and polyanion charge density, which in turn

facilitates topological transformations.

The swelling degree of polymer networks can be systematically tuned through
a combination of chemical composition and processing parameters. The careful

selection of solvent-polymer interactions by tailoring monomer type, charge density,
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and hydrophilicity allows for programmable expansion or contraction. Additionally,
structural parameters such as crosslinking density, polymer molecular weight, and
network architecture serve as constraints to modulate swelling behavior. In this
study, we exploited the delicate balance between metal coordination and charge

interactions in MPECs to induce metal valency-specific swelling responses.

Fabrication of the swellable MPECs

To achieve swelling-induced shape transformations, we adopted a two-step fabrica-
tion process. As shown in Figure 4.8, instead of directly printing MPEC gels with
metal ions pre-coordinated to polyelectrolytes, we first fabricated polymer matrices
with controlled charge sparsity as described in Chapter 3.3. The printed structures
were then subjected to a post-processing step, where they were immersed in water to
remove residual resins, equilibrated in water-acetone mixture with targeted volume
ratio, and then metal solutions, allowing for precise control over the introduction
of metal ions into the gel network. Additionally, to maintain structural integrity in
solvent environments, we incorporated partial chemical crosslinking using N,N’-
Methylenebisacrylamide (MBAA). This approach enabled preventing premature gel
dissolution while preserving spatially controlled ion diffusion and the stability of
the printed constructs.

Lo X W, Leg X Weq LxW
— —
4 g
As-printed
chemically-crosslinked Washed gels Equilibrated gels Equilibrated gels
blank polymer matrix in DI H,O in H,0-Acetone in salt solutions dissolved
(Polyacrylic acid) mixture solvent in H,O-Acetone mixture solvent

Figure 4.8: Fabrication processes for swellable MPECs.

4.4.1 Charge Density, Metal Valency Dependent Swelling

As discussed in Chapter 3.6.4, polyanion charge sparsity significantly influences
polymer microstructure and phase behavior. Confocal microscopy images of printed
blank PAA gels reveal that higher pH formulations exhibit more pronounced phase
separation between the polymer matrix and surrounding solvent (Figure 4.9). This
phase separation suggests that the charge density of polymer chains affects polymer-

solvent and polymer-metal ion interactions. To systematically investigate these
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Figure 4.9: Confocal microscope image of printed blank PAA gel with different
pH. Increased phase separation is observed in high pH gels.

effects, we conducted swelling experiments on free-standing blank PAA gels printed
at low pH (pH 1.8) and high pH (pH 3.1). Thin square samples (12.7 x 12.7 x 1

mm?) were printed and immersed in different environments:

* Solvent Effect: Water-acetone mixture without metal ions to examine swelling

dependency on solvent composition.

» Metal Ton Effect: Solutions of Na*, CaZ*, and AI** in a water-acetone mixture

to evaluate the effect of metal valency on swelling.

After equilibrium swelling, the gel dimensions were measured using ImageJ soft-

ware, and the swelling ratio Ay was calculated as:

L

Adg=—,
N LO

(4.22)

where L is the initial length of the as-printed gel, and L is the swollen gel dimension
at different conditions. Figure 4.10 and Figure 4.11 highlight the distinct swelling
behavior of gels in different solvent compositions and metal ion solutions. The
high-pH gels swelled significantly more than their low-pH counterparts in water,
highlighting charge-density-driven solvent interactions. This behavior is because
the more charges on the high-pH gels need the more counter ions to exist in the gel for

electroneutrality. As aconsequence, the more solvents will enter for the larger excess
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Effects of Solvent Quality on Swelling (No Salt)
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Figure 4.10: Swelling ratio of low vs. high pH PAA gels in a water-acetone
mixture. The gel pH modulates solvent interaction, influencing swelling behavior.
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Figure 4.11: Swelling ratio of low vs. high pH PAA gels in Na*, Ni**, and AI**
solutions. Salt concentrations were varied in a, a 70% water - 30% acetone mixture
and b, a 30% water - 70% acetone mixture to analyze metal valency effects.

of mobile ions in the gel. The swelling response was confirmed to be repeatable over

multiple drying and re-swelling cycles, indicating thermodynamically equilibrated

behavior.
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To probe solvent interaction effects, gels were immersed in water-acetone mixtures
with varying volume fractions. Since acetone has a lower dielectric constant than
water, it is expected to screen charge interactions more effectively, inducing further
phase separation. As shown in Figure 4.10, high-pH gels remained insensitive to
acetone concentrations up to 60 v/v9% but shrank sharply beyond this threshold,
as demixing and solvent exclusion occurred. Conversely, low-pH gels initially
expanded, exhibiting increased solvent compatibility, until they reached the same

60 v/vYo threshold, beyond which they also contracted.

Low-pH gels showed minimal response to metal ions and their concentrations, while
high-pH gels exhibited sharp swelling transitions at critical metal ion concentrations
(Figure 4.11). Due to the high ionic strength of trivalent systems and their stronger
metal-polymer coordination, gels displayed a lower critical concentration threshold
for higher-valency systems. This transition could be attenuated by increasing the
acetone volume fraction, which globally weakens network-solvent affinity. Athigher
acetone concentrations, the swelling behavior of high-pH gels approached that
of low-pH gels, suggesting that solvent composition globally regulates swelling

responses.

4.4.2 Qualitative Bi-material Shape Transformation

The distinct swelling response of MPEC gels can be exploited for controlled shape
transformations. To demonstrate this, we printed a bilayer beam composed of a blank
PAA gel with low pH (left) and high pH (right). The bending direction depended on
the solvent environment. The higher swelling degree of high-pH gels in water caused
the structure to bend toward the low-pH side, whereas the bending direction reversed
as immersed in metal solutions. The higher propensity of metal coordination for
higher-pH gels constrained swelling, leading to preferential expansion of the low-
pH side.  Beyond bilayer designs, spatially controlling bi-material composition
enables cooperative shape transformations. In an in-plane arrangement, circular
high-pH regions within a low-pH matrix generated out-of-plane buckling due to
differential swelling. The circular patterns experienced expansive forces, while
the surrounding low-pH gel constrained deformation, promoting buckling as the

energetically favorable response.

These qualitative demonstrations validate that charge density and metal valency-
dependent swelling can serve as effective mechanisms for shape transformation.

However, swelling-induced shape transformations involve large nonlinear deforma-
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Figure 4.12: Metal-valency selective bending direction. Swelling-induced defor-
mation of a bilayer beam composed of Na*-MPEC with low pH (left) and high pH
(right). Scale bar 30 mm.

—
Swelling in H,O
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Figure 4.13: In-plane bimaterial design for cooperative buckling. Spatially
controlled swelling patterns induce out-of-plane buckling. Scale bar 15 mm.

tions, making analytical predictions challenging. To achieve robust and controllable
shape transformations, computational modeling is essential to accurately guide
structural evolution by accounting for nonlinear mechanics and dynamic swelling

behaviors.

Currently, swelling-induced shape transformations are often simulated using finite
element analysis (FEA), where the experimentally measured equilibrium swelling
strain is applied as a predefined input, and material behavior is approximated using
simplified models such as Neo-Hookean hyperelasticity. This approach is effec-
tive when the swelling strain is well-characterized and can be directly prescribed,
allowing for predictions of the final transformed shape under specific conditions.
However, it does not capture the underlying dynamic physics governing swelling
transitions, particularly the sharp, nonlinear swelling responses observed in metal
solutions (Figure 4.11).
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To bridge this gap, a more advanced constitutive framework is needed that integrates
large deformation mechanics, electrochemistry, and polymer-solvent interactions in
MPEC:s. Instead of using swelling strain as a direct input, the model should describe
shape transformation and evolution as a function of key environmental factors, such
as metal ion concentration, solvent composition, or metal valency. By coupling me-
chanical deformation with the governing stimuli parameters, this framework would
enable dynamic predictions of swelling behavior, capturing nonlinear transitions

and providing a more powerful tool for designing shape-programmable materials.

4.4.3 Large Deformation Coupled With Molecular Interactions

We are developing a constitutive framework that integrates large deformation me-
chanics with electrochemistry in MPECs, based on field theory and a modified
Flory-Rehner free-energy function [117]. The following section presents some of
our preliminary results and ongoing efforts toward establishing this framework,
with the ultimate goal of enabling predictive design and control of complex shape

transformations in MPEC structures.

Constitutive law framework: free-energy function

Following the work from [ 17], the swelling behavior of polyelectrolyte system can
be expressed with three field variables: deformation gradient (F), which models
the mechanical response of the polymer network; the chemical compositions (C%),
which accounts for mobile ion effects and chemical potential gradients; and the
nominal electric displacements (D), which incorporates electrostatic interactions

arising from charged species.

0x
F = 8_X , 4.23)

where X is material points in reference configuration (dry state), x is the points
in current configuration. The true electric displacement, D(x,?) due to charge

interactions, is related to the nominal electric displacement by:

D(x,1) (4.24)

-1 p
det F
The number of mobile particles of species per unit volume, C* is assumed to be

conserved (no chemical reaction assumption).

The total free-energy density W of the gel is extended from the Flory-Rehner model

and decomposed into four primary contributions:

W =Wyer + Wyor + Wion + Wpol s (425)
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where Wier, Weor, Wion, Wy are the contributions from network stretching, mixing

the polymers with the solvent and ions, and polarizing the gel.

The free-energy of stretching the polymer network is assumed to be:
1
Wier = ENkT(I — 3 —log(det F)), (4.26)

where I = tr(F'F) the first invariant of Cauchy Green deformation tensor, N is the
number density of polymer chains in the dry state, k is the Boltzmann constant and

T is the absolute temperature.

The free energy of mixing the solvent and the polymer is taken to be [ 118, ]:
viC? X

I+v5Cs  1+v5C*

where v° is the volume of the solvent molecule, C* is the nominal concentration

kT
Wsor = —(v°C” log ) (4.27)
U

of solvent, y is the Flory-Huggins parameter for polymer—solvent interactions. For

highly swollen gel, v°C* >> 1 and det F>> 1.

Assuming the concentrations of the mobile ions to be low so that their contribution
to the free energy is due entirely to the entropy of mixing with the solvent, W, is

approximately:
b

Wion = kT Z C’(log -1, (4.28)
b

sCs b _
vsC lord 1
where C}, is the nominal concentration of mobile ions, and cg is the reference state

concentration. The true concentration of mobile ions is ¢” = C?/v*C?.

By treating the polyelectrolyte gel as an ideal dielectric [120], the free energy of
polarization is given by [121]:
1 1 -
= ———|FD|?
R rrry i

where ¢ is the the effective dielectric constant of the gel. Due to the different

, (4.29)

dielectric constants of the polymer and the solvent, the effective dielectric constant
of the gel in in function of the concentration of the solvent, but is assumed to be a

constant in this study for simplicity.

Although the gel undergoes large volume change (det F >> 1), each ions and
individual polymer chain are assumed to be incompressible. As a result the volume
of the swollen gel is represented as the sum of the volume of dry polymer and

volume of all mobile species (i.e. solvents and ions):

1+ Z vC% = det F . (4.30)
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To enforce this volume constraint, the final free-energy expression introduces a

Lagrange multiplier term 1
W:W+H(1+1+Zv“C”‘—detF), (4.31)

where W is equation 4.25 and I1(X, #) is a field of Lagrange multiplier.

Constitutive law framework: constitutive equations

The governing equations for true stress o, solvent chemical potential po), and ion
electrochemical potential ujo, are obtained by differentiating W (equation 4.31) with

respect to F, C;, and Cp, respectively:

ow F'
o=—
=——(FF -I)+-DeD- (D)D) -1
—E(FF —D+-(DoD - (DD - I L,
where
- FT
D=D . 4.33
det F ( )
The solvent chemical potential is given by:
oW
HMsol = 9CSs (4 34)
SC* 1 ct , -
= kT [log v + + X -y —]+IIv°.
L+°C  140°C (1+05C)2 & C
Similarly, the ion electrochemical potential is:
oW
Hion = m + eZbcD
b (4.35)
= kT log b+Hvb+ezb<I),
viCic

where e is the elementary charge, z;, is the valency of the mobile ions, and @ is the

electric potential.

The constitutive equations can be obtained for external solutions with the same

approach but the free-energy function is modified to be:

WSl = Wi+ Wipo - (4.36)
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With an assumption that the external solution is an infinitely large reservoir, we set
® = 0 for the regions far away from the gel. Then, the constitutive equation for

external solutions are:

uS = kT log(w'ch) - 3 vPel]. (4.37)
b#s
l s
P — Z (4.38)
b#s

Constitutive law framework: equilibrium state for free swelling

As we model the equilibrium states for the gel undergoing free swelling, the following

equilibrium conditions must be satisfied:

1. Stress balance (zero stress in free swelling gel)
The true stress balance for the gel (far away from the gel-solution interface),

the equation 4.32 becomes:

_ NkT
FF' -1)-T11=0. 4.39

2. Electrochemical equilibrium for mobile ions
Eletrochemical potential of all mobile ions are uniform throughout the gel and
the external solution require y;,,, = 0 at chemical equilibrium so that equation

4.35 becomes:
—TIv? + ezl @
kT

3. Solvent chemical potential balance between gel and external solution

Cb s s b

=v'c’cpexp( ). (4.40)

Equation 4.34) balances with external solution equation 4.38):
fsor = P (4.41)
4. Electroneutrality conditions:
Crix + COM™ 4 CNO3™ = CH* 4 C#m (4.42)

where Cy;, is the nominal concentration of the fixed charges on the polymer

network.

5. Volume constraint (isotropic swelling assumption: F = AI) The incompress-

ible relation is represented as:

1+v°C = 23, (4.43)
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By solving these equilibrium conditions with experimental parameters (e.g., poly-
mer charge density, NV, charge density, Cfy, ion concentrations, cg , Flory-Huggins
parameter, y ), we can predict the swelling ratio, A and electrochemical interactions
in MPEC gels.

Material parameters for modeling

To implement the constitutive framework for MPEC swelling behavior, we determine

four key input parameters:

1. Mobile ion concentration (cg)

0
b’

from the known concentrations of the metal salt solutions used in swelling

The mobile ion concentration in the external solution, ¢}, is obtained directly

experiments.

2. Fixed charge concentration (Cfy)
The fixed charge density (f) on polymer is determined using the Henderson-
Hasselbalch relation (Figure 3.10a) based on measured resin pH values. Table
4.1 presents the estimated the fixed charge density for different MPEC gel

formulations. Cgx values are estimated from f.

PAA gel Measured resin pH f= [[ggz;]] = 10PH-PKa
Low-pH 181 0.003
High-pH 3.46 0.145

Table 4.1: Estimated fixed charge density (/) for modeling in MPEC gels.

3. Polymer-solvent interaction ()
In this study, the Flory-Huggins interaction parameter () represents an ef-
fective polymer-solvent interaction depending on the solvent composition. It
is determined by fitting experimental swelling data (Figure 4.10). To account
the co-solvent, we treat the mixed solvent following the rule of mixture and
fitted the effective y as [122]:

_ X1 _
X = Xo+ o where = g+ (1— ) - xiWp(1—9) (444
represent polymer-acetone, polymer-water, and mixed solvent interactions,

respectively, and ¢ is the volume fraction of acetone.
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4. Effective Polymer Chain Density (N)
The effective density of polymer chains in the dry polymer state, N, is extracted
from poroelastic characterization using macroindentation tests [117, 123].
The indentation setup, illustrated in Figure 4.14a, involves applying a fixed
displacement ¢ to a fully swollen gel while measuring force relaxation over
time. This relaxation is driven by solvent migration within the deformed

region, governed by the chemical potential gradient (Figure 4.14b).

a b F (measured)

 Cylindrical punch

i & (fixed)
S

Solvent migration Swollen gel

Immersing Solvent

(9]

- — . 1.8
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Figure 4.14: Poroelastic relaxation via indentation. a, Experimental indentation
setup for submerged swollen gels. b, A cylindrical indenter (radius = 1.5 mm)
applies a fixed displacement 6=0.3 mm, inducing solvent migration within the gel.
¢, Measured force relaxation over time for a low-pH PAA gel in water.

At the instant of indentation, the gel behaves as an incompressible elastic solid
due to the absence of immediate solvent migration. Over time, solvent redis-
tributes within the gel, transitioning it to a compressible state. Using Hertzian
contact mechanics of an elastic layer with flat punch indenter [124], the mea-

sured load relaxation is correlated with the gel’s shear modulus (Ggep)[125]:
F(0) = 8Ggeda, (4.45)
where a is the indenter radius, and G, is the share modulus of the fully

swollen gel and is related to the polymer chain density as [125]:

NkT
Ggel = —, (4.46)

where 1, is the equilibrium swelling ratio of fully dried and fully swollen gel
in water.



118

Measured G Measured A, Estimated N
gel eq
PAAgel (kPa) (in water) (x10% m3)
Low-pH 160.6 1.71 6.68
High-pH 119.8 2.73 7.96

Table 4.2: Estimated polymer chain density (V) from indentation experiments.

Table 4.2 summarizes the extracted G and N values. While this approach
effectively estimates the bulk polymer network density, it should be noted that
it does not fully account for charge interactions [126], which influence the
swelling response of polyelectrolyte gels. Thus, while N provides a useful
approximation, a more refined method incorporating electrostatic interactions
is needed for future studies. The Poisson’s ratio of the gels is assumed to
be v = 0.5, as most hydrogels exhibit near-incompressible behavior in the

swollen state.

Preliminary results for complex shape transformation

The preliminary results for modeling the swelling response of low-pH and high-pH
gels immersed in Na* solutions (70% water:30% acetone mixture) are presented in
Figure 4.15. the model captures key swelling trends observed in both gel systems,
particularly the insensitivity of low-pH gels to Na* and the swelling-to-shrinkage
transition in high-pH gels. While these initial results are promising, additional val-

idation and refinements are required to improve accuracy and predictive capability.

Low pH Gel High pH Gel

° 15 s 15
g 1 2 i
T T
Z 05 & 05
[ -=Theory -=Experiment | [ -=Theory -»Experiment |
0 0
0.0001 0.001 0.01 01 1 0.0001 0.001 0.01 01 1
NaNO3 Concentration (M) NaNO3 Concentration (M)

Figure 4.15: Comparison of experimental and theoretical swelling of PAA gels
in Na* solution. The developed model effectively captures the swelling behavior
of low-pH (left panel) and high-pH (right panel) gels immersed in Na* solutions,
demonstrating the experimentally observed insensitivity of low-pH gels and the
swelling-to-shrinkage transition in high-pH gels.

Building on these insights, we explore the potential of integrating the constitu-

tive model to describe swelling-induced geometrically confined buckling shape
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transformations. Inspired by the work of Wu et al.[127], where interconnected
hydrogel pores were shown to transition between open and closed states under
swelling-induced buckling, we aim to extend this concept by directly linking shape

transformation to sodium ion concentration.

a
Top Surface Overall Structure
B S o :,/,’,"‘
g Increased /(%2 After
swelling ¢ | buckling
Compression buckling Torsional deflection
b Experiments (prior work from Wu et al., Soft Matter, 2014)
Initial Buckled Bi
N uckled
(Aeq = 1.14) (Aeq = 1.20) (g = 1.30)
c Our simulations for MPEC

Initial Buckled Buckled
(Aeq = 1.14) (Apq = 1.20) (Aq = 1.30)

as the concentration of NaNOj; solution decreases ————»

Figure 4.16: Geometrically confined shape transformation. a, The swelling-
induced buckling instability mechanism, where interconnected and geometrically
confined pores exert compressive forces on neighboring domains, triggering co-
ordinated structural rotation. b, Experimental observations of shape-transformed
hydrogels as a function of swelling degree (Reproduced from [ 127] with permission
from the Royal Society of Chemistry). ¢, Simulated MPEC shape transformation as
a function of sodium ion concentration, demonstrating continuous shape evolution
rather than discrete transitions.

In [127], swelling a pH-responsive gel at low pH (pH 2) generated minimal com-
pressive stress at the joint regions due to limited swelling ratio, leading to minor
pore shrinkage without significant structural transformation. However, at pH 4,
increased osmotic pressure drove buckling at the interconnecting joints, leading
to simultaneous structural rotation (Figure 4.16a). When interconnected hydrogel
pores were arranged in a tessellated pattern, the collective mechanical instability en-

abled a large-scale pattern transformation of the hydrogel membrane (Figure 4.16b).
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This experiment demonstrated that differential swelling strain can be harnessed for

programmable structural responses.

Our approach builds upon this concept and demonstration by incorporating ion-
responsive swelling behavior into shape evolution dynamics. We first capture the
Na* responsive swelling response of the high pH gel via the developed constitutive
models. Then, the predicted swelling response is represented with a modified
Neo-hookean model with the Lagrangian multiplier, which can smoothly integrated
into a commercial FEA using COMSOL. By changing the Lagrangian multiplier,
which represents Na™ ion concentration change in real system, the morphology
transformation can be demonstrated as a continuous change in solvent environment.
We demonstrate some of preliminary results that decreasing Na* concentration
leads to increased corresponding swelling ratios, which in turn drive a gradual
transition from open to closed pore states following similar transformed shape to

the experimental work (Figure 4.16¢).

Unlike prior approaches that rely on experimentally measured equilibrium swelling
strains as pre-defined input parameters, our model actively couples large deformation
mechanics with environmental condition changes. This preliminary work demon-
strates a potential advancement in predictive control over dynamic shape transitions,
rather than relying solely on empirical fitting. However, the current model is still in

an early stage, requiring further refinement and validation.

4.4.4 Outlook for Complex Shape Transformation

The ability to design materials that dynamically transform in response to environ-
mental stimuli holds great promise for next-generation functional materials. While
the model successfully predicts key swelling trends, several key refinements are

required for full development:

» Parameter Sensitivity: The accuracy of the model depends on input param-
eters such as polymer-solvent interaction (), which is determined through
empirical fitting. Further refinement is required to improve parameter estima-

tion.

* Multivalent Ion Effects: The current model is primarily validated for mono-
valent ion solutions (Na'). Additional modifications are needed to account
for the complex electrostatic interactions and coordination chemistry of mul-

tivalent metal ions.
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* Dynamic Swelling Transitions: While the model captures equilibrium swelling
well, transient swelling kinetics, including sharp phase transitions observed in
high-pH gels, require further refinement. A time-dependent diffusion-reaction

framework could improve predictions.

By leveraging this computational-experimental framework, we will be able to de-
sign self-adaptive materials capable of responding dynamically to environmental
changes, with potential applications in self-regulating filtration membranes, salt-

responsive soft robotics, and bio-mimetic sensing systems.

4.5 Beyond Mechanics: Towards Multifunctionality

The dynamic and reversible nature of molecular bonds in MPEC gels allows them
to extend beyond mechanical tunability, enabling functionalities such as reprocess-
ability, shape memory, and stimuli-responsive behavior. By leveraging reversible
crosslinking and thermally-driven relaxation of theses materials, this section ex-
plores two key functionalities that highlight the broader applications of dynamic
chemistry: reprocessability via guided dissolution and shape memory behavior.

4.5.1 Dissolution and Reprocessing

The reversibility of metal-polymer electrostatic interactions enables complete dis-
solution and reprocessing of MPEC gels, offering a pathway toward sustainable
and recyclable soft materials. Unlike conventional covalently crosslinked networks,
which degrade irreversibly or require chemical scission for recycling, MPECs dis-
solve controllably in response to solvent and pH stimuli, allowing material reuse

and reshaping.

Molecular choice dependent dissolution

To validate the reprocessability of MPEC gels, we tested their solvent-assisted
dissolution in aqueous environments. As shown in Figure 4.17, AM-fabricated
MPEC gels with different metal ions were prepared and immersed in DI water to
monitor their dissolution behavior. The mass change, AM, was tracked over time

using the equation:
M (1) - Mo

0
where M, is the initial mass of equilibrated MPECs and M (1) is the mass at a given

AM % = x 100 (4.47)

time. Initially, all gels exhibited swelling as solvent diffusion and polymer network

expansion occurred. However, their dissolution behavior varied depending on the
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Figure 4.17: Gel dissolution of MPECs with varied metal ions. a, The swelling
and dissolution progress of MCPs crosslinked with different metal species were
monitored. b, Optical images of the remaining MPEC gels extracted from the
supernatant liquid during the dissolution time (DT).

metal coordination strength. For Na®™ and Ca®"-MPECs, dissolution began once
the metal coordination number dropped below two, leading to complete dissolution
within 9—12 hours for Na* and 15-20 hours for Ca>*. The stronger polymer asso-
ciation of Ca%* resulted in a slower dissolution rate compared to Na*. In contrast,
AIP*-MPECs exhibited significant swelling (~1600% of M,) before dissolution.
The slow relaxation of AI3* ions allowed the gel to retain its shape, while progres-
sive polymer disentanglement enabled a larger swelling degree. Once maximum
swelling was reached, the network gradually collapsed, leading to dissolution. As
expected, the covalently crosslinked network reached equilibrium swelling with-
out dissolving, demonstrating its permanent and non-reprocessable nature. Charge
sparsity further influenced the dissolution dynamics, significantly altering swelling
and dissolution rates. As shown in Figure 4.18, MPEC gels fabricated at high pH
(resulting in higher charge density on the polymer) exhibited distinct dissolution be-
haviors. Na* and Ca®* gels dissolved more rapidly, whereas Al’* gels experienced
extreme swelling, reaching nearly 6000% of their original mass before dissolution.
Notably, even a small pH adjustment from 1.4 to 2.4 resulted in a dramatic difference
in dissolution behavior, emphasizing the sensitivity of charge density in dictating

material stability.
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Figure 4.18: Gel dissolution of MPECs with varied charge sparsity. a, The
swelling and dissolution progress of MCPs crosslinked with Ca2+ and Al3+ at dif-
ferent pH (solid: low pH, dashed: high pH) were monitored. b, Optical images of
the remaining MPEC gels extracted from the supernatant liquid during the dissolu-
tion time (DT).

Guided dissolution pathway

For homogeneous and efficient reprocessability, a guided dissolution pathway is
necessary to systematically account for the molecular composition of MPEC gels
and navigate phase transitions during dissolution. The phase diagrams constructed
in previous chapters through multiscale studies and mean-field theory provide a
valuable framework for predicting dissolution behaviors, enabling precise control

over reprocessing conditions.

Directly correlating fabricated gels to phase diagrams is challenging due to the
complexity of precisely quantifying all components, including polymer repeat units,
metal ion concentrations, and solvent composition in printed MPECs. Therefore, we
experimentally mapped the dissolution behavior by exposing MPEC gels to different
dissolution conditions, backtracking their relative position in the constructed phase
diagram (additional data in Appendix B.3) This allowed us to determine the printed
state of MPECs within the phase space (Figure 3.19).

Figure 4.19a illustrates the initial phase state of printed AI**-MPECs (yellow
marker). Upon submersion in water, the chemical potential drives water penetration

into the gels, leading to a decrease in both COOH and metal ion concentrations. The
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Figure 4.19: Guided dissolution pathway for AI’*-MPEC. a, b, Dissolution
path of printed AI**-MPECs with varied crosslinking densities upon submersion
in water. The yellow markers represent the initial phase states of the printed gels,
while the blue markers indicate the subsequent phases achieved during dissolu-
tion. The inset shows images of printed AI**-MPECs with different crosslinking
densities. Scale bar 10 mm. ¢, d, Modified dissolution pathway by introducing
pre-polymerized poly(acrylic acid) solutions in water to navigate controlled phase
transitions. This adjustment enables more homogeneous dissolution while prevent-
ing excessive swelling. Scale bar 10 mm.

blue markers represent subsequent phases achieved during dissolution. As shown
in Figure 4.19b, the transition from a transparent initial state to an opaque phase

indicates that all gels underwent phase separation upon dissolution.
The dissolution behavior varied depending on the crosslinking density of the gels:
* At low crosslinking density (400:1 ratio): Achieves homogeneous and rapid

dissolution due to its lower crosslinking, reaching a polymer-sparse state

quickly.

* At moderate crosslinking density (200:1 ratio): Reaches a triple-phase bound-
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ary where metal solution, polymer-dense, and polymer-sparse regions coex-
ist, verified by heterogeneous dissolution patterns. While the gel eventually
reaches a fully dissolved state, the dissolution occurs inhomogeneously, with

visible phase-separated domains persisting before complete breakdown.

* Athigh crosslinking density (50:1 & 20:1 ratio): Experiences a polymer-metal
solution phase split, significantly slowing dissolution and inducing extreme
swelling due to the competition between slow ion dissociation and polymer

disentanglement.

To ensure uniform and efficient dissolution across all gels, we modified the dissolu-
tion path by introducing pre-polymerized polyacrylic acid (R-COOH) into the water.
This altered the phase transition pathway, guiding all gels through a polymer-dense
to polymer-sparse transition, which facilitated homogeneous dissolution (Figure
4.19c). As shown in Figure 4.19d, this approach successfully dissolved all gels
without excessive swelling. While the highly crosslinked (20:1) gels required more
time to fully dissolve, they eventually underwent complete dissolution, demonstrat-

ing the effectiveness of the guided dissolution strategy.

Reprocessing of dissolved gels

Once dissolved, the polymer network remains chemically intact, allowing reforma-
tion into new geometries. We recast dissolved MPECs into molds to demonstrate the
ability to reshape the material into new forms without loss of integrity. As shown in
Figure 4.20, the gels were successfully reprinted and reprocessed. However, for the
reprocessed MPEC gels, maintaining identical mechanical properties after repro-
cessing proved challenging due to difficulties in precisely controlling solvent content
and composition. As discussed in Chapter 3.8.1, solvent effects play a critical role in
governing the mechanical behavior of MPEC gels. Even small variations in solvent
composition and quantity can introduce multiscale effects, influencing molecular-
level charge interactions, polymer chain mobility through changes in free volume,
and phase behavior as predicted by the phase diagram. These subtle yet impactful
changes contribute to variability in mechanical responses after reprocessing, under-
scoring the necessity for precise solvent control and post-processing optimization

in future studies.
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Figure 4.20: Reprocessibility of 3D-printed MPECs. The dynamic nature of
metal-coordination bonds enables complete dissolution and reprocessing of MPECs.
AM-fabrication MPEC gels with various metal cations were dissolved in water and
recast into different shapes. Scale bar 10 mm.

4.5.2 Shape Memory Effects

The inherent dynamic and thermal dependence of MPEC gels provides a mechanism
for programmable shape memory effects, where external stimuli, such as heat or
solvent exposure, trigger controlled shape recovery. The shape memory rate and
recoverable strain are dictated by the interplay between bond relaxation, polymer
network reconfiguration, and elastic energy storage/release. Upon heating, polymer
chains become mobile, dynamic crosslinkers weaken, and the polymer network
undergoes reconfiguration. Upon cooling, the crosslinks reform, stabilizing the new
shape until reactivation. Similar to mechanically induced relaxation, the extent and

rate of thermally triggered relaxation govern the recovery kinetics.

To demonstrate this effect, a flower-shaped MPEC gel with open petals was heated to
90°C, deformed into a closed shape for 5s (‘programming’), and subsequently cooled
to -5°C to fix the programmed shape. When reheated to 90°C, the gel returned to
its original shape, mimicking the blooming of a flower (Figure 4.21a). Figure 4.21b
highlights how metal valency influences the rate of shape recovery. Upon reheating
to 90°C, MPEC gels restored their original shape at different rates depending on
their metal crosslinkers (Na* - 90s, Ca>* - 72s, AI’* - 30s). The differences in
recovery speed arise from variations in relaxation dynamics. As discussed in Figure
3.13c, ion-pairing kinetics and polymer relaxation times vary with metal valency,

influencing the driving force for shape recovery. During ‘programming’ at elevated
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Figure 4.21: Controlled shape recovery in MPECs. a, Heating-induced shape
memory behavior of a flower-shaped MPEC gel. b, Influence of metal valency on
shape recovery rates. Scale bars 20 mm.

temperatures, the slow relaxation of Al** ions results in gels being further from

equilibrium, leading to a faster recovery upon reheating.

This demonstration expands the stimuli-responsive capabilities of MPECs beyond
mechanical activation, highlighting their potential for thermally driven functionali-

ties.

4.6 Conclusion

This chapter explored how molecular-level control in MPECs can be leveraged
to program deformation and different functionality. By integrating experimental
characterization, theoretical modeling, and computational simulations, we demon-
strated how charge interactions, metal coordination, and relaxation dynamics govern

deformation modes, shape transformations, and multifunctional properties. The ex-
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perimental findings reveal that strain-rate-dependent buckling and relaxation-driven
curling can be programmed by controlling molecular relaxation timescales, demon-
strating the ability to precisely guide nonlinear mechanical instabilities. Solvent-
driven deformations further highlight the critical role of charge sparsity and metal
valency in dictating swelling transitions, which were successfully captured using
a field-theory-based constitutive model. The preliminary modeling results pro-
vide an important step toward predicting complex shape transformations by directly
coupling swelling mechanics with external chemical stimuli. Beyond mechanical
responses, we demonstrate the multifunctionality of MPEC gels, including guided
dissolution for reprocessing and thermally activated shape memory effects, enabled
by the reversible nature of metal-polymer coordination. The ability to dynamically
reconfigure material properties and structures through controllable swelling and re-
laxation mechanisms presents a promising pathway toward adaptive soft materials,
reconfigurable actuators, and self-healing systems. We hope this work provides fun-
damental insights into how molecular interactions dictate global material responses
and provide a comprehensive understanding of how molecular design strategies can
be extended to develop adaptive and reconfigurable materials with tailored mechan-

ical and functional properties.
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Chapter 5

SUMMARY AND OUTLOOK

5.1 Summary

This work explores hierarchical material design by integrating scalable fabrication,
multiscale characterization, and predictive modeling to connect molecular-level
interactions with macroscale material performance. By addressing challenges in
architected materials and dynamically crosslinked polymer networks (MPEC:s), this
work advances the understanding of how structural organization across multiple
length scales dictates mechanical properties, energy dissipation, and adaptive func-

tionality.

The first study develops a scalable fabrication strategy for nano-architected poly-
meric materials using metamask-based holographic lithography, enabling the seam-
less tessellation of nano-architected unit cells into centimeter-scale architectures.
By systematically tuning unit cell geometries, including relative density and beam
aspect ratio, we demonstrate their impact on the stiffness, impact resistance, and
energy dissipation mechanisms. These findings highlight the potential of hierar-
chical structuring in scalable manufacturing, offering design principles for impact

mitigation and lightweight, high-performance structures.

The second study shifts the focus from geometrical hierarchies to polymer hierar-
chical organization. Dynamically crosslinked MPECs are investigated by leverag-
ing metal coordination and polyanion charge density as molecular design parame-
ters. Through multiscale experimental characterization and theoretical modeling,
the study reveals how charge sparsity and metal valency govern chain relaxation,
crosslinking dynamics, and network topology. The findings elucidate the critical role
of ion-pairing kinetics and polymer network interactions in determining macroscale
stiffness, stretchability, and fracture toughness. The multiscale insights provide
a framework for designing functional materials with tunable and programmable

mechanical properties.

The final study extends molecular design principles to global material responses,
integrating them with continuum mechanics to control mechanical instabilities
and shape transformations. We demonstrate strain-rate-dependent buckling and

relaxation-driven curling, enabling nonlinear deformations. Solvent-responsive
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swelling transitions illustrate how charge density and metal valency drive pro-
grammable shape transformations. Beyond mechanical functionality, the study
demonstrates reprocessability and guided dissolution, allowing MPECs to be fully
dissolved and reformed into new geometries. Thermal activation also enables shape-

memory effects, broadening the scope of stimuli-responsive materials.

Through these studies, we highlight the importance of hierarchical structuring as a
fundamental design principle in material science. By bridging fundamental material
physics with additive manufacturing, we can expands the material design space for
functional polymers, enabling a more robust and versatile approach to material

development.

5.2 Outlook

As the field of functional materials progresses, the ability to design, fabricate, and
predict the behavior of adaptive and functional material systems remains a key
challenge. This thesis has demonstrated how hierarchical structuring, dynamic
crosslinking, and molecular-level interactions can be leveraged to program material
responses. Moving forward, three critical research directions emerge that will enable

to contribute for the next generation of material systems.

Expanding Additive Manufacturing for Functional Materials

Achieving precise multi-scale structuring in hierarchical materials remains a major
challenge. This work demonstrated holographic lithography and stereolithography-
based fabrication for both nano-architected and dynamically crosslinked materials.
However, achieving scalable, high-resolution, and multi-material integration re-

mains an ongoing pursuit.

Current AM techniques are largely optimized for structural and passive materials,
whereas functional polymers require precise control over crosslinking dynamics,
phase separation, and bond exchange kinetics. Expanding AM processing capa-
bilities to accommodate dynamic chemistry will enable the fabrication of gradient
architectures and spatially heterogeneous materials, where mechanical stiffness,
relaxation rates, and molecular mobility vary locally to enable programmed defor-

mations and shape evolution.

Integrating chemically responsive materials into scalable AM platforms will allow
spatiotemporal programming of material properties, leading to adaptive structures

with site-specific mechanics and tunable functionalities. Future work should focus
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on developing AM techniques that enable precise spatial control of polymerization
kinetics, reaction-diffusion behavior, and dynamic bond exchange, unlocking new

opportunities in wearable devices, biomedical applications, and soft robotics.

Linking Molecular Dynamics with Structural Mechanics for Adaptive Systems
The final phase of this thesis demonstrated how molecular relaxation mechanisms
can be leveraged to program strain-rate-dependent buckling, relaxation-driven curl-
ing, and solvent-responsive shape transformations. These studies establish a critical
synergy between material chemistry and structural instabilities, where molecular
interactions dictate local responsiveness, while structural geometries amplify or
suppress these effects through localized deformation or stress redistribution. This
interplay enables programmable architectures that dynamically reconfigure under
external stimuli, unlocking applications where materials autonomously respond,

conform, and recover under external forces.

Future research should fine-tune molecular bond lifetimes, relaxation dynamics,
and chemo-mechanical coupling to develop materials with on-demand adhesion,
self-regulating interfaces, and programmable mechanical properties. By inte-
grating molecular-scale dynamics with structural mechanisms such as buckling,
snap-through instabilities, and nonlinear deformations via origami/kirigami, future
functional material systems can be precisely engineered for tailored topologies,
controlled instabilities, and enhanced environmental adaptability. This will enable
stimuli-responsive, adaptive behaviors to serve as self-monitoring systems for en-
vironmental sensing, shape-morphing soft robotics, and dynamically conforming

biomedical implants.

Advancing Multiscale Understanding for Predictive Material Design

A fundamental challenge in dynamic polymer design is establishing a predictive and
reliable framework that links molecular parameters to bulk material properties. The
complexity arises from the interplay of chemical composition, crosslinking dynam-
ics, solvent interactions, and additive manufacturing (AM) flexibility, often leading
to unpredictable outcomes. To bridge this gap, it is essential to understand how
molecular-scale interactions propagate across length scales, influencing network

topology, mesoscale phase behavior, and macroscopic mechanical properties.

Developing reliable parameter-structure-property relationships requires a synergis-
tic integration of experiments and computational modeling. While experiments

capture physical phenomena across different scales, computational tools provide
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mechanistic insights beyond experimental reach. For example, our molecular dy-
namics simulations and mean-field theory successfully decoded dynamic polymer
networks, phase behavior, and relaxation mechanisms in charged polymer, enabling

rational material design.

To fully harness hierarchical functional materials, constitutive models must integrate
fundamental material physics with continuum mechanics, linking molecular physics,
geometric design, and environmental stimuli. This will enable materials to exhibit
continuous, tunable responses, rather than discrete transitions, for programmable
deformation. Such efforts will further expand material design possibilities by gen-
erating large-scale datasets, allowing data-driven inverse design and AM-driven
rapid prototyping. By leveraging machine-learning-assisted frameworks, we can
accelerate materials discovery and predictive optimization. Refining multiscale pre-
dictive frameworks will drive design-driven engineering of adaptive, reconfigurable

materials.

Future vision

The true potential of hierarchical, functional materials lies in the seamless inte-
gration of dynamic molecular mechanisms with larger-scale architectures, where
chemical adaptability and mechanical tunability work in tandem. Achieving this
vision requires not only advancing fabrication techniques and computational models
but also developing a deeper, physics-based understanding of how multiscale inter-
actions dictate emergent material behaviors. By marrying fundamental material
physics with engineering design, we can push beyond conventional limits, paving
the way for next-generation materials that autonomously adapt to their environment

and revolutionize applications in robotics, healthcare, and beyond.
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Appendix A

FABRICATION OPTIMIZATION FOR SCALABLE
HOLOGRAPHIC LITHOGRAPHY

A.1 Scanning Step Size Optimization for Holographic Lithography

To optimize the scanning step size for a given beam size we implemented a numerical
simulation that quantifies the uniformity of the deposited dose distribution. We
used the TaperCamD-uCD23 beam profiles to record the 2D beam intensity (Figure
A.la). The beam width was estimated around 2.14 mm. In order to simulate the
scanning procedure, temporal discretization was applied, therefore the final intensity
distribution could be approximated by a sequential summation of Gaussian beams
shifted in the horizontal and vertical directions. The horizontal shift was assumed to
be d which is the scanning step, and the vertical 1/vdt, where v the scanning speed
and ot the temporal step size. To access the uniformity of the resulting intensity
distribution / we calculate the reverse contrast given by

Imax - Imin
uv=1- —. A.l
Imax + Imin ( )

A higher value of U corresponds to a higher uniformity. For our simulation we
utilized a time step of 0.1 usand a scanning speed of 1.5 mm s™!, the beam spacing

was varied between 0.1 and 1 mm in steps of 0.0091 mm.
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Figure A.1: Scanning step size optimization for holographic lithography. a,
Recorded beam profile/ Scale bar I mm. b, Uniformity factor for various beam step
sizes. The insets show the resulting intensity distributions at step sizes 0.1 mm, 0.4
mm, and 1 mm respectively. Scale bar 4 mm.
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The uniformity factor (Figure A.1b) is close to unity and relatively stable for beam
step sizes up to 0.5 mm. After that a rapid decline is observed together with a
deterioration of the intensity distribution. Therefore we choose a step size of 0.4

mm.

A.2 Diffraction efficiency measurements and mask uniformity
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Figure A.2: Metamask diffraction efficiency measurement. a, Photograph of
measurment setup. b, Raw power data for the first and zeroth diffraction orders. ¢,
Reconstructed images of the two measured orders. Scale bar 1 cm. d, Computed
diffraction efficiency map. Scale bar 1 cm.

To map the diffraction efficiency of the metamask we measured the intensities of
the zeroth and first diffraction orders. We utilised the PM 100D THOR labs optical
power meter equipped with a Si photodiode (S121C). We place the metamask 5.9
cm above the power meter (Figure A.2a) and performed two sequential scans: one
for measuring the zeroth order and one for measuring the first diffracted order. The
laser was operated at 0.2 W. Since the power meter is not measuring with a constant
frequency the temporal data (Figure A.2b) had to be interpolated and rearranged
in order to form 2D images (Figure A.2c). By dividing the intensities of the first
and zeroth orders we retrieved the diffraction efficiency map is generated (Figure
A.2d. The metamask is not fully uniform due to fabrication inconsistencies. The
observed difference in diffraction efficiency can be attributed to fine variations in

the nano-pillar width.
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Appendix B

EXPERIMENTAL CHARACTERIZATION FOR MULTIVALENT
IONS AND POLYELECTRYOLYTE SYSTEM

B.1 Vibrational Spectroscopy for Metal-Carboxylate Coordination

Quantum DFT simulation of IR spectra for metal complexation environment
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Figure B.1: Quantum DFT simulated infrared spectra of acetate (RCOO")
complexation of Na*, Ca’*, and AI’* in vacuo and with explicit coordinating
aqua (H,O) ligands. Simulations demonstrate agreement with asymmetric and
symmetric stretching modes of carboxylates seen experimentally. Representative
structural models of coordination generated by simulation show a clear bidentate
chelation coordinating environment in vacuo, while increasing explicit water in
the ligand field appears to introduces some monodentate chelation to otherwise
predominantly bidentate metal cation chelation, in agreement with experimental
conclusions.

The complexation environment of metal cations was simulated using Quantum DFT
methods. From these simulations, vibrational spectra and associated lowest energy
coordinating geometries were produced allowing comparison with experimental
findings. Energy minimization showed clear distinct coordination geometries be-
tween metal bonding based on valence, which was affected further as a result of
competitive inclusion of water ligands in the crystal field of the cation, as captured in
Supplementary Figure B.1. Representative structural models of coordination show
clear bidentate chelation of the cations in vacuo, while introducing explicit water in
the ligand field appears to introduces some monodentate chelation to otherwise pre-
dominantly bidentate chelation, seemingly consistent with experimental findings.

These simulations, which are intentionally absent other species in MPEC gels (e.g.,
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glycerol), are in generally good agreement with asymmetric and symmetric stretch-
ing modes of carboxylates seen experimentally: AVODFT values for Na*, Ca’*, and
AIP* corresponding to 116.04 cm™!, 77.36 cm™" and 76.02 cm™!, respectively. This
provided us with sufficient confidence to consider the binding energies obtained

from these calculations to be somewhat representative of the real system.

B.2 Effects of Entanglement in AM-Fabricate MPEC Gels

We conducted an extended study by synthesizing Na*-MPEC gels with varying
monomer concentrations. These variations result in different chain densities and
lengths, thereby impacting the degree of entanglement within each system. The
mechanical data for these gels is provided below. While more careful study is needed
to ensure uniform solvent content across all systems, our preliminary findings suggest
that the degree of entanglement significantly influences the mechanical response in
sodium gels. Both modulus and tensile stress-strain responses exhibit noticeable

variations with different degrees of entanglement.

M, 0.8M, 0.67M, 0.6M, 0.5M,
[AA+SA] (8.9M) (7.1M) (5.9M) (5.3M) (4.4M)
pH 2.43 2.42 2.48 252 2.56

Na*

Figure B.2: Different monomer concentrations were used to fabricate Na*-
MPEC gels with different polymerization degree. The measured pH for each
photoresin was included. Images of as-printed gels with the corresponding condi-
tions.

B.3 Experimental Tracking in the Constructed MPEC Phase Diagrams

Quantitatively validating the phase diagrams presented in Figure 3.19 proved chal-
lenging due to the highly dense phase of the gel in our system. However, we
conducted qualitative comparisons to verify the constructed phase diagrams for
both Al and Ca. To explore different phase regions on the diagram, equilibrated gels
were immersed in various solutions, including water, metal salt solutions with dif-

ferent concentrations, and poly(acrylic) acid solutions with different concentrations,
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Figure B.3: Quasi-static tensile test for the fabricated Na*-MPEC gels. All
gels were post-processed to the same conditions described in the main text. a, all
samples, b, zoomed-in axes for samples with lower concentration to show stress-
strain curve shape change, and ¢, summary of the measured young’s modulus.

until equilibrium was reached.

— pH15 2.5 3.0 3.5 ~a
c apaad !
s | B p=
= L
RS ¢
g /7,0\?
c - G/
8 © Single-ph ‘o,
S Sa(ts/ ingie-phase /l/% Single-phase
o oy 7)
g L tiop, % 1t Two
2 Two-phases phases _
g 3 < 2 2
[} o,
s X 2% & 2 %
4(5\@ C(, ’% OAA % ;
& g & =
< . :
Monomer concentration, [COOH], Monomer concentration, [COOH],

Figure B.4: Experimental plan for exploring different phase regions on the
constructed phase diagram for Ca®* (left) and AI’*-MPEC (right). The star
marker represents an arbitrarily chosen starting gel condition. Different phases
were observed depending on the solution type and concentration, aligning with the
behavior predicted from the phase diagram.

We have summarized all results from these tests below. Regarding the solvent consis-
tency, we ensured that the theoretical calculations used implicit solvent parameters
to match the experimental conditions, facilitating direct comparison between theory

and experiment. We hope this clarifies the approach taken to validate the phase



153

diagrams.
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Figure B.5: Experimental validation of the phase diagram for AP*-MPEC. To
explore different phase regions on the diagram, equilibrated Al-gels with different
density (400:1, 200:1, 50:1, 20:1 for AA:Metal ratio) were immersed in various
solutions, including water, calcium nitrate solutions with different concentrations,
and polyacrylic acid solutions with different concentrations, until equilibrium was
reached. Different phases were observed depending on the solution type and con-
centration. aligning with the behavior predicted from the phase diagram. Gels
become opaque in two-phase region whereas remain transparent in the single-phase
region. (1) Equilibrated gels after post-processing; (ii) and (iii) immersed in 3 ml
and 6 ml of 1M AI(NO3)3 solution; (iv) and (v) immersed in 4 ml and 8 ml of water;
(vi) and (vii) immersed in 3 ml, 6 ml of 8M PAA solution (M,, ~5 kDa). Scale bar

for all images 10 mm.
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Figure B.6: Additional experimental validation of the constructed phase di-
agram for AP*-MPEC. (i) Equilibrated gels after post-processing; (ii), (iii), (iv)
immersed in 3 ml of 1.5M, 1.75M and 2M AI(NO3)3 solution; (v) and (vi) immersed
in 4 ml and 8 ml of 4M PAA solution (M,, ~5 kDa). Scale bar for all images 10
mm.
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Ca?* - MPEC

Figure B.7: Experimental validation of the phase diagram for Ca’>*-MPEC. To
explore different phase regions on the diagram, equilibrated Ca-gels with different
density (400:1, 200:1, 50:1, 20:1 for AA:Metal ratio) were immersed in various
solutions, including water, calcium nitrate solutions with different concentrations,
and polyacrylic acid solutions with different concentrations, until equilibrium was
reached. Different phases were observed depending on the solution type and con-
centration. aligning with the behavior predicted from the phase diagram. Gels
become opaque in two-phase region whereas remain transparent in the single-phase
region. (i) As-printed gels; (i1) Equilibrated gels after post-processing; (iii) and (iv)
immersed in 3 ml and 6ml of 1.5M Ca(NO?3)2 solution; (v) immersed in water; (vi),
(vii) and (viii) immersed in 3 ml, 6 ml, 8 ml of 8M PAA solution (M,, ~5 kDa).
Scale bar for all images 10 mm.
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Appendix C

THEORETICAL FRAMEWORK FOR MULTIVALENT IONS
AND POLYELECTRYOLYTE SYSTEM

C.1 Modified Henderson—Hasselbach Equation
I- fa %o... fe
0%%e0e, mm) 0%%000e, ‘ 09000, ‘ f
009

K, = 10PH-PKa K,

Figure C.1: Visual representation of the possible associations of a weak polyelec-
trolyte in the presence of multivalent cations. Association constants are denoted
by K; and the fraction of polymers existing in state i are denoted by f;.

If we treat our deprotonation equilibrium as a simple acid-base reaction, then the
ratio of deprotonated (f-) and protonated (1 — f_) PAA sites can be obtained using
the Henderson—Hasselbach equation:
pH-pKa = —log f . (C.1)
1-f
While this equation has origins within solution chemistry, it can also be derived
using statistical mechanics. Starting from a chain with m, beads, we assume that

m_ have been deprotonated. As such, the partition function for this system is given
by:

Z_ = ref.P—,comb.KgL s (C2)
where Z¢. is our reference partition function. The combinatorial term, P_ comp. 1S
given by:

mp!
P—,comb. = s (CS)
(mp —m_)!m_!
and the equilibrium constant, Ko, is simply given by:
Ko = p, 10(PH-PKa) (C.4)

If we were to minimize equation C.2 with respect to m_ and define a new variable,

f- =m_/m,, we would recover the Henderson—Hasselbach equation:

pH- pKa——log(1 {f ) (C.5)
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However, if we want to modify this equation accounting for the fact that the depro-
tonated sites can subsequently bind to metal ions (and form crosslinks), we need to
modify our partition function. We now assume that, from m,, metal cations and of
the m_ charged sites on the polyelectrolyte backbone, m, have formed dimers. Our

partition function, now starting from Z_ as the reference system, is given by:
Zy = Z—Pd,comb.K;ﬂd > (C.0)

where the combinatorial term is given by:

m_! My, !
P comp. = = mg!. (C.7)
’ (m_ —mg)!mg! (m,, — mg)!mgy!

The additional m ! contribution arises from the fact that there are m ! ways to select
the dimers. The equilibrium constant for this association, following equation C.43,

is given by:

IgZ
K1 = ppra0pug ¥ (0pm) [exp( . ’”)—1], (C8)
Opm

where k; is the bonding volume for this association. We can repeat the above process
to account for the formation of m; trimers from m, dimers and m_ —m  unassociated
charged sites, and even for higher-order 4-mers. Saving some unnecessary algebra,
the resulting expression, starting from the original reference partition function Z.r ,

1s:

Zg=Zwer Ky KKK, (C.9)
mplmpy,!
X ;
(mp —m_ ) (my, —mg)!(m; —mg)\(m_—mg —m; —mg) my!
where:

K> = ppkios, e5¥P (o) exp I Zom Y (C.10)
P pm P Tpm 2 ’

K; = ppkgo. oFXP (o )[exp(Z—B [z - i]) - 1] (C.11)
P™q~ pm p T pm \/5 ’

where «; and «, are the bonding volume for each association. Note that, with each
incremental association, the binding energy is reduced due to the local repulsions
from the sites that are already associated. The magnitude of these reductions was
determined by the configurations which resulted in the least repulsion between
charged sites (linear for the trimer and triangular planar for the 4-mer). This will

lead to a situation where K3 < K; < K7, which should make sense as, when forming
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additional associations, both the local repulsion and steric hindrance will make these

interactions less favorable.

If we now minimize the above expression with respect to m_, my, m; and m,, and
normalise these variables with respect to the number of beads (f; = m;/m,), we

obtain the following:

_f-ta-fi- 1y

Ky = , (C.12)
Ja—fi
= , C.13
R Y (€19
K2 _ ft - fq
E e R
f,

A A T S

Unfortunately, the variables f; are not particularly useful as, for example, f; measures
the fraction of sites that have at least formed a dimer, not only. As such, we define

the following fractions, X;, which measure the fraction of sites in state i only:

X_=f~fa=fi~fy (C.14)
Xa=fa—fi~fy. (C.15)
X =2(fi - f,).

X,=314.

‘We can also define the fraction of metal ions not associated as:
X free = fm — Xa — Xi/2 - X, /3. (C.16)

Substituting into equations C.12 gives:

X_
Ky = , (C.1D
1-X_-X;-X, - X,
X4
Ki=——, (C.18)
Xm,freeX—
X
2Ky = ——,
X, X_
3 Xy
ZK; = .
27 T XX

As we can see in the above system of equations, we are representing the set of

associations in Figure C.1 as sequential, reversible reactions. Indeed, without even
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implementing the above system of equations, we can see that, if the pH is below
the pKa, then Ky <« K, K3, K3, which will push the equilibrium forward above the
Henderson—Hasselbach result to increase the fraction of dimers, trimers and 4-mers

present.

Interplay between pH and metal valency

Without forming the full free energy equation, we are able to use this modified
Henderson—Hasselbach equation to examine the interplay between pH and metal
valency. Indeed, if we assume, to test the impact of additional associations, that
K, = K> = K3 = 1000, and examine how the charge sparsity of the polyelectrolytes
varies with pH under different conditions, we obtain Figure C.2.

fm=0.01
Fon=0.1

fn=1.0

10° 4 10% 4

pH-pKa pH-pKa

Figure C.2: Theoretically estimated charge sparsity of a polyelectrolyte chain
at a, different divalent metal concentrations and b, different valency metals at the
same concentration, f;,, = 0.01.

If we consider Figure C.2a for a moment, we can see that the introduction of metal
ions has lead to a downwards shift of the charge sparsity curve at low pH. This
is expected as, given the equilibrium for associating with metal ions is so strong,
whatever metal ions are present will force the deprotonation equilibrium forward
such that there are enough charged sites to bind all charged sites. However, as
we reach high pH where there are now more charged sites than metal ions, Ky
now becomes the determinant equilibrium constant where all curves eventually
converge towards the Henderson—Hasselbach equation. This occurs until the metal
ion concentration becomes equal to the polymer bead concentration (f,, = 1); at
this point, there will always be enough metal ions to bind all polyelectrolyte beads,

leading to a constant offset from the Henderson—Hasselbach equation.
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If we next consider the impact of the metal valency in Figure C.2b, we can see that the
ability to form a 4-mer has allowed the trivalent system to maintain a lower sparsity
at the same pH as the divalent system. This would make sense as, with a fourth
association, the deprotonation equilibrium is pushed further forward. The exceptions
to this are at the very low and very high pH regime. As mentioned previously, at
very low pH, the equilibrium is dominated by the metal ion associations. However,
as there are so few charged sites, these metal ions are only able to associate once,
meaning that the dominating equilibrium constant is Ky, which is identical in both
systems. At very high pH, like the divalent system, we now have more charged sites
than metal ions, leading to the deprotonation equilibrium dominating. All of these
observations are commensurate with prior work using Monte Carlo simulations

[128, 129].

C.2 Mean-field Theory of Multivalent Ions and Polyelectrolyte Systems

The theory we develop to model multivalent ions and polyelectrolyte systems ac-
counts for three effects: 1. excluded-volume effects, 2. long-range electrostatic
effects and 3. short-range association between charged sites on the polyelectrolyte
backbone and the metal crosslinkers. The resulting representation resembles that
shown in Figure C.3. The total free energy (no longer free energy density) for this

system is then expressed as:

F = Fid. + Fexc. + Fele. + Fassoc. . (C.19)

Excluded Volume Effects

To account for the excluded volume contribution, Fey.., We take inspiration from the
Statistical Associating Fluid Theory (SAFT), developed by Chapman et al. [130],
where one treats species as fused chains of m hard-sphere monomers with beads of

diameter o. This hard-chain contribution to the free energy is obtained from:

chc. - FHS _
NkgT NkgT

Z x;(m; — 1) In[gns(0v)], (C.20)

where x;, m; and o; are the mole fraction, number of beads and bead diameter of

species i, respectively. m is the molar-average number of segments in the system:
o= ximi. (C.21)
i
Note that the symbol N will now refer to the total number of particles in the system,

rather than polymer chain length. The hard-sphere contribution to the free energy,
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Figure C.3: Visual representation of the proposed theory. Colors have been used
to distinguish between chains. Charged sites on the polymer backbone have been
highlighted in red. The metal crosslinker, polyelectrolyte counter-ion and metal
co-ion have been highlighted in yellow, light blue and brown, respectively.

Fys, is obtained from the Carnahan-Starling equation of state [131]:

Fns _ 113406 4 &
7 —5 = ¢o|In(1 - : Cc.22
NkgT 4o [(1-43) ¥ (1 = 3)? + (532 50) n( 53)] (C.22)

where the packing fractions, ¢, are obtained from:

= %p inm,o-l-", neo0,1,2,3, (C.23)
i

where p is the total number density (N/V) of the system. The hard-sphere pair
distribution function, ggs(07), is also obtained using the Carnahan-Starling equation

of state:
| o 36 9 24
1-45 2(1-5)2 4 0-56)3

We note that, unlike Zhang et al. [132], we only use the hard-sphere pair distribution

gus(oy) = (C.24)

function in equation C.20 to model the formation of chains, despite the presences of
charges in the chain. In Zhang et al.’s work [ 132], all beads in the chain are charged
whereas, in our work, the charged beads are separated by ¢ uncharged beads. As
such, the beads in direct contact with one another will only interact via hard-sphere
interactions. However, if the spacing between charged beads is reduced to the point
of being below the screening length of the system, long-range interactions within

the chain will play a role. For this reason, we will avoid such low charge sparsities.
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Electrostatic Effects

The electrostatic contribution, Fgje, is obtained using the Debye—Hiickel equation

[101], given by:

Fele. _ P 2
NeT ~5 18K ) xifiZx (ko) (C.25)

1
where f; and Z; are the number and valency of charges on speciesi. [p is the Bjerrum

length:

2
I = pec (C.26)
dreye;

where e, is the charge of an electron, ¢ is the permittivity of free space and ¢; is the
dielectric constant of the medium. The Debye inverse screening length, «, is given
by:
K =dnlpp Y X fiZ?. (C.27)
i

The function y(y) can be obtained from:

(e 2040440 €2y

3
x(y) = 7

We note that a few approximations are made when using the Debye—Hiickel equation.
Firstly, as part of the derivation for the Debye—Hiickel equation, we assume that we
are in a regime where the inverse screening length is large. Silva et al. [133] have
shown that, even when this approximation is not made and the Poisson—Boltzmann
expression is solved in full, the differences between this and the Debye—Hiickel
equation remain minor up to high salt concentrations. One limitation of this is when
considering that charges on the polymer backbone separated by £ monomers. In the
case of a freely jointed chain, so long as the distance between monomers exceeds
the screening length (k€0 > 1), it is still valid to use the Debye—Hiickel expression
in this context. Following a similar line of thought, we also assume that our solvent,

that is, the dielectric medium, can be treated implicitly.

Finally, as done in the work by Zhang et al. [132] and, more recently, Ylitalo et al.
[134], one could also capture electrostatic effects using Blum [135] implicit mean-
spherical approximation (MSA). Based on the work by Maribo-Mogensen et al.
[136], we note that the differences between the MSA and Debye—Hiickel expression
can be accounted for using a simple rescaling of the bead diameter, ;. As such,
given we are aiming to analyse this system qualitatively and that the Debye—Hiickel

term is less computationally demanding, we shall use this term instead.
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Association Effects

When modelling the association between the metal crosslinker and charged site
on the polyelectrolyte backbone, we assume that the number of sites on the metal
crosslinker is equal to its valency (Z,, = f,,,). That is, it cannot crosslink with more
charged sites than its charge can compensate for; this would be intuitive as, once the
crosslink has become locally neutral, it will be energetically unfavorable to crosslink
with an additional charge on the backbone. As for the polyelectrolyte, we will treat
each charged site as an association site; given all charged sites are monovalent, each

polyelectrolyte then has f, association sites.

At this point, we note that the theory developed by Semenov and Rubinstein [97] can
be reproduced using the first-order Wertheim Thermodynamic Perturbation Theory
(WTPT1) in the case where we assume the binding energy is large and the fluid is
ideal (g(r) ~ 1). Given we are now modeling the chain as having both excluded
volume and electrostatic effects, this approximation is no longer appropriate. As
such, we will now rigorously re-derive the association contribution, Fygsc.. We start
with a system where no sites are associated; in this case, we define the local number

density of the sites as:

Ni(r)) fi
v

where N;(r;) is the local number density of species i at the position vector r;. We

pi(r;) = (C.29)

now assume that some of these sites have been associated such that the local number

density of sites not associated, p;o(r;), is given by:

N;(r;) fi
%

pio(ri) = Xi(r;), (C.30)

where X;(r;) is the local fraction of sites on species i not associated. As a result,

the free energy change of these sites associating is given by:

Fa]s:;c. _ Z/Pi(ri) In (piO(ri)) + 0i(13) = pio(r,)dr; (C.31)

k pi(r;)

~ [ [ orote oot o £y,

where the indices p and m refer to the polyelectrolyte and metal sites, and r,,, is the
distance between the polyelectrolyte and metal sites. g(r) is the pair distribution

function and f(r) is the Mayer- f function given by:

J(r) = lexp-Bo(r) - 1], (C.32)
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where ¢(r) is the potential characterizing the association interaction. To simplify

our expression for the free energy, we will assume the system is homogeneous (that

is our number densities have no positional dependence), giving:

Fassoc. Pi0 /
= iIn|— i — Pi dr;
= X pm(5e) o) [

- ppome/ / g(rpm)f(rpm)drpdrm >

F.
]:;S(])f' = ZNlﬁ [llle' +1- Xl]

- 47TPp0PmOV/ g("pm)f(rl?’”)r;mdrl’m ’

F,
Nalitcf =2 Xify (I Xi + 1= X;1 = pxpXin fp fin Xp XD -

(C.33)

(C.34)

(C.35)

For clarity, we have defined the association strength between the polyelectrolyte and

metal, A, as:
Apm = 4”/ g(rpm)f(rpm)rlzymdrpm .

If we now minimize equation C.35 with respect to all X;, we obtain:

6 Fassoc. 1
- v — - m meAm:O,
X, (NkBT) Xpfp [Xp ] PXpXm fp »
0 ([ Fassoc. 1
X (Nali:CT) ~ondn [X_m ) 1] = PXpXm fp fnXpBpm = 0,

which we can re-arrange to give a set of mass-action equations:

v - 1
P+ px fnDpmXom
1

L+ pxp fphpmX,

Substituting these expressions to equation C.35 will give:

Fassoc. 1 - Xi
= ifi 1 X,' + .
NksT ZX f [ . 2 ]

(C.36)

(C.37)

(C.38)

(C.39)

(C.40)

(C.41)

At this stage, we note the similarities between equation C.41 and the sticker contri-

bution from Semenov and Rubinstein [97]’s work. Indeed, if we had allowed the

polyelectrolyte sites to associate directly with each other and defined p = 1 - X),,
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° +Fexc.

Figure C.4: Summary of the impact of each term in the proposed theory. The
dielectric medium is represented with a change in the background color. Color
scheme is identical to that in Figure C.3.

the above expression would reduce to that of Semenov and Rubinstein [97], with
one key difference. Our association strength, given in equation C.36 now requires
information from the pair distribution function of our reference system (charged
hard-spheres). We will assume that the association between sites is characterized

by Coulomb’s potential such that:

IBZ),

¢(rpm) = (C.42)

Fpm
Expressions for the pair distribution function between charged species do exist, as
obtained from Blum’s implicit MSA model [137], which was further simplified by
Jiang et al. [138] to what is known as the exponential approximation of the implicit
MSA pair distribution function (g®*F(r)). However, the integral in equation C.36
is not trivial and would be numerically expensive to evaluate. Typically, within
SAFT-type approaches, this is dealt with by either developing correlations for the
association strength [139], or by treating the pair distribution function and Mayer- f
function as constants (evaluated at contact). We can then introduce a fudge-factor

(also known as the ‘bonding volume’, Kme';m) to approximate the association
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strength [ 130, ]:

3 _EXP
Apm = KpmTpm8 (Tpm)

exp (lgf:) - 1] . (C.43)

This now gives us a full set of equations to describe our system. The development

of this theory is summarized in Figure C.4.

Definition of phase equilibrium
In the case where a phase split occurs between phases @ and S at a specified density
for each species, p;9, and temperature, the total free energy density (¥ = F/V) will
be given by:

W = oW (py.T) + (1 - 9)¥p(pp, 7). (C.44)

where ¢ is the volume fraction of phase @ and p is the vector containing the density
of each species in phase j. In order to conserve the total density of each species, we
must introduce the Lagrangian multiplier, y;, for each species. Furthermore, as we
are now including charged species, we must ensure electroneutrality in all phases.
Given the input densities must satisfy electroneutrality, then we only require one
more Lagrangian multiplier, ¢, to ensure this will be satisfied. As a result, the total

Lagrangian for this system is:
C=¢p¥u(pe.T) + (1 —9)¥s(pp, T) (C.45)
+ Z Hi(@pia + (1 = ©)pig — pio)
i
+ye Z pia/fiZi .

To determine the composition of each phase, we must minimize equation C.45 with
respect to all densities (p;;), volume fraction (), and all Lagrangian multipliers. In

doing so, we find the following system of equations:

0%, oY
pi= Y fiZ= 2 Vi (C.46)
Opia dpip
0="Y, - ¥p+ Z Hi(Pia = pip) + ¥ Z pia fiZi, (C.47)
i i
0= ¢pie + (1 = @)pip = pio, Vi (C.48)
0= Z piafiZi. (C.49)
i

As we can see above, the choice of notation for the Lagrangian multipliers was inten-
tional as y; corresponds to the chemical potential of each species and i corresponds

to the electrochemical potential difference between phase a and .
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- XX

Figure C.5: Visual representation of different possible chain configurations. for
intra- (a-c) and inter- (d-f) crosslinks. Different colors represent different chains.

Determining fraction of inter-chain crosslinked sites

One aspect of Semenov and Rubinstein [97]’s work that hasn’t been explored in
much depth is, if one assumes that all sites are fully associated (i.e. X; = 1) and that
intra-crosslinks are only formed between nearest neighbours, then one can calculate
the fraction of sites inter- and intra-crosslinked. In making these assumptions, we

can assume that the entropic penalty for forming an intra-crosslink is [97]:
ASinsa, = Mipua ks In €72, (C.50)

where min,. 1S the number of intra-crosslinked pairs. If we assume our reference
system is the fully associated system (Zassoc.), then the partition function for the

intra-crosslinked system is:
Zinwra. = Zassoc. Pcomb. W exp (ASinga./kB) » (C.51)

where P.omp. and W are defined the same way as the dimer combinatorial term,
only with mjy,. being selected from m; trimers. If we minimize equation C.51

with respect to miny,, and define finga. = Minwa. /M, then we obtain the following

—1+/1+402p,07
20'2p,0

The above equation is technically only valid for the divalent system as, for the

expression:

Sintra. = (C.52)

trivalent system, there are a few more ways one could form inter-chain crosslinks.
This is shown in Figure C.5. As we can see, in the case of the trivalent system, the

fraction of sites which have formed an intra-crosslink is given by:

fiwai = ( finia X3+ Fa X3) - (€53)
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Furthermore, in terms of forming inter-chain crosslinks, the trivalent system has

three ways of doing so, rather than just one in the case of the divalent system:

finter.,tri = (1 - fintra.)(1 - Xm)ZXm (C-54)
+ (Zfintra.(l - fintra) + (1 - fintra)z)(1 - Xm)3 .
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