
Superionic Conduction of Next-Generation Mobile Ions
in Solids Enabled by Coordinating Ligands

Thesis by
Zachery William Benjamin Iton

In Partial Fulfillment of the Requirements for the
Degree of

Doctor of Philosophy

CALIFORNIA INSTITUTE OF TECHNOLOGY
Pasadena, California

2024
Defended May 8th, 2024



ii

© 2024

Zachery William Benjamin Iton
ORCID: [0000-0002-2226-9006]

All rights reserved



iii

ACKNOWLEDGEMENTS

I was one of the lucky ones who truly enjoyed my PhD — I will always look back
on these years as not just some of the most enjoyable of my life, but as a period of
significant personal and professional growth.. This was entirely due to the people
who I was blessed to meet, work, and laugh alongside during my time at Caltech
and in LA. I will forever cherish the impact they’ve had on me.

I could not have asked for a better PhD advisor than Prof. Kimberly See. Thank
you for teaching me how to approach solving hard problems, for truly emphasizing
the importance of scientific presentation, for showing us the most obscure songs
as if they should be universally known, and for fostering a collaborative, enjoyable
dynamic in the group. Having an advisor who prioritizes your well-being, and who
advocates for you and is investigated in your future goals makes a huge difference.
Your guidance and friendship over the years have been crucial in making me the
scientist and person I have grown into.

To my other gradschool mentors, Dr. Andy Martinolich, who was my postdoc mentor
when i joined the group, and Dr. Forrest Laskowski, who was my adopted mentor in
the middle of my Caltech journey, thank you both. Andy taught me the foundation
of everything I know about materials chemistry and solid state synthesis. Forrest
always had a clever electrochemical method up his sleeve to probe a hypothesis that
I had no idea how to approach. He also ignited my love for scientific illustration.
Andy and Forrest are two of the most brilliant scientists I know and I’m also lucky
to call them friends outside of the lab. Whether it be playing pool with them or wine
nights, I will always cherish those memories.

I also had the honor of being a mentor myself, Abby it has been inspiring to
watch you grow, win all of the the awards and do great science while passionately
advocating for the causes that are important to you. Thank you for your camaraderie
and friendship. And Zion, thank you for diving into the rigors of a final-year PhD
project without complaint, and adding creative ideas. You are both talented and
passionate scientists and I have no doubt you’ll do amazing things in the future. It
was an honor to work with both of you.

My coworkers in the See Group made me look forward to working on challenging
chemistry problems every day. It has been a pleasure to get to know all of you
over the years. I spent the majority of my time in the See Group sharing an office



iv

with Steven, Christopher, and Wendy. Thank you for answering my most random
questions and putting up with me and Eshaan’s constant scientific and nonsensical
conversations. Also, my sincere thanks to the past and present members of the ionics
subgroup: Forrest, Andy, Xiaotong, Kim Pham, Dan, Jadon, Zion, and Brian who
were a critical pillar of support in troubleshooting projects and coming up with new
ideas. The See Group is filled with talented scientists and passionate people, I look
forward to seeing the amazing work that comes out of the group in the future.

I want to thank a few of my lab mates in particular. Steve was my first friend in the
group; he really helped me find my footing, and I’m honored to have made it to the
end of this journey together and thankful that I can still call you one of my closest
friends. Brian was in the trenches with me in the early days of the ZnPS3 project,
I wouldn’t have made it through it without you. Kim Pham for spearheading DEI
efforts in the lab and on campus, for her friendship, for always being there and for the
boba trips. Dan for being a constant sounding board for ideas, a wonderful teammate
and opponent in several inter-mural sports, and also a great friend. Michelle, one of
the kindest, most thoughtful people I’ve met, thank you for the constant, unwavering
support and spontaneous adventures, for your company on the unnecessary walks to
Red Door to clear my mind, and for brightening everyday in the lab. And to Eshaan,
you are one of the most thorough people I know, in all walks of life. Thank you for
teaching me how to slow down and appreciate the finer things, and for the exercise
in patience, waiting for you as you were late for everything. Thank you for building
me up scientifically and personally and listening attentively to my problems inside
and outside of lab. Thank you for the surprise birthday parties, which I disliked at
first but have become some of my most cherished memories, and for treating me
like a member of your family. I feel like I’ve gained another brother in addition to a
PhD.

Outside of the See Group, I met countless other incredible people at Caltech, who I
have no doubt will also be some of my lifelong friends. Jordan and Dan, thank you
both for always being ready to go to Caribbean parties, helping me to feel home away
from home. Prithvi, thank you for the memories, from you cooking amazing food,
to the unforgettable nights out. I appreciate you all more than you know. Everyone
else who has shared part of this journey with me; especially Neehar, Brandon, John,
Tarun, Ben, Tomi, Ien, Magel, Josh, Nabha, Ana Karen, Gema, Clara, Anukta, and
Arisa, thank you as well.



v

To my Caribbean friends in LA, outside of Caltech: T-Ray, Danny, Halia, Kaia, and
Nkese, thank you for helping me reset and keeping me grounded. To my friends
back in Barbados who have been with me for the last ∼ 20 years, thank you for
cheering me on and being a consistent source of comedic relief and support. I want
to especially thank Yohance, who has been like a brother to me over the last decade.

I am very fortunate to have a large family that we make feel like a small family.
Thank you all for your undying support and love. In particular, thank you Linda and
Billy for welcoming me into your family in LA and making me feel at home. To
my sister, Alex, thank you for always being very loudly proud of me. To my dad,
William, and step dad, Richard, thank you for your encouragement and support. To
my loving mother, Karen, thank you for all the sacrifices you made for us, for being
my rock and always pushing me to achieve more than I could have dreamed of. I
wouldn’t be half the man I am today if not for you.

Finally, to my Grandmother, Anita Jean, who did not have a chance see the end of
my PhD journey, thank you for being my biggest supporter always, thank you for
everything.



vi

ABSTRACT

Advancements in battery technologies are a critical step towards meeting the grow-
ing demand for sustainable energy storage solutions. The development of next-
generation battery technologies using "beyond-Li" ions, like Na+, K+, Mg2+, Ca2+,
Zn2+, and Al3+, could potentially offer improved performance, safety, and cost-
effectiveness over traditional lithium-ion systems. However, the realization of
next-generation battery technology based on "beyond-Li" mobile ions is limited,
in part, due to a lack of understanding of solid state conduction of next-generation
ions, which governs ion transport in electrodes, interphases, and solid electrolytes.
“Beyond-Li” ions tend to have relatively low mobility in solids due to: (1) the larger
ionic radii (Na+, K+, Ca2+), which limit the accessible migration pathways, or (2)
higher charge densities (Mg2+, Zn2+, Al3+), which results in strong electrostatic
interactions within the solid.

This work discusses several structure-property relationships and structural modifi-
cations that are hypothesized to lead to facile conduction of next-generation working
ions. A notable discovery is the superionic conductivity of ZnPS3 after exposure
to humid environments. Water is introduced into the grain boundaries, thereby en-
abling Zn2+ ions from the material to migrate and conduct freely in the network of
adsorbed water. The introduction of water leads to potential H+, therefore a method-
ology for decoupling the contributions of Zn2+ and H+ in mixed ionic conducting
solids using ion-selective EIS, transference number measurements, and deposition
experiments is established.

Further extending this approach, superionic conductivity of other next-generation
ions in electronically-insulating inorganic solids is achieved by leveraging the es-
tablished ion exchange/intercalation mechanism of MPS3 (M = Cd, Mn) materials.
The mobile cations that are introduced are coordinated with H2O ligands which
simultaneously increase the size of the bottlenecks within the migration pathway
and screen the charge-dense ions resulting in high mobilities. Potential applications
can be extended to water-incompatible systems by replacing the water ligands with
aprotic molecules.

These insights contribute significantly to the understanding and development of
next-generation battery technologies, representing an important step toward the
development of more sustainable and efficient energy storage solutions.
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C h a p t e r 1

INTRODUCTION

1.1 Motivation
The escalating number of the global population and technological advances have
led to a surge in energy demand. Traditionally, this demand has been met predomi-
nantly through fossil fuels. However, the use of fossil fuels results in the emission
of greenhouse gases, thereby accelerating climate change and threatening human
and ecological well-being.[1, 2] Therefore, transitioning from fossil fuels to more
sustainable energy sources, like solar, wind, nuclear, and geothermal, has become a
critical challenge of modern society.[3] By the late 2010s, renewable technologies,
such as solar and onshore wind, had become cost competitive with the least expen-
sive fossil fuel options.[4] However, the broad adoption of these renewable energy
sources is hindered by the need for affordable and effective energy storage solutions
to manage their intermittent output.[4, 5]

Key to this transition are advanced energy storage technologies, particularly ver-
satile solutions such as batteries. Among these, Lithium-ion batteries (LIBs) are
predominant and have facilitated the proliferation of electric vehicles and portable
electronics. However, their high cost, particularly for grid-scale applications, and
reliance on limited resources like lithium and cobalt, pose significant challenges.[6,
7] The price trends of LIBs and the compound annual growth rate (CAGR) of Li
production, as well as target values for complete electrification, are shown in Fig-
ure 1.1. Projections indicate that achieving a battery cost of $20/kWh is essential
for competing with fossil fuels in some regions.[8] Moreover, the recent "Future
of Energy Storage" study by MIT underscores the need for a dramatic increase in
lithium production in order for LIBs to meet future energy storage demands for
achieving net zero emissions by 2050, suggesting a required CAGR roughly triple
that of historical rates.

In order to realize sufficient energy storage to facilitate the transition from fossil
fuels to renewable technologies, and thus achieve a net zero emission society, the
development of novel battery chemistries that leverage more abundant and less
expensive materials is necessary. Promising alternatives include batteries based
on other monovalent ions, such as Na+ or K+, or multivalent ions, such as Mg2+,
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Figure 1.1: (a) the price trend of LIBs over the last decade, and (b) the CAGR of Li
production for the last 50 years and target amounts to reach net zero by 2050.

Ca2+, Zn2+, or Al3+. These alternatives are more abundant than Li and potentially
enable the use of metal anodes with higher capacities than the graphite anodes used
in LIBs. Developing next-generation battery technologies will require a profound
understanding of the fundamental processes governing "beyond-Li" devices. This
includes the transport of next-generation mobile cations in the solid state, which
is critical for various aspects of battery operation such as intercalation into and
movement within electrodes, across interfaces and interphases, and in solid state
electrolytes (SSEs). Solid state ionic conduction of next-generation mobile ions,
particularly multivalent ions, will be the primary focus of this thesis.

1.2 Thesis Overview
This thesis focuses on understanding the structure-property relationships that govern
solid state conduction primarily of multivalent ions, like Mg2+, Ca2+, Zn2+, or
Al3+, in addition to alternative monovalent ions like Na+ and K+, in electronically-
insulating inorganic materials.

In order to set the stage for the work presented in this thesis, Chapter 2 delves into the
fundamentals of solid state ionic conduction in general, including a mathematical
basis for conceptualizing solid state ionics, various established mechanisms, and
commonly used characterization techniques. An emphasis is placed on the chal-
lenges in achieving high ionic conduction of multivalent ions. Then, a perspective
on structural features or modifications that may enable mobility of multivalent ions
at ambient temperature is provided. The structural characteristics hypothesized to
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enable facile multivalent ionic conduction are explored throughout the rest of this
thesis.

Chapter 3 presents a brief summary of computational, structural and electrochemical
studies of several promising materials families pre- and post defect engineering. The
compounds selected exhibited several properties that were hypothesized to enable
ambient temperature multivalent ionic mobility, however attempts to realize high
conductivity were largely unsuccessful.

Chapter 4 highlights the successful application of one of these design principles,
using ligand molecules to screen of charge dense ions, to achieve superionic Zn2+

conductivity in ZnPS3. We utilize impedance spectroscopy with ion selective elec-
trodes, ionic transference number measurements, and deposition and stripping of
Zn metal, to confirm that both Zn2+ and H+ act as mobile ions in hydrated ZnPS3.
To our knowledge, the novel ionic conduction mechanism exhibited in hydrated
ZnPS3 results in the highest Zn2+ conductivity reported when using an inorganic
solid electrolyte.

Chapter 5 extends the methodology to other mobile ions by leveraging the ion-
exchange properties of CdPS3 and MnPS3 to introduce hydrated ions into the van
der Waals gap. The coordinated water widens the diffusion bottleneck and screens
the charge dense mobile ions paving the way for high-mobility of various ions. This
rich set of materials allows us to develop structure-property relationships for ligand-
assisted ionic conduction in electronically-insulating inorganic solids. Additionally,
the water can be exchanged for nonaqueous, aprotic ligands which extends the
potential application of these materials to water-incompatible systems.

Chapter 5 reflects on the findings and implications of these studies, discussing the
broader impact of ligand-assisted ionic conduction in solids and the potential for
advancing multivalent ionic conduction without ligands.
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C h a p t e r 2

THE FUNDAMENTALS OF AND A PERSPECTIVE ON SOLID
STATE MULTIVALENT ION CONDUCTION

This chapter has been adapted from:

(1) Iton, Zachery W. B.; See, K. A. Multivalent Ion Conduction in Inorganic
Solids. Chem. Mater. 2022, 34, 881–898. 10.1021/acs.chemmater.1c04178,

2.1 Abstract
Multivalent ion-based batteries are the subject of substantial research interest as
beyond Li-ion batteries due to the potential for superior performance at a lower cost.
A key fundamental process to their operation is the conduction of the multivalent
ion in the solid state, which controls the charge storage processes at the electrode
materials, conductivity and stability of metal-electrolyte interfaces, and conductiv-
ity of potential solid state electrolytes. However, multivalent ionic conduction in
inorganic solids has struggled to keep pace with the monovalent analogues because
of the challenges posed by the high charge density. In this perspective, we discuss
why it is difficult to conduct multivalent ions and include electronic and structural
considerations. Using literature reports, we highlight the specific challenges that
emanate from the high charge density of multivalent ions, and factors that can mit-
igate the detrimental impact. Factors including charge screening by electrons and
water, the geometry of conduction pathways, the polarizability of the anions, coor-
dination environment, and structural flexibility are discussed. We also highlight the
difficulty in characterizing the conductivity of these unconventional working ions
and emphasize the need for new characterization techniques to advance the field.
Ultimately, we provide suggestions for structural factors that are likely to facilitate
multivalent ion diffusion.

2.2 Introduction
It has long been understood that ions can undergo long-range conduction through
rigid solid lattices. However, the underlying mechanism as well as the ease with
which ions conduct in solids vary immensely across different materials. The first
identification of ionic conduction in the solid state was reported by Faraday with Ag+

conduction in Ag2S in 1833 and F− conduction in PbF2 in 1838.[9–11] Less than a

https://doi.org/10.1021/acs.chemmater.1c04178
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century later, fast Ag+ and Cu+ ionic conduction was identified in the corresponding
metal halides by Carl Tubandt and coworkers[12]. The silver and copper halides
showed "liquid-like" conduction of Ag+ and Cu+ ions above a transition tempera-
ture. The lowest superionic transition temperature occurred in AgI (∼150 °C),[13]
though subsequent studies would evidence superionic conductivities at even lower
temperatures using derivatives of AgI (e.g. Ag3SI and Ag4RbI5).[14, 15] Interest
in the field surged drastically following the discovery of Na+ (followed swiftly by
Li+, Ag+ and H+) conduction in 𝛽-alumina (𝑀1+𝑥Al11O17), which represented the
advent of solid materials that could conduct other cations besides Ag+ and Cu+.[16]

In the decades following the demonstration of ionic conduction in 𝛽-alumina, solid
state ionics has enabled several practical technologies including batteries, solid ox-
ide fuel cells (SOFCs), and sensors. Notably, the growing understanding of solid
state ionics was pivotal in the development of rechargeable Li-ion batteries (LIBs),
which have enabled the global adoption of portable electronics. In LIBs, Li+ ions
intercalate into and out of both the graphite anode and the LiCoO2-based cathode
material. The reversible nature of the intercalation mechanism facilitated by facile
Li+ diffusion in both materials enables long-term cycling of LIBs. Recently, substan-
tial efforts to realize an all-solid-state battery that promises to improve on the safety,
power density and energy density of LIBs has spurred interest in electronically insu-
lating ionic conductors that can operate at room temperature.[17–21] Accordingly,
several materials that exhibit room temperature superionic conductivity (𝜎 ≥1 mS
cm−1) of Li+ or Na+ that could potentially serve as solid state electrolytes (SSE) have
recently been discovered and characterized. The reported Li+ and Na+ conductors
with the most promise are discussed at length in several reviews.[22–24]

In addition to the development of all-solid-state cells, next generation batteries that
utilize multivalent working ions have also garnered significant interest.[25–27] The
focus has primarily included investigations of Mg2+, Ca2+, Zn2+, and Al3+, due to
the high abundance (and thus, low cost) and the high volumetric capacities afforded
by the utilization of the respective metal anodes. Figure 2.1 shows the size, charge
density, gravimetric and volumetric capacities, and standard reduction potentials of
the multivalent ions of interest compared with Li+ and Na+.

Assuming a coordination number (CN) of six, the ionic radii of Mg2+ and Zn2+

are 0.72 Å and 0.74 Å, respectively, which are similar to that of Li+ (0.76 Å). The
obvious difference between the ions of similar size is the magnitude of the charge,
and thus the charge density. Fast diffusion of multivalent ions in solids has proven
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Figure 2.1: A comparison of the size, charge density (𝜌𝑐ℎ𝑎𝑟𝑔𝑒), volumetric and
gravimetric capacities (Q𝑣𝑜𝑙 & Q𝑔𝑟𝑎𝑣), and standard reduction potentials 𝐸0 of the
relevant multivalent ions with Li+ and Na+.

to be much more difficult to achieve than that of monovalent counterparts. The
sluggish diffusion may be in large part a consequence of the higher charge density,
as ions of high charge density invoke stronger coulombic interactions with the anion
sublattice. Additionally, the ionic radius of Ca2+ is similar to that of Na+ (1.0 Å
and 1.02 Å, respectfully), whereas the radius of Al3+ is significantly smaller (0.54
Å). Conduction of the more polarizable Ca2+ may be easier than Mg2+ and Zn2+ but
experimental results have yet to reflect this. Achieving high Al3+ mobility is more
challenging because the even higher charge density exasperates the complications
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of conducting divalent ions. In fact, several computational approaches suggest that
existence of SSEs with high Al3+ mobility near ambient temperature is unlikely.[28,
29]

Despite the inherent challenges associated with multivalent ion diffusion in solids,
there are a handful of reported examples that we can reflect on to gain a better
understanding of the factors that are most important in the governance of solid
state multivalent ionics. These reports include both intercalation cathode materials
and conduction in electronically insulating solids as potential solid state electrolyte
candidates. As ions migrate in cathodes, the charge neutrality of the material is
maintained through compensation by mobile electrons, whereas in solid electrolytes
the charge neutrality is maintained by vacancies that effectively possess opposite
charge to the mobile cations. Analyzing both cathodes and electronic insulators will
provide valuable information regarding multivalent ionics in different circumstances.
The majority of reports to date have focused on Mg2+ conduction, and thus Mg2+

mobility in solids will largely be the focus of this perspective. However, other
multivalent ions will be discussed when appropriate. Additionally, although there
have been reports of multivalent ion conductivity on the order of 10−4 S cm−1

for Mg2+ in metal-organic framework (MOF) materials,[30] and between 10−7 –
10−5 S cm−1 for salts of the relevant multivalent ions in polymer matrices,[31] this
perspective will focus solely on inorganic solids.

The most promising reported intercalation cathodes are the seminal Chevrel phase
Mo6S8 and cubic Ti2S4 (c-Ti2S4), both of which exhibit high Mg2+ ion kinetics at
room temperature (RT). The Mg2+ intercalation cathode materials will be discussed
in detail. We will also discuss claims of multivalent intercalation and conduction in
transition metal oxides, and water-facilitated multivalent diffusion.

Early reports of multivalent cation conduction (Mg2+, Zn2+, Ca2+) in electroni-
cally insulating solids were largely limited to high temperature measurements on
crystal structures based on successful monovalent ion conductors. Early reports in-
clude attempts to facilitate multivalent ion conduction in 𝛽-alumina structure (e.g.,
𝑀0.6Al11O17.1) known to conduct Na+, Li+, Ag+ and H+. These studies showed
sluggish kinetics even at high temperatures (up to 400 °C), and the bulk conduc-
tivity was below the detection limit of the instrument 10−7 S cm−1. However, in
𝛽′′-alumina structures (e.g., 𝑀0.84Mg0.67Al10.33O17, 𝑀= Zn, Ca Sr, Ba, Pb) divalent
ion conductivity was reported with conductivities of 10−6 S cm−1 at 40 °C and 10−1

S cm−1 at 400 °C.[32, 33]
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multivalent ion systems based on the 𝛽-Fe2(SO4)3-type structure (𝑀0.5Zr2(PO4)3,
𝑀= Mg or Zn) and NASICON (Na super ionic conductor) structure (𝑀= Ca)
were investigated.[34, 35] The 𝛽-Fe2(SO4)3 structure, is related to the well-known
NASICON structure in that it contains corner sharing ZrO6 and PO4 polyhedra in a
"lantern unit" configuration, but the lantern units in the 𝛽-Fe2(SO4)3-type structure
are disordered, whereas in the NASICON-type structure the lantern units are ordered.
The 𝛽-Fe2(SO4)3-type and NASICON-type structures were of particular interest
due to the open structure (i.e. wide bottlenecks) and large interstitial voids that are
connected by a 3D network and can be occupied by a variety of guest species.[36]
The 𝛽-Fe2(SO4)3-type materials were shown to display significant conduction only
at high temperatures (10−5 S cm−1 at 400 °C, 10−3 S cm−1 at 800 °C), that of the
NASICON Ca analogue was even lower. [34, 35, 37, 38] Several derivatives of these
materials have been investigated, and display significant conductivity exclusively at
elevated temperatures.[39–42]

In addition to discussing multivalent cation SSEs, it is useful to examine solid state
multivalent anion conductors, i.e. O2− conductors. O2− conductors have been inves-
tigated extensively for decades primarily due to their application in solid oxide fuel
cells and oxygen separation membranes. O2− has a larger radius than the multivalent
cations of interest (∼1.40 Å) and is thus bulkier but less charge-dense. Similar to the
early multivalent cation conductors, fast O2− conduction has been demonstrated at
elevated temperatures (500-1000 °C) in a few materials. Many of the predominant
O2− ion conductors crystallize in the cubic fluorite structure (𝐴O2). Such materials
include ceria (CeO2) and yttria-stabilized zirconia (YSZ, Zr1−𝑥Y𝑥O2−𝑦). Perovskites
(𝐴𝐵 O3, 𝐴 = larger cation 12-CN and 𝐵 = smaller cation 8-CN) have also been ex-
tensively investigated and display effective O2− conduction. The most established
perovskite material are based on LaGaO3. La1−𝑥Sr𝑥Ga1−𝑦Mg𝑦O3−𝛿 (LSGM) was
demonstrated to be an effective O2− conductor and found to have higher conductivity
than fluorite materials at intermediate temperatures (650-800 °C).[43, 44]

Recently, the search for potential SSE for multivalent ion batteries, with ionic con-
ductivities on par with liquid electrolytes and the best performing superionic Li+

conductors (≥ 10−2 S cm−1) has reinvigorated research efforts to find novel elec-
tronically insulating solids that are capable of conducting multivalent ions at RT.
To date, a limited number of materials with multivalent ion conductivity near am-
bient temperatures have been reported including the spinel MgSc2Se4,[45] several
derivations of Mg(BH4)(NH2),[46–52] MgAl2𝑋8 (𝑋= Cl, Br),[53] and ZnPS3.[54]
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The properties that enable ambient temperature multivalent conductivity in these
materials will be dissected and discussed in detail later. However, superionic con-
duction of multivalent ions at ambient temperature has yet to be observed. Figure 2.2

Em

migration path 

E

initial final 

(a) (b)

M2+

Li+
M2+

Figure 2.2: A comparative illustration of potential energy landscapes along the mi-
gration pathway of (a) multivalent ions (orange) vs. Li+ ions (blue) in established
Li+ conducting structures, and (b) multivalent ions in structures optimized to dimin-
ish the strong electrostatic interactions between multivalent cations and the anion
sublattice (red) – e.g. through widening of the bottleneck using flexible polyanions.

illustrates that even in structure types that display superionic Li+ conductivity, mul-
tivalent ions are subject to high migration barriers due to the stronger electrostatic
interactions with neighboring ions. Instead of imposing design rules for superi-
onic Li+ conductions, the identification or development of superionic multivalent
conductors will require structures to be optimized for facile multivalent ion conduc-
tion through the mitigation of the strong interactions. Such an optimization of the
structure will lead to significantly reduced migration energy, 𝐸𝑚, for multivalent
ionic conduction (Figure 2.2b). Therefore, in this perspective we aim to tackle the
challenge of achieving fast solid state multivalent ion conduction by establishing
a clear, fundamental understanding of the factors that play a crucial role in solid
state multivalent conduction, and how those factors can be leveraged to create an
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optimized environment for multivalent conduction. We will begin by reviewing the
principles of solid state ionic conduction with a focus on multivalent ions. We then
evaluate the suitability and highlight the shortcomings of extending common char-
acterization techniques that are used to understand ionics in monovalent systems to
novel multivalent ion systems. Following this, we analyze and compare factors that
enable multivalent ion conduction in reported cathodes, high temperature multiva-
lent anion and cation conductors, and novel SSE candidates. We first highlight the
impact of screening the dense charge of multivalent ions, via electrons or molecules
like H2O. Then, we detail relevant structural effects on multivalent ionics, such as
preferable structure types, polarizability of the anion sublattice, coordination envi-
ronment, and structural flexibility (in the form of medium–long range disorder or
flexible sublattice components). The discussion will conclude by outlining several
potential structural pitfalls that can decrease the efficiency of multivalent mobility
in solids. The ultimate goal is to provide a concise outlook to guide the discovery
and analysis of solids with high multivalent ionic conductivity.

2.3 Fundamentals of Solid State Ionic Conduction
To gain insight into ionic conduction and diffusion of multivalent ions in solids,
it is essential to review the fundamentals of solid state ionics. The principles of
solid state ionics can then be extended to account for the specific characteristics of
multivalent ions vs. monovalent ions.

In general, the conductivity of a material is defined as:

𝜎 =
∑︁
𝑖

𝑛𝑖𝑞𝑖𝜇𝑖 (2.1)

where 𝜎 is the conductivity, 𝑛𝑖 is the concentration of a given charge carrier, 𝑞𝑖
is the charge of that carrier, and 𝜇𝑖 is the mobility of the charge carrier in the
material, which describes the ability of the ion to move through the solid. Right
away we encounter the first instance of 𝑞𝑖. In this case, divalent charge carriers have
an advantage over their monovalent equivalents because they produce double the
current for each ion.

For ionic conduction, the Einstein relation relates the mobility, 𝜇, to the diffusivity,
𝐷𝜎, of the charge carrying species:
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𝜇 =
𝑞𝐷𝜎

𝑘𝑇
(2.2)

where k is the Boltzmann constant and T is temperature. 𝐷𝜎 is the macroscopic
long-range diffusivity, often called the diffusion coefficient.

It is important to note that diffusion refers to transport of particles due to a concentra-
tion gradient. Another mass transport mechanism at play in a solid state electrolyte
is migration, which refers to the transport of charged particles in an electric field.
The kinetics of the net migration of charged particles under an applied potential
gradient is described by 𝐷𝜎. In that way, it can be understood as the diffusivity
of the entire collection of mobile ions, as if that collection was a single particle.
Thus, 𝐷𝜎 is different than diffusion coefficients which describe diffusion that oc-
curs at equilibrium. The first such diffusion coefficient, 𝐷𝑟 is the random diffusion
coefficient, which can appropriately model microscopic ionic diffusion at the dilute
concentration limit. 𝐷𝑟 can be calculated using a random walk approach:

𝐷𝑟 =
〈𝑅2

𝑛〉
𝑏𝑡𝑛

=
𝛼2𝜈

𝑏
(2.3)

where 𝑅2
𝑛 is the total displacement in 𝑛 steps, 𝑏 is a geometric factor to quantify

the number of available neighboring sites (2, 4, 6 for 1D, 2D, 3D respectively), 𝑡𝑛
is the time taken to complete 𝑛 steps, 𝛼 is the jump distance and 𝜈 is the successful
jump frequency. The second relevant equilibrium diffusion coefficient, 𝐷∗ is the
tracer or self-diffusion coefficient. 𝐷∗ is a measure of the diffusivity of an ion in
a chemically homogeneous material with no chemical potential gradient, and is the
diffusivity used as the constant of proportionality in Fick’s First Law.[55, 56]

Often it can be difficult to experimentally measure 𝐷𝜎 due to a lack of precise
knowledge of the charge carrier concentration, 𝑛, although decent estimates can
be made.[57] However, 𝐷𝜎 can be related to 𝐷𝑟 and 𝐷∗ which are more easily
measurable quantities. The relationship between the different diffusion coefficients
will be explained in the following discussion focusing on vacancy mediated diffusion.

The vacancy mediated diffusion model is the most general solid state diffusion
mechanism that is simple enough to be quantitatively modeled. In the vacancy
mediated mechanism, charge is conducted across the material by the charge carrier
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(ions) exchanging positions with an adjacent vacancy. Every solid state material
contains some amount of intrinsic vacancies because the inclusion of such vacancies
decreases the free energy of a perfect vacancy-free crystal.

The diffusivity, 𝐷∗ within the vacancy–mediated diffusion model can be defined as
follows;[56, 58]

𝐷∗ = 𝑓 𝛼2
0𝑥

𝑜
𝑉𝜈 = 𝑓 𝛼2

0𝜈0𝑒𝑥𝑝

(
−Δ𝐺𝑀

𝑘𝑇

)
𝑒𝑥𝑝

(
−Δ𝐺𝑉

𝑘𝑇

)
(2.4)

where 𝑓 (≤ 1) is a correlation coefficient, which accounts for the correlation between
successive jumps, i. e. the measure of randomness of successive jumps. The
inclusion of 𝑓 differentiates 𝐷∗ from 𝐷𝑟 , and they are related by the equation
𝑓 = 𝐷∗

𝐷𝑟
. When diffusion is completely random and uncorrelated, 𝑓 =1. 𝛼0 is the

jump distance in the assumed direction of migration. 𝜈 is the successful jump rate
or rate of exchange of the atom and the adjacent vacancy. 𝜈 can be expanded in
terms of the attempt frequency 𝜈0 and the statistical description for the portion of
atoms with enough energy to successfully move from its lattice site to the adjacent
vacancy, given by 𝑒𝑥𝑝

(
−Δ𝐺𝑀

𝑘𝑇

)
where Δ𝐺𝑀 is the free energy associated with the

formation of an activated complex (transition state). Finally, 𝑥0
𝑉

is the equilibrium
concentration of vacancies, which represents the probability that an adjacent vacant
site is available. As such, the concentration of vacancies in the material, as opposed
to the charge carrying ion, limits long-range percolation, and is functionally the
carrier concentration. It can be shown that 𝑥0

𝑉
is given by 𝑒𝑥𝑝

(
−Δ𝐺𝑉

𝑘𝑇

)
where Δ𝐺𝑉

is the free energy change per vacancy.
Furthermore, 𝐷∗ can then be related to 𝐷𝜎 through the Haven ratio 𝐻𝑅 (𝐻𝑅 = 𝐷∗

𝐷𝜎
).

𝐻𝑅, like 𝑓 , serves as an indication of correlated effects. Many factors affect 𝐻𝑅,
and there is a lack of a general straightforward physical meaning.[56] However,
ionic interactions were not considered in the derivation of the Einstein relation
(equation 2.2), thus 𝐻𝑅 can be associated with deviations from the assumption
that multi-ion interactions can be ignored.[56, 59] Additionally, 𝐻𝑅 can be used
to obtain information about the mechanism of diffusion.[57, 60–62] Combining
equations 2.1–2.4 and using the relationship between the various diffusivities, one
can obtain an expression for vacancy mediated conductivity in a lattice:
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𝜎 =
𝑓

𝐻𝑅

(
𝛼2

0𝜈0𝑛𝑞
2

𝑘𝑇

)
𝑒𝑥𝑝

(
Δ𝑆𝑀 + Δ𝑆𝑉

𝑘

)
𝑒𝑥𝑝

(
−Δ𝐻𝑀 + Δ𝐻𝑉

𝑘𝑇

)
=
𝜎0
𝑇
𝑒𝑥𝑝

(
−𝐸𝑎

𝑘𝑇

)
.

(2.5)

In which the free energies are expanded into the respective entropic (Δ𝑆) and
enthalpic (Δ𝐻) terms using Δ𝐺 = Δ𝐻 − 𝑇Δ𝑆. The enthalpic terms are collectively
represented as the activation energy, 𝐸𝑎. From equation 2.5, it is clear that the
vacancy mediated conductivity of a solid material follows an Arrhenius relationship,
the prefactor 𝜎0 is used for simplicity.

This analysis elucidates some of the general requirements for a material to exhibit
high ionic conductivity:

• The activation energy, 𝐸𝑎 should be low. This is especially important for
multivalent ionics, as the high charge density of the mobile ion results in an
increased electrostatic interaction with the anion sublattice and consequently,
a high 𝐸𝑎. Computational studies from Rong et al. suggest that for adequate
battery operation 𝐸𝑎 for intercalation cathodes should be at most ∼525 meV
for micron sized particles and ∼650 meV for nanosized particles.[28] Addi-
tionally, the activation energy of several fast Li-conductors such as LISICON
(∼200-500 meV) and garnets (∼400-500 meV) reside in this range, thus an
𝐸𝑎 ≤ 500 meV is likely promising for multivalent solid state electrolyte can-
didates. [22, 63] In superionic conductors the free energy of defect formation
(Δ𝐺𝑉 ) is often negligible and therefore the measured activation energy cor-
responds solely to the Δ𝐻𝑀 (=𝐸𝑚).[64–66] However, the contribution of the
vacancy formation energy to the 𝐸𝑎 can have a significant effect, especially in
materials without extrinsic defects.[23, 65, 67, 68]

• The concentration of carriers must be high. In a vacancy mediated conduction
mechanism, the charge carriers are functionally the vacancies. Although
multivalent ions can supply equivalent charge to monovalent ions with a
fraction of the charge carriers, since the successful jump rate of multivalent
ions is lower due to the stronger electrostatic interactions and the higher 𝐸𝑚

that results, maximizing the number of available sites for multivalent ions to
jump into will be essential for significant long-range conduction. Intrinsic
vacancies are formed as Frenkel or Schottkey defects, the concentration of
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which are temperature dependent, and may be too low at ambient temperature
to elicit meaningful bulk conduction.[69] Aliovalent substitution is generally
used to create a stoichiometric amount of vacancies. This extrinsic carrier
concentration is much greater than the intrinsic value at ambient temperatures
and has been shown in Li conductors to increase the conductivity by several
orders of magnitude (up to 7 in extreme cases).[68]

• The prefactor, 𝜎0 should be high. In addition to the carrier concentration, this
is most easily affected by the attempt frequency (𝜈0) and the migration entropy
(Δ𝑆𝑀). 𝜈0 and (Δ𝑆𝑀) are both associated with the vibrational frequencies of
the ion in the lattice site.[23, 65, 70] Notably, 𝜎0 and 𝐸𝑎 are related by
the Meyer–Nedel (MN) law, which states that for an Arrhenius relationship
(like equation 2.5) as 𝐸𝑎 varies, 𝜎0 responds in accordance with the relation,
𝑙𝑛𝜎0 = 𝑎 + 𝑏𝐸𝑎. Therefore, attempts to reduce the 𝐸𝑎– such as using a
softer, more polarizable anion lattice (discussed later in detail)– also result in
a decrease in 𝜎0.[68, 71–73] Thus, when trying to increase multivalent ionic
conduction, one must ensure that the benefit of the decrease in 𝐸𝑎 is greater
than the cost of the decrease in 𝜎0, which is often assumed to be the case, but
is not guaranteed.[71, 74, 75] A recent study by Gao et al. discusses in detail
how the MN energy (Δ0, the reciprocal of 𝑎 in the MN law) can be determined
and used to predict if increasing or decreasing 𝐸𝑎 will result in an increase in
conductivity of a material at a given temperature. This appears to be a more
considerate approach compared to simply seeking low activation energy, but
the authors highlight that understanding the physical meaning of Δ0 is key to
advancing design principles developed through this approach.[76]

In addition to vacancy mediated diffusion, other more complex mechanisms have
been proposed to be responsible for transport of ions through a solid. The transport
mechanisms are shown pictorially in Figure 2.3. These include:

• The interstitial mechanism in which atoms that occupy interstitial positions
in the lattice can diffuse normally without occupying lattice sites. Thus, the
vacancy concentration does not limit the charge carrier concentration.

• The interstitialcy mechanism in which atoms that initially occupy interstitial
sites diffuse into an occupied lattice site and push the atom from that lattice
site into another interstitial position. 𝛽-Alumina is an example of a material in
which diffusion occurs through an interstitalcy mechanism. The interstitialcy
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mechanism is an example of concerted ion migration model in which multiple
ions hop simultaneously along neighboring occupied sites triggering jumps
in a series of ions. The concerted mechanism has been suggested to be at the
origin of fast ionic diffusion in many superionic conductors. [77]

• The paddlewheel mechanism in which correlated polyanion rotation is sug-
gested to facilitate high cationic conductivity. The paddlewheel mechanism
has generally been observed especially in high volume crystalline phases that
are stabilized at high temperatures, or in glassy, disordered materials. [78]

2.4 Complications with Established Characterization Techniques
Combining multiple characterization techniques has been evinced to overcome their
individual limitations and time scale sensitivities, and thus enables the determina-
tion of the magnitude and and governing mechanisms of ionic conductivity and
diffusivity in solids. In electronically insulating solids, electrochemical impedance
spectroscopy (EIS) is often used to determine 𝜎 and 𝐸𝑎, while pulse field gradient
(PFG) nuclear magnetic resonance (NMR) is used to directly measure 𝐷∗. Tech-
niques that probe microscopic physical characteristics of diffusion, such as variable
temperature (VT) NMR (capable of spanning a large range of time scales 100ps –
100s) and NMR relaxometry (most readily probes fast local motion in 100 – 1 ns
range), provide insight into the jump rate and thus enable the calculation of 𝐷𝑟 .
Additionally, muon spin relaxation (𝜇SR) spectroscopy and Quasielastic Neutron
Scattering (QENS) (probe 100𝜇s–ps and 10 ns–ps range, respectively) have also
been utilized to determine hopping rates and estimate 𝐷𝑟 in Li+ and Na+ solid state
conductors.[79, 80] In electronically conducting materials that serve as intercalation
cathodes, galvanostatic (or potentiostatic) intermittent titration technique (GITT) has
been used to determine 𝐷𝜎. The fundamentals of these techniques are discussed at
length in other reviews.[56, 60, 81–84] This perspective will briefly discuss some of
the limitations associated with these techniques and challenges related to extending
them to multivalent ionic systems.

Although EIS is widely used to determine the ionic conductivity and 𝐸𝑎 of long-
range diffusion in solids, EIS-derived conductivity values are known to be highly
dependent on processing and measurement conditions. A recent inter-laboratory
study highlighted the effect of stack pressure, pellet density, pelletizing pressure,
contacting material and deposition method, measurement temperature, and fre-
quency ranges on the resulting conductivity and showed that conductivity values
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Figure 2.3: Illustrations of solid state ionic diffusion mechanisms: (a) vacancy
mediated — the ion jumps from a lattice site to a neighboring, unoccupied lattice site,
(b) direct interstitial — the ion jumps from a lattice site to an unoccupied neighboring
interstitial, (c) interstitialcy — a concerted mechanism in which an ion jumps
from a lattice site into an interstitial site which was previously occupied pushing
the interstitial ion into a neighboring vacant lattice site, and (d) the paddlewheel
mechanism — the rotation of polyanion species facilitates the jump of an ion from
a lattice site to a vacant neighboring site.

for the same material vary up to an order of magnitude and 𝐸𝑎 up to ∼ 100 meV
among different research groups.[85] Other variables that significantly impact ex-
perimentally measured conductivity include pre-measurement sintering time and
temperature, measurement atmosphere, grain size, and induced disorder (controlled
by ball milling).[57, 86–88] Therefore, it is imperative that material preparation
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and measurement conditions are meticulously reported to enable meaningful com-
parisons across materials and research groups. This is especially crucial as more
multivalent ion conductors are explored, given the scarcity of literature in the field.

Additionally, quantitative analysis of EIS entails fitting the obtained data to an
equivalent circuit. The application of different equivalent circuit models to the same
system is possible and results in different interpretations of the ionics. For instance,
the studies on MgSc2Se4 have assigned both ionic and electronic contributions to
the observed Nyquist plots.[45, 89] Fundamentally, features in the Nyquist plot can
be attributed to corresponding processes in a material through the consideration
of the capacitance value of a given feature.[81] Several reports attribute the high
frequency intercept in the Nyquist plot to the bulk conductivity in multivalent
systems. Although the intercept of the high frequency feature can fundamentally
be associated with bulk conductivity in materials with high conductivity, it should
not be assumed to correspond to the bulk conductivity without evidence. Low
temperature measurements or variation of cell constant should be performed to
resolve the high frequency feature to provide more confidence about its origin.

Due to the susceptibility of EIS results to measurement or interpretation error, NMR
techniques are often used to corroborate the 𝐸𝑎 and obtain information about the
relevant diffusivity for Li+ SSEs. Unfortunately, the multivalent ions of interest
are all both quadrupolar and have relatively low relative abundances (besides Al)
— the NMR active nuclei 25Mg 27Al 43Ca and 67Zn have abundances of 10.13,
100, 0.135, and 4.1, respectively. The quadrupolar interactions cause potentially
rapid spin-lattice (T1) and spin-spin (T2) relaxation and significant quadrupolar
broadening of the peaks. The quadrupolar broadening can easily convolute motional
narrowing studies. Therefore, NMR spectroscopy of such nuclei is significantly
more difficult to perform than that of nuclei with spin 1/2. Additional challenges
associated with low signal due to the low abundance of the relevant isotopes, often
necessitate make expensive isotopic enrichment. Although 6Li and 7Li are also
quadrupolar, they exhibit small quadrupolar coupling and can be treated as fictitious
spin 1/2 systems. Thus, before information about diffusivity or 𝐸𝑎 can be inferred
from NMR studies on multivalent ions, it is vital to understand the quadrupolar
effects in a given material especially if the line width and relaxations are being
investigated. Mathematical models that can extract mobility information from NMR
measurements of quadrupolar nuclei exist. However, significantly lower signal
sensitivity of multivalent nuclei renders it difficult to obtain data of sufficient quality
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Element incoherent neutron scattering cross-section (barns)
1H 80.27
6Li 0.46
7Li 0.78

23Na 1.610
25Mg 0.28
27Al 0.0082
43Ca 0.31
67Zn 7.18

Table 2.1: A comparison of the incoherent neutron scattering cross-section of
relevant elements.

to apply such models without the use of magnetic fields higher than those commonly
present in most laboratories. Similarly, PFG techniques are in principle possible in
suitable materials, but have yet to be employed and require a very high field magnet,
a strong field gradient probe, and isotopic enrichment.

The potential effectiveness of 𝜇SR, is similar to that of NMR techniques as it
requires the nuclei of the ion of interest to have both a magnetic moment and high
abundance. However, advantages of 𝜇SR over NMR techniques are the ease of
separating the effect of paramagnetic ions, and the smaller consequence of studying
quadrupolar nuclei. Of the multivalent ions of interest, Mg2+ can be studied using
𝜇SR but the signal may be hard to resolve. Ca2+ and Zn2+ conductors would need
to be isotopically enriched to enable the potential of 𝜇SR studies.[84] QENS has
been most successfully employed to study diffusion in H+ conductors. Incoherent
neutron scattering is essential to the collection of QENS spectra, and the incoherent
neutron scattering cross-section of H is significantly larger than that of other relevant
elements. The incoherent neutron scattering cross-section of relevant elements is
shown in Table 2.1.[90]

Due to the low incoherent scattering cross-section and high neutron absorptivity of
6Li, 7Li enrichment is needed to obtain high quality QENS measurements. These
measurements require significant data collection times and several grams of sample.
Application of QENS to multivalent ion systems is likely hindered by the need for
expensive enrichment, large sample size, and experimental time requirements.

GITT has been used to investigate the ionic diffusivity in electronically conductive
materials that have been studied as intercalation cathodes. GITT probes a chemical
diffusion coefficient akin to 𝐷𝜎 as the ions are diffusing in the cathode material
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under the application of an external potential. In GITT experiments, the character-
istic diffusion time is directly probed, and then 𝐷𝜎 is calculated with knowledge
of the 1D diffusion length. [83] Studies have suggested that extension of this the-
ory to 3D particles produces erroneous results, due to the lack of consideration for
finite heterogeneous kinetics in the initial derivation,[91] and incorrect analytical
assumptions. The commonly applied analysis of GITT is based on ideal diffusion
(i.e., Fick’s Laws) when it should be based upon transport driven by potential gradi-
ents instead of concentration gradients.[92] Additionally, GITT is usually measured
on a composite electrode containing conductive carbon additives and binders. The
relaxation dynamics measured pertain to the entire system, and thus could include
relaxation dynamics associated with the tortuous network imposed by the compos-
ite electrode. Nonetheless, the use of GITT to determine 𝐷 is commonplace in the
field. It should be noted that calculation of 𝐷 requires numerous assumptions, and
the results for Li+ diffusivity have been shown to vary by orders of magnitudes for
identical materials.[92, 93] In these studies, the large variation in results is likely
due to the underestimation of surface area of the electrode particles, which can
drastically inflate the calculated 𝐷 value. Therefore, careful determination of the
surface area is critical to facilitate comparison across different materials.[94] Addi-
tionally, care must be taken to ensure that there are no other processes in the cell
that could be contributing to the overpotential and convoluting the calculation of
the diffusivity.[93] Importantly, the complications and limitations of GITT-derived
diffusivity analysis extend to multivalent systems.

In light of the difficulty associated with extending the common techniques used to
study solid state ionics to multivalent systems, it is clear that new characterization
techniques tailored to multivalent ions need to be developed as the field matures.
Currently, since GITT cannot be applied to electronically insulating materials, EIS
is the only technique that is particularly suitable for routine investigation of elec-
tronically insulating multivalent ionic conductors. NMR techniques that investigate
microscopic diffusion may be applied to Mg2+ systems relatively effectively if the
quadrupolar interactions are understood and accounted for. The development and
implementation of PFG techniques to probe long-range dynamics would be invalu-
able for characterization of multivalent ionic conductors. In Zn2+ and Ca2+ systems,
the isolation of EIS as the sole conductivity characterization method not only leaves
a cloud of doubt over the findings, but also precludes the ability to elucidate the con-
duction mechanism. Computational methods, such as nudged elastic band (NEB)
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calculations, can be used to hypothesize the mechanism, though experimental veri-
fication would be ideal.

2.5 The Effect of Screening Charge-Dense Multivalent Ions
The charge density of multivalent ions is frequently cited as a critical factor re-
sponsible for the observed sluggish solid state diffusion. Therefore, one method to
increase the mobility of multivalent ions in solids is through screening the charge of
the ions, to weaken the Coulombic interactions with the host lattice and with other
immobile ions.

Electronic Screening
Screening of the charge-dense multivalent ion by mobile electrons likely contributes
to the successful demonstration of ambient temperature multivalent ion intercalation
(mostly Mg2+ and Zn2+) in some cathode materials with high electronic conductivity.
Many reports of multivalent ion intercalation into cathode materials (especially
transition metal oxides) are over-reliant on observed capacity as the indication of
intercalated Mg2+, when the capacity can often be accounted for by parasitic side
reactions or proton intercalation. We direct interested readers to the following critical
reviews which discuss reports that have sufficiently proven Mg2+ intercalation in
metal oxide cathodes, and the experimental procedures necessary to do so.[26, 95].
Concrete examples of reversible, electrochemical insertion of multivalent ion into
solid lattices are limited. Thus, analyzing successful demonstrations of intercalation
cathode materials can afford us valuable insight into solid state multivalent ion
diffusion.

The seminal example of multivalent intercalation is the Chevrel phase (Mo6S8)
reported in 2000 by Aurbach et al. [96] Reversible intercalation of up to two equiva-
lents of Mg2+ was achieved in Mo6S8 at slightly elevated temperatures (60 °C).[96]
Unlike the close-packed anion sublattice in commercialized Li-ion battery cathodes,
the structure of the Chevrel phase is comprised of clusters. It contains Mo6T8 blocks
(T = S, Se, Te) with the eight T atoms forming a cube in which the six Mo, one on
each of the cube faces, form an octahedron. The first equivalent of intercalated ions
occupies one of six of the "inner-sites" located farthest away from the Mo atoms, in
cavities at the corner of the Mo6S8 cubes. The second equivalent occupies one of
six of the "outer-sites," which are located within the cavity along the edges of the
Mo6T8 cubes.
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The high Mg2+ mobility in the Chevrel phase is attributed to its unique ability to
redistribute the ions’ charge, which can successfully mitigate the strong Mg-anion
attraction or Mg-cation repulsion that is normally associated with charge-dense
multivalent ions.[97] The electrostatic charge of the mobile ions in cathodes during
intercalation is compensated by a change in oxidation state of the host cations. An
obvious barrier to facile multivalent ion intercalation stems from the inability of
many transition metals to undergo electrochemical processes that involve multiple
electron transfers without drastic local structure changes. Levi et al. proposed that
the Chevrel phase is able to facilitate fast Mg2+ (and other multivalent ion) insertion
and diffusion because the Mo6S8 clusters act as a single entity in which the Mo6
octahedron can accommodate, and share, up to four additional electrons. Follow-up
computational work by Thole et al. and subsequent experimental verification using
ex situ X-ray absorption near edge spectroscopy (XANES) by Wan et al. suggest
that the Mo6 clusters do not actually change their formal oxidation state, but rather
that the S atoms closest to the Mg2+ ions are the redox center and become electron
enriched.[98, 99] Additionally, the calculations suggest that pristine Mo6S8 displays
metallic behavior, until it undergoes a metal-semiconductor transition upon interca-
lation of two eq. of Mg2+. Recently a study by Yu et al., debated the interpretation
of the XANES results but agreed that there is redistribution of the charge on the
S atoms during initial intercalation.[100] Regardless, these studies suggest that the
metallic nature of the pristine material, and the delocalization of electron density
across the neighboring S enable highly localized electronic screening of the charge-
dense multivalent ions, facilitating the uniquely high multivalent ion mobility in the
Chevrel phase.

The other notable material in which reversible Mg2+ intercalation has been achieved
is the spinel phase c−Ti2S4. c−Ti2S4 can reversibly intercalate ∼0.84 equivalents
of Mg2+ into the lattice at 60 °C. Energy-dispersive X-ray spectroscopy (EDS) and
Rietveld refinement of the X-ray diffraction (XRD) data were used to confirm Mg2+

intercalation was responsible for the observed capacity.[101] The important role
of electronic screening was elucidated by a subsequent study by Bonnick et al., in
which c−Zr2S4 was shown to only support intercalation of up to 0.6 Mg2+ at 60
°C. Intercalation was confirmed by XRD, EDS, electron energy loss spectroscopy
(EELS), and scanning transmission electron microscopy (STEM).[102] Despite the
larger lattice dimensions of Zr2S4 vs. Ti2S4 (𝑎 = 10.356 vs. 9.776), 𝐷𝑀𝑔 is
∼one order of magnitude lower in Zr2S4 across the entire intercalation composition
range. The lower mobility of Mg2+ in c−Zr2S4 was a consequence of less electronic
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shielding in c−Zr2S4, as conductivity of c−Zr2S4 four orders of magnitude lower
than that of c−Ti2S4 .

Additionally, Mg2+ intercalation and diffusion into layered TiS2 at 60 °C has also
been demonstrated, again confirmed by XRD and EDS.[103] Computational results
suggest that 𝐸𝑚 in the layered TiS2 is 1.16 eV, whereas it is 0.86 eV in c−Ti2S4. The
difference in 𝐸𝑚 has been attributed to the ability of the spinel phase to better redis-
tribute the electron density over more Ti–S bonds than in the layered material.[104]
Thus, the ability to screen the high charge of the multivalent ions with mobile elec-
trons may be beneficial for high mobility in these systems, though its absence may
not preclude conductivity. However, so far the realization multivalent ionic conduc-
tivity in electronically insulating solids has be limited. The thiospinel MgSc2Se4 has
shown the highest reported electrochemical impedance spectroscopy (EIS)-derived
Mg2+ conductivity at RT of any SSE candidate (10−4 S cm−1), accompanied by a
low 𝐸𝑎 (200 ± 40 (EIS) 380 ± 90 (25Mg MAS NMR)). However, MgSc2Se4 also
has a significant electronic conductivity(∼10−6 S cm−1) which convolutes the EIS
results. Although the fast ionic mobility in MgSc2Se4 has been largely attributed to
structural factors, which will be discussed later in detail, the role of charge screening
by the significant electronic conductivity cannot be ignored.

Solvent Screening
It has also been hypothesized that charge screening can be accomplished by molecules
like water, either structural water coordinated to the material or water that is directly
solvating the multivalent cation. Most instances of water-screened multivalent ion
intercalation have been reported in layered transition metal oxides, in which multiva-
lent ion kinetics have been notoriously sluggish. Critically, having even a minuscule
amount of water in the system can produce H+ that diffuse much easier than multiva-
lent ions and could be responsible for the electrochemical measurements observed.
Therefore, it is essential to either prove that multivalent ions are intercalated and/or
diffusing in the solid, or decouple the contribution of the multivalent ions from that
of H+. The studies with sufficient evidence to corroborate multivalent ion inter-
calation pertain to various phases of MnO2. Structural water and additive water
to the non-aqueous electrolyte in 𝛿-MnO2 (birnessite) were shown to successfully
facilitate the intercalation of Mg2+. The presence of water decreases the desolvation
energy via intercalation of hydrated Mg2+ ions, enhances the structural stability,
and screens strong coulombic interactions.[105] Another study reports that adding
water to Mg(ClO4)2 in propylene carbonate (PC) electrolytes appeared to help the
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intercalation of Mg2+ in MnO2 (phase not given) from 0.18 to 0.69 equivalents.[106]
Reports have also suggested the possibility of H2O-supported Ca2+ intercalation into
K0.31MnO2·0.25 H2O, although Ca2+ can only account for 60% of the capacity.[107]
The studies of H2O supported intercalation of multivalent ions into vanadium ox-
ides are plentiful, but often lacking sufficient evidence to prove multivalent ion
insertion. Several reports have shown that the capacity is most likely due to H+

intercalation.[108, 109]

Notably, recent studies have provided conclusive evidence for increased Li+ mo-
bility in a Li2Sn2S5 SSE as a result of charge screening by added water.[110] In
a similar vein, investigations by our group, which is in preparation, suggest that
Zn2+ conduction can potentially be significantly improved by hydration of ZnPS3.
Therefore, screening coulombic interactions of charge-dense multivalent ions with
H2O, or potentially other solvents in a non-aqueous environment, is a promising
pathway to enhance ambient temperature multivalent ion conduction in electroni-
cally insulating solid. In lieu of applicable NMR techniques, data to support that
hydration enhances multivalent ion conduction in hydrated solids could be found in
the form of transference number measurements,[111–114] and metal deposition and
stripping experiments, although neither is flawless or conclusive. Therefore, the de-
velopment of simple methods to conclusively decouple multivalent ion conduction
from H+ conduction in systems with added water will be crucial to understand and
develop water-assisted multivalent ion conducting electronically insulating solids.

2.6 Structural Effects on Multivalent Ion Conduction
In addition to enabling high mobility through screening of the multivalent ion charge,
several structural factors can mitigate the strong coulombic interactions experienced
by multivalent ions. In the following sections we will detail the benefits of certain
crystal structures, the effect of polarizability of the anion sublattice, the coordination
site preference of multivalent ions, and structural flexibility.

Favorable Structural Types
Open Structures with Large Bottlenecks

Certain crystal structures and structural motifs tend to reoccur consistently in ma-
terials that exhibit high ionic conductivity. In general, a material with an extensive
interconnected 3D conduction pathways is better equipped to support long-range
ionic diffusion. 2D or 1D pathways are more easily blocked by impurity atoms
or antisite defects which can greatly impede long-range migration.[115] Addition-
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ally, the bottleneck size in the diffusion channel directly influences the strength of
coulombic interactions and thus the diffusion of the mobile ion.[24]. For exam-
ple, "open" structures like the NASICON compounds contain a subarray of corner
sharing (rather than edge sharing) ZrO6 and PO4 polyhedra, which facilitates 3D
conduction channels with wide bottlenecks. Widening of the bottleneck has been
shown to improve multivalent ion conductivity. Figure 2.4 illustrates the conduction
pathway in a stereotypical NASICON structure, as well as how substitution of the
immobile cations in the lattice for a larger cation can widen the bottleneck and
decrease the 𝐸𝑚.

(a) (b)

sublattice anion
mobile cation
immobile cation

substituted cation
polyanion component

migration bottleneck

Figure 2.4: (a) An illustration of the diffusion pathway in NASICON materials with
the triangular bottlenecks highlighted. (b) Widening of the migration bottleneck
after substitution of an immobile cation for a larger cation.
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In the fluorite O2− conductors, the larger ionic radius of Ce4+ (0.97 Å) than that
of Zr4+ (0.84 Å) results in a more open structure of ceria vs. YSZ and a larger
bottleneck. This culminates in ∼one order of magnitude higher ionic conductivity
of ceria than YSZ under similar dopant and temperature conditions.[116] Similarly
Mg2+ conduction in the NASICON derivatives is higher in a HfNb(PO4)3 based
material than in a Zr2(PO4)3 based material, at least in part due to the expansion of
the conduction pathway.[117]

Layered vs. Spinel Structures – Mitigation of Cation-Cation Repulsion

Although layered structures are prominent Li+ conductors, they do not appear to
support facile multivalent ion transport in the interlayer as previously discussed
in regards to TiS2. Calculations have suggested that widening the layer spacing
will significantly reduce the migration barriers of multivalent intercalation in lay-
ered TiS2 by ∼ 50%, due to the widening of the triangular face of the diffusion
pathway.[104] Similarly, poly(ethylene oxide) (PEO) was inserted in layered MoS2
to increase the interlayer spacing from 0.615 nm to 1.45 nm. The substantial in-
crease in layer spacing was hypothesized to allow the Mg2+ to coordinate strongly
to just one side of the interlayer, effectively acting as an ion on a monolayer sheet
of MoS2. Calculations suggest such an increase in layer spacing would result in
the decrease of 𝐸𝑚 from 2.61 eV in bulk MoS2,[118] to 0.48-0.22 eV (not verified
experimentally).[118, 119] The authors experimentally realized a dramatic 200%
increase in capacity in the material with widened layers.[119] However, conclusive
evidence that the capacity was a result of solely Mg2+ intercalation was not pro-
vided. Nonetheless, this remains a viable avenue to decrease the migration barriers
of multivalent ions in layered materials. Interestingly, even though ZnPS3 is a lay-
ered material, conduction of Zn +

2 occurs within the metal layer and not through
conduction of interstitial defects in the 0.31 nm van der Waals gap.[54] The forma-
tion energy of an interstitial defect is high, over 1 eV, likely preventing interstitial
stabilization and interlayer conduction.[54]

Unlike layered materials, spinel structures appear among the limited reports of
multivalent ion conduction.[45, 101, 120] The spinel structure lends itself towards
the potential of high mobility of multivalent ions due to the 3D conduction channels
and the relatively large distance between the cation in the transition state and the
neighboring cations compared to other crystal structures.[97]. Figure 2.5 illustrates
the distance between the mobile ion in the activated state and the nearest immobile
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cation in a layered structure (∼2.0 Å) vs. that of a spinel structure (∼2.85 Å) – based
on the distances of layered LiCoO2 and spinel LiCo2O4. Thus, utilizing structure
types that inherently mitigate cation-cation repulsion may be crucial to enabling
ambient temperature multivalent conduction.

2 Å

(b)

2.85 Å

(a)

sublattice anion

mobile cation in
transition state

immobile cation

Figure 2.5: An illustration of the distance between the mobile ion in the activated
state and the nearest immobile cation in (a) a spinel structure (∼2.85 Å) vs. that of
an activated mobile ion in (b) a layered structure (∼2.0 Å) in which case the mobile
ion experiences a greater electrostatic repulsion.

A study by Bonnick et al., highlights the significant impact of cation-cation repul-
sion on multivalent ion conduction by comparing the diffusion of Li+ and Mg2+ in
c−Ti2S4. This study demonstrated that initially 𝐷𝐿𝑖 and 𝐷𝑀𝑔 were very similar at
∼10−8 cm2s−1. 𝐷𝐿𝑖 remains relatively constant until ∼1.6 Li+ equivalents are inter-
calated. However, after ∼0.2 equivalents of Mg2+ are intercalated, 𝐷𝑀𝑔 decreases
by ∼one order of magnitude. After ∼0.55 equivalents of Mg2+ are intercalated,
𝐷𝑀𝑔 decreases further until it reaches ∼10−12 cm2s−1 at the end of discharge (𝐸𝑚

increases from ≤550 meV to ∼ 850 meV).[101, 121] It should be noted that these
diffusion coefficients were calculated by GITT measurements and, as previously dis-
cussed, it is known that lack of accurate measurement of surface area of the electrode
particles can inflate these values.[94] Nonetheless, analysis of the trends is useful.
The initial parity of 𝐷𝐿𝑖 and 𝐷𝑀𝑔 followed by the difference of several orders of
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magnitude of 𝐷𝑀𝑔 at higher intercalation values highlight the considerable impact
of cation-cation repulsion in multivalent ion diffusion. The coulombic repulsion is
more detrimental to multivalent ions due to the stronger electrostatic interactions
between them, resulting in large increases in 𝐷𝑀𝑔, while 𝐷𝐿𝑖 remains largely unaf-
fected. The decrease in 𝐷𝑀𝑔 has been primarily attributed to the lack of available
triple vacancy jumps, in which the octahedral sites surrounding the tetrahedral tran-
sition site are both vacant.[122] Triple vacancy jumps have lower 𝐸𝑚 than double
or single vacancy jumps.[122] As the amount of intercalated cations increases, the
chances that the site adjacent to the transition state are occupied increases. Ki-
netic Monte Carlo simulations conducted by Kolli and Van der Ven suggest that the
sharp decrease in 𝐷𝑀𝑔 around 𝑥 = 0.5 is correlated with the concentration at which
triple vacancy sites are no longer above the percolation threshold.[94] They note
that at ∼ 𝑥 = 0.5 the diffusion correlation factor, 𝑓 (see equation 2.4), decreases
by approximately four orders of magnitude. The decrease in 𝑓 signifies the onset
of highly correlated diffusion, where Mg2+ ions are diffusing back and forth in the
disconnected triple vacancy chains. The simulations also show that this effect scales
with the repulsion between cations in nearest-neighbor sites.[94] Therefore, due to
the stronger coulombic repulsion in multivalent ion systems, the occupancy of too
many neighboring sites by charge-dense ions can more readily result in the increase
of 𝐷 by several orders of magnitude, and ultimately the shut-down of the diffusion
process, even in structures that are better equipped to mitigate this repulsion. This
concept can be applied to other structure types, for instance in the NASICON family,
which is amenable to a large variety of substitutions,[36] replacing Zn4+ with a 3+
cation like Sc3+ may result in weaker cation-cation repulsion in the activated state
and thus a lower 𝐸𝑚 and a higher 𝜎.

In addition to the sluggish kinetics caused by strong interactions, structural reorga-
nization can block diffusion channels. For instance, in c−Ti2S4, intercalated Mg2+

initially occupies the vacant octahedral sites (16c) until ∼0.50 equivalents, after
which the coulombic repulsion favors distribution across both tetrahedral and octa-
hedral sites. Conversely, intercalated Li+ only occupies octahedral sites throughout
the entire composition range. The reduction of total possible diffusion pathways and
available sites due to tetrahedral site occupation by Mg2+ may play a significant role
in the decrease of 𝐷𝑀𝑔 at high intercalation contents. The occupation of tetrahedral
sites by Mg2+ blocks six possible diffusion pathways between neighboring octa-
hedral sites, whereas the occupation of octahedral sites only blocks one diffusion
pathway between nearest-neighbor tetrahedral sites.[121]
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Borohydride Derivatives

To conclude the discussion of favorable structure types, we analyze Mg borohy-
drides, one of the few reported families of electronically insulating materials which
exhibit promising Mg2+ conductivity near RT. The parent material Mg(BH4)2 is a
poor Mg2+ conductor ( ∼ 10−12 S cm−1 at 50 °C, 10−9 S cm−1 at 150 °C).[46, 52]
Whereas, the conductivity of Mg(BH4)(NH2) is 3 orders of magnitude higher at
comparable conditions (10−6 S cm−1 at 150 °C), despite having a high activation en-
ergy (𝐸𝑎 = 1.31eV). The low conductivity of Mg(BH4)2 was attributed to the strong
covalent bonds between the Mg2+ and the four BH –

4 units that form a tetrahedral
cage that is difficult for Mg2+ to escape from. Conversely, in Mg(BH4)(NH2) — two
of the B in the tetrahedral cage are replaced by N — the nearest neighbor distance
between Mg2+ ions is 3.59 Å vs. 4.32 Å, and the introduction of the NH2 groups
provides a zig-zag chain, tunnel framework which is hypothesized to be favorable
for Mg2+ diffusion. The introduction of other neutral molecules into Mg(BH4)2,
such as ethylenediamine (en) or diglyme has also resulted in similar conductivity
increases (10−8 and 10−9 S cm−1 at RT, respectively).[49, 123] Addition of ammo-
nia borane resulted in a more substantial increase in conductivity (10−5 S cm−1 at
RT).[49] The activation energies remain significantly high, consistently at values
comparable to Higashi’s initial report (𝐸𝑎 between 1-1.5 eV). The improved con-
ductivity after addition of en or diglyme (and partially for ammonia borane) was
attributed to the increase of the Mg–B bond distance, the volume, and the distortion
of the tetrahedra, the latter two of which have been suggested to increase the number
of Mg2+ conduction pathways and sites.[49] It is interesting that these structural
changes are not accompanied by a significant decrease in 𝐸𝑎, which would logically
follow if Mg2+ were more easily liberated from the tetrahedra. Moreover, in the
case of the "en" substituted borohydrides, the MN energy is such that the com-
pounds with higher 𝐸𝑎 exhibit greater conductivity due to an increase in 𝜎0.[76,
123] Additional studies are likely necessary to confirm the fundamental origin of the
increased conductivity. Nonetheless, the addition of the neutral molecules to change
the bonding/coordination environments in Mg borohydrides and similar materials
does appear to significantly improve the conductivity.

The Polarizability of the Anion Sublattice
Since the motion of the charge-dense multivalent ions has a strong polarizing affect
on the anion sublattice, increasing the polarizability of the anions can weaken the
bonding interactions, and as a result, lower the 𝐸𝑚. This is evidenced by the fact
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that sulfide ionic conductors display higher conductivity and lower 𝐸𝑚 than their
oxide counterparts,[124] and that the most promising multivalent ion intercalation
cathodes and SSEs are sulfide based.

The realization of high multivalent ion mobility in oxides would represent an impor-
tant discovery in multivalent ionics. It would prove that multivalent ions can display
significant conductivity in less polarizable lattices under the right conditions. In
this section we will discuss several reports of multivalent ion migration in oxides,
highlighting reports with conclusive evidence.

Recent studies have suggested that multivalent ion intercalation into metal oxides
can be achieved by overcoming the sluggish multivalent ion kinetics at elevated tem-
peratures (∼100 °C). multivalent ion conduction in layered transition metal oxides
have been largely focused on vanadium oxides. Mg2+ intercalation into 𝛼-V2O5 in a
dry electrolyte was not achieved at RT, but successfully conducted at 110 °C.[125]
Additionally, similar papers regarding the tungsten bronze framework V4Nb18O55,
and 𝜁-V2O5, indicate promising Mg2+ intercalation in dry conditions.[126, 127]
In such studies, care must be taken to eliminate contributions from protons pro-
duced by thermal decomposition of the organic electrolyte that can convolute high
temperature multivalent insertion.[128]

Oxide-based spinel-type Mn2O4 compounds have been extensively studied in the re-
cent years. Solid state 25Mg NMR spectroscopy in conjunction with theoretical cal-
culations and 𝜇SR were used to determine the Mg2+ mobility in (Mg)tet(Mg0.15Cr1.85)octO4,
(Mg)tet(Mn2)octO4and the partially inverted spinel, (Mg0.41Mn0.59)tet(Mg0.41Mn1.59)octO4.
Based on the VT NMR motional narrowing, the calculated𝐸𝑚 values were 510± 190,
690 ± 90 and 1100 ± 140 meV respectively. [129] Figure 2.6c shows that the 𝐸𝑚

values from VT NMR are in good agreement with theoretical calculations and 𝜇SR
measurements, except for the partially inverted spinel. In the case of the inverted
spinel the negligible observed ionic motion resulted in poor spectral resolution.

Interestingly, the partially inverted material displays the highest migration energy
even though it has the highest electronic conductivity, providing the greatest capa-
bility for electronic shielding. The results indicate that the Mg2+ migration in these
structures is more strongly affected by the occupation of the octahedral sites by
Mg2+ than by the electronics. This is in contrast to the previously discussed mech-
anism for the c−Ti2S4. However, in the oxide spinels Mg2+ preferably occupies the
tetrahedral sites, therefore the diffusion pathway is different than in c−Ti2S4 (tet
-> oct -> tet, as illustrated in Figure 2.6a, vs. oct -> tet -> oct, respectively). The
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Figure 2.6: Local cation arrangement in (a) normal and (b) inverted spinels, showing
the nearest cations to the mobile ion transition state in each case. Arrows highlight
Mg migration pathways. (c) Experimentally (ssNMR – red, 𝜇SR – blue) and
theoretically (orange) calculated activation energies for ion migration in the three
spinels. * indicates a semiquantitative estimate due to poor spectral resolution.
Reproduced from ref[129] . Copyright 2020 American Chemical Society.

authors suggest that the increased barrier occurs as a result of the octahedral (16d)
Mg2+ having to move through vacant intermediate tetrahedral sites (46f), which are
in close proximity to already occupied tetrahedral sites (8a) (Figure 2.6b).[129] A
study by Kwon et al. supports this hypothesis by demonstrating that decreasing the
Mn–Mg site inversion increased the Mg2+ mobility in MgCrMnO4.[130]

An operando synchrotron XRD study by Yin et al. was able to elucidate the
complex mechanisms of Mg2+ insertion and removal from MgCrMnO4 with 18%
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Mg–Mn inversion.[120] This structural study showed that up to 0.12 mol of Mg2+ per
MgCrMnO4 could be reversibly removed from the sample at 90 °C. A further 0.08
mol of Mg2+ migrated from the tetrahedral 8a site to the octahedral 16c site due to
the stabilization of the octahedral sites by the vacancies created in the neighboring 8a
sites after Mg2+ extraction. The reversibility of the intercalation was compromised
upon insertion of excess Mg2+ into the structure. Additionally, the initially inverted
Mg2+ (occupying the 16d site) was completely uninvolved in the extraction. Only
the Mg2+ on the 8a tetrahedral site was mobile. The lack of mobility of the 16d Mg2+

is attributed to the small triangular faces in the 16d-8a-16d diffusion channel which
are ∼30% smaller than those in the 8a-16d-8a diffusion channel.[120] Particularly
in less polarizable oxide lattices, the smaller migration channel is enough to render
Mg2+ immobile. Furthermore, although the majority of the observed capacity
was revealed to be a result of electrolyte decomposition, it is encouraging that some
reversible multivalent intercalation can occur in spinel oxides. Ultimately, this study
provides us with new insight into the mechanisms of multivalent ion diffusion in
spinel oxides and highlights that the extent of intercalation can be falsely exaggerated
by capacity values measured at elevated temperatures.

Unlike that of oxides, the sublattice polarizability of selenides exceeds that of sulides.
Thus, selenide-based materials can display even higher multivalent ion mobility
than sulfides, at the expense of electrochemical stability. The Se analogue of the
Chevrel phase (Mo6Se8) can also reversibly intercalate Mg2+ with high mobility.
Interestingly, Mo6Se8 exhibits both complete magnesiation and demagnesiation at
RT, whereas about 20–25% of the Mg in the inner sites remains trapped after
charging with Mo6S8. Complete demagnesiation of Mo6S8 is only observed at
60 °C.[131] The different Mg2+ extraction behavior of the S and Se analogues
is partially attributed to the higher mobility of Mg2+ ions afforded by the more
polarizable Se framework, and partially due to counterproductive structural factors
which will be discussed in the section on local minima traps.[132]

Coordination Environment
The coordination environments of both the original and activated state lattice sites
have been suggested to have a meaningful impact on the 𝐸𝑚. A computational study
by Rong et al. suggests that multivalent ions in a lattice site with an "unfavorable"
coordination environment and an activation state with a "favorable" coordination
environment result in a significantly lower 𝐸𝑚.[28]
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Figure 2.7: A summary of First-principles (NEB) results for migration energies 𝐸𝑚

of Li+ and multivalent ions (Mg2+, Zn2+, and Ca2+) in the spinel Mn2O4, olivine
FePO4, and NiO2 structures. The 𝐸𝑚 values are compared to the prescribed ∼525–
650 meV threshold (dashed) for practical application. Reproduced from ref[28] .
Copyright 2015 American Chemical Society.

The definition of a "favorable" coordination environment was determined by analy-
sis of structures reported in the Inorganic Crystal Structural Database (ICSD), which
showed that in oxides and sulfides Mg2+, Zn2+, and Ca2+ are most often found in
octahedral, tetrahedral, and 8-coordinate sites, respectively.[133] Therefore, using
NEB calculations (summarized in Figure 2.7), Rong et al. showed that Mg2+ (Zn2+)
is likely to have a lower 𝐸𝑚 in material wherein the stable lattice site has tetrahe-
dral (octahedral) coordination and the activated state has octahedral (tetrahedral)
coordination, e.g., spinel structures (layered NiO2).[28] This hypothesis has been
supported by further calculations by Canepa et al. on Mg/Zn sulfide and selenide
spinels, in which the Mg and Zn occupied the tetrahedral sites. The results demon-
strate that the Mg compounds consistently had lower 𝐸𝑚, and initial experimental
evidence was provided in the form of MgSc2Se4.[45] In addition, minimizing the
change in coordination environments along the path by flattening the potential en-
ergy landscape over the diffusion channel has been hypothesized to facilitate ionic
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conduction.[134] Thus, materials in which the migration path consists of sites with
equivalent energies have been suggested to be ideal.[134]. Materials with multiva-
lent ions in "unfavorable" coordination environments seem to consistently have low
𝐸𝑚 in NEB calculations. In reality, if a more favorable intermediate coordination
site is available, then the material is likely to form antisite defects which could block
conduction pathways. Ultimately, more experimental evidence is needed to confirm
the proposed hypothesis.

Structural Flexibility
Medium-long range disorder

Amorphous/disordered structures may offer enhanced mobility of multivalent ions
by providing a network capable of absorbing considerable deformations. Addi-
tionally, the structural flexibility and accommodation of free spaces in the structure
allows for smooth diffusion pathways of multivalent ions.[135] Despite the difficulty
of achieve multivalent ionic intercalation in ordered oxide materials, a recent study
suggested that between 0.22-0.33 equivalents of Mg2+ can be inserted into 10 nm
particles of chemically delithiated, defective FePO4 at RT.[135] Although no explicit
mobility studies were reported, the possibility of significant reversible intercalation
was attributed to the medium and long-range structural disorder afforded by the
defective structure.

Amorphous structures may achieve high ionic conductivity at low temperatures by
leveraging the paddlewheel mechanism, (Figure 2.3d) which is typically observed
in high temperature crystalline polymorphs. Smith and Seigel suggest that the
paddlewheel mechanism contributes to Li+ mobility in glassy Li+ ion conductors that
contain polyanions.[78] The rationale presented was that the lower density afforded
by the amorphous structure vs. the crystalline analogue provides additional free
volume to enable anion rotations. Additionally, the lack of a long-ranged covalent
polyanion network, engineered by limiting the polyanion content of the glass, enables
the more isolated polyanion entities to rotate more readily.[78] Similar structures
could also prove to be effective for conducting multivalent ions via the paddlewheel
effect.

A few attempts to develop multivalent SSEs utilizing glassy compounds have been
reported. An amorphous mixture of MgS-P2S5-MgI2 was obtained by ball milling
and showed increasing conductivity with MgI2 content, reaching a max of 10−8 S
cm−1 at 200°C.[136] The crystallized glass ceramic was shown to have a conductivity
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one order of magnitude higher than the glass. The conductivity increase of the glassy
ceramic was attributed to the presence of MgPS3. Preliminary results in our group
suggest that ordered MgPS3 is not an effective solid state Mg2+ conductor but perhaps
the MgPS3 embedded in the glass ceramic has a high concentration of defects that
facilitate ion conduction.

Moreover, careful study of Mg(BH4)(NH2) suggests that an increase in amorphous
product increases conductivity. Optimization of the synthesis conditions ensured
that impurities were not contributing to the initially reported Mg2+ conduction in
Mg(BH4)(NH2). No crystalline impurities were observed, but 11B NMR revealed an
amorphous impurity phase which formed a glass-ceramic like composite.[47] The
glass-ceramic composite material displayed a conductivity of 10−6 S cm−1 at 100
°C – three orders of magnitude higher than Higashi’s initial report. The increased
conductivity (and slightly reduced 𝐸𝑎 – 1000-1300 meV) was attributed to the pres-
ence of the amorphous phase. Notably, crystallizing the impurity phase decreased
the conductivity of the material. Similarly, the stabilization of an amorphous form
of Mg(BH4)2·2NH3 by combination with 75 wt% MgO nanoparticles resulted in an
increase in the conductivity at RT by three orders of magnitude, and a significant
reduction in 𝐸𝑎 over the crystalline phase.[51]

Flexible Covalent Components

In structures with long-range order, especially electronic insulators in which there
is no screening of the charge-dense multivalent ions, flexible components that can
distort or rotate in response to multivalent ionic conduction to facilitate lower energy
activated states may be important to realize high conductivity. For instance, ZnPS3
is a rare example of multivalent ion conductivity with low 𝐸𝑎 in an electronic
insulator. The 𝐸𝑎 of ZnPS3 was measured experimentally to be 350 meV, agreeing
with NEB calculations.[54] The NEB calculations suggest that the flexibility of the
[P2S6]4– polyanion is responsible for the strikingly low activation energy for solid
state divalent ion conduction in ZnPS3, which is comparable to many superionic Li+

conductors.[23]

In ZnPS3, Zn2+ conducts through a vacancy-hopping mechanism. As illustrated in
Figure 2.8, the activated state is stabilized by a distortion of the P2S 4–

6 polyanion
into the van der Waals gap, which widens the diffusion bottleneck (triangular face
of the octahedra), decreasing coulombic interactions and ultimately enabling facile
multivalent ion conduction.[54]
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Figure 2.8: An illustration of the lowest energy diffusion pathway in ZnPS3 (a)
top down view, and (b) viewing along the a axis. The Zn2+ ions migrate through
the octahedral faces into the neighboring site, the S atoms along the shared edge
(highlighted) distort into the van der Waals gap to facilitate the low 𝐸𝑚.

Conductivity enhancements in some Mg(BH4)2 derivatives have also been attributed
to the flexible nature of the added neutral molecule. Mg(BH4)2(NH3BH3)2, as previ-
ously discussed, experiences a significant increase in conductivity over Mg(BH4)2.
In addition to the tetrahedral expansion and distortion, the flexibility of the NH3BH3
molecules, which can be displaced or can rotate slightly to accommodate migrating
Mg2+ ions, is suggested to be a major factor in the increased conductivity.[49] This
hypothesis is pending confirmation through future studies. Using QENS, Burnakova
et al. demonstrated that in Mg(BH4)2-diglyme0.5, the diglyme molecules coordi-
nated to the Mg are flexible and likely help to facilitate the high conductivity of 2
x 10−5 S cm−1 at 70 °C (𝐸𝑎 is not reported). Additionally, the high conductivity
of Mg(BH4)2NH3 (3.3 x 10−4 S cm−1at 80 °C, ∼eight orders of magnitude higher
than Mg(BH4)2) is attributed to the high structural flexibility of Mg(BH4)2NH3 due
to the dihydrogen bond network between the terminal BH –

4 and the NH3 molecule
which links the –BH4–Mg–BH4–Mg– chains, in addition to the versatile BH –

4 co-
ordination.[51] The flexible nature of this bonding network is capable of stabilizing
the mobile ion in a wide range of coordination environments.
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2.7 Potential Structural Pitfalls
During the investigation of solid state multivalent ion diffusion, several instances
of other structural effects that hinder or arrest multivalent ionic conduction besides
strong coulombic interactions have been identified. Highlighting these circum-
stances and the structural motifs that enable them is equally as important as focus-
ing on the factors that enable multivalent ion diffusion in solids. This section will
discuss ionic trapping in local minima, vacancy ordering, and vacancy-dopant ion
pair binding. A superionic multivalent ion conductor will need to overcome these
structural pitfalls.

Local Minima Traps
To facilitate long-range ionic conduction, excessive trapping of ions in local minima
must be avoided. Although the last ∼25% of Mg2+ ions in Mo6S8 seem to be
trapped at RT, Levi et al. showed that the Mg2+ diffusivity in Mo6S8 varied several
orders of magnitude depending on the intercalated Mg2+ content. At high Mg2+

concentrations, 𝐷𝑀𝑔 was ∼ 10−13 cm2s−1 but was below the detection limit at
low Mg2+ concentrations.[137] In a later study, it was estimated to be ∼ 10−15

cm2s−1.[138] NEB and ab initio molecular dynamics (AIMD) calculations suggest
that the 𝐸𝑚 only changes by ±50 meV across the whole range of Mg2+ intercalation
from 𝑥 = 0 to 2.[138] Thus, the experimentally observed change in diffusivity in
Mo6S8 at low Mg2+ content is seemingly not kinetic in origin. Structural studies
combining X-ray and neutron diffraction of both the S and Se Chevrel phases
determined that in Mo6S8, intra-ring jumps (both inner–inner and outer–outer) are
much easier than inter-ring jumps (inner–outer) due to the shorter jump distance of
∼0.9 Å vs. ∼2.0 Å, respectively.[139, 140] Whereas in Mo6Se8, and Mo6S8−𝑦Se𝑦,
𝑦 ≤ 2,[141] intercalation causes a structural distortion from rhombohaedral to
triclinic leading to a widening of the inner ring and an elongation of the intra-ring
jumps to 1.3 Å. The widening of the inner ring levels causes congruence of the
energy manifolds associated with inter vs. intra-ring jumps and thus enables long-
range transport in the Se analogue without significant thermal agitation.[97, 139,
140] It is hypothesized that during extraction of the first equivalent of Mg2+ from
Mo6S8, the coulombic repulsion between Mg2+ ions in neighboring outer and inner
sites promotes inter-ring jumps, resulting in long-range diffusion. This hypothesis
is supported by the fact that using Cu𝑥Mo6S8, the precursor for Mo6S8, as the
cathode material avoids the stage of total cation extraction and results in complete
demagnesiation at RT. The mobile Cu+ ions push Mg2+ from the inner to outer
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sites at low levels of magnesiation, when the Mg2+–Mg2+ interactions are no longer
prevalent.[142] These results support that concerted mechanisms help to promote
fast long-range diffusion in structures with complex cation sites.

Vacancy Ordering
The energetic benefit of vacancy ordering at intermediate compositions during
intercalation can cause an increase in the barrier to continued ionic conduction.
Again examining the Chevrel phase Mo6S8, recently, Ling et al. suggested that
the low diffusivity and trapping at low Mg2+ content is a result of long-range
vacancy ordering along the <001> direction. Such vacancy ordering stabilizes the
structure by decreasing the repulsive interactions between Mg2+ sites. Calculations
suggest that the stabilization results in the formation of several intermediate phases
throughout deintercalation, with energies up to 300 meV lower than the disordered
alternative. The formation of these predicted intermediate phases has not yet been
proved or disproved by structural studies. Nonetheless, the formation of long-range
ordered vacancy super structures must be highlighted as a pitfall to multivalent ion
diffusion in solids specifically due to the stronger coulombic interactions that are
mitigated by such a transformation.[138]

Vacancy Pair Binding
A high concentration of carriers is essential to high ionic conductivity (equation
2.5). The concentration of vacancies is generally the limiting factor to long-range
percolation in multivalent conductors, and thus, the vacancy concentration can be
effectively considered as the carrier concentration. Aliovalent substitution is a
common method utilized to drastically increase the carrier concentration in solid
state conductors through the introduction of extrinsic vacancies. For example, the
aliovalent substitution of a 4+ cation with a 3+ or 2+ cation in the case of YSZ
and ceria-gadolinia (CGO) is needed to obtain high conductivities vs. the pristine
material. In this case, a maximum in conductivity occurs at relatively low dopant
concentrations (≤ 10%). Further increasing the vacancy concentration leads to a
decrease in conductivity.[143] This has been attributed to: (1) the coulombic binding
energy between the effectively negative dopant and the positive oxygen vacancy, and
(2) the interaction between the vacancy and the substituent ion due to the ability
of the localized vacancy to relieve the elastic stain imposed on the lattice resulting
from the size difference between the original and the substituent cation.[143, 144]
The second effect is illustrated in Figure 2.9 and was hypothesized to be the more
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important interaction because not all substituent ions of the same charge affect the
conductivity in the same way.

(a)

(b)

substituent
atom

vacancy
original 
atom

Figure 2.9: Illustration of introduction of a vacancy through aliovalent substitution
with a large substituent atom. Both the vacancy and the substituent atom impose
strain on the lattice. The induced lattice stain is greater when (a) the vacancy and
the substituent atom are separated than (b) when the vacancy is adjacent to the
substituent.

The pair binding energy of the vacancy and the substituent ion is minimized when
the substituent is similar in size to the original ion, thus the lattice distortions are
minimized. It follows that Sc (8.70 Å in 8-CN environment) stabilized Zr has a
higher conductivity than YSZ, due to the more comparable size of Sc and Zr than
Y and Zr. Similarly, Gd (1.05 Å in 8-CN) substituted ceria is also one of the best
O2− conductor. In higher dopant concentrations the complex defect pair of bound
dopant cations and vacancies are increased. Since the bound pairs are not easily
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separated, the available sites for multivalent ion hopping are decreased, resulting in
both lower mobilities and decreased conductivity.

2.8 Summary
This chapter provides an in-depth analysis of solid-state multivalent ion conduction,
a fundamental aspect critical for developing advanced battery technologies beyond
traditional Li-ion systems. It examines the unique challenges associated with the
conduction of multivalent ions due to their high charge densities or large size and
how these challenges can be mitigated through structural properties or modifications.
Additionally. the inadequacies of current characterization techniques for selectively
capturing the mobility of multivalent ions are highlighted.

The key factors that can facilitate solid state multivalent conduction are charge
screening — with mobile electrons or ligand molecules, the geometry and size of
conduction pathways, the polarizability of the anion framework, the coordination
environment of the mobile ion and structural flexibility.
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C h a p t e r 3

ATTEMPTED SOLID STATE MULTIVALENT ION
CONDUCTORS

3.1 Abstract
This chapter investigates the development of multivalent ion conductors with the aim
of achieving high ionic conductivity through a variety of approaches, including alio-
valent substitution of both cations or anions, introduction of defects or amorphization
through ball milling, and the synthesis of novel materials. Drawing inspiration from
efficient Li+ conductors in combination with chemical intuition about properties
that may lead to high multivalent mobility, we targeted a range of materials, such
as, Ca thioolivines, multivalent argyrodites, ZnLa6Si2S14, CaIn2S4 thiospinel, and
NASICON-like phases, to evaluate their divalent ion conduction properties. De-
spite containing promising characteristics, many of the targeted materials did not
exhibit significant ionic conductivity at ambient temperatures. Further, we explored
amorphous divalent ion-containing phases and mechanochemical synthesis meth-
ods. Challenges encountered include phase purity, the presence of immobile cations
that block conduction pathways, and sample pellet density. The results indicate that
while progress has been made in developing design rules that may enable room
temperature multivalent ionic conduction, further optimization and exploration are
needed to realize useful multivalent ion conductors.

3.2 Introduction
To develop a fundamental understanding of divalent ion diffusion in the solid state,
we aimed to prepare electronically insulating materials devoid of redox centers,
that could be used both for fundamental studies of divalent ion diffusion and as a
divalent ion solid state electrolyte. Based on the structure-property relationships hy-
pothesized to impact solid state ionics of multivalent ions, as discussed in Chapter 1,
we identified, synthesized, and characterized several materials both computationally
and experimentally. In some cases, the materials were pre-screened computationally
using the SoftBV package,[145] an adaptation of bond valence site energy (BSVE)
analysis.[146] BVSE has previously been applied to Mg2+ conduction in inorganic
oxides and was shown to produce comparable estimates to E𝑎 as DFT calculations
at a fraction of the cost.[147] The successfully synthesized materials underwent ex-
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perimental investigations, including structural and electrochemical characterization.
Promising materials were further subjected to chemical or structural modifications,
like aliovalent substitution or ball milling, to increase the defect concentration and
potentially enhance the ionic conductivity.

3.3 Attempted Materials and Modifications to Achieve Enhanced Mobility of
Multivalent Ions

Increasing Zn2+ Conduction in ZnPS3

Earlier work in the See group investigated ZnPS3 as a potential Zn2+ conductor.[54]
ZnPS3 crystallizes in 2D sheets of octahedrally coordinated Zn2+ and [P2S6]4−

polyanions. The sheets are separated by a van der Waals gap of approximately 3.3 Å.
In the initial study, we demonstrated that ZnPS3 exhibited high Zn2+ mobility, with
an E𝑎 of 351 ± 99 meV, which is comparable to superionic Li+ conductors.[54]
DFT calculations by our collaborator suggest that conduction occurs in the metal
layer and that facile Zn2+ diffusion is enabled by the flexible, polarizable [P2S6]4−

polyanion, which can distort into the van der Waals gap to widen the conduction
pathway. However, despite the low E𝑎, the ionic conductivity of ZnPS3 is also
low, ranging from 10−8 to 10−6 mS cm−1. Therefore, we attempted to increase the
conductivity of ZnPS3 with a variety post-synthetic modifications that are discussed
below.

Aliovalent Metal Substitution

Initially, to increase the Zn2+ conductivity of ZnPS3 we employed aliovalent sub-
stitution. This method involves introducing a higher valent metal in place of Zn2+,
creating metal-site vacancies to maintain charge neutrality. Since we hypothesize
that Zn2+ conduction in ZnPS3 occurs through a vacancy-hopping mechanism, by
introducing vacancies in a controllable fashion at much higher concentrations, the
ionic conductivity of the material can be increased.

We successfully substituted various closed-shell higher valent cations (Al, Ga, In,
or Ge) into the ZnPS3 lattice in place of Zn through stoichiometric reaction of
Zn, the metal substituent, P2S5, and S. The reactions targeted a stoichiometry of
Zn1−1.5𝑥M3+

𝑥 PS3, where M = Al, Ga, or In, and 0 < x < 0.25, or Zn1−2𝑦Ge4+
𝑦 PS3 where

0 < y < 0.1. XRD analysis of the products indicated that the same crystal structure
was maintained at the targeted substitution levels (Figure 3.1b). Additionally, no new
vibrational modes appeared in the Raman spectroscopy (Figure 3.1a), supporting
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Figure 3.1: (a) XRD and (b) Raman spectroscopy of aliovalent substituted ZnPS3:
Zn1−1.5𝑥M3+

𝑥PS3. No new reflections or vibrational modes are observed in the data
upon aliovalent substitution, indicating that a single isostructural phase forms in
all cases. The circle and asterisks in (b) indicate the Zn translational and [P2S6]4−

vibrational modes, respectively.

the fact that the aliovalent substitution onto the ZnPS3 lattice is achieved without
major changes to the structural dynamics of the [P2S6]4− polyanion and precluding
any microscopic phase separation that is not observable via XRD.

The substitution of Al3+, Ga3+, In3+, or Ge4+ for Zn2+ and the creation of vacan-
cies does not drastically change the electronic structure of the material due to the
closed-shell electronic configuration of the substituents. No obvious color changes
were observed at low concentrations of aliovalent substitution, contrasting to the
substitution of open-shell transition metals for Zn or Mg. The Nyquist plot of
Zn0.95Al0.1PS3, which is representative of all high impedance samples discussed in
this chapter unless otherwise noted, is shown in Figure 3.2. The high-frequency
region is highlighted in the inset of Figure 3.2 showing no x-intercept at frequencies
that could be correlated with bulk conductivity. The low-frequency region solely
contains a "blocking" or capacitive feature, likely because the low ionic and elec-
tronic conductivity of this material results in capacitive-like behavior between the
Au electrodes. Therefore, we found that the introduction of stoichiometric vacancies
did not meaningfully change the ionic conductivity of ZnPS3. This could be due
to the introduction of more charge-dense, immobile cations that may block the 2D
conduction pathways in the lattice and inhibit Zn2+ mobility.
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Figure 3.2: Nyquist plot of Zn0.95Al0.1PS3 in a spring-loaded Swagelok cell with
symmetric sputtered Au electrodes at ambient temperature. The inset shows the
high frequency region of the Nyquist plot to highlight that there is no x-intercept
at high frequency in these high impedance samples as there is in low impedance
samples.

Aliovalent Anion Substitution

Since the introduction of vacancies through metal substitution did not result in a
significant increase in conductivity, we attempted to avoid the detrimental immo-
bile substituent cations blocking the migration pathway by introducing vacancies
through anion substitution. We substituted Cl into the ZnPS3 lattice in place of S,
using a stoichiometric reaction of Zn, ZnCl2, P2S5, and S. The reactions targeted a
stoichiometry of Zn1−0.5𝑥PS3−𝑥Cl𝑥 , 0 < x < 0.2. Although there is less precedent
for anion substitution in MPS3 materials compared to cation substitution, the XRD
results indicated that the structure was maintained and no crystalline impurities were
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present. The resulting powder was a pale green instead of the off-white color of
pristine ZnPS3. However, similarly to the metal substitution, no significant increase
in conductivity was observed. This could be explained by a lack of Cl integration
into the lattice — further characterization, including Raman spectroscopy, SEM
or 35Cl MAS NMR should be conducted to determine if Cl is integrating into the
ZnPS3 structure or forming amorphous impurities. If no amorphous impurities are
identified, elemental analysis should be conducted to ensure the intended vacancy
concentration is present in the material.

Figure 3.3: XRD of aliovalent anion substituted ZnPS3: Zn1−0.5𝑥PS3−𝑥Cl𝑥 ,. No new
reflections are observed in the data upon aliovalent substitution, and no remnant
crystalline ZnCl2 is present, suggesting that a single isostructural phase forms in all
cases.
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Despite the inability to enhance the Zn2+ conductivity of ZnPS3 through aliovalent
substitution, ultimately this is achieved via the introduction of water molecules to
leverage solvent-assisted ionic conduction mechanisms. This is discussed exten-
sively in Chapter IV.

Calcium Containing Thioolivine Phases, Ca2MS4

Taking inspiration from phases that are efficient Li+ conductors, like the Li-ion
cathode LiFePO4 — which has relatively poor electronic conductivity but good Li+

(de)insertion kinetics — we investigated isostructural Ca thioolivines, Ca2MS4 (M =
Si, Ge, Sn). This phase displays characteristics that have been hypothesized to lead
to high ionic mobility: it contains a polarizable anion framework, which decreases
the strength of the electrostatic interactions, and edge-sharing Ca octahedra, which
provide clear diffusion pathways around the MS4 polyanions. Ca2MS4 compounds
were synthesized by mixing stoichiometric amounts of CaS, M, and S, and heating
in an evacuated ampuole at 900 °C for 24 h.

Figure 3.4 shows the XRD patterns, Rietveld refinements — to determine phase
purity — and colors of the resulting product powders. A pure phase of Ca2GeS4

readily formed, however EIS measurements suggested there was no meaningful ionic
conductivity at or near ambient temperature. We increased the vacancy concentra-
tion through aliovalent substitution by substituting Ge for Ca. Ca1.9Ge0.8P0.2S4

was successfully synthesized based on XRD analysis, but did not exhibit increased
conductivity. Retrospective SoftBV calculations suggested that the E𝑎 for Ca2+ con-
duction in any direction was > 2 eV, as such, despite the clear 3D diffusion pathways
and the sulfide framework, the electrostatic interactions in Ca2MS4 are likely too
strong for ambient temperature conduction.

Multivalent Argyrodites, M3.5PS5.5I0.5

We again drew inspiration from Li+ conductors. Superionic conductors like cu-
bic Li7La3Zr2O12 (LLZO), Li10GeP2S12 (LGPS), and Li6PS5X (Li argyrodites) all
have a connected network of partially occupied Li sites. This structural motif is
not often observed in multivalent ion containing compounds. However, a mate-
rial with an argyrodite-like structure with a partially occupied network of Cd2+,
Cd3.25PS5.5I0.5, was previously reported,[148] leading us to hypothesize that this
compound may exhibit Cd2+ conductivity and that we could potentially synthesize
analogues containing more energy-relevant multivalent ions.
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Figure 3.4: The XRD patterns and Rietveld refinement of attempted synthesis of
Ca2MS4 (M = Si, Ge, Sn) compounds and the resulting powders.(a), (c), and (e)
show XRD of synthesis attempts of M = Si, Ge, and Sn, respectively, and (b), (d),
(f) show off-white, pale orange, and yellow powder resulting from M = Si, Ge, and
Sn synthesis attempts, respectively.

Figure 3.5 shows the structures, XRD patterns and Rietveld refinements synthesized
Cd argyrodite phases. We successfully synthesized Cd3.25PS5.5I0.5 by traditional
solid state synthesis, as opposed to the chemical vapor transport method in the
report, and also synthesized Cd3PS5I and Cd3PS5Cl, which were not previously
reported. These materials were synthesized by mixing stoichiometric amounts of
CdS, CdI2 and P2S5 and heating in an evacuated ampule for 1 week at 550 °C.

Although the partially ordered network of Cd2+ ions were hypothesized to facilitate
high mobility, none of these phases exhibit long range Cd2+ conduction. This is
potentially due to a lack of connectivity between the more isolated "cages" of Cd2+

ions than in the Li argyrodite structures, potentially leading to local mobility but not
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Figure 3.5: The structures, XRD patterns and Rietveld refinements synthesized Cd
argyrodite phases, (a) Cd3.25PS5.5I0.5, (b) Cd3PS5I, and (c) Cd3PS5Cl. To the best
of our knowledge Cd3PS5I and Cd3PS5Cl have not been previously reported.

bulk transport as measured in EIS. Alternatively, the large size of the Cd2+ cations
might hinder intercage jumps and long-range mobility.

Additionally, analogous Zn, Mg, and Ca argyrodyte phases were inaccessible
through traditional solid state synthetic routes, likely due to the stability of the
binary sulfide. Initial attempts to access these phases through mechanochemical
synthesis were unsuccessful but could be further explored. The mechanochemical
attempts were based on synthesis of some Li argyrodites that could not be accessed
through solid state synthesis, like Li7GeS5Br,[149]. Typically, a stoichiometric
amount of the metal sulfide, the metal chloride and P2S5 in batches of about 1 g in a
planetary ball mill with YSZ containers and balls for 20 hours at 380 rpm, followed
by an annealing step at 500, 600, or 700 °C for six hours.

ZnLa6Si2S14

We targeted ZnLa6Si2S14 because it contains “unfavorable” octahedral Zn2+ con-
nected in a 1D chain of face-sharing octahedra with half of the Zn sites vacant
in the pristine material. Additionally, ZnLa6Si2S14 contains a polarizable anion
framework, a combination of factors that seem ideal for ionic conduction via a
vacancy-mediated ion hopping mechanism. ZnLa6Si2S14 can be synthesized by a
solid-state reaction of ZnS, M, La2S3,and S.[150] Using SoftBV, we computationally
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Figure 3.6: ZnLa6Si2S14 has a network of partially occupied Oℎ Zn sites along the
corners of the unit cell. Inherent partial occupancy in the structure may facilitate
enhanced vacancy-mediated ion diffusion.

estimated the E𝑎 of Zn2+ migration to be 680 meV for migration in the 1D channels
(along the c-axis) but 2.72 eV within the ab-plane.

However, again we were unable to measure any bulk ionic conductivity. Since
the conduction of Zn2+ in directions perpendicular to the 1D channels is very
energetically expensive, it is unlikely to occur. Moreover, as previously discussed
1D diffusion pathways are prone to blocking by anti-site defects,[115] which could
inhibit Zn2+ conduction in the channels and be the reason for the lack of measurable
long range conduction. A recent computational study also identified ZnLa6Si2S14

as a candidate for room temperature Zn2+ ion conduction,[151] so it may be worth
further exploring this compound, or other analogues in the material family.

Calcium Indium Thiospinel, CaIn2S4

We targeted CaIn2S4 because it is a rare example of a compound that contains
“unfavorable” tetrahedrally coordinated Ca2+, has a polarizable S-based anionic
framework, and, as a spinel material, contains interconnected 3D conduction path-
ways.[28, 45] Computationally, we determined that the E𝑎 for Ca2+ migration in
CaIn2S4 is isotropic and has a value of 550 meV. CaIn2S4 can be synthesized
through a hydrothermal reaction of Ca(NO3)2 · 4 H2O, In(NO3)3 · 4.5 H2O, and
CH3CSNH2, heated at 160 °C for 16 h in a Teflon-lined stainless steel autoclave,
followed by 3 h of calcination at 600 °C.[152] However, we were unable to detect
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Figure 3.7: CaIn2S4 thiospinel phase with tetrahedral Ca. A possible ionic diffusion
pathway is shown to the right with an octahedral Ca intermediate site that is vacant
in the ground state.

significant bulk ionic conductivity within a densified pellet using EIS. Figure 3.8
shows the lab XRD patterns and Rietveld refinement of hydrothermally synthesized
CaIn2S4, indicating a phase pure product. The best fit is achieved when that there
is about 40% inversion, i.e. mixing of Ca on In sites, which has been shown to de-
crease conductivity in similar phases due to blocking of conduction pathways.[63]
Preliminary attempts to alter the synthesis procedure to decrease invention, such as
slow cooling, were unsuccessful. Initial attempts to do aliovalent substitution of
Ge or Sn for Ca, through the introduction of soluble Ge/Sn salts to the hydrother-
mal reaction, to introduce stoichiometric vacancies seemed to be successful based
on XRD analysis. Ca0.8Ge0.1In2S4 and Ca0.8Sn0.1In2S4 were red and dark green,
respectively. However, elemental analysis was not conducted. It is possible that
amorphous impurity phases formed instead of substitution, or that the inverted oc-
tahedral Ca were preferentially removed to form the vacancies, which would not
enhance the ionic conduction.

Multivalent NASICON-Like Materials
Additionally, we aimed to develop divalent ion conductors that leverage a concerted
migration mechanism to achieve high conductivity, similar to several superionic Li+

conductors.[77, 153] In a concerted migration mechanism, an ion in a lattice site mi-
grates to a neighboring, occupied interstitial site, and the ion from that interstitial site
is pushed into the adjacent vacant lattice site. For instance, NASICON phases that
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Figure 3.8: XRD pattern and Rietveld refinement of CaIn2S4 with Ca/In site inver-
sion.

contain mobile ions in interstitial sites can exploit a concerted mechanism, showing
significantly decreased E𝑎 for Na+ migration and increased conductivity.[36, 154]

It is challenging to stabilize charge-dense divalent ions in interstitial sites due to the
electrostatic repulsion exerted by and on neighboring cations. However, this strong
repulsion could also make concerted migration mechanisms especially effective
at facilitating divalent ion conduction if such phases can be realized. Thus, we
targeted phases with open frameworks with large interstitial sites where we could
potentially stabilize excess divalent ions. We attempted to prepare NASICON-like
phases in which Mg, Zn or Ca occupy interstitial sites along the migration pathway.
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The endmembers M0.5Zr(PO4)3 have been reported to conduct divalent cations at
elevated temperatures (> 500 °C).[155]

Figure 3.9: XRD and Rietveld refinement of (a) Mg0.5Zr2(PO4)3, (b)
Ca0.5Zr2(PO4)3, (c) CaZrSc(PO4)3, and (d) Ca1.1Zr0.8Sc1.2(PO4)3 showing phase
purity.

We successfully synthesized the endmembers, M0.5Zr2(PO4)3 (M = Mg, Ca), the
fully occupied Ca phase, CaZrSc(PO4)3 and a slightly stuffed Ca phase, Ca1.1Zr0.8Sc1.2(PO4)3.
Figure 3.9 shows the XRD patterns and Rietveld refinement of Mg0.5Zr2(PO4)3,
Ca0.5Zr2(PO4)3, CaZrSc(PO4)3, and Ca1.1Zr0.8Sc1.2(PO4)3, confirming phase pu-
rity. Pure phases of these materials were synthesized using a sol-gel method, where
M(NO3)2 (5- 10 % excess was needed if product was not pure), ZrOCl2, NH4H2PO4,
and Sc(NO3)3, if necessary, were dissolved separately in 20 ml of DI water and then
combined. The solutions were heated at 60 °C overnight while stirring at 300 rpm.
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The resulting powders were heated in an alumina crucible at 600 °C for 24 hour
to remove the volatiles, then pelletized and annealed at 900 °C for 24 hours. A
pure phase of the Mg compounds, besides the endmember, could not synthesized
reliably. More success may be had using a smaller metal like Ti instead of Zr in
this case. The structures of the endmember and the stuffed material are shown in
Figure 3.10, as well as an illustration of the concerted migration mechanism. Ten
percent interstitial Ca should be enough to observe the hypothesized decrease in E𝑎

associated with concerted migration.

The pure materials were pelletized with a hydraulic press and then sintered at 1100
°C or 1300 °C. The Ca0.5Zr2(PO4)3 material reached 90% density, but the stuffed
material, Ca1.1Zr0.8Sc1.2(PO4)3, could not be densified more than 60% under these
conditions. Initial results suggest the stuffed phases, like the endmembers, do not
have high enough ionic conductivity to resolve at ambient temperature. However,
it may be worth optimizing the densification procedure of the stuffed compound
or studying these materials at elevated temperature to see if the concerted mecha-
nism decreases the E𝑎 significantly. Note that under ambient humidity conditions,
some ionic conduction was observed (∼ 10−7 S cm−1); however, this decreased
significantly upon drying, suggesting that this low conductivity may be a result of
H+ conduction on the surface of the material from adsorbed water. Additionally,
more characterization including elemental analysis and synchrotron XRD should be
employed to confirm that the extra Ca is incorporated into the lattice and occupies
the interstitial sites. The lab diffraction is not conclusive since the concentration of
occupied interstitials is low.

Mechanochemical Attempts to Make Amorphous Conductors
We briefly explored amorphous divalent ion-containing phases as potential divalent
ion conductors. Amorphous Li2S-P2S5 mixtures of different stoichiometries show
high Li+ conductivity.[156] Amorphous mixtures containing divalent ions could
potentially support conduction of divalent ions due to the lack of long rage order
and flatter energy landscape.[78] The Li-containing amorphous phases are gener-
ally formed after about several hours of high-energy ball milling of the respective
reagents. We attempted to synthesize divalent analogues of these phases, including
7:3 mixtures of ZnS-P2S5 and CaS-P2S5, and Ca3N2-P-Ca, targeting a stoichiometry
of Ca3NP. However, no significant conductivity was observed in the ZnS-P2S5 and
CaS-P2S5 mixtures. Although, we note that XRD studies of the mileld mixtures
suggest that there were still crystalline domains present. Further attempts to amor-
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Figure 3.10: Crystal structures viewed down the [110] direction of (a)
Ca0.5Zr2(PO4)3, illustrating the open network, and (b) the stuffed phase
Ca1.1Zr0.8Sc1.2(PO4)3 in which some Ca ions sit in the interstitial site. The dif-
fusion pathway between lattice sites is shown with a black arrow.

phous the mixture, such as high-energy milling instead of planetary milling could
be attempted. The Ca3N2-P-Ca mixture resulted in a brown powder which displayed
some electronic conductivity (10−6 mS cm−1), based on EIS measurements and DC
polarization.

Additionally, we amorphized crystalline materials of interest, like ZnPS3 and CaIn2S4,
to determine if reducing long-range order in these structures wpould enhance the
ionic conductivity. After about 24 hours of planetary milling, there were no identifi-
able reflections corresponding to any crystalline species in lab XRD. However, these
compounds also did not show meaningful ionic conductivity at or around ambient
temperature.

Other Materials of Interest
Other phases that were briefly investigated include antiperovskites, of the form
M3NP (M = Mg, Ca), which were recently highlighted in a computational study,
which suggested that the antiperovskite structure may facilitate a low E𝑎,[69] and
the sodalite phase Ca8Al12O24T2 (T = S, Se, Te, SO4),[157] which is another
phase that contains "unfavorable" tetrahedral Ca. However, obtaining a pure phase
was synthetically challenging and we did not obtain a sufficiently pure sample to
accurately characterize electrochemically.
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3.4 Conclusion
In this chapter, we undertook a thorough exploration of various materials and strate-
gies to enhance multivalent ion conductivity. Our efforts included the synthesis and
characterization of ZnPS3 with aliovalent metal and anion substitutions, Ca2MS4

thio-olivines, multivalent argyrodites, ZnLa6Si2S14, CaIn2S4 thiospinel, and Mg or
Ca contiaining NASICON-like materials. Despite the promising characteristics and
some computational predictions, our experimental results showed limited success
in achieving high ionic conductivity at ambient temperatures.

Aliovalent metal substitution in ZnPS3 introduced vacancies but did not significantly
enhance conductivity, likely due to the presence of immobile cations within the
diffusion pathway. Anion substitution with Cl also maintained structural integrity
but failed to increase conductivity, possibly due to inadequate integration of Cl into
the lattice and creation of vacancies. The exploration of Ca thioolivines revealed
that the thioolivine phase may not be suited for room temperature conduction of
multivalent ions. Additionally, Ionic conduction in the thiospinel CaIn2S4 was not
realized, despite the unfavorable tetrahedral Ca and S-based framework, likely due
to Ca/In inversion causing blockages in the diffusion pathway.

Our attempt to leverage concerted migration mechanisms in NASICON-like ma-
terials may have potential, yet practical implementation and densification issues
hindered significant conductivity improvements. The exploration of amorphous
phases through mechanochemical methods did not yield the desired conductivity,
suggesting the need for further refinement of preparation techniques and the need to
explore a larger phase space.

Finally, we briefly examined other materials of interest, such as antiperovskites
and sodalite phases, but faced challenges in obtaining pure phases suitable for
electrochemical characterization.

Overall, while the studies outlined here lay a solid foundation and identifies critical
challenges in the development of divalent ion conductors, further research and
innovative approaches are required to achieve the desired high ionic conductivities.
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C h a p t e r 4

WATER VAPOR INDUCED SUPERIONIC CONDUCTIVITY IN
ZNPS3

This chapter has been adapted from:

(1) Iton, Zachery W. B.; Lee, B. C.; Jiang, A. Y.; Kim, S. S.; Brady, M. J.;
Shaker, S.; See, K. A. Water Vapor Induced Superionic Conductivity in
ZnPS3. J. Am. Chem. Soc. 2023, 145, 13312–13325. 10.1021/jacs.3c03368,

4.1 Abstract
Next-generation batteries based on sustainable multivalent working ions, such as
Mg2+, Ca2+, or Zn2+, have the potential to improve the performance, safety, and
capacity of current battery systems. Development of such multivalent ion batteries
is hindered by a lack of understanding of multivalent ionics in solids, which is crucial
for many aspects of battery operation. For instance, multivalent ionic transport was
assumed to be correlated with electronic transport, however, we have previously
shown that Zn2+ can conduct in electronically insulating ZnPS3 with a low activation
energy of 350 meV, albeit with low ionic conductivity. Here, we show that exposure
of ZnPS3 to environments with water vapor at different relative humidities results
in room temperature (RT) conductivity increases of several orders of magnitude,
reaching as high as 1.44 mS cm−1 without decomposition or structural changes.
We utilize impedance spectroscopy with ion selective electrodes, ionic transference
number measurements, and deposition and stripping of Zn metal, to confirm that
both Zn2+ and H+ act as mobile ions. The contribution from Zn2+ to the ionic
conductivity in water vapor exposed ZnPS3 is high — representing superionic
Zn2+ conduction. The present study demonstrates that it is possible to enhance
multivalent ion conduction of electronically-insulating solids as a result of water
adsorption, and highlights the importance of ensuring that increased conductivity
in water vapor exposed multivalent ion systems is in fact due to mobile multivalent
ions and not solely H+.

4.2 Introduction
Interest in multivalent ion batteries (MIBs) as next-generation energy storage tech-
nology has increased significantly in recent years.[25, 158, 159] The excitement is in

https://doi.org/10.1021/jacs.3c03368
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part due to limitations in state-of-the-art Li-ion batteries (LIBs), which are approach-
ing theoretically achievable energy densities. Additionally, LIBs are relatively ex-
pensive, have safety concerns associated with the flammable liquid electrolyte, and
rely on metals with supply chain and abundance concerns. [6, 7, 160]

Batteries based on multivalent working ions such as Mg2+, Ca2+, and Zn2+ use
less expensive metals and promise improved metrics related to both performance
and safety over current LIBs.[25, 158] Specifically, the volumetric capacities of
multivalent metal anodes (3833, 2073, and 5851 mAh cm−3 for Mg, Ca, and Zn re-
spectively) are much higher than that of the commercialized graphite anode in LIBs
(720 mAh cm−3), and even next-generation Li metal anodes (2062 mAh cm−3). A
major obstacle in the development of MIBs is insufficient understanding of multiva-
lent ion conduction in solids. Solid state ionic conduction is critical for many aspects
of batteries including intercalation electrodes, solid state electrolytes (SSEs), and
electrode-electrolyte interfaces. The charge density of multivalent ions is generally
higher than Li+, making diffusion in solids inherently more challenging.[95, 158]
To date, there have been limited reports of multivalent ion conduction in inorganic
solids around RT. Notable materials include the seminal Chevrel phase Mo6S8 and
thiospinel Ti2S4, both of which were shown to reversibly intercalate Mg2+ at slightly
elevated temperatures (60 °C).[96, 103] The electronic conductivity in both Mo6S8
and Ti2S4 is hypothesized to screen the ionic charge, allowing for high Mg2+ mobil-
ity.[97, 102] Indeed, we have found that the identification of electronically-insulating
solids capable of multivalent ion conduction is challenging. Previous reports are
limited to derivatives of Mg borohydrides[46, 48, 49, 51, 52, 123] and ZnPS3 at
slightly elevated temperatures.[54] ZnPS3 was reported as the first electronically-
insulating solid state Zn2+ conductor near ambient temperature.[54] ZnPS3 boasts a
low activation energy (E𝑎) comparable to Li garnets of 351 ± 99 meV; however, the
ionic conductivity at 60 °C is low at ∼10−7S cm−1.

Besides charge screening with electrons, it has been suggested that solvent molecules,
like water, can screen charge to affect the conduction and intercalation of multiva-
lent ions in cathodes.[161] Several reports have claimed that structural water in
a host lattice can facilitate multivalent ion conduction in various compounds like
MnO2 and V2O5 by increasing diffusion kinetics through either (1) shielding of
the charge-dense multivalent ions,[105, 106, 161, 162] or (2) solvating the ions in
the electrolyte to decrease the impedance at the electrolyte-cathode interface.[162,
163] In addition to the previous reports of water-assisted multivalent ion diffusion
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that focused on cathodes, enhanced Li+ mobility was achieved via hydration in the
electronically-insulating Li2Sn2S5 SSE.[110]

Here we aim to determine if water can increase the ionic conductivity in electronically-
insulating ZnPS3. Several layered 𝑀PS3 (𝑀 = Mn, Cd, Zn) phases are stable in
humid environments and in water for extended periods of time, and are likely to
intercalate water or guest molecules into the van der Waals gap.[113, 164–168]
Therefore, ZnPS3 is an ideal candidate for an initial study of enhancement of Zn2+

ionic conduction in inorganic solids via water exposure.

Water-containing solids capable of conducting Zn2+ could additionally be applicable
in aqueous Zn-ion batteries (ZIBs). Aqueous ZIBs have re-emerged as promising
candidates for grid-scale energy storage and wearable technology within the last
decade because of the high abundance of Zn, established manufacturing processes,
safety benefits offered by the low potential (-0.76 vs. SHE), and low toxicity.[169–
173] However, current limitations of aqueous ZIBs include (1) cathode dissolution,
(2) Zn dendrite formation upon deposition, (3) formation of unexpected byproducts,
(4) poorly-understood operation mechanisms, and (5) corrosion and passivation of
the Zn surface.[169, 174] Replacing the aqueous electrolyte with a water-containing
SSE would reduce the amount of active water in the system, and therefore could
potentially mitigate the majority of the issues that arise from the interactions between
excess water and ZIB components. [171–175]

We note, however, that incorporation of water can also introduce a new ionic
charge carrier: H+. In fact, the observed capacity in many reported multivalent
cathodes with water present could be explained by H+ intercalation[26, 108, 109,
176] or co-intercalation.[107] Park et al. highlighted examples in which the observed
electrochemical behavior was misassigned to the insertion of multivalent ions instead
of H+. The authors emphasized the necessity of using multiple characterization
techniques to confirm the identity of the charge carriers in systems containing
water.[95] Taking into account the lessons from water-containing cathodes systems,
here we study the effect of water vapor exposure on the ionic conductivity of ZnPS3
and carefully characterize the charge carriers.

The structure of ZnPS3 and proposed Zn2+ conduction pathway in the pristine mate-
rial are shown in Figure 4.1.[54] ZnPS3 forms as a layered compound with a slightly
distorted hexagonal network of edge-sharing Zn2+ octahedra. The Zn2+ are coordi-
nated by [P2S6]4– polyanions. The layers stack along the c-axis separated by a van
der Waals gap of 3.38 Å. We hypothesize based on experimental and theoretical data
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Figure 4.1: The crystal structure of pristine ZnPS3 including an illustration of the
lowest energy diffusion pathway predicted by NEB in ZnPS3 from Martinolich et
al.[54] (a) looking down the c axis and (b) along the a axis. The Zn2+ ions migrate
through the octahedral faces into a neighboring vacancy in the Zn layer. The S atoms
along the shared edge (highlighted) distort into the van der Waals gap facilitating
low activation energy.

that Zn2+ conducts within the metal layer via a vacancy-mediated mechanism (Fig-
ure 4.1). Here, we show that ZnPS3 readily takes up water after exposure to humid
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air (vide infra). We name the water-containing materials x H2O/ZnPS3 where x indi-
cates the moles of water adsorbed per mole of ZnPS3. After exposure, a combination
of 1H and 31P solid state magic angle spinning nuclear magnetic resonance (MAS
ssNMR), X-ray diffraction (XRD), Raman spectroscopy, thermogravimetric analy-
sis (TGA), differential scanning calorimetry (DSC), and Fourier transform infrared
(FTIR) spectroscopy are used to investigate the incorporation of water and resulting
structural changes. Subsequently, electrochemical impedance spectroscopy (EIS) is
employed to determine the bulk conductivity of ZnPS3 exposed to different relative
humidities (RHs). The identity of the mobile ion is probed using ionically selective
electrodes, ionic transference number measurements, deposition, and stripping of Zn
metal. The deposited Zn metal is characterized with scanning electron microscopy
(SEM), energy dispersive X-ray spectroscopy (EDS), and X-ray photoelectron spec-
troscopy (XPS). The 0.52 H2O/ZnPS3 material exhibits superionic conduction (>
0.1 mS cm−1). The enhanced ionic conduction stems from both increased Zn2+

conduction and the introduction of mobile H+. When decoupling the two charge
carriers, we find that Zn2+ conduction is superionic. Ultimately, the present study
illustrates the utilization of adsorbed water to aid charge-dense ion conduction in
electronically-insulating compounds, and provides a novel approach for the devel-
opment of multivalent SSEs. Additionally, we demonstrate experimental methods
to qualitatively decouple H+ and multivalent ion conduction.

4.3 Results And Discussion
Ionic Conductivity of Water Vapor Exposed ZnPS3
First, we discuss the effect of water vapor exposure on the ionic conductivity of
ZnPS3. To control the degree of water uptake, pellets of ZnPS3 are placed in a
chamber with controlled RH for 2 days. The pellets expand significantly upon
exposure to humid air (Figure A.1), suggesting water adsorption. The mass change
after exposing ZnPS3 to humid air for two days is the same whether ZnPS3 is a
pellet or a powder, suggesting that the ZnPS3 pellet takes up water homogeneously.
The amount of water adsorbed is quantified later; however, we will now refer to the
materials by the average amount of adsorbed water, x in x H2O/ZnPS3, measured by
TGA (vide infra).

We utilize EIS to probe the ionic conductivity and activation energy at various
water contents. Figure 4.2a shows Nyquist plots of a representative Au symmetric
cell with a 0.52 H2O/ZnPS3 electrolyte from room temperature to 50 °C in 10 °C
increments. Nyquist plots of x = 0.02, 0.09 and 2.38 are shown in Figure A.3.



60

In cases where the high frequency semicircle could be resolved (x = 0.02 & 0.09),
the Nyquist plots are fit with an equivalent circuit consisting of a resistor (R𝑐) in
series with a RQ circuit (resistor, R𝑏, in parallel with a constant phase element, Q𝑏)
in series with an additional Q𝑖𝑛𝑡 . R𝑐 is the circuit resistance, and R𝑏 and Q𝑏 are
associated with the electrolyte, and Q𝑖𝑛𝑡 represents the capacitive charge buildup
at the blocking electrode surface. The high frequency semicircle is attributed to
total ionic conduction through x H2O/ZnPS3, since the capacitance values extracted
from the equivalent circuit (10−10–10−9 F) match those expected for solid state
ionic conduction, and are similar to the high frequency feature of the non-blocking
symmetric cell (Zn|ZnPS3|Zn) in our initial report.[49, 54, 81] The high frequency
semicircle could not be resolved for 0.52 H2O/ZnPS3 above room temperature or
2.38 H2O/ZnPS3 at any temperature. In these cases, the x intercept value is taken
as a "worst case" approximation for the total impedance, which we conservatively
approximate as the electrolyte impedance.

The ionic conductivity of x H2O/ZnPS3 can thus be extracted by converting the R𝑏

values from the fits of the Nyquist plots at various temperatures. Figure 4.2b shows
the ionic conductivity of x H2O/ZnPS3 as a function of RH at room temperature
(approx. 23 °C). The ionic conductivity of ZnPS3 increases with adsorbed water
content reaching a room temperature conductivity on the order of 1 mS cm−1.
Therefore, the ionic conductivity of water vapor exposed ZnPS3 at room temperature
is up to four orders of magnitude higher than that of pristine ZnPS3 at 60 °C and
two orders of magnitude greater than hydrated CdPS3 reported under comparable
conditions [113]. We note that the charge carriers in CdPS3 are most likely H+.[113]

The E𝑎 is determined using the Arrhenius-type relationship that governs the ther-
mally activated ionic conduction process.[70, 158] Figure 4.2c shows the plot of
ln(𝜎T) vs. T−1 for cells exposed to various RH environments. The resulting E𝑎

along with the room temperature conductivities are listed in Table A.1. In the hu-
midity exposed samples, the E𝑎 decreases as the amount of adsorbed water increases.
The lower E𝑎 may result from either more water in the system leading to greater sol-
vation of Zn2+ ions or greater contributions of mobile H+ to the ionic conductivity.
Exceedingly high H+ conduction was recently reported in the isostructural CdPS3
phase after a complicated ion exchange to introduce H+.[113] The H+ conduction is
reported to have an E𝑎 of 170-200 meV (depending on the extent of hydration).[113]
Therefore, we are cognizant that H+ conduction very likely contributes to the en-
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Figure 4.2: (a) Representative Nyquist plots of 0.52 H2O/ZnPS3 from 3 MHz
to 100 mHz and from room temperature to 50 °C. (b) the ionic conductivity of
x H2O/ZnPS3 vs. RH at RT. (c) Arrhenius-type plots of x H2O/ZnPS3 at different
RHs. Error bars in both (b) and (c) represent errors from at least three replicate cells.
The conductivity and Arrhenius data for x = 0 was obtained through extrapolation
to RT of the five replicate cells measured in the previous study of ZnPS3 from our
group. In that study, EIS was measured from 60 to 90 °C.[54]

hanced ionic conductivity of hydrated ZnPS3 over the pristine material since H+ are
able to conduct more easily than multivalent ions.

Due to the substantial increase in total ionic conductivity of ZnPS3 after exposure to
humid environments, structural, chemical, and electrochemical characterization are
used to understand the origin of conductivity enhancement and determine if Zn2+

contributes to the observed superionic conductivity.
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RH (%) H2O adsorbed 𝜎𝑅𝑇 E𝑎

(mol/f.u.) (mS cm−1) (meV)

0 0 (1.75 ± 1.34) × 10−4* 351 ± 99

11 0.02 ± 0.01 (2.69 ± 3.05) × 10−4 573 ± 147

45-55 0.09 ± 0.04 (6.78 ± 0.61) × 10−2 360 ± 2

75 0.52 ± 0.25 1.44 ± 0.26 314 ± 15

96 2.38 ± 0.21 4.25 ± 0.67 252 ± 23

Table 4.1: H2O content measured by TGA and conductivity metrics of ZnPS3
exposed to various RH environments. * the conductivity of the x = 0 material was
obtained through extrapolation of EIS measurements from 60 – 90 °C to RT.

Characterization of Water Vapor Exposed ZnPS3
Next, we discuss in-depth characterization of the water vapor exposed ZnPS3 materi-
als. Techniques including TGA, DSC, and FTIR are used to confirm and characterize
water adsorption in x H2O/ZnPS3 after equilibration at the selected RHs. Figure
4.3a shows TGA results of x H2O/ZnPS3 up to 250 °C. The DSC results (Figure
A.4) show that mass loss occurs through an endothermic process at T ≤ 150 °C. The
endothermic region is attributed to loss of adsorbed water from the samples.[166]
At T > 150 °C the mass loss occurs through an exothermic process, which could
be due to minor decomposition or hydrolysis at elevated temperatures. Therefore,
the adsorbed water contents are determined by considering the mass after heating
to 150 °C. By the end of the endothermic process, the samples exposed to 11% RH,
ambient air (45-55% RH), 75% RH, and 96% RH experience mass loss correspond-
ing to 0.02 ± 0.01, 0.09 ± 0.04, 0.52 ± 0.25 and 2.38 ± 0.21 moles of H2O per
mole of ZnPS3, respectively. The error bars reflect the standard deviation of three
replicate measurements. The TGA is magnified in Figure A.5 to illustrate the differ-
ence between the pristine, x = 0.02 and 0.09 samples. Additionally, a comparison
of adsorbed water content from TGA measurements and measurements of sample
mass change using a bench top balance is shown in Table S1. As in previous reports
of water-containing MnPS3 and CdPS3,[166] the mass loss begins slightly above
room temperature, suggesting that the adsorbed water is weakly bound to ZnPS3. A
second endothermic weight loss event at higher temperatures is not observed. The
absence of mass loss at higher temperature indicates the absence of tightly bound
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"crystalline" water. Additionally, the DSC contains only one peak, suggesting that
the removal of adsorbed water requires similar energy.

Figure 4.3: (a) TGA of x H2O/ZnPS3 showing that samples exposed to higher RH
environments uptake more water. (b) ATR FTIR of pristine and water vapor exposed
ZnPS3 illustrating the presence of adsorbed water in the water vapor exposed samples
and not in the pristine sample.

Figure 4.3b shows FTIR spectra of x H2O/ZnPS3. The spectra of the water vapor
exposed samples contain a sharp peak at 1600 cm−1 and a broad feature around
3300 cm−2, which correspond to well-established IR active bending and stretching
modes of water molecules, respectively. The bands related to water are much
easier to observe in the materials with higher water content due to the concentration
dependence of the absorption intensity. However, a small feature at 1600 cm−1 is
observed even in the x = 0.02 material, confirming the presence of water. The FTIR
is shown magnified in Figure A.6 to more easily evaluate this feature. Additionally,
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these features match previously observed FTIR spectra of H2O containing MnPS3.
[166]

Figure 4.4: (a) XRD patterns of x H2O/ZnPS3 normalized to the (001) reflection
of ZnPS3 at 13.6 ° 2𝜃, showing that no major crystalline decomposition products
form after water vapor exposure until x = 2.38. (b) Raman spectra of x H2O/ZnPS3
showing that the modes associated with ZnPS3 are unchanged until x = 2.38, at
which point modes associated with the hydrated crystalline phase appear.

XRD and Raman spectroscopy are used to investigate changes to the crystal structure
of ZnPS3 after water vapor exposure. Figure 4.4a compares the XRD patterns of
x H2O/ZnPS3. Water uptake in layered materials commonly leads to an expansion
of the interlayer spacing when the water is accommodated in the van der Waals
gap.[113, 166, 177, 178] However, Figure 4.4a shows that the (001) reflection does
not shift from 13.6° 2𝜃 to lower 2𝜃 values, as would be expected for lattice expansion,
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which indicates that there is no increase in the layer spacing after water uptake.
Therefore, the XRD and TGA results suggest that the water is weakly adsorbed to the
surface and does not reside in the van der Waals gap. When x ≥ 0.52, an unidentified
impurity phase is formed, evidenced by the emergence of several reflections between
5 - 15 ° 2𝜃. None of the emergent reflections could be fit to any likely hydrolysis or
decomposition products of ZnPS3. These reflections possibly indicate the formation
of a new crystalline phase that incorporates excess adsorbed water into the crystal
structure. The reflections of the new crystalline phase are weakly present in the XRD
pattern of 0.52 H2O/ZnPS3, and 0.52 H2O/ZnPS3 experiences no further significant
change to the XRD pattern after one month of exposure (Figure A.7). However,
exposure at high RH (96 %) after a few weeks allows the transformation proceeds to
completion, and the characteristic reflections of ZnPS3 vanish and only those of the
unknown phase are present (Figure A.7). Additionally, the reflections associated
with the unknown phase disappear after briefly drying at 100 °C or exposure to
moderate vacuum in a glovebox antechamber for 30 minutes (Figure A.9a) further
suggesting that the unidentified phase is related to the adsorbed water, and that the
incorporated water is also weekly bound.

The Raman spectra in Figure 4.4b shows that the characteristic Raman modes of
ZnPS3 remain unchanged after water adsorption until excess adsorption at x = 2.38.
At x ≤ 0.52, the modes at 227, 259, 279, 389 and 579 cm−1 that are related to
the [P2S6]4– polyanion remain unchanged.[179, 180] Therefore, the bulk ZnPS3
lattice does not undergo significant structural changes at x ≤ 0.52. At x = 2.38
additional modes are observed at 159, 235, 274, 378, and 566 ppm in some regions
of the sample. These modes correspond to the Raman active modes of the new
unidentified crystalline phase discussed in the section pertaining to XRD results. A
Raman spectrum of the unidentified crystalline phase after complete transformation
is shown in Figure A.8. In some areas of the x = 2.38 sample the Raman spectra
looks identical to that of ZnPS3, suggesting that the formation of the new crystalline
phase is localized to certain areas of the powder as water adsorption progresses.

1H MAS ssNMR is used to confirm the presence of H+ containing species and probe
their local chemical environments, and 31P MAS ssNMR is used to gain further
insight into potential changes in local structure of ZnPS3 after water adsorption.
Figure 4.5a shows the 1H NMR spectra of x H2O/ZnPS3. There are no resonances
present for x = 0, whereas x ≥ 0.02 spectra exhibit a resonance, suggesting H+

containing species are present in all of the water vapor exposed samples. Generally,
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water incorporated into or adsorbed on inorganic solids shows a resonance anywhere
between 4 ppm and 8 ppm, depending on the interaction between the adsorbed water
and the solid.[181–184] Neutral, liquid water would show a very sharp resonance
around 4.7 ppm.[185] For x = 0.02 the resonance is broad and centered around
6.5 ppm. When the water content is low all of the water is likely interacting with
ZnPS3. As x increases the 1H peak shifts upfield closer to a liquid water-type po-
sition, suggesting that there is more free water as excess water is adsorbed. The
resonances also sharpen with higher water contents, indicating faster 1H mobility.
The disappearance of the resonance after mild heating or evacuation at room tem-
perature indicates that it likely arises from loosely held physisorbed water (Figure
A.9b).[186] The resonance for all x H2O/ZnPS3 are best fit with two pseudo-Voigts,
suggesting two distinct environments, which have two different spin lattice (T1)
relaxation times (Figure A.11). One could envision many different environments
including surface-confined water, "bulk"-like water, and Zn2+ coordinated water, to
name a few. The 1H MAS ssNMR results alone cannot concretely determine the
nature of the adsorbed water. However, variable temperature 1H MAS ssNMR of
0.52 H2O/ZnPS3 (Figure A.10) reveals that the freezing point of the adsorbed water
is depressed to about 205 K. Freezing point depression is consistent with confined
molecular water and not "bulk"-like liquid water. [187, 188] Nonetheless, since
H+ species are present and obviously mobile, care must be taken to ensure that the
enhanced conductivity is not solely due to H+ conduction.

The 31P MAS ssNMR spectra in Figure 4.5b reveals that the pristine ZnPS3,
0.02 H2O/ZnPS3, and 0.09 H2O/ZnPS3 have a single resonance at 99 ppm that is as-
signed to the single Wyckoff site for P in ZnPS3.[54] The spectrum of 0.52 H2O/ZnPS3
contains a second, minor resonance at 126 ppm (≤ 5% of the total P environments),
indicating the presence of an additional P environment. The 126 ppm resonance
becomes the major feature in 2.38 H2O/ZnPS3. The 126 ppm resonance cannot be
assigned to any likely decomposition products, e.g., ZnP2, Zn3P2, [PO4]3−, or any
species containing [PS4]3− or other P–S polyanions. [67, 189–191] Since the 126
ppm resonance is eliminated by drying or evacuation in concert with the 1H NMR
signal and the emergent XRD reflections (Figure A.9c), it likely corresponds to the
unidentified crystalline phase seen in XRD of x ≥ 0.52 materials.

To summarize the characterization data, water is adsorbed in ZnPS3 after exposure
to humid atmospheres. The amount of adsorbed water increases with the RH. The
adsorbed water does not intercalate into the van der Waals gap, instead it is likely
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Figure 4.5: (a) 1H NMR of x H2O/ZnPS3 illustrating that H+ containing species are
present in each water vapor exposed sample. A shoulder is present in water vapor
exposed samples suggesting the presence of two H-containing species. The peak
sharpens with more water incorporation, suggesting increased mobility of the H. (b)
Normalized 31P NMR of x H2O/ZnPS3 (* are spinning side bands) showing that after
water adsorption the product is still ZnPS3. At high water contents, an additional
resonance is observed indicating a new P environment, which likely correlates to
the new peaks in the XRD.

loosely bound to the surface of ZnPS3 grains. Additionally, at high RH, excess ad-
sorbed water results in the formation of an unidentified crystalline phase. Structural
characterization confirms that ZnPS3 is the majority phase present after exposure
to 75% RH (0.52 H2O/ZnPS3) and is stable for at least one month. Therefore,
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although the ionic conductivity of 2.38 H2O/ZnPS3 is higher than 0.52 H2O/ZnPS3,
we focus on the 0.52 H2O/ZnPS3 material hereafter. The continuous introduction
of a new unidentified phase with increased water adsorption increases cell-to-cell
variability and raises concerns about whether the observed properties are inherent
to water vapor exposed ZnPS3 or the unidentified phase that appears at excess water
adsorption. The unidentified phase will be the subject of a future study.

Experimental Evidence of Zn2+ Conduction
Since H+ conducts more easily than multivalent ions in solid materials, H+ conduc-
tion likely contributes to the enhanced ionic conductivity in water vapor exposed
ZnPS3. The question then becomes: Is Zn2+ conducting at all? However, decou-
pling the contributions of the two carriers is nontrivial. Several techniques used
to decouple H+ and Li+ contributions are difficult to use with Zn2+. 67Zn MAS
ssNMR, quasielastic neutron scattering, and muon spectroscopy require isotopic
enrichment, dedicated facilities, and rigorous sample preparation for relevant mul-
tivalent systems.[158, 192] Instead, we focus on electrochemical methods to probe
the identity of the charge carriers.

Blocking vs. Non-Blocking Electrode Comparison

The impedance response of 0.52 H2O/ZnPS3 with various blocking or non-blocking
electrodes is compared to provide qualitative evidence that Zn2+ is a charge carrier
in x H2O/ZnPS3. Au, Pt, Pd, and Ta are used as blocking electrodes for both H+

and Zn2+, PdH𝑥 as a H+ non-blocking electrode,[113, 193] and Zn metal as a Zn2+

non-blocking electrode. Attempts to utilize more reactive metals, like Mg, as a
blocking electrode are convoluted by the reductive instability of ZnPS3, resulting
in non-linear responses at low frequencies (Figure A.12). Figure 4.6 shows the
resulting Nyquist plots with the blocking and non-blocking electrodes. The Nyquist
plots with blocking electrodes in a symmetric cell (e.g., Au|0.52 H2O/ZnPS3|Au)
show a high frequency semicircle followed by a capacitive, "blocking" feature at low
frequencies. As previously discussed, the high frequency semicircle is attributed
to ionic conduction through the 0.52 H2O/ZnPS3 pellet, and the low-frequency
feature is a result of mobile ion accumulation at the 0.52 H2O/ZnPS3–electrode
interface. The bulk response observed at high frequency is comparable regardless
of the electrodes. Symmetric cells using Zn metal or PdH𝑥 electrodes show a second
semi-circle at low frequencies. The low frequency semicircle is indicative of non-
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Figure 4.6: The Nyquist plots obtained from EIS of 0.52 H2O/ZnPS3 with symmetric
cells of Au, PdH𝑥 , or Zn electrodes (frequency range 3 MHz-100 mHz and voltage
amplitude of 50 mV), to qualitatively identify charge carriers in 0.52 H2O/ZnPS3.
Pd, Pt, and Ta behave identically to Au and thus are omitted from the figure for
clarity. The highlighted points on the Nyquist plots show the response at 1 Hz.
The inset shows that the bulk response observed at high frequency is comparable
regardless of electrode. The highlighted points on the Nyquist plots in the inset
show the response at 200 kHz.

blocking behavior, resulting from conduction across the 0.52 H2O/ZnPS3-electrode
interface, indicating that both H+ and Zn2+ are charge carriers in 0.52 H2O/ZnPS3.
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DC Polarization and Transference Number Measurements

DC polarization is used to qualitatively illustrate the contribution of ionic charge
carriers to the current response of 0.52 H2O/ZnPS3. Figure 4.7a shows the difference
in current response when blocking electrodes (Au) are used as opposed to non-
blocking Zn2+ electrodes (Zn). Upon polarization, a low steady-state current is
observed with blocking electrodes (∼ 5 nA). The steady-state current with blocking
electrodes is an estimate of the electronic current. The electronic conductivity
of 0.52 H2O/ZnPS3 is estimated to be approximately 10−5 mS cm−1, five orders
of magnitude lower than the ionic conductivity. With the Zn metal non-blocking
electrodes, the steady-state current is several orders of magnitude greater than that
with blocking electrodes due to the additional contribution from mobile ions, again
suggesting that Zn2+ is indeed a mobile ion in 0.52 H2O/ZnPS3.

The DC polarization data can be used along with impedance data to estimate the
relative contributions of H+ and Zn2+ to the ionic conductivity. The relative con-
tributions are quantified by the transference number, which can be estimated based
on the Bruce-Vincent equation (Equation 4.1).[112] The Bruce-Vincent equation is
often used to understand the relative contribution of cations vs. anions, but it has
also been used to decouple two cationic charge carriers.[113]

𝑇𝑀 𝑥+ =
𝐼𝑠𝑠 (Δ𝑉 − 𝐼𝑜𝑅𝑜)
𝐼𝑜 (Δ𝑉 − 𝐼𝑠𝑠𝑅𝑠𝑠)

(4.1)

In the Bruce-Vincent equation (equation 4.1), T𝑀 𝑥+ is the transference number of a
species 𝑀𝑥+,ΔV is the applied potential, I𝑜 is the initial current, I𝑠𝑠 is the steady-state
current, R𝑜 and R𝑠𝑠 are the interfacial ionic resistance before and after polarization,
respectively. ΔV, I𝑜, and I𝑠𝑠 are obtained from DC polarization, whereas R𝑜 and
R𝑠𝑠 are obtained from EIS.[112] Specificity for species 𝑥 is granted by the choice
of electrode. Equation 4.1 strictly holds only under the following conditions: (1)
the electrolytes should be ideal (i.e., ion-ion interactions can be ignored), (2) con-
vection must not contribute to ion transport in the electrolyte, and (3) the applied
potential must be small to avoid the establishment of large concentration gradients
(the equation is not valid at applied potentials ≥ 30 mV).[112, 194] Neglecting to
adhere to the constraints has led to a high variation in results for different studies
of the same materials.[31, 195, 196] SSEs are particularly suited for investigation
using the Bruce-Vincent method because there is an absence of both convection and
complex speciation of the ionic charge carriers.[112, 194] Nonetheless, the presence
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Figure 4.7: (a) Nyquist plots of a representative Zn|0.52 H2O/ZnPS3|Zn cell be-
fore and after 20 mV polarization to determine changes to the interfacial resis-
tance. The spectra are fit with the equivalent circuit shown in the inset, where
the Zn|ZnPS3 interfacial resistance is taken as R𝑖𝑛𝑡 . (b) Chronoamperometry of
Zn|0.52 H2O/ZnPS3|Zn and Au|0.52 H2O/ZnPS3|Au cells to illustrate the different
current responses to a 20 mV applied voltage with Zn2+ blocking vs. non-blocking
electrodes.

of ion-ion interactions in the electrolyte, which are inevitable in most real systems,
leads to an overestimation of the calculated transference number.[111] To determine
the TZn2+ in 0.52 H2O/ZnPS3 within the constraints of the Bruce-Vincent method, a
polarization of 20 mV is applied. Figure 4.7b shows Nyquist plots of a representative
Zn|0.52 H2O/ZnPS3|Zn cell before and after 20 mV polarization and the equivalent
circuit used to fit the data. The TZn2+ for 0.52 H2O/ZnPS3 is calculated to be 47 ±
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4%, where the error represents cell-to-cell variation of three replicate cells. A TZn2+

of 47% corresponds to a Zn2+ ionic conductivity of approximately 0.7 mS cm−1.

Electrodeposition and stripping of Zn metal

Finally, we pursue the deposition and stripping of Zn metal using 0.52 H2O/ZnPS3
as an electrolyte as further evidence of Zn2+ conduction. Due to the low ionic con-
ductivity of reported solid state multivalent ion conductors and challenges regarding
optimization of the electrode-electrolyte interface, deposition of multivalent metals
through SSEs is difficult and has not often been reported. To the best of our knowl-
edge, the only reported deposition of multivalent metal through an inorganic SSE is
of Mg metal with borohydride systems. For instance, using Mg(BH4)2(en) as a SSE,
Mg was deposited on Cu foil using a very low current density of approximately 3
nA cm−2 over 200 hours.[123] Another study reports using Mg(BH4)2(NH3BH3)2
to deposit Mg on a Mo substrate at 30 °C.[49]

Cyclic voltammetry (CV) is used to probe the ability of 0.52 H2O/ZnPS3 to deposit
and strip Zn on different metal substrates. Au and Pt are used as deposition substrates
due to previous literature reports of Zn deposition on those substrates using ionic
liquids.[197–201] Figure 4.8 shows the first cycle at 0.5 mV s−1 and 40 °C with Au
or Pt working electrodes (WE). The first reduction event begins at 600 mV and 400
mV vs. Zn/Zn2+ with Pt and Au, respectively. During this first cathodic wave, H2

is evolved as measured by gas chromatography (GC) and thus we assign the first
reduction event to hydrogen evolution reaction (HER) (2 H+ + 2 e– −−−→ H2(g), E =
760 mV vs. Zn/Zn2+). HER is known to have a lower overpotential on Pt than on
Au,[202] which is consistent with our results. A second reduction event begins at
-150 mV and -115 mV vs. Zn/Zn2+ on Pt and Au, respectively. SEM, EDS, and XPS
of the metal substrate after extended galvanostatic deposition at similar potentials
(vide infra) is used to assign the second region to Zn2+ reduction. H2 generation
during the Zn2+ redution is below the detection limit in GC. When the sweep is
reversed, two oxidative peaks are seen when using a Au WE (255 mV and 440 mV)
and one major peak is seen when using a Pt WE (275 mV). The two peaks with the
Au WE can be attributed to stripping of Zn and Zn-Au alloys in accordance with
previous literature reports.[197, 200] Zn-Pt alloys do not form as readily as do Zn-Au
alloys,[199] and therefore only a single anodic peak corresponding to Zn stripping
is observed. HER is irreversible as expected and does not have an accompanying
oxidation peak. Subsequent cycles reveal a decrease in the current density which



73

Figure 4.8: Cyclic voltammetry measured with the water vapor exposed ZnPS3 as
the electrolyte, Au or Pt working electrodes, and Zn counter electrodes at 0.5 mV s−1

and 40 °C. The arrows on the CVs indicate the direction of voltage sweep.

could be caused by degradation of the ZnPS3-metal interface after each iteration of
deposition and stripping or delamination due to evolved H2 gas (Figure A.13).

Galvanostatic experiments are used to achieve sufficient Zn deposits for character-
ization. Figure 4.9a shows the potential transient during application of a -50 𝜇A
cm−2 current density at 40 °C with a Au WE. The potential transient contains two
distinct regions that correlate to the cathodic processes observed in the CV. Again,
we observe H2 evolution by GC in the initial region from open circuit to approx.
-100 mV vs. Zn/Zn2+ and thus the first region can be assigned to HER. Then, a
nucleation dip is observed which is commonly observed for metal nucleation.[203]
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The voltage then reaches a plateau that is stable for the duration of the electrolysis
which is again consistent with metal deposition.

To determine if the plateau region is indeed due to Zn deposition, we perform
SEM, EDS, and XPS characterization of the WE post electrolysis. First, the cell
is disassembled and the electrolyte is exfoliated away with solvent, revealing the
buried WE surface. Figure 4.9c shows an SEM image of the Au surface after a 2.05
C of charge is passed. The image shows nonuniform deposits 20 𝜇m in diameter.
Figure 4.9d shows the Zn metal counter electrode after a 2.05 C of charge is passed.
The electrode shows clear signs of pitting which is commonly observed after metal
stripping. Application of higher current densities (up to 100 𝜇A cm−2) results
in greater overpotentials and smaller deposits (1 𝜇m diameter) in agreement with
classical nucleation and growth theory.[203]

The nature of the deposit is probed with spectroscopy. Figure 4.9b shows the Zn
LMM Auger spectrum measured by XPS of the Au WE after deposition. The Auger
spectrum is used as the primary analysis because the shift between chemical states
of Zn is more significant than that in the Zn 2p spectrum (See Appendix A and
Figure A.14). Zn metal is identified by the Zn0 L3M45M45 (1𝐺) at 991.7 eV and Zn0

L3M45M45 (3𝐹) at 995.2 eV (dashed lines). Zn0 is present in the spectrum before
sputtering, however, the spectrum is dominated by ZnO (988.1 eV) and Zn(OH)2
(986.5 eV) which likely form on the surface of deposited Zn metal exfoliation of
the electrolyte to prepare the sample for ex-situ characterization. The Zn0 peaks
increase in intensity after sputtering for 35 minutes and the oxide/hydroxide species
decrease, showing that the surface film can be ablated to reveal the Zn metal below.
Additional XPS data is available in the SI. EDS provides additional evidence of Zn
deposition on Au and supports the presence of Zn-Au alloys (Figure A.17) . We
also pursue deposition on a Pt substrate that does not alloy with Zn. The data can
be found in Figure A.18.

The electrodeposition and stripping of Zn metal on Au and Pt cannot be achieved
using pristine ZnPS3, due to the prohibitively low conductivity. Therefore, the depo-
sition and stripping results presented provide strong evidence that Zn2+ conductivity
of ZnPS3 is drastically enhanced after water adsorption.

Proposed Mechanism of Ionic Conduction in Water Vapor Exposed ZnPS3

In pristine ZnPS3, Zn2+ conduction is hypothesized to occur in the intralayer via
a vacancy-mediated mechanism, which is explained in detail in our previous re-



75

Figure 4.9: (a) The potential transient upon application of -50 𝜇A cm−1 to
0.52 H2O/ZnPS3 sandwiched between a Au foil working electrode and Zn foil
counter/reference electrode at 40 °C in a Swagelok cell under 3 kN of force. (b)
Zn LMM Auger spectrum measured by XPS of the Au working electrode after
deposition and exfoliation of the electrolyte. Zn0 L3M45M45 (1𝐺) at 991.7 eV and
Zn0 L3M45M45 (3𝐹) 995.2 eV (shown as dashed lines) are used to identify Zn metal
on the Au surface before and after sputtering. The intensity of Zn metal increases
after sputtering as the surface films are removed. (c) SEM of the Au surface after
deposition at two magnifications. (d) SEM of the Zn counter electrode surface at
two magnifications showing pitting from uneven stripping of Zn.

port.[54] If Zn2+ conduction in 0.52 H2O/ZnPS3 was to occur through a similar
mechanism, a substantial increase in vacancy concentration would be required to
account for the drastic increase in conductivity. However, the structural character-
ization of 0.52 H2O/ZnPS3 does not indicate that significant additional vacancies
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are formed. Therefore, Zn2+ conduction in x H2O/ZnPS3 likely occurs through a
different mechanism than that in the pristine ZnPS3.

Amorphization of SSEs often results in an increase in ionic conductivity.[204,
205] Excess water adsorption could result in the formation of amorphous domains
within the material. However, NMR data shows that 0.52 H2O/ZnPS3 does not
contain significant fractions of amorphous phases. Furthermore, amorphization of
the anhydrous ZnPS3 phase by ball milling does not result in significantly higher
conductivity than pristine ZnPS3 (Figure A.19). Thus, the high conductivity is not
derived from amorphous domains within the bulk.

Since the superionic conductivity of 0.52 H2O/ZnPS3 is coupled to the presence
of adsorbed water, the ionic conduction mechanism of 0.52 H2O/ZnPS3 may be
more similar to that observed in solvent-adsorbed porous materials, like metal or-
ganic frameworks (MOFs) and covalent organic frameworks (COFs), as opposed
to mechanisms that generally occur in dry inorganic solids. In almost all cases,
ionic conduction in MOFs require “activation” by soaking the MOF in a liquid
electrolyte containing the mobile ions of interest.[206] Ionically conductive MOFs
exist somewhere between the extremes of liquid and solid electrolytes. The under-
lying mechanisms that enable ionic conduction in MOFs are still being investigated;
however, generally M2+ ions are suggested to conduct via: (1) a hopping mechanism
along a conduction pathway of anionic ligands,[207] or (2) within the pores.[208]
Conduction in the pores must be mediated or enhanced by liquid or vapor solvent
molecules.[209, 210] Moreover, a single-ion Zn2+ conducting COF was developed,
in which Zn2+ from the COF conducts in liquid water within the pores.[114]. In
many of these ion conductive frameworks, the total ionic conductivity is on the order
of 10−4 S cm−1, but the contribution of the multivalent ion to the total conductivity
is not often reported in these complex systems.

Although ZnPS3 is not a porous solid and has not been activated with a liquid
electrolyte, the ionic conduction in water vapor exposed ZnPS3 bears similarities to
the solvent-mediated mechanism in MOFs. Since the water is present on the surface
of grains or in the grain boundaries, and not in the van der Waals gap, we hypothesize
that the superionic Zn2+ conduction in 0.52 H2O/ZnPS3 occurs via conduction of
solvated Zn2+ ions in the grain boundaries or on grain surfaces. The question then
is: What is the origin of the mobile Zn2+? One possibility is that ZnPS3 is dissolved
into the adsorbed water at the surface, effectively creating a liquid electrolyte within
the solid matrix. We investigate the stability of ZnPS3 in water by immersing ZnPS3
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powder in excess water under a variety of conditions and then measuring 31P NMR
on the supernatant, for which the results can be found in Figure A.21. Dissolution
of ZnPS3 would lead to the presence of [P2S6]4− in the 31P NMR spectra. Notably,
in these control experiments the H2O:ZnPS3 ratio is 100 times greater than in
0.52 H2O/ZnPS3, and such a high ratio would in theory promote ZnPS3 dissolution
in the control. However, resonances that would correspond to dissolved [P2S6]4−,
around 100 ppm,[211] are absent from the 31P NMR spectra after several days at
RT, 40 °C, and even after sonication. Minor hydrolysis of ZnPS3 does occur, as
evidenced by the -0.05 and 2.6 ppm resonances that are likely due to formation of
phosphates. After three days at 40 °C in excess water, the hydrolysis was limited to
3.7% of the ZnPS3 present. Based on the NMR results, ZnPS3 is largely insoluble
in water under all conditions relevant to the present work, and therefore generation
of Zn2+ and [P2S6]4− through dissolution cannot explain the observed behavior.

Another possibility to explain enhanced conductivity upon humidity exposure is
that the inherent Zn2+ conductivity of ZnPS3 allows Zn2+ to migrate out of the
lattice onto the surface or into the grain boundary where it is then solvated. This is
similar to the established "unusual cation-transfer intercalation process" observed
in MPS3 compounds, predominantly CdPS3 and MnPS3.[212] In aqueous solutions
of ionic salts, CdPS3 and MnPS3 have been shown to intercalate guest cations into
the interlayer spacing facilitated by the loss of water-solvated Cd2+ and Mn2+ from
the lattice, in contrast to the electron-transfer process that governs intercalation in
layered metal dichalcogenides.[164, 166, 213] The removal of Zn2+ from ZnPS3
would result in a cation vacancy. The vacancy could be stabilized by incorporation
of H+, for instance. In CdPS3, it is suggested that H+ can occupy Cd2+ sites.[113]
Importantly, such a mechanism would allow for Zn2+ to conduct in the absence of a
counter-ion, yielding essentially a cation-only conductor. We picture the mechanism
similar to the polymeric single-ion conductors in which the anion is covalently
attached to a polymer backbone allowing for the the mobile cation (usually Li+) to
conduct.[214] Here, the anion is confined to the ZnPS3 lattice as a cation vacancy
and the Zn2+ is free to conduct solvated by water. In this mechanism, the solid state
Zn2+ conductivity of ZnPS3 is critical in enabling the superionic conductivity in the
presence of adsorbed water. The proposed Zn2+ conduction mechanism is shown
by the cartoon in Figure 4.10. ZnS is sometimes present as a minor impurity in
ZnPS3 batches (up to 5 wt%). We investigate the behavior of ZnS after exposure to
water vapor as a control to rule out any contribution to the behavior observed with
0.52 H2O/ZnPS3, the details and results can be found in Figure A.22.
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Figure 4.10: An illustration showing the water adsorption and Zn2+ conduction in
0.52 H2O/ZnPS3 at different length scales. The first zoom-in captures a micrometer
scale, and highlights that water adsorbs onto the surface of ZnPS3 grains and
occupies the grain boundaries. The second zoom-in captures shows the proposed
Zn2+ conduction mechanism. Zn2+ migrates out of the lattice where it is solvated
by the adsorbed water and can conduct freely, while the [P2S6]4– is trapped in the
lattice.

The accompanying H+ conduction likely occurs through a Grotthuss mechanism,
similar to the substituted CdPS3-based membrane in which H+ hop between hydrogen-
bonded water molecules in the van der Waals gap.[113, 215] The Grotthuss mech-
anism is generally characterized by high conductivity and low E𝑎 (≤ 400 meV),
and has been demonstrated to occur on the inter-granular surfaces of materials like
hydrated SnO2 and zirconium phosphates/phosphonates.[216–218]
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4.4 Conclusions
Exposure of ZnPS3 to humid environments results in adsorption of water onto the
surface of the grains and within grain boundaries, as XRD shows no expansion
of the ZnPS3 layer spacing after significant water uptake. The water is weakly
bound and is lost easily by evacuation in a glovebox antechamber or heating at
temperatures ≥ 50 °C. Water incorporation does not significantly alter the structure
or degrade the ZnPS3 up to 0.52 H2O/ZnPS3. Despite minimal changes to the ZnPS3
itself, 0.52 H2O/ZnPS3 exhibits superionic conduction. The ionic conductivity
increases up to five orders of magnitude over anhydrous ZnPS3 as a result of water
adsorption. The dependence of ionic conductivity on adsorbed water also makes
x H2O/ZnPS3 potentially useful as a humidity sensor. We show that Zn2+ and H+

are mobile in 0.52 H2O/ZnPS3. The presence of H+-containing species is confirmed
by 1H MAS ssNMR, and conduction of H+ is confirmed by EIS with non-blocking
PdH𝑥 electrodes and electrochemical H2 evolution via HER. Evidence of Zn2+

conduction is provided through EIS with non-blocking Zn electrodes, transference
number measurements (∼ 0.47), and the first demonstration of Zn deposition and
stripping through a SSE onto various metal substrates. To the best of our knowledge,
0.52 H2O/ZnPS3 displays the highest Zn2+ conductivity in any solid-based system
(𝜎 = 1.44 mS cm−1 and 𝜎𝑍𝑛2+ = 0.67 mS cm−1). We hypothesize that the Zn2+

conduction occurs via a water-mediated mechanism, in which solvated Zn2+ is
mobile in the adsorbed water. Since ZnPS3 is largely insoluble in water, it is
unlikely that dissolution of ZnPS3 results in the generation of mobile ions. Instead,
we hypothesize that the mobility of Zn2+ in ZnPS3 solid allows for the solvation
of Zn2+ into the adsorbed water network, leaving the associated anion essentially
confined to the ZnPS3 lattice. This nuance potentially highlights the importance of
the Zn2+ conduction in the pristine phase in enabling the superionic conductivity
after water vapor exposure to result what we hypothesize is a cation-only conductor.

Interestingly, ionic conduction in 0.52 H2O/ZnPS3 bears more similarities to ioni-
cally conductive MOFs and COFs than to ionic conduction in other inorganic solids.
However, 0.52 H2O/ZnPS3 does not require "activation" by soaking in a liquid elec-
trolyte but rather acts as a reservoir of mobile Zn2+ in the presence of water vapor.
The present work builds on numerous reports concerning water-assisted multivalent
ionic conduction in intercalation cathodes, and opens a new avenue for the real-
ization of superionic multivalent ion conductivity in electronically-insulating solid
materials. We hesitate to denote this observed phenomenon as "solid state" ionic
conduction due to the incorporation of water. However, the materials do not flow,
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nor do they contain bulk liquid water. In fact, incorporation of some amount of
solvent is likely necessary to wet interfaces in "solid state" batteries. Additionally,
we demonstrate methods to qualitatively decouple Zn2+ and H+ conduction in a
water containing materials, and highlight the importance of doing so in water or air
exposed systems, where H+ could be responsible for the observed conductivity.

4.5 Experimental Section
Material Preparation
Synthesis

ZnPS3 was prepared using traditional solid state methods from Zn metal powder
(Alfa Aesar, 99.9%), P2S5 (Acros Organics, >98%), and elemental S (Acros Organ-
ics, >99.5%) in an Ar-filled glovebox without further purification. The Zn, P2S5,
and S8 were combined in a 2:1:1/8 molar ratio and ground thoroughly using a mortar
and pestle. The reactants were then densified into pellets with an Arbor press and
sealed in a vitreous silica ampoule under vacuum (<10 mtorr). The reaction vessel
was placed in a box furnace, heated to 400 °C at a rate of 2 °C min−1) (K min−1)
and allowed to react at 400 °C for 24 h. After the reaction was complete, the tube
was allowed to cool to ambient temperature inside of the furnace. The resulting
off-white powder was collected and handled in an Ar filled glovebox.

Pelletization

Between 40-60 mg of ZnPS3 powder was pressed into a pellet in an Ar filled glovebox
using a 12T max hydraulic press from Vivtek. The anhydrous powder was pressed
using a 6 mm stainless steel die set at 2 tons for 5 minutes. The resulting pellets
were between 0.5-1 mm thick. In some cases the pellets were sputtered with Au, Pt
or Pd at 40 mA for 60 s on both flat surfaces using a Ted Pella 108 Auto Sputter
Coater in an Ar filled glovebox.

Water Vapor Exposure of ZnPS3

ZnPS3 was exposed to different RH environments generated by saturated salt so-
lutions in sealed chambers or ambient air to produce x H2O/ZnPS3. Atmospheres
of 11%, 75%, and 96% RH were established using LiCl (Sigma-Aldrich, ≥99%),
NaCl (Macron, ≥ 99%), and K2SO4 (Beantown Chemical, 99%), respectively. A
hygrometer was placed in each of the chambers to ensure the desired RH value was
achieved and maintained. ZnPS3 pellets were exposed to each RH for two days to
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ensure the adsorption of water into the pellet had reached equilibrium. The weight
of the pellet did significantly change after 2 days when exposed to up to and includ-
ing 75% RH. Similarly, "air-exposed pellets" were left on a bench top for 2 days,
and a hygrometer was used to measure the ambient humidity during the duration of
exposure.

Material Characterization
Powder X-ray Diffraction

XRD data were collected using a Rigaku SmartLab diffractometer (CuK𝛼). All
patterns were collected using the Rigaku air-sensitive sample holder for consistency.
The pristine sample was prepared in an Ar filled glovebox but the water vapor
exposed samples were loaded into the sample holder in air. All patterns were
collected from 5-60° 2𝜃 as a step size of 0.03° and 5° per minute.

Raman Spectroscopy

Raman spectroscopy was measured using a Horiba Instruments XplorRA PLUS
Raman Spectrometer equipped with 532 nm laser. The sample was mounted on a
glass microscope slide. The signal was averaged over 200 acquisitions lasting 1 s
each with a 50 𝜇m slit and 500 𝜇m hole. The laser power was kept between 1 and
10% to prevent local heating and sample degradation.

Thermogravimetric Analysis & Differential Scanning Calorimetry

TGA and DSC were conducted simultaneously on a Netzsch STA 499 F3 Jupiter
(Netzsch Instrument North America LLC, Burlington, Massachusetts). A correction
(blank) was run before the samples consisting of two empty alumina crucibles while
flowing 25 mL/min of nitrogen to remove any contributions from the crucibles.
Samples were removed from their humidity chambers in pellet form and crushed
in an agate mortar and pestle into a powder. Approximately 12 mg of powder was
weighed and placed in one of the alumina crucibles and heated to 250 °C at a rate of
5 °C min−1 (K min−1). Mass loss was measured using the Netzsch Proteus Analysis
Software.

Attenuated Total Reflection Fourier Transform Infrared Spectroscopy

ATR FTIR was measured using a Thermo Scientific Nicolet 6700 FTIR with a Dia-
mond ATR Smart iTR accessory. Powders of the x H2O/ZnPS3 samples were placed
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in direct contact with the ATR crystal on the sample stage. To load these samples, the
powders had to be removed from the respective humidity environments and exposed
to ambient humidity for a few minutes during preparation and measurement.

Scanning Electron Microscopy & Energy Dispersive X-ray Spectroscopy

After the deposition experiments were concluded, the Swagelok cells were disas-
sembled and the electrodes and were submerged in octylamine (Aldrich, 99%) for
exfoliation of ZnPS3. The electrodes were retrieved, washed 3 times with acetone,
and placed on carbon tape. SEM of Au working electrodes, Pt working electrodes,
and Zn counter electrodes after extended polarization was performed using a ZEISS
1550VP field emission SEM with an acceleration voltage of 10 kV at 5kX, 10kX,
and 30kX magnification. EDS data were collected using an Oxford X-MAX SSD
system with an acceleration voltage of 10 kV or 20 kV.

Electrochemical Impedance Spectroscopy

EIS measurements were collected using a Bio-Logic VSP300 multichannel poten-
tiostat with ultralow current probes. Symmetric cells were assembled with Au-
sputtered, x H2O/ZnPS3 in 0.25 i.d. PTFE spring-loaded Swagelok cells. EIS was
measured in a homemade Faraday cage immediately after assembly and at different
temperatures, controlled by a convection oven. The cell temperature was allowed to
equilibrate for 1 hour at each temperature. Cells that remain at T ≥ 50 °C lose water
over time, which results in a time dependent conductivity at elevated temperatures,
see Figure A.2. Therefore,the temperature series are terminated at 50 °. The EIS
spectra were collected using a sinusoidal voltage amplitude of 50 mV in a frequency
range of 3 MHz to 100 mHz and averaged over 10 measurements. Three successive
measurements were taken to ensure that the response was stable. The data were fit
to an equivalent circuit using ZFit in the EC-Lab software.

DC Polarization & Transference Number Measurements

For DC polarization and transference number measurements the 0.52 H2O/ZnPS3
pellet was placed in a 0.25" i.d. PTFE Swagelok cell and sandwiched by relevant
metal foils. Zn, Pt and Au foil were punched into 7/32" diameter circles, the Zn
and Au foils were polished using 9, 3, and 1 𝜇m diamond suspensions and then
sonicated with acetone and IPA and dried under vacuum. The surface of the Pt foil
was heated in a H2 flame. A vice was used to apply a force of 3kN to ensure the
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maintenance of sufficient contact between the metal foil and 0.52 H2O/ZnPS3. EIS
was conducted with a 20 mV amplitude before and after DC polarization of 20 mV
for 30 minutes.

Deposition of Zn with water vapor exposed ZnPS3

The 0.52 H2O/ZnPS3 pellet was placed between the polished Zn metal and either Au
or Pt in a 0.25" i.d. Swagelok cell in the vice as explained above. The pressurized
cell was placed in an oven at 40 °C. The current was applied using a Bio-Logic
VMP3 multichannel potentiostat. After deposition, the stack was removed from the
Swagelok cell in air and the ZnPS3 pellet was delaminated from the metal surface
by exfoliation using n-octylamine overnight. The foil was then rinsed with acetone
and dried in air before characterization.

Cyclic Voltametry

CVs were conducted using a Bio-logic VMP3 with in the same cell setup as the
deposition experiments, with polished metal foil electrodes, 40 °C, and a vice to
maintain cell pressure. The cells were swept from at 0.5 mV/s starting from OCV
and sweeping to negative potentials.

X-ray Photoelectron spectroscopy

XPS data were collected using a Kratos AXIS Ultra spectrometer (Kratos Analytical,
Manchester, UK) equipped with a monochromatic Al K𝛼1 X-ray source (1486.7
eV). Data were collected at pressures of ~5x10-8 Torr. The electron-collection lens
aperture was set to sample a 700x300 𝜇m spot, and the analyzer pass energy was 80
eV for survey spectra and 20 eV for high-resolution spectra. The element-specific
scans were collected with a resolution of 0.1 eV, except for the Zn 2p scans, which
were collected with a resolution of 0.2 eV. Ion gun etching of the surface was done
using an Ar ion gun with a gun voltage of 3 kV and a spot size of 1 mm2. The
instrument energy scale and work function were calibrated using clean Au, Ag, and
Cu standards. All spectra were recorded with an electron gun charge neutralizer to
minimize charging effects and referenced to Au0 4f7/2 at 84 eV. The instrument was
operated by Vision Manager software version 2.2.10 revision 5. The XPS data were
analyzed using CasaXPS software (CASA Software Ltd).
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Gas Chromatography

Ar was flowed through the 4-way Swagelok cell with the flow rate set as 1 sccm by an
Alicat flow controller. The gasses that passed through the test cell were injected to
GC/MS (Agilent 7820A Gas Chromatograph system/Agilent 5977E Mass Selective
Detector) with Agilent Carboxen 1010 PLOT column and Ar as the carrier gas.
H2 was detected by a thermal conductivity detector (TCD) and quantified based on
calibration curve collected from standard gas samples.

Solid State Magic Angle Spinning Nuclear Magnetic Resonance Spectroscopy

MAS ssNMR was performed using Bruker Avance 500 MHz spectrometer. All
samples were packed in a 4 mm ZrO2 HR-MAS rotor with 50 𝜇l PTFE spacer
(Cortecnet). 40 mg of powder was packed into the rotor. 1H and 31P MAS ssNMR
spectra were recorded spinning at 8 kHz. For 31P, a 4 𝜇s to 𝜋/2 RF pulse was applied.
The spectra were referenced to an external 85% H3PO4 standard at 0 ppm. For 1H,
a 4 𝜇s to 𝜋/2 RF pulse was applied. The spectra were referenced to an external
tetramethylsilane standard at 0 ppm.

Solution Nuclear Magnetic Resonance Spectroscopy

To probe ZnPS3 dissolution in water, 500 𝜇L of Milli-Q water was added to 20 mg
of ZnPS3 at room temperature, or 40 °C for up to 3 days, or sonicated at room
temperature for 30 mins. After 6 hours, 1 day, 2 day, and 3 days, 100𝜇L of the
supernatant was collected and mixed with 1𝜇L of trimethyl phosphate as internal
standard. Appropriate amounts of D2O was added to the NMR tube. 1H-decoupled
31P NMR spectra were collected on a Varian 400 MHz spectrometer, and was
referenced to trimethyl phosphate at 3.8 ppm in D2O.
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C h a p t e r 5

MODULAR MPS3-BASED FRAMEWORKS FOR SUPERIONIC
CONDUCTION OF MONOVALENT AND MULTIVALENT IONS

This chapter has been adapted from:

(1) Iton, Zachery W. B.; Irving-Singh, Z.; Hwang, S.-J.; Bhattacharya, A.;
Das, T.; Shaker, S.; Clément, R. J.; Goddard III, W. A.; See, K. A. Modular
MPS3-Based Frameworks for Superionic Conduction of Monovalent and
Multivalent Ions. Manuscript submitted.

5.1 Abstract
Next-generation batteries based on more sustainable working ions could offer im-
proved performance, safety, and capacity over lithium-ion batteries, while also
decreasing the cost. Development of next-generation battery technology using
"beyond-Li" mobile ions is limited, in part, due to a lack of understanding of solid
state conduction of these ions. Next-generation mobile ions tend to have relatively
low mobility in solids due to: (1) larger ionic radii (Na+, K+, Ca2+), which limit
the accessible migration pathways, and/or (2) higher charge densities (Mg2+, Zn2+,
Al3+), which result in strong electrostatic interactions within the solid. Here, we
introduce ligand-coordinated ions into MPS3-based solid host crystals (M = Mn,
Cd) to simultaneously increase the size of the bottlenecks within the migration
pathway and screen the charge-dense ions. We employ X-ray diffraction, ther-
mogravimetric analysis, inductively coupled plasma mass spectrometry, scanning
electron microscopy, energy dispersive X-ray spectroscopy, solid state magic angle
spinning nuclear magnetic resonance spectroscopy, pulsed field gradient nuclear
magnetic resonance spectroscopy, density functional theory quantum mechanics,
and electrochemical impedance spectroscopy to probe the ionic mobility, structural
and chemical changes in the MPS3 materials after ion exchange.

We show that the inclusion of coordinating ligands enables ambient temperature
superionic conductivity of various next-generation mobile ions in an electronically-
insulating MPS3-based solid. These ion-intercalated MPS3-based frameworks not
only enable deeper understanding of ligand-coordination in solid state ionic con-
duction, but could potentially serve as a universal solid state electrolyte for various
next-generation battery chemistries.
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5.2 Introduction
The landscape of modern battery technology has been dominated by lithium-ion bat-
teries (LIBs). However, material availability, scalability, cost, and escalating global
energy demands,[6, 7, 160] motivate development of alternative battery chemistries.
"Next-generation" mobile ions, such as Na+, K+, Mg2+, Ca2+, Zn2+, and Al3+, repre-
sent a promising frontier in battery technology due to their abundance and potential
for high volumetric capacities.[158] However, one of the major challenges in devel-
oping battery technology based on next-generation mobile ions is the difficulty in
achieving solid state conduction of those ions. Solid state conduction is crucial for
ion transport in electrodes, interphases, and solid electrolytes. The larger size of
ions like Na+, K+, Ca2+ restrict their movement through the typically rigid migration
pathways available in solid materials. Additionally, the mobility of ions with higher
charge densities, such as Mg2+, Zn2+, Al3+, is impeded by the strong electrostatic
interactions between these mobile ions and other ions within the solid. These chal-
lenges are outlined in detail in our recent perspective.[158] Difficulties with solid
state ionic conduction are less pronounced in Li-based systems due to the relatively
small size and low charge density of Li+.

Figure 5.1: A schematic of the ion and ligand exchange used in the present study.
In an aqueous KCl solution, CdPS3 intercalates hydrated K+ ions into the van der
Waals gap and maintains charge neutrality by losing Cd2+ ions from the metal layer.
After K0.5Cd0.75PS3 is formed one can perform either: (1) a second ion exchange to
introduce desired monovalent or multivalent mobile ions, or (2) a ligand exchange
to replace H2O in the system.
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Solid state conduction of larger cations has typically been achieved in structures
based on open frameworks with large migration bottlenecks, like Prussian blue
analogues,[219–221] 𝛽-Alumina,[16, 32, 222, 223] or NASICON phases.[224–
226] Whereas, solid state conduction of charge-dense ions has been mostly limited
to electronically-conductive materials. In systems like Mo6S8, thiospinel Ti2S4,
and MgSc2S4, the mobile electrons are hypothesized to facilitate ionic mobility by
screening the charge-dense ions, decreasing the strength of electrostatic interactions
within the solid.[45, 96, 101, 103, 227] For electronically-insulating materials, such
as solid electrolytes or interphases, there is an absence of mobile electrons to screen
the charge of the targeted ions. Only a handful of electronically-insulating inorganic
solids have been shown to conduct charge-dense ions, such as Zn2+ in ZnPS3,[54] or
Mg2+ in borohydrides,[46, 48, 49, 51, 52, 123] but each have their own challenges
associated with low room temperature conductivities (𝜎𝑅𝑇 ) or high activation energy
(E𝑎).

One path to enable the conduction of large or charge-dense cations in electronic in-
sulators is to introduce ligands, like H2O, that can coordinate to the targeted cations
within the host crystal. Solid state mobility of ligand-coordinated ions was exten-
sively studied in mica clays such as vermiculite and montmorillonite.[228–232].
However, in clays the 𝜎 is generally < 0.1 mS cm−1. In battery systems, the addi-
tion of H2O to increase multivalent ionic conduction has been primarily attempted
for cathode materials, such as MnO2 and V2O5 [105, 106, 161, 162]. Recently,
this concept has been extended to electronically-insulating inorganic solids, like
Li2Sn2S5[110] and ZnPS3[233], as well as various MOFs and COFs,[114, 208–210,
234] for solid state electrolyte applications.

Here, we leverage coordinated ligand molecules within solid frameworks based on
MPS3 materials (M = Mn, Cd) to achieve two primary goals: (1) increasing the
size of the bottlenecks in migration pathways and (2) screening charge-dense ions to
decrease electrostatic interactions within the lattice. By combining the advantages
of large bottlenecks and charge screening we can devise a universal framework for
ambient temperature superionic conduction of various ions within an inorganic,
electronically-insulating solid.

CdPS3 and MnPS3 exhibit a peculiar mechanism for the intercalation of hydrated
cations into the van der Waals gap.[164] Unlike the redox-based intercalation in
common battery electrodes in which incorporation of a cation coincides with a
Faradaic reduction of the host,[235] when cations are intercalated into MPS3 mate-
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rials, charge balance is maintained by M2+ loss in an ion exchange mechanism.[164,
212, 236] This mechanism is similar to that observed in clays.[228, 229, 237, 238]
CdPS3 and MnPS3 form as monoclinic (C2/m) layered compounds with a slightly
distorted hexagonal network of edge-sharing Cd2+ or Mn2+ octahedra. The Cd2+

or Mn2+ are coordinated by [P2S6]4– polyanions. The layers stack along the c-axis
separated by a van der Waals gap of ∼ 3.5 Å.[239] The basal spacing (d(001)) of
CdPS3 is slightly larger than that of MnPS3 (6.55 vs. 6.49 Å) due to the larger size
of Cd2+ over Mn2+ (0.95 vs. 0.83 Å).[240]

Here, we exploit the ability of CdPS3 and MnPS3 to host cations within the van
der Waals gap to generate materials that contain various ions of interest through a
sequential ion exchange strategy that is illustrated in Figure 5.1. First, a cation with a
small hydrated radius (e.g. K+) is intercalated into the van der Waals gap of an MPS3

material.[212] Charge neutrality is maintained through the loss of the labile metal
(Cd2+ or Mn2+) from the metal layer (Equation 5.3), resulting in negatively charged
sheets of MPS3 sandwiching positively charged, hydrated ions. The hydrated K+

ions can be further exchanged to introduce a larger hydrated cation (A), like Li+ ,
Na+ , Mg2+ , Ca2+, Zn2+, Al3+ (Equation 5.2). Direct insertion of large hydrated
cations is kinetically limited, as such this sequential exchange method is preferred.

MPS3 + KCl(aq) −−−→ K2xM1−xPS3 · yH2O + MCl2 (aq) (5.1)

K2xM1−xPS3 · yH2O + ACln(aq) −−−→ A2x/nM1−xPS3 · zH2O

+ KCl(aq)
(5.2)

Additionally, we demonstrate that the H2O molecules can be exchanged for aprotic
ligands, e.g. acetonitrile (MeCN), and tetrahydrofuran (THF). The ligand exchange
serves several purposes: (1) to probe the effect of different ligand molecules on
ionic mobilities, (2) to demonstrate that the mobile ions conduct in the absence of
H+, and (3) to broaden the applicability of these frameworks to H2O-incompatible
systems.

The ability of MPS3 materials to intercalate a wide variety of guest ions and
molecules has been useful for diverse applications. The areas of research span
from non-linear optics[166, 168], photoluminescence[241], hosts for biomolecules
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[242] or polymers,[243, 244] and superconducting magnets.[245] However, the ionic
conductivity of these materials has been less rigorously explored. Some studies have
investigated the mobility of hydrated Na+, K+, and Cs+ in CdPS3.[246–249] These
studies concluded that Na+ was slightly mobile (10−5 S cm−1) but K+ and Cs+ were
immobile. Another study investigated the conductivity of trivalent cations in MPS3

in the dried state, finding no significant ionic conduction (10−8 – 10−10 S cm−1).[250]
Notably, nanosheet-based membranes using Cd0.85PS3Li0.15H0.15 were found to
have exceedingly high 2D H+ conductivity (300 mS cm−1at RT and 98 % relative
humidity (RH)).[113]

Compound x y H2O/f.u. H2O/A Nominal Formula
K𝑥Cd𝑦PS3 0.50 ± 0.02 0.79 ± 0.02 1.0 ± 0.1 2 K0.5Cd0.75PS3 · H2O
Li𝑥Cd𝑦PS3 0.47 ± 0.01 0.85 ± 0.03 2.0 ± 0.7 4.4 Li0.5Cd0.75PS3 · 2 H2O
Na𝑥Cd𝑦PS3 0.51 ± 0.02 0.81 ± 0.02 2.0 ± 0.5 3.9 Na0.5Cd0.75PS3 · 2 H2O
Mg𝑥Cd𝑦PS3 0.24 ± 0.01 0.78 ± 0.05 1.9 ± 0.0 7.9 Mg0.25Cd0.75PS3 · 1.9 H2O
Ca𝑥Cd𝑦PS3 0.24 ± 0.02 0.81 ± 0.02 2.0 ± 0.5 8.3 Ca0.25Cd0.75PS3 · 2 H2O
Zn𝑥Cd𝑦PS3 0.41 ± 0.09 0.76 ± 0.24 0.25 0.63 Zn0.4Cd0.6PS3 · 0.25 H2O
Al𝑥Cd𝑦PS3 0.13 ± 0.01 0.81 ± 0.08 2.5 ± 0.6 14.5 Al0.17Cd0.75PS3 · 2.3 H2O
K𝑥Mn𝑦PS3 0.40 ± 0.05 0.80 ± 0.03 0.8 ± 0.2 2.1 K0.4Mn0.8PS3 · 0.8 H2O
Li𝑥Mn𝑦PS3 0.34 ± 0.03 0.84 ± 0.03 1.4 ± 0.2 4.0 Li0.4Mn0.8PS3 · 1.4 H2O
Na𝑥Mn𝑦PS3 0.59 ± 0.08 0.71 ± 0.04 1.7 ± 0.6 2.7 Na0.6Mn0.7PS3 · 1.7 H2O
Mg𝑥Mn𝑦PS3 0.19 ± 0.01 0.82 ± 0.01 1.8 ± 0.1 9.5 Mg0.2Mn0.8PS3 · 1.8 H2O
Ca𝑥Mn𝑦PS3 0.25 ± 0.02 0.76 ± 0.02 1.5 ± 0.1 6 Ca0.25Mn0.75PS3 · 1.5 H2O
Zn𝑥Mn𝑦PS3 0.46 ± 0.06 0.62 ± 0.06 1.6 ± 0.1 2.6 Zn0.4Mn0.6PS3 · 1.6 H2O
Al𝑥Mn𝑦PS3 0.12 ± 0.00 0.84 ± 0.01 2.4 ± 0.4 16 Al0.13Mn0.8PS3 · 2.2 H2O

Table 5.1: The stochiometry of each A2x/𝑛M𝑦PS3 compound, x and y are measured
by ICP-MS and normalized to P, which is assumed to be constant. The H2O content
of each compound, which is determined with a combination of TGA and measured
mass pre- and post-drying using an analytical balance. The amount of H2O per
intercalated ion in each material, and the nominal formula of each compound based
on the measured cation content.

Recently, Yu & Ren reported on CdPS3-based nanosheet membranes with various
intercalated cations.[251] The membranes boasted impressive 2D ionic conductivity
but importantly, the conductivity was similar irrespective of the intercalated cation
(170–330 mS cm−1 at RT and 98 % RH). In fact, the ion-intercalated membranes also
displayed similar behavior in regards to layer expansion and activation energy. This
is likely due to excess H2O content within the restacked membranes which could lead
to significant contribution from H+ conduction through a Grotthus mechanism,[113,
215] or direct diffusion of solvated ions in a confined liquid electrolyte. Such a
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mechanism is distinct to conduction of ligand-coordinated ions within a host crystal.
The transition from ligand-coordinated solid state conduction to the conduction of
solvated ions within a confined liquid in the solid framework at excess ligand/solvent
concentrations has been noted in previous studies of hydrated Li2Sn2S5, MOFs, and
clays.[110, 252–254]

To minimize contributions from H+ conduction and to reveal inherent structure-
property relationships that can be drowned out in the presence of excess H2O, here
we investigate bulk, ion-intercalated CdPS3 and MnPS3 materials primarily at ambi-
ent RH (∼ 40–55 %), and with coordinating ligands that range from H2O to aprotic,
neutral solvent molecules. This allows us to understand the nuanced differences be-
tween the effects of various frameworks, intercalated ions, and coordinating ligands
on the ionics thereby deepening our understanding of ionic conduction in solids.
Additionally, the 3D bulk conduction pathways in polycrystalline samples in this
study are directly applicable to practical battery applications. We also introduce
MnPS3 as an environmental friendly alternative with comparable performance, and
demonstrate non-aqueous analogues that would be more compatible with desirable
electrode materials.

We employ several characterization techniques to study the structural and chemical
changes after ion exchange, as well as the resulting ionic mobility. These techniques
include: electrochemical impedance spectroscopy (EIS), X-ray diffraction (XRD),
thermogravimetric analysis (TGA), inductively coupled plasma mass spectrometry
(ICP-MS), scanning electron microscopy (SEM), energy dispersive X-ray spec-
troscopy (EDS), quantum mechanics simulations, solid state magic angle spinning
nuclear magnetic resonance spectroscopy (MAS NMR), and pulsed field gradient
nuclear magnetic resonance spectroscopy (PFG NMR). At ambient temperature and
RH, all of the H2O-coordinated interlayer cations, barring Al3+-intercalated MnPS3,
exhibit "superionic", or practically useful, bulk conductivity (> 0.1 mS cm−1) and
relatively low E𝑎. Notably, in the polycrystalline samples studied here both 𝜎𝑅𝑇 and
E𝑎 vary significantly depending on the identity of the intercalated cation. The lig-
and exchange to aprotic molecules generally results in decreased 𝜎𝑅𝑇 and increased
E𝑎, but achieving practically useful conductivity is still possible using ligands like
MeCN.
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Figure 5.2: Characterization of the A2x/𝑛M1−xPS3 · y H2O materials using powder
XRD. XRD patterns of (a) CdPS3-based and (b) MnPS3-based compounds. (c) d(001)
spacing of A2x/𝑛M1−xPS3 · y H2O. The error bars reflect the standard deviation of
several XRD measurements, the differences are due to the range of ambient humidity
(≈ 40-55%). The gray regions highlight materials with a monolayer of H2O and
the purple regions highlight materials with a bilayer of H2O. Note, the pattern of
Zn0.4Mn0.6PS3 · 1.6 H2O is collected using Cu K𝛼 radiation because the sample
inadvertently dehydrated during preparation for the synchrotron measurement.

5.3 Results and Discussion
5.4 Chemical and Structural Characterization After Ion Exchange
Elemental Analysis
MPS3 materials can undergo ion exchange processes as outlined in Equations 5.3 and
5.2. The ion exchanges have been well characterized in previous reports.[166, 212]
However, the amount of M that is replaced by A, described by ‘x’ in Equations 5.3
and 5.2, differs between various studies — ranging from 0.1 ≤ x ≤ 0.25.[164, 166,
248, 251] Intuitively, x can be controlled by varying the MPS3:ACl𝑛(aq) ratio, as illus-
trated in Figure B.1. Here, we aimed for high A content (x ' 0.25 for CdPS3-based
samples and ' 0.20 for MnPS3-based samples) to incorporate the largest number of
charge carriers, which we hypothesize will lead to optimal conductivity. Table 5.1
shows the results of elemental analysis on the ion-intercalated MPS3 compounds.
The amount of A intercalated (x) and remaining M (y) are determined using ICP-MS
and are normalized to the measured P content. The measured S content is inaccurate
due to H2S evolution during the sample digestion process, but it is also presumed to
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stay constant. The standard deviations for the ICP-MS data are representative of a
minimum of five different synthesis batches per material. Due to synthesis and mea-
surement inaccuracies the precise stoichiometry of the A2x/𝑛Cd1−xPS3 compounds
sometimes contains ≤10% excess Cd, however a comparison of "ideal" batches and
those with excess Cd shows that there is no noticeable impact on the 𝜎𝑅𝑇 and E𝑎

(Figure B.2). The H2O content is determined by a combination of TGA (Figure
B.3) and changes in pellet masses pre- and post-drying, measured using an analyti-
cal balance. For the rest of this manuscript, the compounds are referred to by their
nominal formula for simplicity. The differences in the degree of ion exchange that
occurs, both for different ions within a given framework and between the frameworks
(CdPS3 vs. MnPS3), is discussed in Supplementary Note 1.

Experimental Structural Investigation
The changes to the crystal structure of the MPS3 materials after ion exchange is
investigated using XRD. Figure 5.2a and b show the low Q regions of representa-
tive XRD patterns of ion-exchanged CdPS3-based and MnPS3-based compounds,
respectively, to highlight the layer spacing. Full XRD patterns are shown in Figure
B.4. After ion exchange, all of the materials are vacuum filtered until dry and then
equilibrated at ambient RH before XRD is taken. Previous work has confirmed that
the structure within the metal layers is maintained upon ion exchange.[166, 246,
255]. Raman spectra are measured for the CdPS3-based compounds to confirm
that the polyanion remains intact and its environment in the metal layer is largely
unchanged (Figure B.5).

Figure 5.2c shows the extracted d(001) values for all compounds. Error bars are
shown to reflect the deviation associated with fluctuating RH at the time of replicate
measurements. The original (001) reflection of the pristine MPS3 phase occurs
at Q = 0.95 and 0.97 for M = Cd and Mn, respectively. The expanded (001)
reflection of the ion-exchanged materials appears between Q = 0.49 and 0.67 Å and
the subsequent (002) reflections can be seen around Q ' 1.05 Å. Layer expansion
suggests incorporation of the ions into the van der Waals gap and SEM confirms
that the layered platelet morphology of the particles is maintained. EDS confirms
that the intercalated ions are homogeneously dispersed within the particles (Figure
B.6).

It is clear from Figure 5.2c that the d(001) spacing after ion exchange can be grouped
into two main categories. The layer spacing of the hydrated structures increases by
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Figure 5.3: Computationally relaxed structures of (a) K0.5Mn0.75PS3 · H2O and
(b) Na0.5Mn0.75PS3 · 2 H2O. The left images show the view down the c axis after
removing the metal layer above the hydrated interlayer cations, the metal layer below
is made partially transparent for clarity. The right images show the view down the
a axis. Hydrogen bonds between H2O molecules are shown as dotted black lines.
The H2O molecules are inaccurately depicted as being smaller than the interlayer
cation for clarity.

either ∼ 2.8 Å or ∼ 5.6 Å. These expansions correspond to the van der Waals radius
of one or two H2O molecules, respectively. Therefore, the layer spacing increase
is likely due to the formation of either a monolayer or bilayer of H2O around the
intercalated cations in the van der Waals gap, rather than following the expected
hydrated cation radii of the inserted ions. The formation of hydrated MPS3 materials
containing mono or bilayer H2O has been noted in previous works on monovalent
cation intercalated MPS3 materials.[166, 212, 248] However, to the best of our
knowledge, the hydrated structure of MPS3 phases containing other ions has not
been explored.

The occurrence of mono or bilayer H2O structures with the other ions is similar to
the results in clays, transition metal dichalcogenides (MS2), or MXenes, which also
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exhibit hydrated structures containing mono or bilayer H2O with a wide range of
interlayer cations.[229, 253, 256–259]

Whittingham, in addition to Lerf and Schöllhorn, independently investigated the
hydration of interlayer ions in MS2 compounds, (M = Ti, Nb, Ta).[257, 258] These
studies showed that the resulting structure of the hydrated compounds is governed by
the cation-ligand interaction. Specifically, the ability of the cation-ligand interaction
to offset the loss in electrostatic lattice energy incurred by separating the cations
from the anionic sulfide layers. Lerf and Schöllhorn found that this behavior can
be described empirically by the charge/radius ratio (e/r) of the interlayer cations,
which is correlated with the hydration energy. These rules translated well to other
layered hydrated structures, like MXenes[259]. Cations for which e/r < 1 (large
and low charge, e.g., K+) can only stabilize a monolayer of H2O, whereas if e/r
> 1 (small and high charge, e.g. Li+ and multivalents) then a bilayer of H2O
can be stabilized. In Figure 5.2c, we show the e/r value for each mobile ion and
confirm the relationship between e/r and the layer spacing in the ion-intercalated
MPS3 materials. The e/r of Na+ is ' 1, suggesting that it can stabilize either
a monolayer or bilayer of H2O. Indeed, isolated forms of monolayer or bilayer
H2O, or even a mixture of both, can be achieved when A = Na+ depending on
the RH (Figure B.7). Furthermore, the TGA and derivative thermogravimetry
(DTG) results (Figure B.3) show that Na0.5Cd0.75PS3 · 2 H2O is the only CdPS3-
based compound with two distinct H2O loss events, corresponding to the transition
between the stable monolayer and bilayer H2O structures. The H2O content of
materials containing multivalents, e.g. Ca0.25Mn0.75PS3, changes as the RH is
varied but a phase transition to a structure with monolayer H2O is not observed for
multivalent intercalated compounds at any RH due to the higher hydration energies
of the multivalent ions. The solvation shells of multivalent ions are likely incomplete
at low RH, but the overall bilayer structure is maintained (Figure B.8). This also
agrees with the findings of Lerf and Schöllhorn for MS2 compounds.[257] Notably,
in contrast to the structure observed by Yu et al. in CdPS3-based membranes,[251]
bulk K0.5Cd0.75PS3 could not be forced into a bilayer H2O structure even at 96 %
RH (Figure B.9), perhaps due to the more rigid constraints of the polycrystalline
powders.
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Structural Effects Associated with the Mobile Ion

Next, we consider the structural effects associated with (1) the identity of the mobile
ion and (2) the CdPS3 vs. the MnPS3 host structure. First, we consider the structure
of a given MPS3 framework with different ions. As outlined above, of the ions
selected for this study only K+ stabilizes a hydrated structure with a monolayer of
H2O, while the other ions stabilize a bilayer at ambient RH in both MPS3-based
frameworks. Although two main categories of layer spacings exist as the mobile ion
is changed, there is a measurable deviation of the layer spacing within the bilayer
regime depending on the intercalated cation. We plot the charge density of the
mobile ion for structures that reside in the bilayer regime vs. the d(001) layer spacing
(shown in Figure B.10) and find that the layer spacing is inversely related to the
charge density of the intercalated ions. More charge-dense ions, such as Mg2+,
interact more strongly with the H2O ligands, creating shorter bonds and therefore, a
smaller total diameter of the hydrated cation complex. Al3+ is an outlier in this trend
likely because the very high charge density of the cation attracts more H2O which
expands the layer. In fact, the Al-containing material contains more mol equivalents
of H2O (∼16:1 H2O:Al) then can be accommodated in a first shell coordination
environment. However, the H2O does not behave as "free" water as evidenced by
1H NMR (vide infra).

Ion exchange with Zn2+ in both structures behaves differently compared to most of
the other ions. In both host materials, reflections associated with the pristine MPS3

phase dominate the diffraction patterns, though a small peak associated with an
expanded lattice is observed for the MnPS3 framework. We note that Zn is indeed
incorporated into the materials (see Table 5.1). For the CdPS3-based material, we
interpret these data to mean that most of the Zn2+ prefers to occupy the vacancies in
the metal layer, which would suggest that the material does not contain substantial
ligand-coordinated Zn2+. Indeed, the Zn0.4Cd0.6PS3 material does not contain a
significant amount of H2O (Table 5.1). The Zn0.6Mn0.4PS3, which shows a small
expanded reflection, does contain some water due to the small ligand-coordinated
Zn2+ content. Zn2+ is thermodynamically stable in the metal layer as evidenced
by the ZnPS3, which is a stable endmember that is isostructural to CdPS3 and
MnPS3.[260]
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The Difference in Structural Changes Between Frameworks

Next, we discuss trends between CdPS3 and MnPS3 frameworks. A comparison
of the two frameworks reveals that generally the CdPS3-based compounds have
a larger d(001) than the MnPS3-based compounds, which is consistent with the
pristine materials (Figure 5.2c). However, Mg0.2Mn0.8PS3 · 1.8 H2O has a larger
basal spacing than Mg0.25Cd0.75PS3 · 1.9 H2O. At this time, we do not know why
this is. Na0.6Mn0.7PS3 · 1.6 H2O forms a two phase mixture of mono and bilayer
H2O at ambient RH while only the bilayer is formed with the CdPS3 host at ambient
RH. Even though the Mn analogue has more intercalated Na+, it absorbs less H2O
at a given RH. This is likely because the smaller lattice of MnPS3 demands a larger
energy cost for expansion, therefore a higher driving force for H2O absorption (i.e.
higher RH) is required to stabilize the bilayer structure.

Density Functional Theory (DFT) Simulations
The stable monolayer hydrated structure of K0.5Mn0.75PS3 · H2O and bilayer hy-
drated structure of Na0.5Mn0.75PS3 · 2 H2O are investigated using DFT simulations
to gain further insight into the organization of H2O molecules and interlayer cations.
Such information is difficult to obtain experimentally due to the lack of long range
order of the interlayer cations and ligated H2O – no superstructure peaks are ob-
served in the diffraction. Figure 5.3a shows the relaxed structure of K0.5Mn0.75PS3 ·
H2O and 5.3b shows the relaxed structure of Na0.5Mn0.75PS3 · 2 H2O. The interlayer
cation and H2O organization is highlighted viewed down the c axis and down the
a axis. In K0.5Mn0.75PS3 · H2O, some of the H2O is bridging between two K+

ions, while the others are more isolated to one K+ ion. The isolated H2O ligands
are hydrogen bonded to neighbors and located approximately within the same ab
plane, supporting the experimentally measured d(001) spacing that suggests roughly
a monolayer of H2O. Many other configurations of K0.5Mn0.75PS3 · H2O are sim-
ilarly stable and are shown and discussed in Figure B.11. The variety of possible
structures explains the lack of K ordering in the experimental data with multiple
possible configurations likely coexisting at room temperature.

On the other hand, the structure of Na0.5Mn0.75PS3 · 2 H2O contains no bridging
H2O ligands. The H2O coordinates to Na+ and participates in hydrogen bonding
with nearby H2O ligands. The higher density of H2O molecules in Na0.5Mn0.75PS3

· 2 H2O forces the H2O to distort in the c direction and results in roughly a bilayer
structure in the ab plane, again supporting the experimentally observed d(001) spacing
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that suggests bilayer H2O in the interlayer when two H2O per formula unit are
introduced. The d(001) spacing of the monolayer and bilayer relaxed structures
are 8.9 Å and 10.3 Å respectively, which are smaller than the XRD measured
values of 9.3 Å and 12.0 Å for K0.5Mn0.75PS3 · H2O and Na0.5Mn0.75PS3 · 2 H2O,
respectively, likely due to thermal expansion at room temperature compared to the
calculated structure at 0 K.

5.5 Electrochemical Characterization of the Ionic Mobility
The elemental and structural analysis provides evidence that the intercalated ions are
introduced into MPS3 frameworks and occupy the interlayer space. These results are
consistent with previous work on alkali metal ion-intercalated MPS3 materials,[164,
166, 212, 246] and show that the concept is extendable to many other ions. Due
to the increased bottleneck size in the migration pathway, as well as the screened
Coulombic interactions between the interlayer cation and anion framework, we
hypothesize that the intercalated ions should exhibit enhanced mobility.

To probe the ionics of the materials, the ionic conductivity and activation energy of
all compounds is measured using EIS on cold-pressed pellets with a 6 mm diameter.
The pellets are assembled in PTFE Swagelok cells with symmetric ion-blocking
electrodes. For each material, EIS is measured at a range of temperatures from
room temperature (RT) to 70 ° C. Representative Nyquist plots for all compounds
are shown in Figure B.13 and B.14, and an example of a fit using an equivalent
circuit model for a sample where the high frequency semicircle can be resolved is
shown in Figure B.15. The E𝑎 is determined using the well-established Arrhenius-
type relationship that governs the thermally activated ionic conduction process.[70,
158] Figure B.16 and B.17 show average Arrhenius-type plots of ln(𝜎T) vs. T−1

for all studied ion-exchanged compounds. The 𝜎𝑅𝑇 values and E𝑎 for all studied
compounds are plotted in Figure 5.4a and b, respectively. Figure 5.4a and b show the
mean and standard deviations obtained from at least three replicate cells, each from
a different synthesis batch, and these values are also listed in Table S1. In general,
all of the compounds containing solvated ions in the interlayer show high total ionic
conductivities at RT, and by 70 ° C all exhibit practically useful conductivities
> 0.1 mS cm−1.

Detailed analysis of the dataset enabled by this modular framework facilitates the
development structure-property relationships for ligand-coordinated ion conduction
in rigid solids.
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Figure 5.4: (a) The room temperature ionic conductivity (𝜎𝑅𝑇 ) and (b) activation
energy (E𝑎) of all ion-intercalated materials at ambient RH. Zn0.4Cd0.6PS3 · 0.25
H2O is not shown here because the 𝜎𝑅𝑇 is too low (10−9 S cm−1).

The Mobility of Various Ions in a Given Framework
The differences in performance between various ions in a given framework elucidates
the effect of charge density and bottleneck size on mobility. It is evident that the
ions with higher charge density generally exhibit a lower 𝜎𝑅𝑇 and a higher E𝑎. Thus,
the charge density of the mobile ion is a strong factor in determining its mobility,
suggesting that the coordinating H2O is not completely screening the charge. In
an aqueous solution, ions with greater charge density attract more H2O molecules
to screen the charge. However, within a rigid solid framework, there is a limit to
the number of H2O molecules that can surround the ion due to spatial constraints.
For example, Mg0.25Cd0.75PS3 · 1.9 H2O and Ca0.25Cd0.75PS3 · 2 H2O both contain
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bilayer H2O and both have ∼ 8 H2O per cation. If the mobile ions migrate with
the bound H2O via a "vehicular mechanism" (discussed in detail later), the mobile
complex to be considered is the A𝑛+ · y H2O species. In this case, assuming each
H2O molecule provides the same degree of charge screening, the mobile complex
Mg2+ · 8 H2O is more charge-dense than the Ca2+ · 8 H2O complex. Alternatively,
if the mobile ions conduct via a hopping mechanism between H2O molecules the
charge density differences between the cations must still be considered.

Furthermore, the charge density of the intercalated ion will affect the size of the
hydrated complex and therefore also change the interlayer spacing. The migration
bottleneck in these materials is essentially the interlayer spacing, which is directly
related to the change in d(001) . Mg2+– OH2 bonds are stronger than the Ca2+– OH2
bonds, as indicated by the higher peak mass loss temperature observed in TGA and
DTG analyses (Figure B.3). The stronger bond in the Mg2+ · 8 H2O complex pulls
the H2O molecules closer to the cation, leading to less layer expansion and thus a
more narrow bottleneck in Mg0.25Cd0.75PS3 · 1.9 H2O compared to Ca0.25Cd0.75PS3

· 2 H2O. Again Al3+ is the outlier to this trend due to the excess water absorption,
as discussed previously.

The combination of the higher charge density of the mobile complex and a narrower
bottleneck explains the lower mobility of the charge-dense ions. These trends hold
when comparing Na+ and K+ in the monolayer structures as well (Figure B.18).

The Ionic Mobility Differences Between Frameworks
In most cases, the performance of a given ion between frameworks is similar (K+,
Li+, Mg2+, and Al3+). In these cases, slight differences in performance between the
two frameworks can be understood in the context of bottleneck size. The MnPS3-
based Zn-intercalated compound exhibits significantly better performance than the
CdPS3 analogue, while the MnPS3-based compounds for Na+ and Ca2+ ions both
perform notably worse than the CdPS3 analogue. Exploring these pronounced differ-
ences between frameworks allows us to highlight the impact of ligand-coordinated
interlayer ions, the hydration state, and the charge screening by coordinated ligands.

The Effect of Diffusion Bottleneck Size. In the cases where the frameworks have
similar performance for a given ion, K+, Li+, Na+, Mg2+, and Al3+, the subtle
differences can be explained by considering the bottleneck size. In the framework
with the wider bottleneck, the 𝜎𝑅𝑇 is slightly higher and E𝑎 is slightly lower. As
discussed previously, typically the CdPS3-based framework has the larger bottleneck
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and thus we observe that most ion-exchanged CdPS3 phases have higher 𝜎𝑅𝑇 and
lower E𝑎 than the MnPS3 analogues. The exception is again the Mg2+ intercalated
compounds, which show the opposite trend in d(001) spacing. This is reflected in
the higher 𝜎𝑅𝑇 and lower E𝑎 for the MnPS3 host compared to CdPS3. The observed
trend in performance highlights the impact of bottleneck size on ion mobility, with
larger bottlenecks facilitating improved ion transport.

The Effect of Ligand-Coordinated Interlayer Ions. The 𝜎𝑅𝑇 of Zn0.4Cd0.6PS3

is on the order of 10−9 S cm−1 (not shown in Figure 5.4), which is four orders
of magnitude lower than that of Zn0.6Mn0.4PS3. The superior performance of
Zn0.6Mn0.4PS3 is due to the presence of some hydrated Zn2+ ions in the van der
Waals gap, whereas in Zn0.4Cd0.6PS3 the Zn2+ ions are immobilized in the metal-
layer lattice sites. This illustrates that the solvated interlayer cations are crucial to
achieve high ionic conductivity.

The Effect of Hydration State. The disparity in Na+ performance can be explained
by the fact that Na0.6Mn0.7PS3 · 1.6 H2O is a two phase mixture of the monolayer
and bilayer hydrated structures. The monolayer structure will have a much lower
Na+ mobility than the bilayer structure due to the decreased bottleneck size and less
effective charge screening (this is discussed in detail in the SI). The performance of
Na0.6Mn0.7PS3 · 1.6 H2O reflects the combined properties of both hydration states.
By equilibrating the material at 75 % RH, the bilayer structure (Na0.6Mn0.7PS3 ·
2 H2O) can be isolated. Na0.6Mn0.7PS3 · 2 H2O exhibits a conductivity more similar
to that of Na0.5Cd0.75PS3 · 2 H2O as expected (Figure B.18).

The Effect of Charge Screening with Ligand Molecules. Similarly to the
Na-containing frameworks, Ca0.25Mn0.75PS3 · 1.5 H2O absorbs less H2O than
Ca0.25Cd0.75PS3 · 2 H2O at ambient RH. However, despite the lower H2O con-
tent, the layer spacing associated with the bilayer phase is maintained and does not
collapse to the monolayer structure. Instead, we assume the solvation shells around
the Ca2+ ions in the MnPS3 host are incomplete relative to the CdPS3 host at ambient
RH. The maintenance of a bilayer H2O structure despite H2O loss allows us to isolate
the effect of charge screening from the impact of bottleneck size. Clearly, the dif-
ference in H2O content and solvation significantly impacts the ionic conduction, as
evidenced by the 25% higher E𝑎 in Ca0.25Mn0.75PS3 · 1.5 H2O (362 meV) compared
to Ca0.25Cd0.75PS3 · 2 H2O (287 meV). Notably, the Ca0.25Mn0.75PS3 · 1.5 H2O also
contains 25% less water compared to Ca0.25Cd0.75PS3 · 2 H2O. Therefore, the E𝑎

increase and corresponding 𝜎𝑅𝑇 decrease in the Mn-based framework is attributed
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to the less effective screening of Ca2+ in Ca0.25Mn0.75PS3 · 1.5 H2O due to the lower
H2O per cation. This highlights the crucial role of charge screening in facilitating
high ionic mobility in MPS3 frameworks.

5.6 Identification of the Mobile Ion
Though we can draw several structure-property relationships using the range of
materials discussed above while assuming the charge carriers are primarily the
hydrated cations, the use of H2O as the coordinating ligand introduces the possibility
of H+ conduction. It has long been debated whether the ionic conductivity of ion-
intercalated hydrated clays is a result of primarily H+ conduction or migration of
the intercalated ions.[229–231, 254] Therefore, care must be taken to identify the
majority charge carrier in A2x/𝑛M1−xPS3 · y H2O materials.

Mobile H+ in A2x/𝑛M1−xPS3 · y H2O could potentially arise through either surface
acidity,[261] or hydrolysis of H2O bound to intercalated cations that act as Lewis
bases.[230, 231]. Since S-based materials tend to adsorb less surface H2O than
O-based materials, due to weaker hydrogen bonds between H2O and S, surface
acidity likely plays a less significant role in MPS3-based frameworks than in clays.
To estimate the contribution of H+ from surface acidity to the total conductivity,
we investigate the ionic conductivity of pure MPS3 phases under ambient relative
humidity (the EIS results are shown in Figure B.19). The 𝜎𝑅𝑇 of MnPS3 and
CdPS3 are 3 × 10−9 and 4 × 10−10 S cm−1, respectively, which is four or five
orders of magnitude lower than that of the worst performing A2x/𝑛M1−xPS3 · y H2O
compounds. Therefore, the observed ionic conductivity in A2x/𝑛M1−xPS3 · y H2O
materials is likely either due to mobile H+ from the acidity of the ion-solvating H2O
or due to the conduction of the interlayer cations themselves.

Several characteristics of A2x/𝑛M1−xPS3 · y H2O suggest that the intercalated cations
are the majority charge carriers. The fact that the ions are able to be inserted and
removed by ion exchange in an aqueous solution indicates their inherent mobility
within the structure. Additionally, the absence of superstructure peaks at low Q
regions of the XRD patterns suggests that the intercalated ions are not ordered
and thus points to the ions’ high mobility.[258] Furthermore, the strong correlation
between the E𝑎 and 𝜎𝑅𝑇 with the identity of the intercalated ion underscores the
importance of these ions on charge transport. The E𝑎 for H+ conduction through
a Grotthuss type mechanism, where H+ are being exchanged by neighboring H2O
molecules, is typically < 400 meV.[113, 215] The variation in E𝑎 measured in the
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materials reported here is between 216 and 622 meV, which is more consistent with
the conduction of mobile complexes of different charge densities, as discussed above.
The observed trends in 𝜎𝑅𝑇 also do not align with H+ being the majority charge
carrier. The H+ concentration would depend on the acidity of the absorbed H2O,
which is influenced by the charge density of the intercalated cation. Therefore,
the trend in pK𝑎 of the hydrated cations can be used to predict the trend in H+

concentration in A2x/𝑛M1−xPS3 · y H2O. In general, the more charge-dense the
cation, the more acidic the bound H2O will be due to A–O bond strength. The
pK𝑎 trend of the intercalated ions is overlaid onto the 𝜎𝑅𝑇 data in Figure B.20. The
A2x/𝑛M1−xPS3 · y H2O compounds with more acidic interlayer ions (e.g., Mg2+, Zn2+,
Al3+) should have the highest H+ concentration but show the lowest measured ionic
conductivities. Thus the observed electrochemical performance is not adequately
explained by assuming H+ is the majority charge carrier.

Ionic Mobility Characterization with MAS NMR

We employ MAS NMR to directly probe the ionic mobility in A2x/𝑛Cd1−xPS3 · y H2O.
Performing MAS NMR measurements on MnPS3-based compounds is challenging
due to the presence of paramagnetic Mn2+, however, we anticipate that the results
of the CdPS3-based compounds can be extended to the MnPS3-based analogues.

Figure 5.5a shows 1H MAS NMR spectra of all A2x/𝑛Cd1−xPS3 · y H2O materials
to explore the dynamics of H2O or H+. The chemical shifts of the central band are
provided next to the corresponding spectra, and are listed in Table S2 along with the
FWHM of the spectra.

For the A2x/𝑛Cd1−xPS3 · y H2O compounds, the 1H NMR spectra all contain a
single resonance appearing within a very narrow range of resonant frequencies,
indicating a single 1H environment or that all 1H environments are exchanging
faster than the NMR timescale in each compound. The observed chemical shifts
are within the range expected for H in H2O molecules (around 5 ppm),[181–183,
262] but are noticeably shifted and broader than the signal of "bulk" free H2O,
which is characterized by a sharp peak at ∼ 4.75 ppm.[130, 263] The 1H chemical
shift values trend with the charge density of the intercalated cation. Cations with
higher charge density experience stronger interactions with the O in H2O and are
thus stronger bases, resulting in more deshielded hydrogen nuclei. Even though
Al0.17Cd0.75PS3 · 2.3 H2O has more H2O than can fit directly around each Al3+ ion
in the bilayer structure, the NMR spectrum suggests that this excess water is not free.
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Figure 5.5: MAS NMR study of A2x/𝑛Cd1−xPS3 · y H2O materials. (a) 1H MAS
NMR spectra of A2x/𝑛Cd1−xPS3 · y H2O compounds and 0.52 H2O/ZnPS3 for com-
parison. (b) 7Li spectra of Li0.5Cd0.75PS3 · 2 H2O, (c) 23Na spectra of Na0.5Cd0.75PS3
· 2 H2O, and (d) 27Al MAS NMR spectra of Al0.17Cd0.75PS3 · 2.3 H2O. The metal
MAS NMR spectra are collected on the materials at ambient RH (hydrated), and
after drying under vacuum at 200 ° C for ≈ 10 hours (dried). * marks the spinning
sidebands.

There is potentially a second "shell" of H2O around the Al3+ ions in the interlayer.
Exchange of the H2O in the first and second shell could result in averaging of the H
environments into the broad signal that we observe in Figure 5.5a. In general, these
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results indicate that the H2O molecules in A2x/𝑛Cd1−xPS3 · y H2O are bound to the
intercalated cations, in agreement with the TGA results.

Additionally, narrow line widths are typically indicative of high H+ mobility in
inorganic solid materials that contain H2O;[183, 233, 262, 264] however, all
A2x/𝑛Cd1−xPS3 · y H2O materials exhibit relatively broad line widths. A relevant
material to compare the line widths to is H2O-exposed ZnPS3, which is denoted as
0.52 H2O/ZnPS3 in Figure 5.5a. When ZnPS3 is exposed to humid air, the H2O
adsorbs at the grain boundaries resulting in solvation of Zn2+ into confined water
environments yielding mobile Zn2+, however, the H+ are also mobile and account
for roughly 50% of the charge carriers.[233] Notably, the line widths measured
for the A2x/𝑛Cd1−xPS3 · y H2O materials are much broader suggesting less mobile
H+. Additionally, the appearance of spinning sidebands in the 1H NMR spectra of
A2x/𝑛Cd1−xPS3 · y H2O materials further underlines that the H+/H2O molecules are
bound to the cations and exhibit limited mobility.

We can additionally evaluate the mobility of the intercalated cations for NMR-
active nuclei. Figure 5.5b, c, and d show 7Li, 23Na, and 27Al MAS NMR spectra,
respectively, in both hydrated and dehydrated states in order to probe the mobility of
the intercalated cations with and without H2O ligands. The comparison between the
hydrated and dehydrated materials can be found in the next subsection. The 7Li and
23Na MAS NMR spectra of the respective hydrated ion-intercalated CdPS3 samples
both show narrow line widths and an absence of spinning sidebands, suggesting
that the cations are sufficiently mobile to average out anisotropic interactions. The
chemical shifts for Li and Na are 0.1 ppm and 1.34 ppm, respectively, which
are consistent with previous reports of interlayer ions in bilayer H2O-containing
hydrated structures of Li2Sn2S5 and Na-containing mica clays.[110, 265, 266] The
23Na spectrum of the hydrated phase is consistent with previous 23Na MAS NMR
studies on Na0.50Cd0.75PS3 · 2 H2O,[246, 248] which postulated that the Na+ ions
likely conduct with the bound H2O molecules in the interlayer.

In the case of Al0.17Cd0.75PS3 · 2.3 H2O, the 27Al MAS NMR spectrum contains
a single resonance at -1.5 ppm which is consistent with Al3+ that is octahedrally
coordinated by H2O (∼0 ppm).[267, 268] The broader line width is consistent with
the lower mobility of Al3+ but could also be related to quadrupolar effects due to
the potential asymmetry of the coordination environment in the interlayer.

The observed correlation between electrochemical properties and the intercalated
ions strongly suggests that the ionic mobility observed in all of these compounds is
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predominantly due to the intercalated ions. Furthermore, this claim is supported by
the lack of evidence for rapid H+ exchange, along with the clear indications of metal
ion mobility from our NMR studies of the selected ions (7Li, 23Na, and 27Al). Note,
conducting metal cation NMR analyses on the K+, Mg2+, Ca2+ and Zn2+ materials
is prohibitively challenging due to the low natural abundance of their NMR-active
isotopes and quadrupolar effects.

Mechanistic Investigation of Ionic Conduction with PFG NMR

To determine if the ionic conduction mechanism is associated with a hopping vs.
vehicular mechanism, we use 7Li and 1H PFG NMR to directly measure the diffu-
sivity and E𝑎 of Li and H in Li0.5Cd0.75PS3 · 2 H2O. The normalized echo signal
attenuation data obtained by PFG NMR are best fit to a biexponential for both 7Li
and 1H (Figure B.21). The Tanner-Stejskal equation[269, 270] used to analyze the
results assumes an isotropic diffusion process, which is justified here given the poly-
crystalline nature and morphology of the particles, and presumable lack of preferred
orientation of individual crystallites. Hence, we rule out the possibility of having
two different diffusing species/pathways in the ab plane, or different in-plane diffu-
sivity (in the ab plane) compared to the out-of-plane diffusivity (c direction), and
instead suggest that the presence of two 1H/7Li diffusing components results from
nuclei primarily diffusing within a grain, or at or across a grain boundary during the
measurement. A two component model also best captured the behavior observed
in a PFG NMR study of hydrated Li2Sn2S5 by Joos et al.[110] In that study, the
authors suggested it was likely due to in-plane vs. out-of-plane diffusion in hydrated
Li2Sn2S5, but also did not rule out grain boundary contributions.

Figure 5.6 shows Arrehnius-type plots of ln(D) vs. 1000/T for both the Li- and
H-containing species, where D is the diffusivity of the diffusing components.
The room temperature diffusivities of the Li components are 1.62 × 10−10 and
3.09 × 10−11 m2 s−1, which is associated with 57% and 43% of the Li species
measured, respectively. The diffusivities of the H species are 1.13 × 10−12 and
1.55 × 10−14 m2 s−1, which is associated with 18% and 82% of the H species,
respectively. The second, low diffusivity component is not shown in Figure 5.6b.
Since the Li diffusivity is a few orders of magnitude higher than that of H, we can
deduce that Li are the majority charge carriers and that the Li+ conduct through
a hopping mechanism between H2O molecules, instead of a vehicular mechanism
in which Li+ conducts with its solvation shell. Interestingly, this mechanism is in
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contrast to that suggested in case of hydrated Li2Sn2S5 in which the Li and H diffu-
sivities were comparable leading to the conclusion of a vehicular ionic conduction
mechanism.[110]

The E𝑎 can be obtained from the Arrehnius-type plots in Figure 5.6. The PFG
NMR determined E𝑎 for Li diffusion are 180 and 150 meV for component one and
two, respectively. These E𝑎 values are consistent to that measured by EIS (217 ±
14 meV). The E𝑎 measured for the H-containing component is even lower than the
Li components at 120 meV, though we note this value is more of an estimate due
to the low measured diffusivity. Though the E𝑎 for the H-containing component is
low, the much lower diffusivity suggests that the majority charge carrier measured
with EIS is Li.

Figure 5.6: Arrhenius-type relationships of the diffusivity (D) measured with (a) 7Li
and (b) 1H PFG NMR. The second component of associated with the H-containing
species is not shown due to the low diffusivity.
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Structural and Electrochemical Characterization of Dried A2x/𝑛Cd1−xPS3

Although the primary charge carriers are likely the intercalated ions rather than
mobile H+, the H2O ligands play a critical role in enabling the high conductivity.
We use MAS NMR and XRD to investigate the local and long-range structural
changes that occur after drying in a vacuum oven at T ≥ 100 ° C for at least 10
hours, and EIS to probe the electrochemical performance.

The XRD patterns of A2x/𝑛Cd1−xPS3 pre- and post-drying are shown in Figure B.22.
Lattice contraction is observed after drying all samples. For the majority of the dry
samples, the basal spacing resembles that of the pristine CdPS3 phase. Only dried
K0.5Cd0.75PS3 and Na0.5Cd0.75PS3 materials display a larger basal spacing than the
pristine CdPS3 material.

The removal of the majority of water in the dried A2x/𝑛Cd1−xPS3 · y H2O compounds
is confirmed by the significant reduction of the 1H signal (an example is shown in
Figure B.23).

Without H2O, the intercalated cations are destabilized within the van der Waals
gap, causing them to occupy the vacant M sites. This has been shown previously
for Li+-intercalated MnPS3,[166] as well as A3+-ion intercalated CdPS3.[271] For
monovalent ions, there are twice as many intercalated ions as there are vacancies
in the metal layer, therefore at least half of the ions may remain trapped in the van
der Waals gap. In the case of K-intercalated MPS3, the K+ is too large to occupy
the vacant sites in the metal layer, and therefore all of the K+ likely remains in the
van der Waals gap. This is evidenced by the lack of a reflection resembling the
pristine material lattice spacing in dried K0.5Cd0.75PS3, and is supported by DFT
structural calculations discussed in the Supporting Information. In the case of dried
Na0.5Cd0.75PS3, the XRD pattern shows a reflection corresponding to the spacing
of pristine CdPS3 in addition to a reflection indicating a slightly expanded lattice.
The 23Na MAS NMR of dried Na0.5Cd0.75PS3, shown in Figure 5.5c, contains
two distinctive resonances which could be assigned to even distributions of Na in
two different chemical environments. The 23Na spectrum of dried Na0.5Cd0.75PS3

strongly resembles the 23Na spectrum of Na4P2S6.[272] The -0.7 ppm resonance
likely corresponds to the interlayer Na+ and the 27.7 ppm resonance is attributed
to the Na+ that occupies the metal layer. These values are slightly different than
Na4P2S6 (5.6 ppm and 18.2 ppm respectively) due to the structural and chemical
changes imparted by the Cd ions in Na0.5Cd0.75PS3.
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Although 0.25 equivalents of Li+ likely remains in the van der Waals gap in dried
Li0.5Cd0.75PS3,[166] layer expansion is not observed because Li is small enough to
occupy the interlayer without expanding the d(001) spacing, as is the case in Li4P2S6.
However, typically 7Li MAS NMR does not permit differentiation between the
different chemical environments. [273–275]

For multivalent ion intercalated samples, no layer expansion is observed in the dried
materials because the number of intercalated ions is less than or equal to the number
of vacancies, so all of the ions occupy the metal layer. As evidenced in Figure 5.5d,
after drying, the 27Al resonance shifts to 36 ppm, which is more reminiscent of Al
octahedrally coordinated by S.[268]

The dried multivalent-intercalated compounds do not exhibit any meaningful ionic
conductivity (< 10−9 S cm−1), however the remnant interlayer monovalent ions in the
dried monovalent-intercalated compounds enable the study of metal cation mobility
in MPS3 frameworks in the absence of solvating ligands. Notably, the 7Li and
23Na MAS NMR spectra show broadening of the signals and emergence of spinning
sidebands after drying, indicating reduced mobility.

Figure 5.7a shows the basal spacing of A2x/𝑛Cd1−xPS3 (A = Li, Na, K) pre- and post-
drying. In contrast to the hydrated phases, where the basal spacing is determined
firstly by the amount of H2O absorbed and secondly by the charge density of the ion
and by extension the size of the hydrated complex, the d(001) spacing of the dried
phases trends with the intercalated ionic radius. In the absence of the bottleneck
expansion and charge screening, the 𝜎𝑅𝑇 drops by up to six orders of magnitude, and
the E𝑎 increases up to three-fold. In this case, the trend in electrochemical behavior
is in line with what is expected of traditional solid state electrolytes. Li0.5Cd0.75PS3

exhibits the highest conductivity, due to the inherent mobility of the small, low
charge density Li+ cation.

5.7 Ligand Exchange of A2x/𝑛M1−xPS3 · y H2O
The absorbed H2O ligands are vital for enabling high ionic mobility. However,
in many battery systems, H2O can cause undesired side reactions that impair per-
formance. To extend the applicability of these materials to non-aqueous systems,
the H2O can be replaced with more stable organic molecules. Further, the ligand
exchange helps to elucidate the effect of the ligands on ionic conduction, specifi-
cally by comparing the impact of opening the diffusion bottleneck and the degree of
charge screening. As a proof of concept we exchange H2O ligands for other solvent
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Figure 5.7: (a) The d(001) spacing of monovalent-ion intercalated CdPS3 in the
hydrated and dried state, and (b) 𝜎𝑅𝑇 and E𝑎 of dried monovalent ion-intercalated
CdPS3.

molecules that are frequently used in next-generation battery liquid electrolytes:
MeCN and THF. These molecules cover a range of dielectric constants, as shown in
Figure 5.8a, allowing us to further probe the effect of charge screening.

The solvent exchange is done by first exposing K0.5Cd0.75PS3 to vacuum to at least
partially dry the material followed by stirring the K0.5Cd0.75PS3 in dried solvent in
a glovebox for 1 h. To confirm that the organic solvent is incorporated, Raman is
measured on the resulting materials. In all cases, the Raman modes associated with
the new ligand are observed (Figure B.24). To further confirm ligand exchange, we
analyze the basal spacing after the exchange which is shown in Figure 5.8b (XRD
patterns available in Figure B.25). The basal spacing increases in the order of H2O
< MeCN < THF, correlating with the size of the ligand molecules. The increase
in basal spacing with THF (4.5 Å) approximately matches the radius of a flat THF
molecule (4.2 Å).[276] Figure 5.8c and d show the 𝜎𝑅𝑇 and E𝑎, respectively, of
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Figure 5.8: (a) A bar chart showing the reported dielectric constants of H2O, MeCN,
and THF, and comparisons of (b) d(001) , (c) 𝜎𝑅𝑇 , and (d) E𝑎 of K0.5Cd0.75PS3 · Z (Z
= H2O, MeCN, or THF).

K0.5Cd0.75PS3 · Z (Z = H2O, MeCN, THF). Replacing H2O with MeCN or THF
decreases the 𝜎𝑅𝑇 by one or three orders of magnitude and increases the E𝑎 by
∼ 70 meV or 200 meV, respectively. Given that the framework and mobile ion
remain constant, the variation in mobility is attributed to the interplay between an
increase in bottleneck size and decrease in the extent of charge screening. Despite
THF creating the largest diffusion bottleneck as evidenced by the basal spacing, the
THF-containing compounds show low 𝜎𝑅𝑇 and high E𝑎 due to either ineffective
charge screening by THF or a bottleneck that is effectively too large. However,
the conductivity with absorbed THF is still two orders of magnitude higher than
dried K0.5Cd0.75PS3. Although MeCN absorption results in a smaller bottleneck
than THF, its superiority in terms of screening the mobile ion charge leads to a
significantly higher 𝜎𝑅𝑇 and lower E𝑎. The variation in dielectric constant of the
selected ligands (53 % decrease for MeCN, 90 % decrease for THF) is larger than
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the resulting variation in bottleneck size (5 % increase for MeCN, 18 % increase
for THF). Therefore, the variation in screening ability plays the dominant role in
governing the mobility. Consequently, K0.5Cd0.75PS3 · MeCN exhibits a high ionic
conductivity of 0.18 mS cm−1 in the absence of H2O, enabling potential application
in non-aqueous systems. In addition, achieving high ionic conductivity with an
aprotic ligand provides further evidence that the majority charge carriers are the
interlayer cations and not H+. Future work will explore the integration of aprotic
solvents with high dielectric constants into MPS3 frameworks with various next-
generation mobile ions.

5.8 Ionic Conduction in A2x/𝑛M1−xPS3 Compared to Previous Reports
Now that we have discussed in-depth the structure-property relationships associated
with ionic conduction in the A2x/𝑛M1−xPS3 materials, we will next discuss our work
in the context of similar studies.

In the late 90s, Jeevanandam et al. measured ionic conductivity using admittance
measurements of K0.5Cd0.75PS3 · H2O and Na0.5Cd0.75PS3 · 2 H2O.[246, 247]
The studies concluded that Na+ is mobile while K+ is not. However, the EIS
analysis presented here conclusively shows very high ionic conductivity for K+ in
K0.5Cd0.75PS3 · H2O (Nyquist plots can be seen in Figure B.13). Additionally, we
find that the 𝜎𝑅𝑇 of Na0.5Cd0.75PS3 · 2 H2O is two orders of magnitude higher than
in their previous reports. These discrepancies may arise from sample preparation
or EIS measurement errors, but it is difficult to pinpoint the exact cause using the
experimental conditions that were reported.

The recent study by Yu and Ren, in which exceedingly high 2D ionic conductivity
was observed in CdPS3-based membranes, provides an opportunity to compare
solvent-assisted ionic conductivity to confined liquid electrolytes. In the study by
Yu and Ren, there is no discussion of the quantity of H2O present in each membrane.
However, since the basal spacing, 𝜎𝑅𝑇 , and E𝑎 are largely uncorrelated to the identity
of the intercalated ion, reminiscent of a confined liquid electrolyte we speculate that
the membranes likely contain excess amounts of H2O. In the case of ligand-assisted
ionic conduction in bulk A2x/𝑛M1−xPS3 materials, although the intercalated ions are
screened they still interact with the framework, explaining the strong dependence
of the electrochemical performance on intercalated ion identity. A comparison
of the results of their 2D 𝜎𝑅𝑇 and E𝑎 with the finding of this study is shown in
Figure B.26. The measured conductivity of CdPS3-based membranes is between
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two and four orders of magnitude higher than the bulk polycrystalline A2x/𝑛M1−xPS3

samples reported here. This is logical because the inherent conduction pathways
in this structure are 2D, bulk 3D conduction is achieved in polycrystalline pellets
through a series of 2D conduction processes within randomly oriented particles.
However, particularly for energy storage applications considering general materials
processing and cell assembly steps, the bulk 3D measurement is more representative
of materials performance. Furthermore, operating within the ligand-assisted regime
combines the benefits of high ionic mobility with the advantages of using a solid state
electrolyte. Additionally, there is limited free H2O in the material, which minimizes
H2O-related undesired side reactions, and limits the impact of H+ conduction.
However, in the confined liquid electrolyte regime the materials may become softer
and sticky due to excess H2O,[110] and the free H2O can lead to undesired reactivity
and increased H+ conduction in battery systems.

5.9 Conclusions
The introduction of ligand molecules into solids can drastically increase the ionic
mobility of both larger cations (Na+, K+, Ca2+) and charge-dense cations (Mg2+,
Zn2+, Al3+) by expanding the diffusion bottlenecks and screening charge-dense
mobile ions. In MPS3-based materials (M = Mn, Cd), ion-intercalated compounds
of the form A2x/𝑛M1−xPS3 · y H2O can be obtained containing hydrated interlayer A
cations. These intercalated structures contain either a monolayer H2O, K+ and Na+

(at low RH); or bilayer H2O: Li+, Na+, Mg2+, Zn2+, Ca2+, and Al3+, depending on
the hydration energy of the intercalated cation. All A2x/𝑛M1−xPS3 · y H2O materials
show exceptionally high bulk conductivity (generally > 0.1 mS cm−1) at RT and
ambient RH. Therefore, leveraging ligand-assisted ionic conduction in solid state
electrolytes is a promising avenue to achieving high ionic mobility of next-generation
mobile ions, which has historically been very challenging. [110, 206, 209, 210, 277]
Furthermore, A2x/𝑛M1−xPS3 · y H2O materials exhibit bulk ionic conductivities that
are among the highest reported values of any electronically-insulating inorganic
solid for all of the mobile ions studied. Notably, these compounds exhibit higher
conductivities than other reported solids containing solvated ions (e.g. clays and
MOFs), due in part to the more polarizable S-based anion framework in MPS3-based
materials. Employing ligand-assisted ionic conduction seems to be more effective
for achieving exceedingly high conductivity for less charge-dense ions, like Li+,
Na+, K+, and Ca2+, but still provides suitable results for charge-dense ions.
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This work highlights the impact of expanding the diffusion bottleneck, by showing
that with identical ions and ligands the framework with the larger bottleneck has a
higher 𝜎𝑅𝑇 and lower E𝑎. Furthermore, the impact of charge screening is illustrated
by the systematic increase in E𝑎 and decrease in 𝜎𝑅𝑇 for similar structures when
some of the solvating H2O ligands are removed.

Since the introduction of H2O introduces the possibility of H+ conduction, we
provide strong evidence that the intercalated cations are the majority carriers. The
observed electrochemical behavior is much more adequately explained by mobile
intercalated ions than mobile H+. Additionally, MAS NMR demonstrates absence
of H+ exchange and high mobility of Li+ and Na+. PFG NMR demonstrates that
in the case of Li0.5Cd0.75PS3 · 2 H2O the Li diffusivity is two to four orders of
magnitude higher than that of H. This result further suggests that the intercalated
cation is the majority charge carrier and that the conduction occurs through a
hopping mechanism, where the cations are moving between H2O molecules, instead
of a vehicular mechanism.

Although H+ are likely not the mobile ions, the drastically inferior performance of
the dried phases emphasizes that H2O ligands are crucial for the high mobility of
the intercalated ions. Finally, exchanging H2O for aprotic ligands like MeCN and
THF in K0.5Cd0.75PS3 · H2O provides further evidence that H+ is not the majority
carrier. The ionic mobility of the intercalated cations with these ligands depends
on the interplay between bottleneck expansion and the effective charge screening.
Specifically, K0.5Cd0.75PS3 ·MeCN exhibits a high ionic conductivity demonstrating
the potential application of A2x/𝑛M1−xPS3 to non-aqueous systems.

A2x/𝑛M1−xPS3 materials represent a modular system in which we can change the
mobile ion, the framework (M = Cd for slightly higher performance vs. Mn for
environmental friendliness), or the ligand molecules to tailor the performance for
specific applications. Fundamentally, this modular framework allows us to develop
structure property relationships to better understand solid state ionic conduction of
next-generation mobile ions, particularly ligand-assisted ionic conduction. Addi-
tionally, the high performance of A2x/𝑛M1−xPS3 materials suggests that these, or
similar compounds, could be used as a "universal" solid electrolyte for a variety of
battery chemistries with different mobile ions.



114

5.10 Experimental Section
Material Preparation
Synthesis

The MPS3 (M = Mn, Cd) materials were prepared using traditional solid state
methods from Mn (Alfa Aesar, 99.3%) or Cd (Thermo Scientific, 99.99%) metal
powder, respectively, elemental S (Acros Organics, >99.5%), and 10% excess P2S5
(Acros Organics, >98%) in an Ar-filled glovebox without further purification.

The M, P2S5, and S8 were combined in a 2:1.1:1/8 molar ratio and ground thoroughly
using a mortar and pestle. The reactants were then pressed into pellets with an Arbor
press and sealed in a vitreous silica ampule under vacuum (<10 mtorr). The reaction
vessel was placed in a box furnace, heated to 650 °C at a rate of 1 °C min−1) (K
min−1) and allowed to react at 650 °C for 24 h. After the reaction was complete, the
tube was allowed to cool to ambient temperature inside of the furnace. The resulting
green (MnPS3) or off-white (CdPS3) powder was collected and handled in an Ar
filled glovebox.

Ion-Exchange Reaction

The ion-exchange reactions were conducted by stirring powder MPS3 samples in
aqueous solution of the appropriate metal chloride. A typical K-exchange reaction
involved stirring 400 mg of MnPS3 or 500 mg of CdPS3 in 10 ml of a 3 M or
2 M solution, respectively, of aqueous KCl at room temperature for three hours.
For CdPS3, 0.1 M EDTA, in a 1 M K2CO3/KHCO3 buffer solution, is added as
a complexing agent. After the reaction was complete, the mixture was filtered
using a fritted glass vacuum filter, washed three times with water and once with
ethanol and allowed to dry for at least 30 minutes. The second ion exchanges were
conducted on the material obtained from the first exchange. In this case, 100-150 mg
of K-exchanged MPS3 was added to 10 ml of 1 M solutions of the relevant metal
chloride, no complexing agents were added. The drying and washing procedures
were the same as the first exchange. The Li-exchanged samples were allowed to
dry overnight. After the ion exchanges were complete the samples were stored in
vials at ambient conditions. A hygrometer was used to measure the ambient RH,
if there was a period in which the humidity was < 40%, the materials were stored
in a humidity chamber maintained at 53% RH using super saturated solutions of
magnesium nitrate.
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Ligand-Exchange Reaction

The ligand exchange was carried out in a dry N2-filled glove box. Samples of
K0.5Cd0.75PS3 · H2O were partially dried through three 10-minute vacuum-backfill
cycles in the glovebox antechamber. MeCN (99.9%,Fisher Scientific) and THF
(99.9%, Fischer Scientific) were dried on a solvent purification system (Pure Process
Technology) and transferred into the glovebox, without exposure to air, and stored
over 3 Å molecular sieves. Before use, the measured a water content of both solvents
was less than 20 ppm via KF titration. In the glovebox, K0.5Cd0.75PS3 was added to
5 mL of the solvent in a scintillation vial and mixed on a magnetic stir plate for one
hour. The mixture was vacuum filtered over a fritted glass filter for a couple seconds
until the material visibly changed from it’s dark gray "wet" state to the drier light
gray state. Quickly, the material was scraped off the filter and put into Swagelok cells
for impedance characterization or an empty scintillation vial for absorbed solvent
characterization.

Absorbed solvent was characterized by mass loss measurements. An initial mass
was obtained from the sample immediately following removal from the filter. This
sample was then allowed to passively lose solvent to the dry atmosphere.

Dried Sample

To prepare dried ion-exchanged materials for structural and electrochemical char-
acterization, the powders were transferred into a Ar-filled glovebox and placed in a
vacuum oven at 120 ° C for 10 hours.

Pelletization

Between 15-30 mg of powder was pressed into a pellet in ambient atmosphere using
a 12 ton hydraulic press from Carver (unit 3912). The powder was pressed using
a 6 mm stainless steel die set at 2 tons for 5 minutes. The resulting pellets were
between 0.2-0.6 mm thick. In most cases the pellets were sputtered with Au at
40 mA for 60 s on both flat surfaces using a Ted Pella 108 Auto Sputter Coater in an
Ar filled glovebox. Then removed from the glovebox and allowed to re-equilibrate
at ambient RH for at least 2 days.
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Material Characterization
Powder X-ray Diffraction

High-resolution synchrotron powder x-ray diffraction patterns were collected on
samples sealed in 1.0 mm (o.d) glass capillaries (to prevent changes in RH). The
samples were measured on beamline 28-ID-1 (𝜆 = 0.1665 Å) at the National Syn-
chrotron Light Source II at Brookhaven National Laboratory.

Additional XRD data were collected using a Rigaku SmartLab diffractometer
(CuK𝛼). The hydrated samples were placed on a glass slide sample holder at
ambient RH, while the dried samples were prepared in a glovebox and measured in
a Rigaku air free sample holder. All patterns were collected from 5-60° 2𝜃 as a step
size of 0.03 ° and 5 ° per minute.

Raman Spectroscopy

Raman spectroscopy was measured using a Horiba Instruments XplorRA PLUS
Raman Spectrometer equipped with 532 nm laser. The sample was mounted on a
glass microscope slide. The signal was averaged over 200 acquisitions lasting 1 s
each with a 50 𝜇m slit and 500 𝜇m hole. The laser power used was either 1 or 10%
to prevent local heating and sample degradation.

Thermogravimetric Analysis

TGA was performed using a TA Instruments TGA 550. Powder samples (5-30 mg)
were loaded into a tared high-temperature pan composed of an Inconel coated bail
wire and platinum pan as a flat, evenly distributed layer and heated under a nitrogen
flow (25 mL/min) at 5 ° C/min from room temperature (19-25 ° C) to 200 ° C, at
which it was held constant for 1 min. The instrument was calibrated using a nickel
Curie temperature standard as per the manufacturer’s directions.

Inductively Coupled Plasma Mass Spectrometry

ICP-MS was performed on Agilent 8800. About 2 mg of each synthesized batch of
material was digested in 2 ml of 70% nitic acid at 80 ° C for 4 hours. After the initial
digestion, the solutions were diluted twice in 5% nitric acid to reach x2500 dilution.
Five different concentrations of standard solutions were made from stock solutions
of Cd, Mn, P, S, Li, Na, Mg, Ca, Zn, and Al to generate a calibration curve.
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Scanning Electron Microscopy & Energy Dispersive X-ray Spectroscopy

SEM was performed on select materials using a ZEISS 1550VP field emission
SEM with an acceleration voltage of 10 kV at 5kX, 10kX, and 30kX magnification.
Before SEM was performed the materials were sputtered with Pt for 5 s at 40 mA to
avoid charging during the measurement. EDS data were collected using an Oxford
X-MAX SSD system with an acceleration voltage of 10 kV or 20 kV.

Electrochemical Impedance Spectroscopy

EIS measurements were collected using a Bio-Logic VSP300 multichannel poten-
tiostat with ultralow current probes. Typically, symmetric cells were assembled with
Au-sputtered, in 0.25 i.d. PTFE spring-loaded Swagelok cells. EIS was measured
at different temperatures, controlled by a convection oven. The cell temperature
was allowed to equilibrate for 30 minutes at each temperature. The temperature
series were terminated at 70 ° C. The EIS spectra were collected using a sinusoidal
voltage amplitude of 50 mV in a frequency range of 3 MHz to 1 Hz and averaged
over 10 measurements. At least three successive measurements were taken to ensure
that the response was stable. Equivalent results were obtained without pelletization,
by making a pellet in situ in the PTFE Swagelok cell by applying at least 3 kN of
force with a vice. In this case, either polished Au foil or the stainless steel plungers
were used as electrodes. This method was primarily utilized for the Al-exchanged
samples, which took a long time to re-equilibrate after pelletization, it was also used
for replicates of other samples to ensure consistency. Since for the vast majority of
samples the high frequency semi circle in the Nyquist plot could not be resolved
even at RT, the x intercept of the Nyquist plot is taken as a "worst case" approxima-
tion for the total impedance for all samples, which we conservatively approximate
as the electrolyte impedance. For the few samples where a high frequency semi-
circle could be resolved, the data were fit to an equivalent circuit using ZFit in the
EC-Lab software, e.g., Figure B.15, to ensure that the capacitance of this feature
corresponded with that expected for bulk ionic conductivity in solids.

Solid State Magic Angle Spinning Nuclear Magnetic Resonance Spectroscopy

Multinuclear MAS NMR experiments were performed using a Bruker Avance I-
500 MHz spectrometer and using a Bruker 4mm MAS NMR probe. A powder
sample was packed into a zirconia (ZrO2) rotor at the ambient condition, and spun
at 10 kHz. 1H NMR (500.2 MHz) spectra were acquired after 4 𝜇s-90 degree pulse.
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NMR signal of metal ions (quadrupole nuclei) were recorded after applying short tip
angle rf pulses (1/12𝜋 for I=3/2 nuclei (7Li and 23Na) or 1/18𝜋 pulse for 27Al) and
strong 1H decoupling pulse. Chemical shifts were externally calibrated to TMS for
1H, 1 M aqueous solution of LiCl, NaCl, and Al(NO3) for 7Li, 23Na, and 27Al nuclei,
respectively. For NMR measurements after dehydration, a 4 mm rotor containing
packed powder sample was inserted into a 80 mm long-5 mm glass NMR tube, and
the glass NMR tube was attached to a 1/4"-Cajon-VCR-T fitting and the side arm
was connected to a vacuum manifold for high temperature evacuation overnight. In
this special setup, a glass rod with sealing kel-F rotor cap at the end was attached at
the top of the 1/4"-Cajon-VCR-T. The rod was able to slide down, closing the 4 mm
rotor with a tightly fit o-ring. The rotor underwent heating in an 10 mm-cylinder
furnace with evacuation. The setup was filled with Ar gas before sealing, resulting
in complete avoidance of exposure to air for the dried powder sample.

Pulsed Field Gradient Nuclear Magnetic Resonance Spectroscopy

Li0.5Cd0.5PS3 · 2 H2O sample was packed and sealed inside a 4 mm ZrO2 rotor,
which was itself placed in an airtight 5 mm NMR tube. 1H and 7Li PFG-NMR
measurements were conducted on a 7.05 T (1H, 300 MHz) Bruker Avance III super
wide-bore NMR spectrometer equipped with a Diff50 probe under static condition.
Diffusion measurements were performed from low (25 °C) to high temperature
(60 °C) after a 30 minute equilibration period at each temperature, and the tem-
perature was regulated by a heater and using N2 gas flowing at a rate of 800 L/h.
The sample temperature was calibrated using dry ethylene glycol solution. Self-
diffusion coefficients were measured using a stimulated echo pulse sequence[269]
with variable magnetic field gradient pulses. Self-diffusion coefficients, 𝐷𝑖, of all
the nuclei were determined by fitting the integrated signal intensity, 𝐼𝑖, as a function
of the variable gradient strength , g, using the Stejskal-Tanner equation.[270, 278]

𝐼 = 𝐼0 exp
(
−𝐷𝑖 (𝛾𝛿𝑔)2

(
Δ − 𝛿

3

))
= 𝐼0 exp (−𝐷𝑖𝐵)

where 𝐵 = (𝛾𝛿𝑔)2
(
Δ − 𝛿

3

) (5.3)

𝐼0 is the initial signal intensity, 𝛿 is the gradient duration, and Δ is the diffusion time.
The 𝛿, Δ, and g values were selected to ensure sufficient decay window. The NMR
data were processed with TOPSPIN 4.3.0 and fitted using Origin software.
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Theoretical Methods
Structure Relaxations

We used density functional theory implemented in the Vienna Ab Initio Sim-
ulation Package (VASP 6.4.2)[279–281] along with Projector Augmented Wave
(PAW)[282, 283] pseudopotentials to determine the lowest energy configurations of
dehydrated and hydrated K0.5Mn0.75PS3 and Na0.5Mn0.75PS3. The stoichiometries
were rounded to the stated values for computational simplicity. PAW potentials were
used with valence configurations of 3s23p64s1 for K, 2s22p4 for O, 3s23p3 for P,
3s23p4 for S, 4s13d6 for Mn and 1s1 for H to describe the valence electrons. Our cal-
culations employed the Perdew-Burke-Ernzerhof (PBE)[284] Generalized Gradient
Approximation (GGA) and included vdW corrected DFT-D3 (Becke-Johnson)[285,
286] along with empirical dispersion corrections. To ensure accuracy, we included
all plane waves of energy up to 650 eV and set electronic minimization energy
criteria to 10−6 eV. Ionic relaxation was stopped when the norms of all Hellmann-
Feynman forces were less than 10−2/Å, and we utilized a 4x2x4 Γ-centered k-mesh
for Brillouin zone integration within the unit cells so that a k-spacing of less than
0.2 Å−1 was sufficient for the required accuracy for electronic energy minimization.

The structures in Figure 5.3 were obtained through a heating and cooling approach
using Ab initio Molecular Dynamics (AIMD) and the Nosé and Hoover NVT en-
semble in VASP 6.4.2.[287–290] The structures were brought from 20K to 300K,
held at 300K then cooled back to 20K and were relaxed with DFT minimization
from there. Initial estimate structures were optimized with the parameters described
above. All AIMD simulations were run with 1 fs time steps, a fixed cell shape and
volume, and the same parameters above except as noted. The heating and cooling
were both performed over 2 ps with a 1x1x1 Γ-centered k-mesh. Between these
steps the simulation was held at 300 K over 5 ps with a 2x1x2 Γ-centered k-mesh.
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C h a p t e r 6

CONCLUSION

6.1 Summary and Conclusion
This thesis has investigated the structure-property relationships that are hypothesized
to effect solid state conduction of next-generation mobile ions in inorganic mate-
rials. Chapter 2 lays the foundation by discussing the fundamentals of solid state
ionic conductivity, the measurement techniques involved, and the unique challenges
associated with multivalent ions.

Throughout the rest of this work, the combination of materials based on polarizable
anion frameworks, such as sulfides, and the introduction of ligand molecules to
screen the charge-dense ions is shown to result in superionic conduction due to a
significant decrease in strong electrostatic interactions within the material. Chapter
3 details the achievement of superionic conductivity in hydrated ZnPS3. Exposure
of ZnPS3 to humid environments results in adsorption of water onto the surface of
the grains and within grain boundaries and subsequently an increase int he ionic
conductivity of up to five orders of magnitude over anhydrous ZnPS3. Through
a combination of electrochemical techniques we show that both Zn2+ and H+ are
mobile in 0.52 H2O/ZnPS3. Additionally, this study is the first demonstration of Zn
deposition and stripping through a SSE onto various metal substrates and to the best
of our knowledge, 0.52 H2O/ZnPS3 displays the highest Zn2+ conductivity in any
solid-based system (𝜎 = 1.44 mS cm−1 and 𝜎𝑍𝑛2+ = 0.67 mS cm−1). We hypothesize
that the Zn2+ conduction occurs via a water-mediated mechanism, in which solvated
Zn2+ is mobile in the adsorbed water. Furthermore, we demonstrate methods to
qualitatively decouple Zn2+ and H+ conduction in a water containing materials, and
highlight the importance of doing so in water or air exposed systems, where H+

could be responsible for the observed conductivity.

Chapter 4 seeks to expand this concept to achieve superionic conductivity of other
next-generation mobile ions in electronically-insulating inorganic solids. Here, we
turn to different MPS3-based materials (M = Mn, Cd), which are known to form
ion-intercalation compounds of the form A2x/𝑛M1−xPS3 · y H2O, where hydrated
A𝑛+ cations occupy the van der Waals gap. The presence of ligand molecules
drastically increases the ionic mobility of both larger cations (Na+, K+, Ca2+) and
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charge-dense cations (Mg2+, Zn2+, Al3+) by simultaneously expanding the diffusion
bottlenecks and screening charge-dense mobile ions. The ion-intercalated MPS3

materials not only exhibit the highest reported bulk conductivity for several ions
but also provide a robust model for studying and optimizing ligand-assisted ionic
conduction. Specifically, we show how the bottleneck size, cation charge density,
and degree of charge screening affects the ionic conductivity. We provide strong
evidence that the interlayer cations, not H+, are the majority carriers and that the
conduction occurs through a hopping mechanism, where the cations are moving
between H2O molecules, instead of a vehicular mechanism.

Finally, replacing H2O with aprotic ligands like MeCN and THF in K0.5Cd0.75PS3

enables the investigation of the interplay between bottleneck expansion and the
effective charge screening on the resulting mobility of a given ion and opens up
further applications in various industrial and technological contexts.

A2x/𝑛M1−xPS3 materials represent a modular system in which we can change the
mobile ion, the framework (M = Cd for slightly higher performance vs. Mn for
environmental friendliness), or the ligand molecules to tailor the performance for
specific applications. The high performance of A2x/𝑛M1−xPS3 materials suggests
that these, or similar compounds, could be used as a "universal" solid electrolyte for
a variety of battery chemistries with different mobile ions.

This thesis not only elucidates critical structure-property relationships and mecha-
nisms underlying ligand-assisted ionic conduction in new solid electrolyte systems
but also identifies a high performance, modular system that may be useful in a
variety of battery chemistries with different mobile ions or other applications such
as ion exchange membranes or humidity sensors.

6.2 Outlook on Ligand-Assisted Ionic Conduction and MPS3 Materials
Leveraging ligand-assisted ionic conduction in solid state electrolytes is a promising
avenue to achieving high ionic mobility of next-generation mobile ions, which has
historically been very challenging. [110, 206, 209, 210, 277] Utilizing materials
with ligand-assisted ionic conduction combines the benefits of high ionic mobility
with those of using a solid state electrolytes. Notably, this approach minimizes
issues like increased H+ conduction, undesired reactivity, and electrode dissolution,
commonly experienced when using some aqueous/liquid electrolytes due to excess
solvent.[110]
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Since the introduction of H2O introduces the possibility of H+ conduction care
must be taken to determine the identity of the mobile ion in hydrated systems.
The methods used in Chapter 3 to decouple Zn2+ and H+ conduction may not be
transferable to all multivalent systems. For instance, non-blocking electrode tests
with strongly reducing metals, such as Mg and Ca, can be convoluted by interfacial
instability of the material of interest. Additionally, significant interfacial and cell
optimization is required to achieve either metal deposition or ion intercalation into
cathodes. Therefore, the development of universally applicable, straightforward
techniques to accurately measure and distinguish between ionic contributions in
such systems remains crucial. This advancement will ensure that improvements in
multivalent ion conduction are not erroneously attributed to proton conduction.

Notably, water-assisted ion conduction can be most readily employed in Zn-based
systems, as other metal anodes will spontaneously reduce water molecules in a
hydrated SSE. Although, if charge screening via ligand molecules proves to be
the most successful avenue to achieving next-generation ionic conduction in solids,
protective membranes could be developed to protect the metal anodes from the
ligand molecules.[105]

In ion-exchanged MPS3 phases, the presence of interlayer cations facilitates the
introduction of aprotic ligands, this is difficult to achieve in materials like ZnPS3,
where only surface adsorption occurs. Here we showed that ligands with high dielec-
tric constants resulted in greater ionic conductivity due to better charge screening.
Therefore, molecules with large dielectric constants, such as formamide, should
be investigated and may provide even higher conductivities than hydrated samples.
Future work will also focus extensively on ligand exchange in multivalent ion con-
taining MPS3, addressing a significant gap in the availability of reliable non-aqueous
multivalent ion electrolytes. Notably, even without water the stability of these ma-
terials will likely be limited by the reduction potential of the [P2S6]4− polyanion.
Nonetheless, if successful these materials will be a very valuable addition to the field
as they may enable the reliable testing of novel electrode materials for multivalent
ions.

6.3 Outlook on Conduction of Next-Generation Mobile Ions in Solids
The landscape of solid-state ionics, particularly for next-generation mobile ions, is
marked by unique challenges that demand novel solutions. While the field related
to Li systems is well-established,[77] offering robust design rules for identifying
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promising materials, the extension of these principles to ambient temperature mul-
tivalent ion systems has yet to be truly validated. Previous studies suggested some
design rules for multivalent ionics, the most promising of which involved the utiliza-
tion of more polarizable anion sublattices. Building upon that, this thesis describes
several examples of introduction of ligand molecules resulting in superionic con-
ductivity MPS3-based compounds. However, conclusive experimental evidence that
multivalent ions can display high conductivity in solids at RT without some form
of charge screening remains elusive. To achieve this, future research should include
the thorough investigation of additional materials with open structures — includ-
ing skeleton structures,[224] high temperature polymorphs — these are generally
higher volume phases, and materials with the potential for structural flexibility, such
as amorphous phases or materials with flexible polyanions. Such materials will
facilitate larger bottlenecks and reduce the strong electrostatic interactions plagu-
ing multivalent ions. In addition, leveraging complex migration mechanisms, like
concerted migration or the paddlewheel effect, may be helpful to achieve high mul-
tivalent ion diffusion in solids, especially electronically insulating solids. Although
metastable phases may not be ideal for practical application due to inherent insta-
bility, they may be promising in the pursuit of deeper understanding. Notably, some
metastable Li+ ion conducting phases that could not be synthesized through tradi-
tional solid state methods were synthesized using mechanochemical methods.[149]
Metastable phases are also more likely to have ions in less favorable coordination
environments, which can provide more experimental evidence to confirm or rule out
the lattice site coordination environment hypothesis.

Moreover, many of the characterization techniques that are commonly utilized to
evaluate diffusivity and probe mechanisms in monovalent conductors are not easily
applied to multivalent ion systems. Therefore, the development of new techniques
tailored towards multivalent ion systems that can be used to corroborate EIS results
will be a critical development in the field, as computational studies alone are not
sufficient to concretely corroborate EIS results.

The importance of computational studies to identify materials that are likely to
possess low activation energies and thus have the potential for high ionic conduc-
tivity near RT should not be underestimated, although they were not applied here.
There are ∼ 30,000 reported Mg, Ca, Zn containing compounds in the ICSD. In
lieu of concretely established design principles motivated by experimentally verified
structure-property relationships, computational results provide a logical way to filter
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promising compounds. However, it should be noted that experimental corroboration
of several materials a low NEB-derived 𝐸𝑎 has not been achieved,[69, 291, 292]
highlighting that other factors, such as sufficient carrier concentration, or optimiza-
tion of the precursor (𝜎0) are likely to be key to observing high RT conductivity.
Additionally, future computational investigations should consider the MN energy of
the compound to ensure that a low 𝐸𝑎 is ideal.

Ultimately, it will likely require creative combination of many of the proposed design
rules in a single material to realize high next-generation ion conduction without
charge screening. At this point any material, especially an electronic insulator,
that concretely exhibits multivalent ion conduction, in particular, is of fundamental
interest, and structure-property relationships for that material family should be
elucidated. Even materials with low conductivity will be important steps on the
journey to the development of superionic conductors for next-generation ions.
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A p p e n d i x A

SUPPORTING INFORMATION FOR CHAPTER IV: WATER
VAPOR INDUCED SUPERIONIC CONDUCTIVITY IN ZNPS3

A.1 Supplementary Notes
Optimization of Conditions for Zn Deposition
Achieving deposition of Zn using 0.52 H2O/ZnPS3 as an electrolyte in both CV
and galvanostatic experiments was significantly challenging. Simultaneous opti-
mization of stack pressure, temperature, and the magnitude of applied current was
necessary. Attempts in which the stack pressure was not sufficient to maintain inti-
mate contact between the pellet and metal foils, e.g., using a spring-loaded Swagelok
instead of a vice, led to instant polarization due to large potential drops across the
0.52 H2O/ZnPS3 | electrode interfaces. Optimizing the temperature required balanc-
ing the benefit of faster kinetics at elevated temperature with detrimental effects of
water loss from the sample. Since significant water loss occurred at T ≥ 50 °C, the
deposition experiments were conducted at 40 °C. Achieving deposition at lower tem-
perature (for instance room temperature) or with current densities ≥ 100 𝜇A cm−2

was possible, but was accompanied by significantly higher overpotentials, up to ∼
3 V. At such high overpotentials decomposition of ZnPS3 could not be entirely ruled
out. Even after optimization of the experimental conditions, there was still some
batch-to-batch variation between experiments. Different batches of ZnPS3, amongst
which the only obvious difference is the amount of ZnS impurity (max. 5wt%), dis-
play varying durations of sustained Zn2+ reduction (from several hours to several
days before polarization) despite showing similar ionic conductivities. Involvement
of the ZnS in the high ionic conductivity or Zn deposition after hydration was ruled
out by control experiments, the results of which are shown and discussed in Figure
A.22. The origin of this variation is potentially due to interfacial degradation or
inconsistencies. Samples with more adsorbed water tend to less reliably sustain
extended periods of Zn2+ reduction, possibly due to sufficient degradation of the
surface from extensive HER.

XPS of Zn Deposits on Au Substrate
The Zn 2p binding energies exhibit minimal shifts on the order of 0.2 eV from Zn
metal to ZnO, which makes it not suitable for identification of the Zn oxidation state
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on the deposit[293]. In contrast, Zn LMM Auger kinetic energies shift by approx.
3 eV from Zn metal to ZnO[293, 294], which make it a much more useful region
to look at. However, when the Zn metal substrate is in contact with a conductive
substrate, an electron gun charge neutralizer can be used to differentially charge
the insulating oxide layer to shift it more negative of the metal in the Zn 2p XPS
spectrum[295]. As seen in Figure A.14, with the charge neutralizer on, two distinct
peaks are observed. While the peak at a higher binding energy (1021.6 eV) can be
assigned to Zn metal[293], the peak at a lower binding energy (1019 eV) is lower
than any reported binding energies for a Zn species. However, when the neutralizer
is turned off, the peak at 1021.6 eV does not shift, while the peak at 1019 eV shifts
positively to 1023.1 eV, which is more positive than ZnO or Zn(OH)2. This suggests
that with the neutralizer on, the electron guns charge the insulating surface oxide
species negatively, shifting it to unphysically small binding energies. Without the
neutralizer on, the x-ray beam charges the insulating layer positively, resulting in
a positive shift in binding energy. The conducting Zn metal does not experience
any charging, and therefore its binding energy does not shift with or without the
neutralizer.

The Zn LMM Auger spectrum is shown in Figure A.15. As is the case in the Zn 2p
XPS spectrum, the two Auger peaks assigned to Zn0, at 991.7 and 995.2 eV[294]
do not shift regardless of charge neutralization. However, upon turning off the
electron gun charge neutralizer, a broad peak appears at approx. 987 eV, which is
around the region where ZnO and Zn(OH)2 are observed[293]. When the charge
neutralizer is active, the insulating oxide species charges to a higher kinetic energy
and disappearing into the shoulder of the larger Zn0 peak, but when the charge
neutralizer is turned off, the oxide charges positively, thus shifting to a lower kinetic
energy. This result is in agreement with the interpretation of the Zn 2p XPS spectra.

The XPS survey spectra of the Zn-deposited electrodes are shown in Figure A.16.
The expected peaks for Zn, Au, C, and O are all present. Trace amounts of P and S
are attributed to remnant ZnPS3 on the substrate.

A.2 Supplementary Figures
As with the Au electrode, two plateaus are observed due to first HER then Zn2+

reduction. HER is observed at lower overpotentials because Pt is a better electro-
catalyst than Au for HER. The SEM/EDS analysis shows flat deposits on the Pt
electrode composed mostly Zn and some O, but P and S are notably absent. The
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ZnPS3 75% 96%

6.0 mm 6.2 mm 7.0 mm
x = 0.58x = 0 x = 2.56

Humidity Chamber

  Salt Solution
ZnPS3 pellet

(a)

(b)

Figure A.1: (a)Illustration of experimental setup used to hydrate ZnPS3 pellets
with water vapor. (b) Expansion of the diameter of ZnPS3 pellets after exposure to
different RH environments.

absence of Pt from the deposited region supports that Zn-Pt alloys are not formed,
in congruence with CV results.

Between 0 and 5 wt% of ZnS is present as an impurity phase in some batches of
ZnPS3. The batches with higher % of impurities adsorbed less water and display
slightly lower conductivity after hydration. As a control, we investigated the con-
ductivity and ability of commercial ZnS (Alpha Aesar, 99.99%) to plate and strip
Zn under similar conditions as ZnPS3 from the present study. A pellet of ZnS was
prepared by pressing 40 mg of ZnS in an Ar filled glovebox at 2 tons for 5 minutes
and then sputtering on both sides. The pellet was then exposed to 75% RH for 2
days in an equivalent manner used to form 0.52 H2O/ZnPS3. After this equilibration
period, the measured weight gain indicated that the pellet had adsorbed 0.11 equiva-
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Figure A.2: Nyquist plot of a temperature series of a Au | 0.52 H2O/ZnPS3 | Au
cell from RT to 50 °C showing the increase in impedance at 50 °C due to water
loss. The impedance increase is accelerated at higher temperatures so all of the EIS
temperature series were terminated at 50 °C).

lents of H2O per mole of ZnS - suggesting that ZnS does not adsorb water as readily
as ZnPS3. The conductivity of 0.11 H2O/ZnS is found to be 1.1 × 10−7 S cm−1,
which is about 2.5 orders of magnitude lower than the conductivity of ZnPS3 with
a similar ratio of adsorbed water (0.09 H2O/ZnPS3), and 4 orders of magnitude
lower than ZnPS3 prepared under similar conditions (0.52 H2O/ZnPS3). CV studies
of Au | 0.11 H2O/ZnS | Zn were used to probe Zn deposition and stripping and
showed no Faradaic current, ruling out any contribution from ZnS impurities in the
Zn deposition and stripping observed with 0.52 H2O/ZnPS3.
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Figure A.3: Representative Nyquist plots for different levels of ZnPS3 hydration in
symmetric cells with sputtered Au electrodes. (a) x = 0.02, (b) x = 0.09 (c) x = 0.52
(d) x = 2.38.
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Figure A.4: (a) Differential scanning calorimetry of x = 0 and 0.52, showing a single
peak in the hydrated sample at low temperature. This suggests that all of the adsorbed
water has a similar, low binding energy, pointing towards weakly bound surface water
and not strongly bound crystalline water. (b) Derivative thermogravimetry showing
a single weight loss event below 100 °C. At T ≥ 150 °C an exothermal weight loss
event is observed in both the x = 0 and 0.52 that could be related to sulfur loss or
elevated temperature hydrolysis.
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Figure A.5: Magnified TGA to provide a clear view of pristine, x = 0.02 and 0.14.
The pristine material shows similar total mass loss to the x = 0.02 (11% RH) sample
due to the fact that the sample is exposed to air (∼ 50% RH) for about an hour in
preparation for and during the measurement. Water adsorption in the 0.02 material
was corroborated by measurements of mass gain using a bench top balance, in
which case the time spent outside of the equilibration environment is limited to a
few seconds (Table S1).
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RH (%) H2O from TGA H2O from balance

(mol/f.u.) ((mol/f.u.)

0 0.02 0

11 0.02 ± 0.01 0.02 ± 0.02

45-55 0.09 ± 0.04 0.06 ± 0.01

75 0.52 ± 0.25 0.71 ± 0.17

96 2.38 ± 0.21 3.99 ± 0.10

Table A.1: H2O content measured by TGA and a bench top balance after exposure
to various RH environments. Both methods have experimental limitations, but
the trend of higher humidity exposure resulting in more adsorbed water holds in
both cases. The TGA values were used to represent the water content in the
manuscript. However, the water content of the high humidity materials is likely
underestimated due to water loss during TGA preparation in air, which is a lower
humidity environment ( 50%)
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Figure A.6: Magnified FTIR spectra to show the 1600 cm−1 O-H bending mode in
0.02 H2O/ZnPS3. A lower intensity feature is present at 1600 cm−1 in the pristine
material due to air exposure during the measurement.
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Figure A.7: XRD patterns of ZnPS3 that remained in a (a) 75 % RH and (b) 96 % RH
environment for 2 days (the standard equilibration time used in the present study) vs.
after 1 month. In (a) the orange highlighted region shows that the strongest reflection
of the emergent phase has not increased in intensity over 1 month, suggesting that the
hydration at 75 % RH is self limiting and does not result in complete transformation
of ZnPS3 into another phase. In (b) the pink highlighted region surrounds the (001)
reflection of ZnPS3. After extended time in high humidity environments, the crystal
structure of ZnPS3 has been completely replaced by the novel hydrated crystalline
phase.
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Figure A.8: Raman spectra of pristine ZnPS3, 2.38 H2O/ZnPS3 (96 % for 2 days)
and after complete transformation to the new hydrated crystalline phase (96 % for 1
month). The Raman spectra of 2.38 H2O/ZnPS3 contains a combination of modes of
ZnPS3 and those related to the hydrated crystalline phase. The Raman spectrum of
spots of the 2.38 H2O/ZnPS3 sample are identical to pristine ZnPS3 corresponding
to areas of unconverted material.



136

Figure A.9: (a) XRD (b) 1H ssNMR and (c) 31P ssNMR of 0.52 H2O/ZnPS3 before
and after drying at 100 °C overnight. Equivalent results are achieved after evacuation
of 0.52 H2O/ZnPS3 in a glovebox antechamber for 30 minutes.
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Figure A.10: Variable temperature 1H NMR of 0.52 H2O/ZnPS3 at 295 K initially,
then cooled through 270, 250, 220 and 205 K, and finally after reheating to 290 K.
The resonance broadens with temperature reduction, begins to decrease in intensity
at 220 K and completely freezes out at 205 K. This is significantly lower than
the freezing point of bulk liquid water and suggests that the adsorbed water in
0.52 H2O/ZnPS3 is confined water.
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Figure A.11: (a) The 1H ssNMR spectrum of 0.52 H2O/ZnPS3 is fit with two
psuedo-Voigt functions. The broad shoulder at 5.5 ppm has a T1 of 43.4 ms and the
sharper peak at 5.1 has a T1 of 89.6 ms. The sharper peak is closer to the expected
value of free water ∼4.8 ppm. This resonance could be due to H in the adsorbed
water in the system, whereas the broader shoulder that is down-field could be due
to H in water that is solvating Zn2+. (b) Showing the poor fit of the 1H ssNMR
spectrum of 0.52 H2O/ZnPS3 when using one psuedo-Voigt function.
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Figure A.12: EIS of 0.52 H2O/ZnPS3 in a symmetric cell with Zn electrodes or Mg
electrodes. With Zn electrodes, a second semicircular feature is observed at low
frequency, which is attributed to conduction of Zn2+ through the 0.52 H2O/ZnPS3 |
Zn interface. With Mg electrodes, the low frequency behavior is not a semicircular
feature but is constantly increasing with time which is likely the result of interfacial
reactivity.
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Figure A.13: Cycle two of the CVs showed in Figure 8, showing a decrease in J,
potentially due to degradation of the interfaces during plating and stripping.
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Figure A.14: XPS spectra of the Zn 2p region of the Zn-deposited Au electrodes.
Top: with the charge neutralizer on to compensate for positive surface charging.
Bottom: with the charge neutralizer off. In the neutralized sample, the insulating
Zn2+ species is overneutralized, thereby shifting to a more negative binding energy.
With no neutralization, the Zn2+ species shifts to a positive binding energy due to
positive charging.
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Figure A.15: XPS spectra of the Zn LMM Auger region of the Zn-deposited Au
electrodes. Top: with the charge neutralizer on. Bottom: with the charge neutralizer
off. In the neutralized sample, the insulating Zn2+ species is overneutralized, thereby
shifting to a more positive kinetic energy, disappearing into the shoulder of the large
Zn0 Auger peak. With no neutralization, the Zn2+ species shifts to a more negative
kinetic energy due to positive charging.
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Figure A.16: XPS survey spectra of the Zn-deposited Au electrodes. Top: pristine
electrode as-prepared. Bottom: sputtered with an Ar ion gun for 35 minutes.
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Figure A.17: SEM and EDS with 0.52 H2O/ZnPS3 on (a) Au and (b) Pt substrates,
showing possible Au-Zn alloys after deposition on Au foil as the deposits contain
Au by EDS. However, the deposits on Pt only contain Zn (and not Pt) by EDS, in
agreement with the CV results.
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Figure A.18: The potential transient upon application of -10 𝜇A cm−1 to
0.52 H2O/ZnPS3 sandwiched between a Pt foil working electrode and Zn foil
counter/reference electrode at 40 °C in a Swagelok cell under 3 kN of force. (b) EDS
spectrum of the area enclosed by the white box showing that the deposits primarily
contain Zn and do not contain any P or S (expected P and S energies shown with
dotted lines). (c) SEM of the Pt surface after deposition. (d) EDS map of the Pt
surface after deposition, showing that the deposits contain only Zn and O.
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Figure A.19: (a) Higher magnification SEM image of Zn deposits on Pt electrode
and (b) EDS of region 1 showing Zn is present with trace amounts of P and S.
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Figure A.20: (a) XRD pattern of ZnPS3 powder before and after ball milling 500 mg
of powder in 50 ml ZnO2 milling jars with 15 g of balls (1:30 powder:ball ratio -
6.1 g of 5 mm balls and 8.8 g of 3 mm balls) at (1) 380 rpm for 16 hrs and then (2)
580 rpm for 12 h in a MSE PRO Bench Top Mini High Energy Vertical Planetary
Ball Mill. The XRD was collected by placing powder on a glass slide under kapton
tape to prevent air exposure. Due to the background of the Kapton, the diffraction
patterns are viewed above 25 ° 2𝜃 (b) Nyquist plot of anhydrous, amorphous ZnPS3
at room temperature.
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Figure A.21: 31P solution NMR to probe the dissolution of ZnPS3 in water under
different conditions. (a) Full spectral window, (b) the region of interest for [P2S6]4–

resonance, and (c) -1 to 4 ppm showing resonances that appear at -0.05 and 2.6
ppm likely due to the formation of phosphates. The resonance at 3 ppm is due
to the trimethyl phosphate internal reference. Note that in these experiments, the
H2O:ZnPS3 ratio is 100x greater than in 0.52 H2O/ZnPS3.
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Figure A.22: (a) Nyquist plot of anhydrous ZnS (Alpha Aesar, 99.99% without
further purification) EIS was conducted from 3 MHz-100 mHz at room temperature.
(b) Nyquist plot of the same pellet after 2 day in 75% RH chamber (0.11 H2O/ZnS),
showing an increased conductivity after hydration. (c) CV of Au | 0.11 H2O/ZnS |
Zn under the same conditions as ZnPS3 described in the manuscript.



150

A p p e n d i x B

SUPPORTING INFORMATION FOR CHAPTER V: MODULAR
MPS3-BASED FRAMEWORKS FOR SUPERIONIC
CONDUCTION OF BOTH MONOVALENT AND

MULTIVALENT IONS.

B.1 Supplementary Notes
Ion Exchange Reaction in MPS3 Phases
The ion exchange reaction occurs in a less controlled manner with MnPS3 than
CdPS3. With CdPS3, a chelating agent –– such as ethylenediaminetetraacetic acid
(EDTA) –– must be added to the ion exchange reaction in order for Cd2+ to leave the
CdPS3 lattice. Whereas, with MnPS3 the more labile Mn2+ readily leaves MnPS3

in the aqueous solution without EDTA. As a result, the final Mn content of the
exchanged materials differs depending on the intercalated ion. For example, during
the second ion exchange to insert Na+ or Ca2+, in addition to replacing the K+ from
the first exchange, some additional Mn2+ from the metal layer is replaced. However,
for the second exchanges with CdPS3 no EDTA is added, so no additional Cd2+ is
expected to be leached from the compound.

Furthermore, the pristine MnPS3 does not completely react in the conditions used
in this study (small amounts are still present in the XRD, Figure B.1). Attempts to
use higher molarity KCl solutions or to add EDTA to facilitate full transformation
to K0.5Mn0.75PS3 often led to exfoliation or degradation of the material due to
loss of excess Mn.K0.5Mn0.75PS3 could be obtained through a second successive
K+ exchange, but we found that it did not significantly affect the electrochemical
properties, therefore for simplicity the study was carried out using the product of
the single K+ exchange, K0.4Mn0.80PS3.
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B.2 Supplementary Figures

Figure B.1: XRD patterns of K+ ion exchange reactions with (a) MnPS3 and (b)
CdPS3 using different concentrations of KCl(𝑎𝑞) solutions. For MnPS3, XRD re-
flections pertaining to the pristine material were still present after a reaction with
3 M KCl. Therefore, under these reaction conditions a two phase mixture of MnPS3
and K.50Mn.75PS3 is formed, which corresponds to an overall stoichiometry of
K.40Mn.8PS3. The pristine CdPS3 phase is no longer present after reaction in 2 M
KCl with EDTA and the buffer solution.
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Figure B.2: A comparison of (a) 𝜎𝑅𝑇 and (b) E𝑎 of pure batches (by elemental
analysis) with the average values of select CdPS3-based ion exchange materials.
The electrochemical performance of the pure batches is within error of the overall
average, suggesting that the presence of a small amount of impurities in some batches
doesn’t affect the electrochemical performance.
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CdPS3

K0.5Cd0.75PS3 Li0.5Cd0.75PS3

Na0.5Cd0.75PS3 Mg0.5Cd0.75PS3 Ca0.5Cd0.75PS3

Zn0.5Cd0.75PS3 Al0.5Cd0.75PS3

Figure B.3: TGA and DTG analysis of pristine CdPS3 and all CdPS3-based ion
exchanged compounds. All compounds were equilibrated at 53% RH before TGA
was measured. The initial mass loss event shown in the DTG plot is due to loss of
surface adsorbed water, but is insignificant in comparison to the total mass loss.

Figure B.4: XRD patterns of ion exchange reactions with (a) CdPS33 and (b)
MnPS33. Note, the pattern of Zn0.4Mn0.6PS3 · 1.6 H2O is collected using Cu
K𝛼 radiation because the sample inadvertently dehydrated during preparation for
the synchrotron measurement. The other pattens were collected using synchrotron
radiation.
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Figure B.5: Raman spectra of CdPS3 and all ion-exchanged compounds, the modes
around 222, 248, 271, 377 and 565 cm−1 are related to the [P2S6]4– polyanion
bending, stretching, and wobbling. These modes are all present after ion exchange,
confirming that the [P2S6]4– polyanion remains in tact after ion exchange, suggesting
that the intralayer environments are similar before and after ion exchange. The
intensity of these modes changes after exchange, as previously noted for monovalent-
ion intercalated CdPS3 by Barj et al.[255]
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Figure B.6: SEM and EDS of pristine CdPS3 and select ion-exchanged compounds
to show that the intercalated ions are homogeneously dispersed within the material
after ion exchange. After the 2nd exchange, Mg and Ca shown here, the particle
size is significantly bigger than the pristine and K-exchanged compounds.
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Figure B.7: XRD patterns of (a) Na0.6Mn0.7PS3 and (b) Na0.5Cd0.75PS3 in different
RH environments to show that the monolayer, bilayer, or a mixture of both hydrated
phases can be obtained depending on the RH.
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Figure B.8: XRD patterns of Ca0.25Mn0.75PS3 in different RH environments to
show that instead of forming the monolayer H2O structure (which would appear
around 9.5 ° 2𝜃, in the gray region) the bilayer structure is maintained at all RH.
However, the water content changes depending on the RH, which likely corresponds
to incomplete solvent shells around the Ca2+ ions, and is reflected by small changes
in the position of the reflection.
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Figure B.9: XRD patterns of K0.5Cd0.75PS3 at ambient and high RH (96%), illustrat-
ing that K0.5Cd0.75PS3 maintains the monolayer H2O structure instead of forming a
bilayer H2O structure (which would appear around 7.5 ° 2𝜃, in the purple region)
even at high RH.
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Figure B.10: The d(001) spacing of MnPS3-based ion exchanged materials that form
hydrated bilayer H2O structures vs. the charge density of the intercalated ion. The
higher the charge density of the intercalated ion, the stronger the interactions with
the bound water and thus the smaller the d(001) spacing. Al3+ is an outlier to this
trend due to the excess water present in the material which expands the interlayer
spacing.



160

Figure B.11: The three most stable configurations of K0.5Mn0.75PS3 · H2O. These
structures are only relaxed with DFT and are not subjected to the heating and
cooling approach using AIMD. The top images show the view down the c axis
after removing the metal layer above the hydrated K+, the metal layer below is
made partially transparent for clarity. The bottom images show the view down
the a axis. Hydrogen bonds between H2O molecules are shown as dotted black
lines. The H2O molecules are inaccurately depicted as being smaller than the K
atoms for clarity. Configuration 1 is made up of K2(H2O)4 dimers with bridging
H2O, configuration 2 consists of a network of sheets of K with bridging H2O, the
sheets are connected by hydrogen bonds between H2O molecules, and configuration
3 is mostly made up of isolated, hydrated K+ with an absence of bridging H2O.
These configurations are separated in energy by < 1 meV, therefore it is likely the a
combination of these configurations is present at RT. The presence of a combination
of these configurations is supported by the fact that neither superstructure peaks nor
those associated with ordered, hydrated K in the interlayer are present in the XRD
patterns.
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Figure B.12: The experimental XRD pattern of K0.4Mn0.8PS3 at ambient RH com-
pared to the computed pattens of the stable relaxed structures (configuration 1, 2,
and 3). The reflection marked with "*" is the remaining pristine MnPS3. Several
reflections associated with ordered interlayer hydrated K are present in the relaxed
structures, but are absent in the experimental data —- suggesting that the interlayer
K is disordered.
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Figure B.13: Representative Nyquist plots of all CdPS3-based ion exchanged com-
pounds, equilibrated at ambient humidity (40-55%). The measurements were taken
at RT and then from 30 to 70 ° C. A temperature series was not attempted for the
Zn intercalated compound because of the very high impedance and noisy data.

Figure B.14: Representative Nyquist plots of all MnPS3-based ion exchanged com-
pounds, equilibrated at ambient humidity (40-55%). The measurements were taken
at RT and then from 30 to 70 ° C.
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Figure B.15: Representative fit of Nyquist plots of MnPS3-based Mg exchanged
compound at 30 ° C. This is an example of a situation where the high frequency
feature of the Nyquist plot is resolved. It is fit with an equivalent circuit consisting
of a resistor (R𝑐) in series with a RQ circuit (resistor, R𝑡 , in parallel with a constant
phase element, Q𝑡) in series with an additional Q𝑖𝑛𝑡 . This model is comprised of a
resistor (R𝑐) in series with a RQ circuit (a resistor, R𝑡 , in parallel with a constant
phase element, Q𝑡) followed in series with a second constant phase element, Q𝑖𝑛𝑡 .
Here, R𝑐 represents the circuit resistance and is typically near zero, R𝑡 and Q𝑡 are
measures of the total electrolyte resistance and capacitance, while Q𝑖𝑛𝑡 represents the
capacitive charge buildup at the interface of the solid electrolyte and the ion-blocking
electrode. The capacitance values of the high frequency feature (10−10–10−9 F) are in
line with those expected for solid state ionic conduction.[49, 54, 81, 233] Therefore,
the high frequency feature is attributed to total ionic conduction through the pellet
— a combination of bulk and grain boundary contributions.
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Figure B.16: Arrhenius-type plots of CdPS3-based ion intercalated materials at
ambient RH. The plotted points are the mean of at least three replicate cells, and the
error bars represent the associated standard deviations.
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Figure B.17: Arrhenius-type plots of MnPS3-based ion intercalated materials at
ambient RH. The plotted points are the mean of at least three replicate cells, and the
error bars represent the associated standard deviations.
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Figure B.18: (a) The 𝜎𝑅𝑇 and (b) E𝑎 of the ion-intercalated MPS3 materials. The
electrochemical behaviors of the isolated monolayer and bilayer Na-intercalated
materials are shown here, in comparison to the other materials at ambient RH.
The bilayer and monolayer MnPS3-based Na intercalated compounds were isolated
by equilibration at 75% and 11% RH, respectively. The monolayer CdPS3-based
Na intercalated compound was obtained via equilibration at 11% RH. Here, it is
evident that the bilayer MnPS3-based Na compound behavior is more in line with
that of the bilayer CdPS3-based Na compound at ambient RH. Additionally, the
monolayer compounds follow the same trend as the bilayer compounds, where
the more charge dense Na+ perform worse than the less charge dense K+ in the
intercalated compounds.
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Figure B.19: Nyquist plots of pristine MPS3 materials at room temperature after
equilibration at ambient RH for several days. These materials were measured as a
in situ pellet in PTFE Swagelok cells with stainless steel plungers as the electrodes
to avoid water loss via evacuation.
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Figure B.20: The 𝜎𝑅𝑇 of the ion-intercalated MPS3 compounds at ambient RH
overlaid with the pK𝑎 of the intercalated ions based on their behavior in aqueous
solutions. The ions with the lower pK𝑎 (the more charge dense ions) would have
more H+ from hydrolysis of the coordinated water.
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Figure B.21: 7Li PFG NMR data at room temperature which is better fit by a
bi-exponential than a mono-exponential function. This is representative of 7Li PFG
NMR and 1H PFG NMR at all temperatures measure (up to 60 °C).
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Figure B.22: XRD patterns of hydrated and dried CdPS3 ion-exchanged compounds.
Illustrations of the dried structures containing monovalent, divalent, or trivalent ions
are shown.
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Figure B.23: Examples of 1H MAS NMR before and after the different drying
conditions used in this study. (a) K0.5Cd0.75PS3 at ambient RH and dried at 100 ° C
and (b) Li0.5Cd0.75PS3 at ambient RH and dried at 200 ° C, < 1% of the H signal
remains after drying.
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Figure B.24: Raman spectra of hydrated and ligand-exchanged K0.5Cd0.75PS3 from
50-850 and 2700-3300 wavenumbers. The low Raman shift region suggests that
no obvious changes to the local structure occurs in the metal layer after ligand
exchange – the modes associated with the P2S6 polyanions are maintained. The
high frequency region shows that the characteristic modes of the MeCN and THF
ligands are present after ligand exchange.
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Figure B.25: XRD patterns of K0.5Cd0.75PS3 in the dried and hydrated state and after
ligand exchange with MeCN and THF. The reflection corresponding the hydrated
phase is absent after the ligand exchange, but the reflection corresponding to the
dried material is present because the exchanged ligands are very volatile and some of
the absorbed THF or MeCN ligands was lost during the preparation of the samples.
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(d)

(c)bulk

Figure B.26: A comparison of (a) the ionic 𝜎𝑅𝑇 and (b) E𝑎 of the ligand-assisted
ionic conduction in bulk, polycrystalline MPS3 materials investigated in this study
(left) with that of the recently published CdPS3-based membranes by Yu and Ren
(right), which likely represents ionic conduction in a confined liquid electrolyte.
Here, the data from their study is plotted on a comparable scale to that of this study.
The electrochemical performance of the bulk, polycrystalline materials at ambient
RH has a much stronger dependence on the identity of the intercalated ion than that
of the membranes at high RH.
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Material 𝜎𝑅𝑇 (mS cm−1) 𝜎70◦𝐶 (mS cm−1) E𝑎 (meV)
Hydrated samples

K0.5Cd0.75PS3 · H2O 6.5 ± 2.0 19.6 ± 8.3 238 ± 34
Li0.5Cd0.75PS3 · 2 H2O 6.1 ± 2.2 15.5 ± 4.1 217 ± 14
Na0.5Cd0.75PS3 · 2 H2O 1.8 ± 1.0 11.8 ± 4.2 388 ± 43
Na0.5Cd0.75PS3 · H2O 0.04 ± 0.03 0.59 ± 0.08 492 ± 31
Mg0.25Cd0.75PS3 · 2 H2O 0.05 ± 0.02 1.19 ± 0.39 621 ± 68
Ca0.25Cd0.75PS3 · 2 H2O 1.3 ± 0.6 5.5 ± 2.2 287 ± 69
Al0.167Cd0.75PS3 · 2.3 H2O 0.16 ± 0.15 0.88 ± 0.73 425 ± 41
K0.4Mn0.8PS3 · 0.8 H2O 2.8 ± 1.7 12.8 ± 3.6 246 ± 28
Li0.4Mn0.8PS3 · 1.4 H2O 4.4 ± 2.2 15.0 ± 3.6 241 ± 24
Na0.6Mn0.7PS3 · 1.7 H2O 0.4 ± 0.3 3.1 ± 2.0 409 ± 76
Na0.6Mn0.7PS3 · H2O 0.03 ± 0.025 0.56 ± 0.24 517 ± 12
Mg0.2Mn0.8PS3 · 1.8 H2O 0.10 ± 0.05 1.8 ± 0.6 551 ± 69
Ca0.25Mn0.75PS3 · 1.5 H2O 0.29 ± 0.11 1.8 ± 0.5 362 ± 45
Zn0.4Mn0.6PS3 · 1.6 H2O 0.04 ± 0.02 0.026 ± 0.013 423 ± 28
Al0.13Mn0.8PS3 · 2.2 H2O 0.06 ± 0.03 0.23 ± 0.25 460 ± 61

Dried samples
Li0.5Cd0.75PS3 (1.3 ± 0.8) × 10−3 (1.0 ± 1.1) × 10−2 519 ± 17
Na0.5Cd0.75PS3 (1.6 ± 1.5) × 10−5 (6.8 ± 9.4) × 10−4 659 ± 53
K0.5Cd0.75PS3 (3.5 ± 1.4) × 10−6 (9.1 ± 3.8) × 10−5 667 ± 44

Ligand Exchange
K0.5Cd0.75PS3 · MeCN 0.18 ± 0.16 0.51 ± 0.47 281 ± 104
K0.5Cd0.75PS3 · THF (6.8 ± 4.2) × 10−4 (3.4 ± 3.0) ×10−3 423 ± 39

Table B.1: The mean and standard deviation of conductivity at RT and 70 ° C, and
activation energy of the ion-intercalated MPS3 materials in this study.
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mobile ion, A chemical shift (ppm) FWHM (Hz) sample conditions
1H NMR

K 3.87 1807 hydrated
Li 4.48 487 hydrated
Na 4.18 257 hydrated
Mg 5.28 513 hydrated
Ca 4.85 197 hydrated
Al 6.1 960 hydrated

7Li NMR
Li -0.08 68 hydrated
Li 0.18 122 dried

23Na NMR
Na 1.35 108 hydrated
Na -0.7 285 dried, peak 1 (50%)
Na 27.7 233 dried, peak 2 (50%)

27Al NMR
Al -1.47 1252 hydrated
Al 36 1525 dried

Table B.2: 1H, 7Li, 23Na, and 27Al MAS NMR data for various mobile ions in
CdPS3-based intercalation compounds under different conditions.
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