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Abstract

The concept of silicon-based optoelectronics has attracted much scientific and
technological interests over the past decade. The vision of Si-based optoelectronics is
based on integration of Si-based photonic components, in which light can be
generated, waveguided, modulated, amplified, and detected, with the advanced Si
electronics onto the same Si substrate to make monolithically integrated Si-based
optoelectronic circuits. The main driving force for development of Si-based optical
components comes from unsurpassed qualities of Si as the substrate material on
which the electronic components rest: superior native oxide as well as excellent
thermal, mechanical, and economic properties. Despite superior substrate properties,
the field still remains a frontier at large. The main technological limitation comes
from the lack of materials for efficient Si-based light sources such as Si-based lasers
and light-emitting devices.

Two novel Si-based nanostructures are studied for potential application as
visible and infrared light sources: ion-beam synthesized Ge and Si nanocrystals in
SiO; and coherently strained quantum well and quantum dots based on the Si-Sn

system grown by molecular beam epitaxy.
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The study of Ge and Si nanocrystals is motivated by the prediction that
quantum confinement of carriers leads to efficient luminescence despite the indirect
nature of the energy gaps. Ge and Si nanocrystals in thermal SiO; films are
synthesized via precipitation from a supersaturated solid solution of Ge and Si in SiO;
made by Ge” and Si" ion implantation. The precipitation of nanocrystals occurs upon
thermal annealing in vacuum. It is demonstrated that the SiO, films containing Ge
nanocrystals only exhibit defect-related luminescence and that the Ge nanocrystals do
not exhibit luminescence from quantum-confined excitons due to the poor
nanocrystal/SiO, interface. The visible luminescence from SiO; films containing Si
nanocrystals, on the other hand, is unambiguously demonstrated to be originating
from quantum-confined excitons in Si nanocrystals, based on systematic
photoluminescence and photoluminescence decay rate measurements. In agreement
with the predictions of the theory of quantum confinement, the peak energy of visible
photoluminescence from Si nanocrystals can be continuously tuned throughout most
of the visible spectrum by controlling the size distribution of the nanocrystals.

The growth of nanostructures based on the Si-Sn system by molecular beam
epitaxy is motivated by the fact that diamond cubic o-Sn is a zero band gap
semiconductor and that band structure calculations predict a direct and tunable energy
gap for Sn-rich Sn,Si,., alloy system. However, the large lattice mismatch (19%) and
severe segregation of Sn to the surface during growth prevent growth of Sn-rich
Sn,Sij.x films by ordinary thermal molecular beam epitaxy. The growth of
pseudomorphic Sn/Si and SnSi;./Si heterostructures is demonstrated via a modified

molecular beam epitaxy technique employing temperature and growth rate



modulations. The growth of pseudomorphic single quantum well structures as well as
superlatttice structures is demonstrated. In addition, a novel route for synthesis of
coherent Sn-rich Sn,Si;., quantum dots in Si matrix is presented. Due to chemical
instability of the Si-Sn mixture, Stranski-Krastonow growth of coherently strained
Sn-rich SnSi|.x quantum dot structures using conventional molecular beam epitaxy
techniques is very difficult. The novel technique involves phase separation of Sn-rich
Sn,Sii.« quantum dots at elevated temperatures from an epitaxially stabilized
homogeneous Sn,Si;../Si metastable solid solution grown by low temperafure
molecular beam epitaxy. The dots have been verified to be completely coherent with

the surrounding Si matrix by high-resolution transmission electron microscopy.
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Chapter 1

Introduction:
Si-based Nanostructures

1.1 Introduction

Important breakthroughs in technology have rendered mankind more
independent from the forces of nature and have arguably lead to more convenient
lives. At the least, key technological advances have always lead to giant leaps in the
economic progress of all hitherto existing societies. And as the most important
technological developments have often involved breakthroughs in the discovery and

the development of novel materials, the eras in the history of mankind have been
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properly categorized according to the materials that shaped the technology of the
times. In this light, the 20" century might historically be categorized as the Age of
Semiconductors. And few would argue that silicon is the most important
semiconductor material for the microelectronics industry that revolutionized the
technology and the world economy of the 20" century.

The full impact of solid-state electronics came with the invention of the
bipolar transistor by Bardeen, Brattain, and Shockley in 1949 [1]. The initial material
of choice had been Ge but was soon replaced by Si because of its natural superiority
in key aspects. First, the 1.12 eV band gap of Si makes it an ideal material for device
operation at room temperature, whereas the 0.67 eV band gap of Ge results in high
junction leakage currents. Second, Si forms a thermal silicon oxide (SiO) that is
inherently superior to the thermal oxide of Ge both in its properties and processibility.
Silicon dioxide is the material that provides the processing flexibility enabling
integration of 10® devices on a single chip. Third, the intrinsic resistivity of Si (230
kQ-cm) is much higher than that of Ge (47 Q-cm) and therefore allows for fabrication
of rectifying devices with high breakdown voltages. Finally, pure Si can be more
readily produced for much lower cost than Ge. The superiority of Si as the material
for integrated circuits is also obvious when compared to other compound
semiconductors.  Not surprisingly, Si devices constitute over 95% of all
semiconductor devices sold worldwide. Even the integrated circuit technologies of
compound semiconductors like GaAs have derived their process technologies from

processes developed for advanced Si microelectronics.
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The success of Si-based devices has resulted in an unprecedented level of
integration that has in turn enabled an unprecedented level of high-speed device
performance. Device performance in integrated circuits has come to the point where
the largest bottleneck is posed by the high density of interconnect wires. The
increasing density of interconnects pose limitations in the performance, reliability,
and cost [2]. An increasing density of interconnects will limit the clock frequency at
which the devices can operate, which is expected to exceed 1 GHz on-chip by the
year 2010, due to excessive power dissipation and cross talk [3]. In addition, an
increase in the density with a simultaneous decrease in the feature size of the
interconnects increase the chances of device failures resulting from interconnect
failures. Perhaps the biggest problem of increasing density of interconnects is an
economic one. Remarkably, there is an exponential relationship between the cost per
interconnect and the length of interconnect [4]. The technological and economic
pressure caused by an increasing density of interconnects has created a driving force
to replace some hard-wired interconnects with wireless interconnects. This driving
force has motivated the field of Si-based optolelectronics.

The vision of Si-based optoelectronics is based on integration of Si-based
photonic components, in which light can be generated, waveguided, modulated,
amplified, and detected, with the advanced Si electronics onto the same Si substrate
to make monolithically integrated Si-based optoelectronic circuits [5,6]. A
monolithically integrated circuit refers to integrated circuits having every component
made from group IV materials. At the present, a hybrid approach of integrating

optical components based on compound semiconductors with Si microelectronics is
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providing limited integration but not monolithic integration. While there are
obstacles to be overcome, monolithic integration indeed promises to be a cost-
effective way of creating optoelectronic integrated circuits, most of all since the
advanced Si processing technology can be fully utilized.

The past decade has seen a steady progress in various scientific and
technological aspects of Si-based optoelectronics. Recent works have demonstrated
that infrared light can be waveguided, detected, emitted, modulated, and switched in
Si [5,6]. The progress towards the development of Si-based optoelectronic integrated
circuits has been steady but not precipitous, mainly due to a lack of efficient light
sources, i.e., Si-based lasers and light emitting devices. This “bottle-neck” is related
to the indirect band gap of Si; i.e., the electron and hole states are located at band
extrema located at different wave vector positions in k-space. Despite its success as a
material of choice in the microelectronics industry, the indirect band gap of Si poses a
serious obstacle for the realization of photonic devices. There has been significant
advancement in the past decade, however, in overcoming the obstacles posed by the
intrinsic optical properties of bulk crystalline Si.  Efficient light emission has been
demonstrated to be possible both theoretically and experimentally, by clever
engineering of the electronic and physical structure of Si and Si-based alloys. The
purpose of this thesis is to explore some fundamental materials issues involved in the
synthesis and properties of Si-based nanostructures for potential applications as Si-

based light emitting materials.
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1.2 Light Emission from Si-based
Materials

Semiconductor materials can be categorized according to the way in which the
band extrema are positioned in k-space. In the case of diamond cubic and zinc blende
structures, the band extrema are almost always positioned along the zone center (k=0)
or lie along the high symmetry directions like <111> and <100>. When the
conduction band minimum and the valence band maximum occur at the same position
in k-space, the material is said to possess a direct band gap. Conversely, the material
is said to possess an indirect band gap when the band extrema occur at different
positions in k-space. The positioning of the band extrema has a profound effect on
the optical properties of semiconductors. The difference between the two types of
semiconductors is illustrated best using representations of allowed energy values as a
function of the wavevector k called E-k diagrams. The E-k diagrams characterizing
the energy band structures of Ge, Si, and GaAs are shown in Fig. 1.1(a), Fig 1.1(b),
and Fig 1.1(c), respectively [7]. An analysis of the three E-k diagrams reveals that
there are some features that are common to all three diagrams. For example, in all
cases the valence band is composed of three subbands and the valence band maxima
occur at the zone center (k~=0). The conduction band in each case is also composed of
a number of subbands that exhibit localized and absolute minima at the zone center or
along one of the high symmetry directions <111> or <100>. However, the

positioning of the absolute minimum of the conduction band, which is where all the
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excited electrons congregate, varies for the three materials. This is the single factor
that has the most profound effect on the optical properties of semiconductors. For Ge
(Fig. 1.1(a)) the conduction band minimum occurs at the zone boundary along the
<111> direction and for Si (Fig. 1.1(b)) it occurs at k~0.8(2m/a) from the zone center
along the <100> direction. For Si and Ge, therefore, the conduction band minimum
and the valence band maximum lie at different values in k-space and are therefore
said to be indirect gap semiconductors. On the other hand, for GaAs (Fig 1.1(c)) the
band extrema coincide at the zone center and is said to be a direct gap semiconductor.

The relative positioning of the band extrema is crucial in determining the
optical properties of semiconductors. Because the conduction band minimum and the
valence band maximum overlap at the zone center, electronic transitions between the
band extrema in a direct gap semiconductor take place with little or no change in
crystal momentum. As a result, the intrinsic recombination process in a direct gap
semiconductor is a fast, two-particle process. On the other hand, the electronic
transitions between the band extrema situated at different values in k-space in an
indirect gap semiconductor take place only with momentum transfer involving
creation or annihilation of phonons. The intrinsic recombination process in an
indirect gap semiconductor is therefore a slow, three-particle phenomenon involving
phonons, whose probability of occurrence is much lower than a two-particle process.
The radiative efficiency 7 depends on the competition between radiative processes

with characteristic transition time 7, and nonradiative processes with characteristic

transition time 7, and is given by
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n= I (1.1)

T T,
The radiative recombination rate 1/7, of intrinsic direct transition in GaAs is about
2x10’ sec.” compared to that of indirect transition in Si which is about 10% sec.” The
poor light emission efficiency in Si and Ge results directly from the low
recombination rate of phonon-involving three-particle events because there are faster,
competing nonradiative processes. From Eq. (1.1) it is evident that the radiative
efficiency is high when the radiative processes are very fast or when the nonradiative
processes are very slow.

In light of Eq. (1.1) several approaches are conceivable for increasing the
radiative efficiency in an indirect gap semiconductor like Ge and Si [8,9]. First
approach is band structure engineering via alloying to make a direct gap
semiconductor. Direct energy gaps can be realized in group IV alloy systems if the
difficulties associated with growth, which are severe in many cases, can be overcome.
Of the crystalline binary group IV alloys, band structure engineering of the alloy
systems of GeSn, SiSn and SnC is expected, in theory, to produce direct energy gaps
[10-13]. Experimental evidence of a direct gap group IV material has recently been
demonstrated from SnyGe, . alloys grown by molecular beam epitaxy [14]. Second
approach is bandgap engineering of a Si-based material by quantum confinement of
carriers to achieve radiative transition rate that is much faster than that of the bulk Si
[15-20]. Luminescence through quantum confinement effect can be exploited when

the crystal dimensions decrease down to sizes comparable to the exciton Bohr radii.

The small crystal dimensions “force” the electron and hole wavefunctions to overlap
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in both real and reciprocal space, enabling efficient visible light emission. The first
example of efficient (>1%) room temperature visible light emission arising from
quantum-confinement effect was reported by Canham [21] in electrochemically
etched Si (porous Si). Many reports of similar luminescence from Si nanostructures
followed [22,23]. The third general approach of achieving light emission from Si is
through impurity-mediated transitions. A prime example of impurity-mediated
luminescence is that which involves rare-earth impurities such as Er [24]. The
luminescence of Er in Er-doped Si involves the generation of an electron-hole pair
across the intrinsic Si band gap followed by a nonradiative energy transfer of the
recombination energy to the Er inner 4f shell. The result is a sharp luminescence at
the important fiber optic communication wavelength of A=1.54 pm that arises from
the I;3,> 15, transition from the excited inner 4f'"! shell of the Er*”* configuration.

In short, luminescence from radiative transitions is a result of an appreciable
overlap in the electron and the hole wavefunctions. The efficiency of luminescence
depends on the strength of this overlap, which could be increased in real space,
reciprocal space, or both. The theme of this thesis involves the application of the first
two concepts, i.e., band structure engineering by alloying and by quantum carrier
confinement, to synthesize light emitting Si-based nanostructures. The two concepts

are described in more detail in the following sections.
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1.3 Engineering Luminescent Transitions
in Si and Ge via Quantum
Confinement

Quantum confinement of carriers within a nanometer-scale volume results in
an appreciable overlap of the electron and the hole wavefunctions in both real space
and reciprocal space, which in turn results in an enhancement of the efficiency of
luminescence. Quantum confinement effect is expected when the system dimension
reduces down to a size comparable to the exciton Bohr radius for the given material.
For Si, Ge, and GaAs, the exciton Bohr radii are 4.3 nm, 11.5 nm, and 12.4 nm,
respectively [25].

The carriers can be confined in two, one, and zero dimensions corresponding
to structures referred to as quantum wells, quantum wires, and quantum dots.
Regardless of the dimensionality, one important effect of quantum confinement is that
the energy of the fundamental electronic transition increases in the direction of
confinement, in analogy with the quantum mechanical prediction of increasing kinetic
energy levels for a particle in a box. In addition, the Coulombic attraction increases
due to spatial confinement. An analytical expression for the case of zero-dimensional
confinement in a spherically symmetric direct gap system with a radius R for the

lowest excited 1s state has been given by Brus [26] as

'’ 1.8¢°
E=E + ”, L+—1— —ﬁ—+smaller terms (1.2)
2R | m, m, &R

1
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where m, and m,, are the effective masses of electrons and holes, respectively, and E,
is the bulk band gap. The second term in Eq. (1.2) represents the quantum
localization energy and the third term represents the Coulomb attraction screened by
the dielectric constant ¢ of the system. It is clear that the quantum localization energy
term with a R dependence dominates over the Coulomb attraction term with a R’
dependence as R decreases and the lowest excited state shifts to higher energy with
respect to E,.

Quantum confinement of carriers is expected to have very similar effects on
the energy gap of indirect gap semiconductors like Si and Ge. The expected energy
gap of Si and Ge as a function of crystal size is given in Fig. 1.2(a) and Fig. 1.2(b),
respectively, from different theoretical approaches [16-19]. The general trend of size-
dependent energy gap is perhaps one of the most versatile features of quantum-
confined systems from an engineering point of view, for it allows for Si-based light
sources with tunable emission energy. The most important effect of quantum
confinement from the point of view of developing materials for Si-based light
emitters is that it potentially allows for efficient light emission even from indirect gap
semiconductors like Si that exhibit negligible luminescence efficiency in the bulk
state. The improvement in emission efficiency is a result of the disruption of crystal
symmetry and the resulting relaxation of momentum selection rules. A calculation
based on the density functional theory in Fig. 1.3 shows that the oscillator strength
increases by nearly six orders of magnitude as the number of Si atoms is decreased by
three orders of magnitude from about 1000 to 10 [20]. A more subtle effect of

quantum confinement is that the excitonic binding energy is expected to exceed the
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room temperature value of KT (0.026 eV). For Si and Ge, this leads to luminescence
of excitonic origin even at room temperature [19]. For example, Si nanocrystals with
diameter of 5-6.5 nm correspond to exciton binding energy of about 75-95 meV,
which is well above AT at room temperature. The large exciton binding energy
allows for a Si-based light source that is operational at room temperatures. In sum,
the physics of quantum confinement allows for the possibility of efficient room

temperature light emission with tunable energy from Ge and Si despite their indirect

gap.
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1.4 Band Structure Engineering Through
Alloying

Advanced growth techniques such as molecular beam epitaxy have allowed
for heteroepitaxial growth of alloys of Si and its diamond cubic group IV neighbors —
Ge, C, and a-Sn [27]. The most amount of research effort has been invested in
heteroepitaxial growth of SiGe on Si for heterojuction technology aimed at producing
enhanced versions of Si microelectronic devices by band structure engineering and
through superior material properties of SiGe [28]. Although remarkable results have
been achieved in engineering of the electronic properties of Si by alloying with Ge,
efficient light emission cannot be achieved by direct alloying because neither the end
components nor the resulting alloy is expected to possess a direct energy gap. The
same is true for the case of Si-C alloys and Ge-C alloys in that the alloy combinations
are not expected to increase the direct interband transition probability. Alloys of Si-
Sn and Ge-Sn, however, are expected to possess direct energy gaps for limited
composition ranges [10-13]. This is because a-Sn, which is the diamond cubic phase
of Sn, possesses degenerate conduction and valence bands at the I" point, making it a
direct gap semiconductor with zero gap energy [29]. Furthermore, the energy gaps of
the Si-Sn and the Ge-Sn alloy systems are predicted to be tunable by tuning the
composition within a window. Figure 1.4 illustrates one such construction of energy
band diagram of Sn,.(Ge,, Gei.,Siy, and Si;.,Sn, as a function of composition x, vy,

and z, based on theoretical calculations [11]. The critical point energies in Fig. 1.4
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are results of the Slater-Koster parameter model [30] and the line segments are simply
predictions of linear dependence of energy on the composition known as the virtual
crystal approximation. According to Fig. 1.4, where bandgap bowing effects are
neglected, the energy gaps of Si;.,Sn, and Sn;Ge, are expected to be direct for Sn
composition exceeding about 0.82 and 0.45, respectively. Calculations by Jenkins et
al. [12] and Oguz et al. [13] predict the indirect-to-direct transition for Sn;. Gey to
occur at much lower concentrations of 0.2 and 0.23, respectively. And recent
experimental evidence suggests that it might even occur at concentrations as low as
11%-15% [14]. This has positive implications from the growth point of view,
because both the Ge-Sn and Si-Sn systems suffer from huge lattice mismatch and

extremely limited solid solubility and phase instability [31].
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1.5 Summary and Outline of the Thesis

The invariable trend in microelectronics technology has been towards ever-
increasing level of functional integration and a simultaneous reduction of cost. With
device and interconnect densities quickly reaching inherent saturation points defined
by the lithographic resolution, there is technological and economic pressure for
development of new Si-based light emitting materials that would enable integration of
optical components onto a Si-based chip.

Of the various avenues available for engineering luminescent transitions in Si-
based materials, this thesis addresses two approaches. The goal of this thesis is to
understand the materials issues associated with the lithography-free synthesis and
characterization of Si-based nanostructures for potential application as Si-based
optoelectronic materials.

Chapters 2, 3, and 4 address the first approach of enhancing the strength of
luminescence through zero-dimensional carrier confinement in Si and Ge
nanocrystals. Chapter 2 reports on the synthesis of light emitting nanocrystals in
thermal SiO, films carried out via precipitation from supersaturated solid solutions of
the relevant species in SiO, made by ion implantation. The visible luminescence
from SiO, films containing Si nanocrystals is unambiguously demonstrated to be
originating from quantum-confined excitons in Si nanocrystals in Chapter 3, based on
observations of systematic shifts in photoluminescence peak energy and the

corresponding photoluminescence decay time measurements. It is demonstrated in
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Chapter 4 that the peak energy of visible photoluminescence can be continuously
tuned throughout most of the visible spectrum by engineering the depth and size
distribution of the Si nanocrystals.

Chapters 5 and 6 address an approach that combines the concept of band
structure engineering via alloying and the concept of quantum confinement to
synthesize quantum-confined direct-gap nanostructures based on the Si-Sn binary
system. The study is on the growth of epitaxially stabilized quantum well and
quantum dot structures based on Sn/Si and Si;Sn,/Si heterostructures grown by
molecular beam epitaxy. Growth of such materials is motivated by the fact that
diamond cubic a-Sn is a semimetal with a zero energy direct gap and band structure
calculations have suggested that when alloyed with Si, Sn-rich Si;..Sn, alloy system
is predicted to have direct and tunable energy gap for Sn composition exceeding some
critical concentration. Chapter 5 reports successful growth and characterization of
ultrathin 2-D quantum well heterostructures based on coherently strained Sn/Si and
S1,..Sn,/Si structures. Difficulties associated with the growth due to the extremely
low solubility of Sn in Si is achieved by an unconventional molecular beam epitaxy
technique employing large modulations in substrate temperature and growth rate.
Chapter 6 reports a novel approach in making lithography-free, nanometer-scale Sn-
rich Sn,Si;« quantum dots in Si. Coherently strained Sn quantum dots are formed
within a Si (001) crystal by phase separation of an epitaxially stabilized ultrathin
Sn,Si;« metastable solid solution embedded in Si (001). Phase separation of the
ultrathin alloy film is demonstrated to initially proceed by spinodal decomposition,

and subsequent evolution proceeds via growth and then coarsening of regularly
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shaped nanometer-sized Sn-rich Sn,Si;., quantum dots with facets oriented along the

elastically soft <100> directions.
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Chapter 2

Ion Beam Synthesis and
Structural Characterization of
Ge, Si, and GaAs

Nanocrystals in SiO,
2.1 Introduction

Zero-dimensional semiconductors have steadily attracted much scientific and
technological interest over the past years due to the effects of quantum confinement
and their potential applications [1]. Until the discovery of visible room temperature
photoluminescence (PL) in porous silicon [2], however, much of the interest centered

on compound semiconductors due to their direct energy gaps. The discovery of room
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temperature visible luminescence from porous Si, synthesized by anodic etching of
Si, inspired intense interest in group IV nanocrystals because of its potential
application in development of integrated optoelectronic devices directly on Si. Since
then, many other techniques have been employed to synthesize group IV nanocrystals
to investigate their optical properties and to develop useful devices [3-13].

Ion beam synthesis is among the more controlled methods for synthesizing
various nanocrystals in different matrices. The synthesis involves two steps, namely
ion implantation followed by thermal annealing. Ion implantation produces a
metastable supersaturated solid solution of the implanted species and the target
material, and subsequent annealing drives precipitation of the implanted species.

Group IV semiconductor nanocrystals embedded in an SiO, matrix offer an
attractive model material system for investigating the quantum confinement effects

for several reasons. First, SiO, has many desirable properties, including chemical and

mechanical stability. Most important, SiO, forms one of the best interfaces with Si,
with a very low density of dangling bonds [14]. In fact, it is the passivating nature of
S10, that has gained Si its success as a material of choice in the Si microelectronics
industry. Because of its technological importance, Si/SiO, interface has been the
subject of intense investigation, and the amount of information available on the
interface characteristics far exceeds that of any other semiconductor surface and
interface. Not surprisingly, the passivating nature of SiO, turns out to be a crucial
factor in determining the luminescence efficiency in Si and Ge nanocrystals, as will

be discussed in Chapter 3.
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2.2 Ion Beam Synthesis of Ge, S1, and GaAs
Nanocrystals in S10,

In the current work, ion beam synthesis has successfully been employed to
synthesize Si, Ge, and GaAs nanocrystals in SiO,. For all samples, 100 nm-thick
Si0, films grown by wet thermal oxidation on a lightly p-doped (100) Si wafers were
used as matrices into which relevant species were implanted at room temperature.
The implanted samples were subsequently annealed in high vacuum, holding either
time or temperature as a constant and varying the other as the processing variable.
The following experimental conditions were used for the synthesis of Ge, Si, and
GaAs nanocrystals in SiO,.

For Ge nanocrystals, 70 keV 14Ge" was implanted at doses of 1x10'6/cm?2,
2x10'%cm?, and 5x10'%cm2. The energy was chosen such that the implanted Ge
concentration profile is completely within the oxide film, with the peak concentration
lying 30-40 nm from the surface. For the three implantation doses, the peak
concentrations are 3, 6, and 13 at. % Ge, respectively, as determined by Rutherford
backscattering spectrometry. After implantation, the samples were annealed in high
vacuum at 600°C, 800°C, and 1000°C for 40 min.

For Si nanocrystals the SiO, films were either implanted with 50 keV 2*Si* at
doses of 1x10'"%/cm?, 2x10'%/cm?, and 5x10'%/cm?, corresponding to peak excess Si
concentrations of 2, 4, and 10 at. % Si, respectively, or with 35 keV 28Gi* at doses of

2x1016/cm2, 4x10'%/cm?, and 6x10'%/cm?, corresponding to peak excess Si
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concentrations of 5, 10, and 15 at. %, respectively, as calculated from an estimated
projected range and straggle using the TRIM code [15]. The samples were either
annealed at temperatures ranging between 800°C and 1200°C for a fixed time of 10
min. or for times ranging between 10 min. and 320 min. at a fixed temperature of
1000°C.

GaAs nanocrystals were synthesized by sequential implantation of 75 keV
Ga" at a dose of 3x10'%cm’ followed by 75 keV As' at a dose of 2x10'%cm’ into
SiO; films. The implanted SiO, films were then annealed in vacuum between 800°C

and 1100°C for 10 min. to 300 minutes.

2.3 Structural Characterization of
Nanocrystals in SiO»

Transmission electron microscopy (TEM) was performed on the SiO; films
containing Ge, Si, and GaAs nanocrystals using Philips EM 430 using 300 keV
electrons. For Si nanocrystals, X-ray photoelectron spectroscopy (XPS) was
performed using the model M-Probe manufactured by Surface Science Instruments,
Inc., equipped with a hemispherical electron analyzer. A monochromated Al Ka
radiation at 1487 eV was used for all X-ray photoelectron spectroscopy

measurements.



Chapter 2 27

2.3.1 Ge Nanocrystals in SiO»

Transmission electron microscopy characterization was performed on the
samples synthesized by the above method to verify the presence of Ge nanocrystals
and to determine the average nanocrystal sizes for various processing conditions.

Figures 2.1(a)-(d) show planar-view bright field TEM images of 100 nm SiO,
films implanted with 2x10'°/cm” Ge™ and subsequently annealed at 600°C, 800°C,
1000°C, and 1200°C, respectively. One clearly sees that the nearly-spherical Ge
nanocrystals are clearly present, and that increasing the annealing temperature leads
to an increase in the average nanocrystal size. The electron diffraction patterns
shown as insets indicate diamond cubic Ge. The widths of the diffraction rings
decrease with increasing annealing temperature, indicating that higher temperature
yields larger average nanocrystal size.

Figures 2.2(a) and 2.2(b) show planar-view high resolution TEM images of
the 100 nm SiO; films implanted with 2x10'®/cm® Ge' and subsequently annealed at
600°C and 1200°C, respectively, for 40 min. All particles are clearly single
crystalline, and some exhibit twinning.

Figures 2.3(a) and 2.3(b) show planar-view bright field TEM images of 100
nm SiO, films implanted with 2x10'%cm” Ge” and 5x10'%/cm” Ge”, respectively, and
subsequently annealed at 1000°C for 40 min. It is clearly seen that higher dose

results in higher density of particles.
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Figures 2.4(a)-(d) show planar-view bright field TEM images of the 100 nm
Si0; films implanted with 2x10'®/cm’ Ge" and subsequently annealed isothermally at
1000°C for 2.5 min., 10 min., 40 min., and 80 min., respectively. Somewhat
surprisingly, no significant time dependence of particle size evolution has been
observed within the experimental uncertainty.

Several general trends are noteworthy about the evolution of Ge nanocrystal
size distribution as a function of different processing parameters. First, there is a
strong dependence of size distribution on the annealing temperature, as determined
from Gaussian fits to the size distributions obtained from Fig. 2.1. For the 6 at. %
(2x10'%/cm?) Ge'-implanted sample, the average sizes are 1.9 nm, 3.2 nm, and 7.2
nm, with full-widths at half-maximum of 1.5 nm, 3.4 nm, and 4.0 nm, for the samples
annealed at 600°C, 800°C, and 1000°C, respectively. Second, higher implantation
doses yield samples with higher nanocrystal density, but with similar average sizes
and size distributions after annealing. An analysis of the size distribution obtained
from Fig. 2.2 indicates that the average size is the same within experimental
uncertainly, for the two different implantation doses. Apparently, the initial Ge
concentration strongly affects particle density but not particle size. Finally,
isothermal annealing experiments shown in Fig. 2.4 indicates that the size distribution
does not change significantly with annealing time. This is contrary to what one might
expect for a system undergoing coarsening. In general, a system undergoing
coarsening exhibits a power law time dependence. For example, the classical mean-

field treatments [16, 17] predict time dependencies of the average particle size given
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by (r)oct'”’ and (r)oct'?, where (r) is the average particle radius, for diffusion-

controlled coarsening and interface-controlled coarsening, respectively. The apparent
non-dependence of particle size on annealing time and a strong dependence on
annealing temperature suggests that the diffusion occurs rapidly for those temperature

regimes and that coarsening is limited by a thermally activated process.
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1000 °C 1200 °C

Figure 2.1. Planar-view bright field transmission electron micrographs of 100 nm
SiO; films implanted with 2x10'%/cm” Ge" and subsequently annealed at (a) 600°C,

(b) 800°C, (c) 1000°C, and (d) 1200°C.
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Figure 2.2. Planar-view high-resolution transmission micrographs of the 100 nm
SiO, films implanted with 2x10'®/cm” Ge" and subsequently annealed at (a) 600°C
and (b) 1200°C for 40 min. All particles are clearly single crystalline, and some

exhibit twinning.
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Figure 2.3. Planar-view bright field transmission electron micrographs of 100 nm

Si0, films implanted with (a) 2x10"°/cm? Ge* and (b) 5x10'°/cm’ Ge* and
subsequently annealed at 1000°C for 40 min. It is clearly seen that higher dose

results in higher density of particles.
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25 ,min. | 10 min.

80 min.

Figure 2.4. Planar-view bright field transmission electron micrographs of the 100 nm
Si0, films implanted with 2x10'%cm’ Ge" and subsequently annealed isothermally at
1000°C for 2.5 min., 10 min., 40 min., and 80 min., respectively. No significant time
dependence of particle size evolution has been observed within the experimental

uncertainty.
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2.3.2 Si Nanocrystals in SiOo

Transmission electron microscopy (TEM) was performed on the samples
synthesized by the above method to verify the presence of Si nanocrystals and X-ray
photoelectron spectroscopy was performed to study the precipitation kinetics and the
structural evolution of the SiO, matrix.

Figure 2.5 shows a planar view high resolution TEM image of a sample
implanted with 5x10'°/cm” Si” and annealed at 1000°C for 40 min. Despite a weak
contrast, a dense array of Si nanocrystals is visible, with sizes ranging from 1 nm to 3
nm in diameter. It should be noted that due to low contrast between small Si
nanocrystals and the amorphous SiO, background, quantitative information on size
distribution of particles obtainable from these images is limited. One could easily
underestimate the particle density of small nanocrystals less than about 1.5 nm.
Information about particle density should therefore be supplemented with additional
techniques.

In order to gain insights about the density of very small nanocrystals and the
evolution of chemical environment of the implanted Si atoms and the damaged
matrix, we have performed Si 2p core level studies using X-ray photoelectron
spectroscopy (XPS).  X-ray photoelectron spectroscopy can yield valuable
information about the nanocrystal formation as well as the annealing kinetics of the

damaged matrix. This is important since suboxides leading to imperfect
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nanocrystal/SiO, interfaces can serve as a channel for indirect recombination of
quantum confined excitons.

All samples were pre-etched using hydrofluoric acid so that the analyzed
cross-section lies at the peak of the implantation distribution. Figure 2.6 shows the Si
2p core level spectra of samples implanted with 5x10'°/cm’ Si annealed in vacuum at
temperatures between 400°C and 1100°C for 10 min. For comparison, spectra of
hydrogen terminated (100) Si and the unimplanted substrate (100 nm wet oxide on
(100) Si) are also shown. A pure Gaussian deconvolution of (100) Si 2ps3,» revealed a
full with at half-maximum of 0.72 eV. The binding energy was calibrated by fixing
the adventitious C (1s) binding energy at a value of 285 eV for all spectra. Several
trends are noteworthy in Fig. 2.6. First of all, the Si 2p core level of the as-implanted
oxide film is shifted and inhomogeneously broadened towards lower binding energy
relative to unimplanted oxide, characteristic of a suboxide with contributions from all
Si*" oxidation states [18]. The phase separation of the suboxide into Si and SiO,
occurs gradually with increasing annealing temperature, as can be deduced from the
gradual shifting of the suboxide peak towards stoichiometric SiO, binding energy and
a distinct bulk Si peak appearing for samples annealed at temperatures higher than
600°C. It should be noted that the Si 2p core level of the damaged matrix returns to
the stoichiometric value only upon annealing at 1100°C, which is also the
temperature at which a significant amount of nanocrystal formation occurs, as can be
seen in Fig. 2.6. Also, the presence of small nanocrystals for samples annealed at
800°C and 600°C can be inferred from the XPS spectra, although we could not

observe them by transmission electron microscopy.
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Figure 2.5. Planar-view high-resolution transmission electron micrograph of 100 nm
Si0, implanted with 5x10'°/cm” Si” and annealed at 1000°C for 40 min. Despite
weak contrast, a dense array of Si nanocrystals is visible, with sizes ranging from 1

nm to 3 nm in diameter.
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Figure 2.6 Si 2p X-ray photoelectron core level spectra of 100 nm SiO, implanted

with 5x10'°/cm” Si" and subsequently annealed in vacuum at temperatures between

400°C and 1100°C for 10 min.
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2.3.3 GaAs Nanocrystals in SiO;

Transmission electron microscopy (TEM) characterization was performed on
the samples synthesized by sequential implantation of Ga™ and As" as described in
Section 2.2 to verify the presence of stoichiometric GaAs nanocrystals.

Figures 2.7(a) and 2.7(b) are bright field and high-resolution TEM images,
respectively, of GaAs nanocrystals in SiO, synthesized by sequential implantation of
75 keV Ga" at a dose of 3x10'%/cm’, followed by 75 keV As" at a dose of 2x10'*/cm’
into the 100 nm SiO». The implanted SiO- film in Fig. 2.7 was annealed in vacuum at
900°C for 10 minutes. From the high-resolution micrograph in Fig. 2.7 (b), the
average diameter was determined to be 2.5+1.3 nm.

Figure 2.8 (a) and (b) are the diffraction pattern and a dark field TEM image
taken using the (113) reflection, respectively, of the same sample as in Fig. 2.7. The
diffraction rings in Fig. 2.8 (a) are indexable only to bulk stoichiometric GaAs. No
precipitation of Ga or As was observable in the diffraction pattern in Fig. 2.8(a),
indicating that virtually all of the implanted Ga and As atoms go into forming GaAs

nanocrystals.
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Figure 2.7. (a) Bright field and (b) high-resolution transmission electron micrographs
of GaAs nanocrystals in SiO, synthesized by sequential implantation of 75 keV Ga"

at a dose of 3x10'%cm?, followed by 75 keV As" at a dose of 2x10'%/cm” into SiO..

The implanted SiO, film was annealed in vacuum at 900°C for 10 min.
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Figure 2.8 (a) Diffraction pattern and (b) dark field transmission electron micrograph
taken using the (113) reflection of GaAs nanocrystals in SiO, synthesized by
sequential implantation of 75 keV Ga" at a dose of 3x10'°/cm?, followed by 75 keV
As" at a dose of 2x10'%/cm? into the 100 nm SiO,. The implanted SiO; film was

annealed in vacuum at 900°C for 10 min. (same sample as in Fig. 2.7).
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2.4 Conclusions

Ion beam synthesis is a powerful technique for synthesizing nanocrystals in
matrices by precipitation. The only requirement is that the precipitation of the
implanted species is thermodynamically favored. As demonstrated in this chapter,
ion beam synthesis can be employed not only to synthesize elemental semiconductor
nanocrystals, but also to synthesize compound semiconductor nanocrystals by
sequential implantation.

Ion beam synthesis offers several important advantages. First of all, the initial
film concentration profile can be controlled spatially and compositionally by
controlling the implantation energy and the dose, somewhat independent of each
other, within the Gaussian distribution width. The control over the initial film
concentration profile enables significant control over the final size distribution. Flat
concentration profiles can also be realized by sequential implantation to enable more
uniform nanocrystal distributions. Second, the implanted material is chemically pure
due to the mass selectivity of the ion implantation process. Third, ion beam synthesis
produces nanocrystals with superior surfaces compared to other non-ultra-high-
vacuum techniques because the nanocrystals never “see” the ambiance. Fourth, since
the number of metastable solid solutions that can be made is limited only by the
availability of the target and the source material, it is possible to synthesize a large
variety of materials. In addition to Ge, Si, and GaAs nanocrystals synthesized in this

work, many other compound semiconductor nanocrystals have been successfully
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synthesized in SiO, and other matrices by the ion beam synthesis technique [19].
Finally, since all of the processes involved in the synthesis, namely thermal oxidation,
ion implantation, and thermal annealing, are standard processes used in ULSI
semiconductor processing, the technique can, in principle, be directly integrated with

the existing semiconductor processes.
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Chapter 3

The Origin and Mechanism of
Visible Luminescence from
Ion Beam Synthesized Ge and
Si Nanocrystals in SiO,

3.1 Introduction

Visible light emission from low-dimensional group IV semiconductors due to
quantum confinement effects has received worldwide attention over the past few
years, due to scientific and technological interest in development of silicon-based
light-emitters that could be monolithically integrated with advanced silicon

microelectronics [1-3]. The discovery of porous Si [4] inspired intense scientific
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investigation, both theoretical [5-10] and experimental [11-22], on the origin and the
mechanism of visible luminescence in group IV semiconductor quantum dots.

Quantum confinement is expected to take noticeable effect when the crystal
dimensions approach that of the exciton Bohr radii, which are 11.5 nm and 4.3 nm for
Ge and Si, respectively. Quantum confinement of carriers is expected to have several
important effects on the optical properties of Si and Ge. First, the excitonic binding
energy is expected to exceed AT at room temperature (0.026 eV), leading to
luminescence of excitonic origin even at room temperature [9]. For example, Si
nanocrystals with diameter of 5-6.5 nm correspond to exciton binding energy of about
75-95 meV, which is well above kT at room temperature. Second, the exciton energy
or the band gap energy is expected to increase rapidly with decreasing crystal size. A
summary of representative theoretical predictions on the size dependence of the band
gap of Ge and Si is given in Fig. 3.1(a) and Fig. 3.1(b), respectively. The agreement
between different methods of calculations is rather poor but the general trend is clear.
Third, small dimensions disrupt the crystal symmetry and lead to relaxation of
momentum selection rules, which in turn is expected to lead to an improvement of
emission efficiency. This is reflected in the estimated increase in the oscillator
strength by nearly six orders of magnitude as the number of Si atoms is decreased
from about 1000 to 10 [8].

Inspired by these theoretical predictions, many different techniques have been
developed to synthesize light-emitting group IV nanocrystals [11-22]. As outlined in
Chapter 2, ion beam synthesis of group IV nanocrystals in thermal SiO; offers several

technologically important advantages, including integrated circuit process
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compatibility and significant control over the nanocrystal size distribution, as well as
chemical and mechanical stability. Although ion beam synthesis has been widely
reported [19-21], the origin of visible luminescence from ion beam synthesized Ge
and Si nanocrystals has so far been unclear, primarily due to a lack of distinction
between luminescence originating from matrix defects and luminescence originating
from quantum-confined excitons in nanocrystals. It is well known [23-26] that
defects in SiO, display luminescence at various energies including the visible range,
so any interpretation of luminescence spectra without an unambiguous distinction of
the contribution from defects can be very misleading. A schematic diagram of
possible radiative transitions in SiO, films containing Ge or Si nanocrystals are
summarized in Fig. 3.2. Radiative transitions could involve any combination between
quantum-confined excitonic states, interface states within the exciton energy gap, the
conduction and valence band states of SiO,, and defect states within the SiO, band
gap. Among these, light emission by radiative recombination of quantum-confined
excitons is the only process that is expected to display clear size dependence in
emission energy and radiative transition rate.

In this chapter, we provide experimental results on Ge and Si nanocrystals in
SiO, made by ion implantation that clearly distinguish visible photoluminescence
originating from the nanocrystals from that which originates from matrix defects. For
the case of SiO, films containing Ge nanocrystals, the observed visible luminescence
is shown not to originate from quantum-confined excitons in Ge nanocrystals.

Instead, observations of similar photoluminescence and photoluminescence decay

rate measurements from Xe'-implanted SiO,, as well as reversible quenching
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behavior of the luminescence by introduction hydrogen or deuterium suggest that
radiative defect centers in the SiO, matrix are responsible for the observed
luminescence. In the case of SiO; films containing Si nanocrystals, two sources of
room temperature visible luminescence are identified. From a similar comparison of
photoluminescence and photoluminescence decay rate measurements between Xe'-
implanted SiO, films and SiO, films containing Si nanocrystals, a luminescence
feature attributable to defects in the SiO, matrix is unambiguously identified. After
quenching the defect-related luminescence feature with deuterium, the size
dependence of photoluminescence and the photoluminescence decay rate
measurements on the remaining luminescence feature is unambiguously attributed to
quantum-confined excitons in Si nanocrystals.

Further confirmation of the quantum confinement model for the Si
nanocrystals comes from the temperature dependence of the photoluminescence
intensity and the photoluminescence decay rate. The temperature dependence of the
radiative decay rate is determined from the temperature dependence of the
photoluminescence intensity and the photoluminescence decay rate, and is readily
explained by a model [15] of highly quantum-confined excitons with large exchange

splitting between the excitonic singlet and triplet levels in crystalline Si.
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Figure 3.1. Theoretical predictions of the band gap of (a) Si nanocrystals and (b) Ge

nanocrystals as a function of nanocrystal diameter.



Chapter 3 50

3. Matrix Defects

1. Exciton 2. Interface
Bulk Si or Ge Transitions States

Figure 3.2. A schematic diagram of possible radiative transitions in SiO, films
containing Ge or Si nanocrystals. Filled circles represent electrons and the open
circles represent holes. Single-ended straight arrows indicate possible carrier
excitations and single-ended curved arrows indicate corresponding possible radiative

decay. Double-ended arrows indicate that the levels are size-dependent.
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3.2 The Origin of Visible Luminescence
from SiO2 Containing Ge
Nanocrystals

There have been several reports of visible photoluminescence (PL) from Ge
nanocrystals embedded in SiO, [11-14]. Three principal methods have been
employed to synthesize Ge nanocrystals in SiO,: rf-cosputtering of Ge and SiO,
[11,12], hydrothermal reduction of Si Ge, O, [13], and Ge ion implantation [14].
For all methods of synthesis, similar visible PL spectra have been observed. Despite
many suggestions, the origin of visible PL has not yet been made clear. The principal
debate regarding the origin of luminescence centered around whether or not the
luminescence mechanism can be attributed to the radiative recombination of
quantum-confined electron/hole pairs (or excitons) in Ge quantum dots. [11-14]. In
this section, we report results of experiments on Ge nanocrystals in SiO, made by ion
implantation which indicate that the dominant process responsible for visible PL
observed from SiO, containing Ge nanocrystals is not radiative recombination of
quantum-confined excitons in Ge nanocrystals. Instead, evidence from PL and PL
decay rate measurements as a function of nanocrystal size, temperature dependent PL
measurements, studies on luminescence from Xe'-implanted thermal SiO,, and
studies on the effect of hydrogen and deuterium on PL all strongly suggest that the

visible PL is primarily due to luminescent defect centers in the matrix.
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SiO, films, 100 nm thick, grown by wet thermal oxidation on a lightly p-

doped (100) Si wafers were implanted at room temperature with 70 keV 74Ge" at
doses of 1x10'6¢/cm?, 2x10'%/cm2, and 5x10'6/cm? resulting in peak Ge concentrations
of 3, 6, and 13 at. %, respectively, as determined by Rutherford backscattering
spectrometry. The energy was chosen such that the implanted Ge concentration
profile is completely within the oxide film, with the peak concentration lying 30-40
nm from the surface. After implantation, the samples were annealed in high vacuum
at 600°C, 800°C, and 1000°C for 40 min. The average nanocrystal sizes were
determined from Gaussian fits to the size distributions obtained from bright field
transmission electron micrographs in Chapter 2. The average sizes are 1.9 nm, 3.2
nm, and 7.2 nm, with full-widths at half-maximum of 1.5 nm, 3.4 nm, and 4.0 nm, for
the samples annealed at the three temperatures, respectively. As discussed in Chapter
2, higher implantation doses yield samples with higher nanocrystal density, but with
the same size distributions after annealing. All photoluminescence spectra were taken
with 50 mW/mm” excitation using 457.9 nm Ar" laser radiation, detected using a
grating spectrometer and a thermoelectrically cooled 256x1024 Si CCD array
detector. All spectra have been corrected for detection efficiency. Samples for all
PL decay rate measurements were cooled to 15K using a closed-cycle He cryostat and
pumped to a steady state under 475 nm Ar’ laser radiation (I mW/mm) prior to
measurements. The PL decay traces were taken using a GaAs photomultiplier tube in

combination with a multichannel photon counter. The time resolution of the
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experimental setup was 400 ns. A very weak PL was observed from annealed as-
grown Si0O; films.

Figure 3.3 shows the room temperature PL spectra of the 5x10'%/cm” Ge'-
implanted SiO, film (13 at. % Ge) annealed at different temperatures. Several
notable characteristics of the PL spectra in Fig. 3.3 have also been reported
previously for SiO, containing Ge nanocrystals synthesized by other methods [11-
13]. First, the annealed samples show an intense PL signal, visible to the unaided
eye, with characteristically broad spectra. Second, no appreciable shift in peak
luminescence energy is observed with variation in the annealing temperature (i.e.,
nanocrystal size). Figure 3.4 shows a plot of the peak luminescence energy of the
measured PL spectra as a function of nanocrystal diameter for the same set of samples
as in Fig. 3.3. The horizontal and vertical error bars indicate the full widths at half
maximum of the nanocrystal size distributions and PL spectra, respectively. For
comparison, calculations of exciton energy as a function of quantum dot diameter are
also shown [6,9]. For the nanocrystal size range in our samples (1.9 nm—7.2 nm),
both calculations predict a systematic blue shift of the exciton energy by at least 1 eV.
The experimental data shown in Fig. 3.4, however, exhibit no appreciable or
systematic shift in the peak luminescence energy, similar to other reports on SiO,
containing Ge nanocrystals [11-14]. To the best of author’s knowledge, no
experimental observation of large PL peak energy shifts, comparable to those
predicted by calculations, has been reported for Ge nanocrystals. The reported values
[11,12] of PL peak energy shift are an order of magnitude smaller than what has been

predicted [9] for radiative recombination of quantum-confined excitons.
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Ion implantation creates a defect density in the SiO, network that far exceeds
the equilibrium value. As it is already known that some defects in SiO, and Ge,Si;.
«O> exhibit visible luminescence [23-26], it is very important to characterize the
luminescence due to these irradiation-induced defects. To address this issue, we

have performed 120 keV 130Xe” implantation into 100 nm SiO, films at doses of

6.6x10'5/cm?, 1.3x10!%/cm?2, and 3.3x10'/cm?. The energy and the three doses were
carefully chosen using the TRIM Monte Carlo code [27], such that the projected
range, the straggle, and the peak concentration of atomic displacements would closely
resemble the atomic displacement profiles created by the three different Ge”
implantation doses. We compare room temperature PL spectra of the as-annealed
3.3x10'%cm?® Xe'-implanted SiO, and the as-annealed 5x10'%/cm” Ge'-implanted
SiO; in Fig. 3.5(a) and Fig. 3.5(b), respectively. Figure 3.5(a) shows the room

temperature PL spectra of the Xe -implanted sample annealed at 1000°C for 40 min.

and Fig. 3.5(b) shows the room temperature PL spectra of the Ge -implanted sample
annealed at 1000°C for 40 min. Although not shown, it has been observed that a
change in the implantation dose only affects the intensity of the PL spectra and not
the peak energy nor the shape. The observed similarities in spectral features and
trends between Ge'-implanted SiO, and Xe'-implanted SiO, are strikingly clear.
Strong visible room temperature PL of comparable intensities was observed in both
samples only after annealing. Although not shown, the PL intensity decreases with
increasing implantation dose for the annealed samples. It was also observed that the

PL peak energy and the spectrum shape do not depend on the annealing temperature.
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As one would not expect visible PL from the implanted Xe atoms themselves, these

similarities in the PL spectra are very likely a result of the similarities in defect

profiles created by ion irradiation in the Ge'-implanted and Xe -implanted samples.

Hydrogen is known to passivate electronic defects in semiconductors. Even
the performance of an oxide-passivated Si p-n diode can be further improved upon
hydrogen passivation, because oxygen, being a large atom, cannot passivate every
dangling bond at the oxide/semiconductor interface [28]. By analogy, if there are
dangling bonds at the nanocrystal/matrix interface that act as non-radiative
recombination centers for quantum-confined electron-hole pairs (or excitons) in
nanocrystals, hydrogen passivation would lead to an enhancement of the
luminescence efficiency, hence higher PL intensity. On the other hand, if the
luminescence is arising from radiative transitions involving point defects in the SiO;
matrix, hydrogen passivation of these point defects might lead to a dramatic alteration
of the luminescence properties of these defects. A schematic view of a nanocrystal in
the SiO, network and possible structural point defects that can be passivated with
hydrogen is illustrated in Fig. 3.6. Defects in the matrix include E centers [29] and
non-bridging oxygen hole centers [30]. Hydrogen can also passivate dangling bonds
at the nanocrystal/SiO, interface. Investigation of the effect of hydrogen on the
luminescence properties, therefore, can be a powerful tool in understanding the origin

of the luminescence.

In order to investigate whether or not the luminescence is originating from

quantum-confined excitons, therefore, we have performed passivation experiments
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using deuterium. Deuterium was used instead of hydrogen in order to facilitate
concentration determination by ion scattering measurements. Deuterium implantation
was performed on annealed Ge'-implanted samples using a Kauffman ion beam
source at a beam energy of 600 eV. An estimate of the projected range of 600 eV D*

in Si0, using the TRIM code [27] yields a value of about 25 nm. Although this range

does not coincide with the projected ranges of Ge* implantations, previously reported
values on the diffusivities of hydrogen atoms and molecules suggest that hydrogen
and deuterium will easily diffuse through an oxide film of 100 nm in laboratory time

frame at room temperature [31]. Figures 3.5(a) and 3.5(b) show the effect of

2

deuterium passivation on the annealed 3.3x10'°/cm’ Xe'-implanted SiO, and

annealed 5x10'%/cm” Ge -implanted SiO,, respectively. As can be seen, the intensity
of the PL drops with increasing dose of deuterium, without any change in the spectral
shape. Fig. 3.7 shows the integrated PL intensity variation with deuterium
concentration for the 2x10'%/cm? Ge'-implanted SiO, sample (6 at. % Ge), annealed
at 1000°C for 40 min. The implanted deuterium doses range from 2x10'3/cm? to
4x1015/cm?, as determined by elastic recoil spectrometry using a 2 MeV “He'" beam.

The introduction of atomic deuterium drastically reduces the luminescence intensity,

2 .
. Deuterium can be

with nearly zero intensity for a deuterium dose of 4.0x10"/cm
removed from the SiO, film by thermal annealing in vacuum. Elastic recoil

spectrometry measurements indicate that approximately 70% of the original

deuterium atoms have diffused out of the film after a 30 min. anneal at 500°C. As
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shown in Fig. 3.7, up to approximately 60% of the original intensity is recovered after
such an anneal. The spectral features remain unchanged.

To verify that these observations are due to the chemical effect of deuterium
rather than a physical effect such as deuterium ion irradiation damage, we have also

performed rapid thermal annealing on the 1000°C-annealed 6 at. % Ge sample in
dilute forming gas (3:97 H,:N,) at 800°C under atmospheric pressure. As in the D'-

implanted samples, a significant reduction in PL intensity was observed. A recovery
of PL intensity upon out-diffusion of hydrogen was also observed. These results,
showing that hydrogen or deuterium can reversibly deactivate radiative defect
centers, suggest that the observed luminescence is indeed defect-related; it is known
that many defect states in semiconductors can be reversibly deactivated by hydrogen
[32].

A weak dependence of the PL decay rate on the nanocrystal size further
supports the idea that the origin of PL in our samples is not related to the radiative
recombination of quantum-confined excitons in Ge nanocrystals. Photoluminescence
decay measurements were performed at various energies in the PL spectra in the
temperature range of 12K to 300K using a photomultiplier tube in a multichannel
photon counting arrangement. The time resolution of our experimental setup was 400
ns. The calculated radiative lifetime [9] ranges from microseconds to milliseconds
for Ge quantum dot diameters ranging from 1 nm to 3 nm. However, for our samples
ranging from 1.9 nm to 7.2 nm in diameter, all measured 1/e PL decay times were at

or below the experimental resolution, thus putting an upper bound of the lifetime at
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400 ns. This is too short compared to the expected characteristic decay time for
radiative recombination of quantum-confined excitons in Ge nanocrystals.

The temperature dependence of PL spectra provides further evidence against
the quantum-confinement model. Temperature dependent PL measurements were
performed on 6 at. % Ge samples annealed at two different temperatures, 600°C and
1000°C, corresponding to nanocrystal diameters of 1.9 nm and 7.2 nm. For both
samples, the PL intensity showed a weak dependence on the measurement
temperature, varying by about a factor of 2 in the temperature range of 12K-300K. It
will be seen from the case of excitonic luminescence from Si nanocrystals in Section
3.4 that the luminescence originating from quantum-confined excitons displays a
systematic dependence of the PL intensity and the PL decay rate on the temperature
due to a large exchange splitting between the singlet and triplet exciton levels [15].
For SiO; containing Ge nanocrystals, however, no meaningful information could be
deduced from the PL intensity variation as a function of temperature. Furthermore,
the spectral shape shows no dependence on temperature. This is contrary to what one
would expect for crystalline Ge, which is a semiconductor material whose band gap is
expected to increase with decreasing temperature due to thermal contraction of the
crystal lattice [33]. It will be shown in Section 3.4 that for the case of excitonic
luminescence from Si nanocrystals in SiO,, the PL peak energy does decrease
monotonically as the temperature is increased from 12K to 300K, by an amount
comparable to the band gap variation with temperature in the bulk Si.

There are some observations that require further investigations. First, the PL

intensity does not simply scale with the implantation dose and hence the number of
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atomic displacements, contrary to what one might expect if irradiation-induced
defects were indeed responsible for visible PL. This suggests that there exists some
competitive processes between radiative and non-radiative defect centers. Second,
strong luminescence is only observed after annealing. This suggests that the radiative
defect centers are more stable at higher temperatures than the non-radiative defect
centers. Third, for the Ge'-implanted samples the PL intensity increases with
increasing annealing temperature up to 1000°C, whereas for Xe'-implanted samples
the PL intensity increases with increasing annealing temperature only up to 800°C.

Apparently, the luminescent defect centers in the Ge -implanted samples are more

stable against thermal annealing than those in the Xe -implanted samples.
g p p
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Figure 3.3. Room temperature photoluminescence spectra of 5x10'%/cm® Ge'-
implanted SiO; film (13 at. % Ge) annealed in vacuum at 600°C, 800°C, and 1000°C,

for 40 minutes.
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Figure 3.5. Room temperature visible photoluminescence spectra of (a) 3.3x10"/cm’
of 120 keV Xe -implanted 100 nm SiO; and (b) 5x10'%cm® of 70 keV Ge -implanted
100 nm thick SiO- on Si. The films were annealed in vacuum at 1000°C for 40 min.
The films were subsequently passivated with 9.0x10'/cm? 1.8x10'"/cm’, and
3.3x10'%/cm? of 600 eV D*. The arrows indicate the intensity decrease as a result of

deuterium passivation.
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Figure 3.6. A schematic view of a nanocrystal in SiO; network and possible

structural point defects that can be passivated with hydrogen. Defects in the matrix

include E’ centers and non-bridging oxygen hole centers. Defects at the

nanocrystal/SiO; interface include dangling bonds.
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3.3 The Origin of Visible Luminescence
from SiO2 Containing Si Nanocrystals

Although ion beam synthesis of Si nanocrystals in SiO, has been widely
reported [19-21], the origin of visible luminescence from ion beam synthesized Si
nanocrystals has been unclear, primarily due to a lack of distinction between
luminescence originating from defects in the matrix and luminescence originating
from nanocrystals. As it has been demonstrated in the previous section, defects in
Si0, display visible luminescence and any interpretation of luminescence spectra
without distinction of the contribution from defects can be very misleading.

Using similar analyses used to determine the origin of visible luminescence in
SiO; containing Ge nanocrystals in the previous section, we provide experimental
results that clearly distinguish visible photoluminescence (PL) originating from the
nanocrystals from that which originates from matrix defects in SiO, films containing
Si nanocrystals. Unlike SiO- films containing Ge nanocrystals, SiO- films containing
Si nanocrystals do display a luminescence feature that is clearly attributable to
quantum confined excitons in Si nanocrystals. From a comparison of PL spectra and
PL decay rate measurements between Xe+-implanted Si0; and SiO; films containing
Si nanocrystals, a luminescence feature is clearly identified as arising from
irradiation-damaged SiO.. As in the previous section for the case of SiO, films
containing Ge nanocrystals, we demonstrate that deuterium passivation of the films

containing nanocrystals completely quenches the defect-related luminescence. The
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peak energy of the remaining PL band attributable to Si nanocrystals unambiguously
“red shifts” as a function of processing parameters that lead to an increase in
nanocrystal size. In addition, the measured 1/e PL decay times are on the order of
tens of microseconds, in qualitative agreement with theoretical predictions of
radiative decay in Si nanocrystals [9]. Upon further annealing deuterium passivated
samples at low temperatures, the intensity of the PL band originating from Si
nanocrystals increases by more than an order of magnitude. These results indicate
that the luminescence feature remaining after deuterium passivation can clearly be
attributed to radiative recombination of quantum-confined excitons.

Wet thermal SiO, films, 100 nm thick, grown on lightly p-doped (100) Si
wafers were either implanted with 50 keV 851" at doses of 1x1016/cm2, 2x1016/cm2,
and 5><10“’/cm2, corresponding to peak excess Si concentrations of 2, 4, and 10 at. %
Si, respectively, or with 35 keV 881" at doses of 2x10'%/cm?, 4x10'%/cm’, and
6x10'%/cm?, corresponding to peak excess Si concentrations of 5, 10, and 15 at. % Si,
respectively, as calculated using the TRIM code [27]. The samples were
subsequently annealed in high vacuum at temperatures ranging between 400°C and
1200°C for a fixed time of 10 min. Deuterium passivation experiments were
performed by means of low energy (600 eV) deuterium implantation using a
Kauffman ion source and the dose was determined by elastic recoil spectrometry
using a 2.0 MeV *He™ beam. Deuterium was chosen instead of hydrogen in order to
facilitate concentration determination. All PL spectra were taken with 50 mW/mm?®

excitation using 457.9 nm Ar' laser radiation, detected using a grating spectrometer
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and a thermoelectrically cooled 256x1024 Si CCD array detector. All spectra have
been corrected for detection efficiency. Samples for all PL lifetime measurements
were cooled to 15K using a closed-cycle He cryostat and pumped to a steady state
under 475 nm Ar’ laser radiation (1 mW/mm) prior to measurements. Lifetime traces
were taken using a GaAs photomultiplier tube in combination with a multichannel
photon counter. The time resolution of the experimental setup was 400 ns.

As discussed in Chapter 2, planar-view high resolution TEM image (Fig. 2.5)
of 100 nm SiO, implanted with 5x10'%/cm?® of 50 keV Si* and annealed at 1000°C
show a dense array of Si nanocrystals, with sizes ranging from 1 nm to 3 nm in
diameter. It has also been shown from X-ray photoelectron spectra (Fig. 2.6) that
annealing results in phase separation of the suboxide into Si nanocrystals and SiO,,
and that the presence of small nanocrystals can be inferred from the implanted films
annealed at temperatures as low as 600°C. This is important since the nanocrystals
are too small to be observed by transmission electron microscopy after annealing at
such a low annealing temperature.

From the results of X-ray photoelectron spectroscopy in Chapter 2 (Fig. 2.6),
we can also obtain valuable information about the annealing kinetics of SiO,, whose
properties are known to be significantly altered during the process of ion implantation
[34]. Information about structural defects in SiO, is valuable for two reasons. First,
suboxides leading to imperfect nanocrystal/SiO, interfaces can give rise to channels
for non-radiative recombination of quantum confined excitons. Second, it was clearly
demonstrated [26] in Chapter 2 from Xe -irradiated SiO, that defects created during

the implantation process display visible luminescence upon annealing at temperatures
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greater than 800°C. An analysis of X-ray photoelectron spectra in Fig. 2.6 reveals
that the peak of Si 2p core level of the damaged matrix approaches the value for
stoichiometric SiO; only upon annealing at temperatures as high as 1100°C. The full
width at half maximum, however, remains approximately 0.3 eV larger than the
unimplanted film even after annealing at 1100°C. We can therefore expect the
presence of optically active defects in the damaged matrix even after high
temperature annealing.

Figure 3.8(a) shows the PL spectra of an SiO; film implanted with 120 keV
Xe" to a dose of 3.3x10'°/cm” and annealed at 1000°C for 10 min. Upon annealing,
the defect-related visible PL becomes intense, marked by a broad peak around 600
nm (2.07 eV) and 1/e PL decay time less than 400 ns at 550 nm (i.e., shorter than the
experimental resolution of 400 ns). Fig. 3.8(a) also illustrates that this defect-related
visible PL can be completely quenched with 3.3%10'"/cm? of deuterium. Fig 3.8(b)
illustrates the same set of experiments on SiO, films implanted with 5x10'%/cm” of 50
keV Si’. In addition to the defect-related PL band with 1/e PL decay time less than
400 ns at 550 nm as observed in the case of Xe'-implanted SiO., the PL spectra of the
Si'-implanted SiO; is characterized by the emergence of another PL band around 790
nm (1.57 eV) upon annealing at 1100°C in vacuum for 10 min. And while deuterium
passivation leads to a complete suppression of the defect-related PL band around 600
nm, the intensity of the “red” PL band around 790 nm does not decrease further upon

increasing the deuterium dose beyond 3.3x10'%/cm’.



Chapter 3 69

Several trends suggest that the origin of the “red” luminescence can be
attributed to radiative recombination of quantum-confined excitons. First, the value
of PL decay rate measured at various energies is in qualitative agreement with
theoretical predictions {5,9] for nanometer-sized Si nanocrystals. In addition to a
faster component limited by the experimental resolution, a slower component
attributable to Si nanocrystals was observed with a room temperature 1/e PL decay
time of 45 ps, 24 ps, and 11 ps at photoluminescence energies of 1.46 eV (850 nm),
1.63 eV (750 nm), and 1.90 eV (650 nm), respectively. It will be seen in Section 3.4
that the temperature dependence of the photoluminescence intensity and
photoluminescence decay rate at different energies yields the temperature dependence
of radiative decay rate that further confirms the quantum confinement model.

Second, the peak energy of the “red” luminescence in deuterium passivated
films containing Si nanocrystals “red shifts” as a function of annealing temperature.
This is illustrated in the normalized PL spectra of Fig. 3.9 for SiO, implanted with
5x10'%/cm” of 50 keV Si* and annealed at different temperatures. All samples were
deuterium passivated with an equal dose of deuterium of 3.3x10'*/cm®. A clear shift
in PL peak energy from 710 nm (1.75 eV) to 840 nm (1.48 eV) is observed between
samples annealed at 800°C and 1200°C.

Third, the peak energy of the “red” luminescence after deuterium passivation
“red shifts” also as a function of the initial excess Si concentration, i.e., the
implantation dose. This is illustrated in the normalized PL spectra of Fig. 3.10 for

Si0O, films implanted with 35 keV Si" for three different doses, namely 2x10'%/cm?,
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4x10'%/cm?, and 6x10'%cm?, and subsequently annealed at a fixed temperature of
1100°C. All samples were deuterium passivated with an equal dose of deuterium of
3.3x10'%cm’. A clear shift in PL peak energy from 760 nm (1.63 V) to 810 nm
(1.53 eV) was observed between samples implanted with 2x10'/cm’” and 6x10'%/cm’
Si’, respectively, after annealing at 1100°C and passivated with 3.3x10'%/cm’ of
deuterium.

Fourth, deuterium passivated samples display a dramatic increase in PL
intensity upon low temperature (<500°C) annealing. A schematic view of a
nanocrystal in the SiO, network and possible structural point defects that can be
passivated with hydrogen is illustrated in Fig. 3.6. As discussed in Section 3.2,
hydrogen or deuterium can passivate defects in the matrix as well as dangling bonds
at the nanocrystal/SiO, interface. It has been demonstrated in this section and in
Section 3.2 that passivation of defects in the matrix leads to quenching of the defect-
related luminescence. It has also been discussed in Section 3.2 that passivation of
dangling bonds at the nanocrystal/SiO; interface would lead to reduction of channels
for nonradiative recombination which would in turn lead to enhancement of the
luminescence. From Fig 3.8(b), it is clear that the as-implanted deuterium atoms have
enough mobility at room temperature to passivate defects in the matrix. This is
evident from quenching of the defect-related luminescence upon incorporation of
deuterium. The incorporation of deuterium at room temperature, however, does not
result in an increase of the remaining “red” luminescence attributable to Si

nanocrystals, as one might expect if the dangling bonds were being passivated at the
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nanocrystal/SiO; interface. The intensity of the “red” luminescence does, however,
increase dramatically upon post-deuterium passivation annealing. It appears that the
deuterium atoms require an extra mobility to jump into and passivate defect sites,
possibly dangling bonds at the interface, which can act as pathways for non-radiative
recombination. The enhancement of the luminescence intensity illustrates that the
extra mobility needed for passivation of dangling bonds can be provided by thermal
annealing. The sequence of events in this two-stage defect passivation is illustrated in
Fig. 3.11. The dramatic enhancement of the luminescence intensity is illustrated in
Fig. 3.12 for the deuterium passivated sample of Fig. 3.8(b). Upon annealing the
deuterium-implanted film at 400°C for 10 min., the intensity of the “red”
luminescence increases dramatically, by more than an order of magnitude. This is
consistent with the notion that passivation of dangling bonds at the nanocrystal/SiO,
interface leads to enhanced radiative efficiency. The inset shows that the PL intensity
increases to a maximum at post-deuterium passivation annealing temperature of
400°C and starts to decrease at higher temperatures, presumably due to the release of
deuterium from defects at the nanocrystal/SiO, interface and subsequent out-diffusion

from the film.
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Figure 3.8. Room temperature visible photoluminescence spectra of 100 nm SiO,
films implanted with (a) 120 keV Xe" to a dose of 3.3x10'%cm’ and annealed at
1000°C for 10 min., and (b) 50 keV Si" to a dose of 5x10'®/cm’® and annealed at
1100°C for 10 min. The arrows indicate the effect of subsequent passivation with

increasing doses of 600 eV deuterium.
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Figure 3.9. Room temperature visible photoluminescence peak energy shift as a
function of annealing temperature of 50 keV Si-implanted 100 nm SiO,. All
samples were implanted to a dose of 5x1016/cm2, annealed in vacuum, and
subsequently passivated with 3.3x10'%/cm? of deuterium to quench the defect-related

photoluminescence band. All spectra are normalized.
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Figure 3.10. A systematic dependence of the luminescence feature attributable to Si
nanocrystals on the initial excess Si concentration, i.e., the implantation dose. The
normalized photoluminescence spectra are those of SiO, films implanted with 35 keV

Si* for three different doses, namely 2x10'%cm?, 4x10'%cm?, and 6x10'%/cm?,

annealed at 1100°C, and passivated with 3.3x10"°/cm” of deuterium.
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Figure 3.11. A schematic illustration of the two stages of passivation of defects in

SiO, films containing Si nanocrystals. The circles represent nanocrystals and the

sticks represent dangling bonds at the nanocrystal/SiO; interface. In the first stage,

hydrogen migrates and passivates point defects in the matrix at room temperature. In

the second stage, the extra mobility provided by thermal annealing enable passivation

of dangling bonds at the interface.
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Figure 3.12. An increase in intensity of the room temperature visible luminescence
feature attributable to Si nanocrystals upon post-deuteration annealing at 400°C for
10 min. The spectra are of the 100 nm SiO, implanted with 50 keV Si” to a dose of
5x10'%/cm’, annealed in vacuum at 1100°C for 10 min. (dashed curve), passivated
with 3.3x10"°/cm’ of deuterium (dotted curve), and subsequently annealed at 400°C
for 10 min. (solid curve). The initial deuterium incorporation reduces the overall
intensity due to quenching of the luminescence feature around 600 nm that originates
from defects in Si0,. Subsequent post-deuteration annealing enhances the intensity

by more than an order of magnitude. The intensity increases with increasing post-
deuteration annealing temperature up to 400°C, after which the intensity starts

decreasing due to the out-diffusion of deuterium from the film (inset).
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3.4 The Spectroscopic Identification of
the Luminescence Mechanism in Si
Nanocrystals

Ion beam synthesized Si nanocrystals in SiO; provide an ideal system for the
study of their size-dependent optical properties since the nanocrystals 1) generally
have a wide size distribution, 2) are all close to spherical in shape, and 3) are well
passivated by the SiO, matrix. This is in contrast to the case of porous Si, which has
an irregular nanostructure and complex surface topology that makes it more difficult
to study the size dependence of the optical properties [17]. Moreover, the
luminescence from hydrogen terminated Si nanostructures, such as as-prepared
porous Si, in general is not stable under ambient conditions at room temperature [35].
It has clearly been demonstrated in Section 3.3 that ion beam synthesized SiO; films
containing Si nanocrystals show visible photoluminescence that can be attributed to
two distinct sources [22]. It was demonstrated that the luminescence feature
attributable to defects in SiO, can be fully quenched by introducing hydrogen or
deuterium into the film, while the luminescence feature attributable to quantum-
confined excitons shows a strong dependence of the emission energy on the
nanocrystal size.

In this section, we present temperature dependent measurements of the
photoluminescence (PL) intensity and photoluminescence decay rate of ion beam

synthesized Si nanocrystals. The temperature dependence of the radiative decay rate
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is determined and is well described by a model that takes into account the exchange
interaction splitting of the singlet and triplet exciton energy levels [15,18]. The
exchange splitting energy and the ratio of the singlet and triplet decay rates are
determined as a function of emission energy.

All samples analyzed were 100 nm thick SiO; films implanted with 50 keV
Si* to a dose of 5x10'° Si/cm®. The films were subsequently annealed at 1100°C for
10 minutes in vacuum to induce nucleation and growth of Si nanocrystals. The
presence of nearly spherical Si nanocrystals was confirmed by transmission electron
microscopy in Chapter 2 (Fig. 2.5). Finally, the SiO;, films were implanted with
3.3x10'" D/cm’® at an energy of 600 eV to quench the defect luminescence, as
demonstrated in the previous section [22]. PL spectra were taken using excitation
with the 457 nm line of an Ar-ion laser at a power density of ~ 1 mW/mm®’. Phase
sensitive detection was performed using a lock-in amplifier and acousto-optical
modulation of the excitation beam at a frequency of 16 Hz. The luminescence was
detected with an InGaAs photomultiplier and a grating spectrometer. The sample
temperature was controlled between 12 K and 300 K in a closed-cycle He cryostat.
All spectra were corrected for the system response. PL decay measurements were
made after pumping to steady state with a power density of ~ 0.2 mW/mm?, and using
an InGaAs photomultiplier in combination with a multichannel photon counting
system. The time resolution of the system was 400 ns.

Figure 3.13 shows PL spectra taken at 12 K, 100 K and 300 K. The spectrum
at 12 K is broad (full width at half-maximum 0.28 eV) and peaks around 1.6 eV.

When the temperature is raised, the peak intensity first increases with temperature up
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to 100 K and then decreases again for higher temperatures. Furthermore, a clear shift
of the peak position to lower energies is observed when the temperature is increased
to 300 K. 1t is interesting to note that the overall shape of the spectrum hardly
changes over this temperature range.

The spectrum is broad due to the wide distribution of nanocrystal sizes, each
emitting at their characteristic, size dependent, energy. Using different model
calculations of the band gap as a function of size, which are summarized in Ref. 10,
the luminescence at 1.6 eV can be attributed to nanocrystals with a diameter of 3 nm—
4 nm. The full spectral range from 1.4 eV-2.0 eV corresponds to a size range of
about 5.5 nm-2 nm. The inset in Fig. 3.13 shows the dependence of the peak position
on temperature as obtained from the PL spectra in Fig. 3.13 and other spectra taken at
various temperatures in the range from 12 K-300 K (not shown in Fig. 3.13). The
location of the peak positions was determined with an uncertainty of 0.01 eV by
making parabolic fits to the spectra in the region of highest intensity. The peak
energy decreases monotonically from 1.60£0.01 eV to 1.54+0.01 eV as the
temperature is increased from 12 K to 300 K. The decrease can mainly be attributed
to the decrease in the band gap energy with temperature [33]. For comparison: the
band gap variation with temperature for bulk Si is 50 meV over the temperature range
from 10-300 K [36].

Figure 3.14(a) shows the dependence of the integrated PL intensity on
temperature. It first increases by a factor of 2 from 12 K to 100 K and then decreases
by a similar amount when the temperature is increased to 300 K. The fact that the PL

spectrum does not change shape, but just shifts with increasing temperature, suggests
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that the temperature dependence of the emission intensity is the same for all
nanocrystal sizes that contribute to the spectrum and is same as the temperature
dependence of the integrated PL intensity plotted in Fig. 3.14(a).

PL decay traces at emission energies of 1.46 eV, 1.55 eV, 1.65 eV, 1.77 €V,
and 1.90 eV have been measured at several temperatures in the range from 12 K to
300 K. The decay traces are not single exponential but are well described by a
stretched exponential function

1, (6 =1, expl- (R, 1)’ | 3.1)
where I is the PL intensity at t = 0, Rp; an effective decay rate, and B a constant
between 0 and 1. A typical decay trace taken at 1.65 eV and 15 K is shown on a
logarithmic scale in the inset of Fig. 3.14(b). For this trace Rp = 6.2x10° s (1/Rp. =
1.6 ms) and = 0.65. Figure 3.14(b) shows the temperature dependence of Rp. on a
logarithmic scale, as obtained by fitting the decay traces taken at 1.46 eV (dots), 1.65
eV (squares) and 1.90 eV (triangles) with Eq. (3.1). The drawn lines serve to guide
the eye. At each energy, Rp. increases by more than an order of magnitude between
12 K to 90 K. At higher temperatures Rp,. continues to increase up to 300 K, but less
rapidly.

The temperature dependence of the Ip; and Rp. (Fig. 3.14(a,b)) can be
described by a model [15] that ascribes the luminescence to the recombination of
strongly localized excitons in crystalline Si (see inset in Fig. 3.15). In this model the
excitonic levels are split by an energy, A, due to the exchange interaction between the

electron and hole. The lower level corresponds to a triplet state which is threefold
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degenerate and has a radiative decay rate Rt. The upper level corresponds to a singlet
state and has a radiative decay rate Rs. The temperature dependence of the total
radiative decay rate, Ry, can be calculated by assuming thermal equilibrium between

the two levels:

_ 3R, + Ryexp(— A/kT)
3+ exp(— A/kT)

R, (3.2)
In general, the radiative decay competes with non-radiative decay channels (at a rate
Rnr) that can, for example, be provided by defects in the nanocrystal itself or at the
Si/Si0, interface. Also interaction with neighboring nanocrystals by tunneling or
dipole-dipole interaction can effectively cause non-radiative de-excitation of an
initially excited nanocrystal [37]. At the low pump power densities used, the decay of
excited electron hole pairs is unimolecular and Rp;=Rg + Rnr. In low-power steady
state conditions, Ip| is proportional to the quantum yield, n=Rr/(Rg+Rngr). Therefore,
by calculating the product of the measured Iy, and Rp; at each temperature, a relative
measure can be derived of the temperature dependence of Rg.

Figure 3.14(c) shows the calculated temperature dependence of Ry for
emission energies of 1.46 eV, 1.65 eV, and 1.90 eV, obtained from a multiplication of
Ip. (Fig. 3.14(a)) and Rp. (Fig. 3.14(b)). Note that, since these data are derived from
the unnormalized Ip., each data set is expressed in arbitrary units and could be
multiplied by a different constant factor to facilitate easy comparison. The data in
Fig. 3.14(c) can now be fitted with Eq. (3.2) and the drawn lines show the resulting

fits. As can be seen, the temperature dependence of Ry is in excellent agreement with
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this model. At low temperatures (T~12 K and kT~1.0 meV), only the triplet state is
occupied and the radiative decay rate is small. Note that the radiative decay rate of a
pure triplet state would be zero as the transition is parity forbidden. However, the
spin-orbit interaction slightly mixes the singlet and triplet states, making the transition
weakly allowed. At higher temperatures the singlet state becomes populated and the
radiative rate increases by more than an order of magnitude between 12 K and 100 K.
When the temperature is increased even further, the population in the singlet state
converges to its high temperature value which is equal to 1/3 of the total triplet
population, and Ry is dominated by Rs. Indeed, Rg shows only a small variation with
temperature for T>100 K. Note that the data for 1.46 ¢V, 1.65 eV and 1.90 eV show
a slightly different behavior which can be explained by differences in the values of
Ry, Rg, and A, as will be shown below.

Figure 3.15(a) shows the ratio of Rg to Ry as a function of emission energy
obtained by fitting Eq. (3.2) to the temperature dependent data of Rg shown in Fig.
3.14(c) and to data taken at other energies (not shown). At all energies, Rs is
300-800 times larger than R1. The triangles in Fig. 3.15(b) show the dependence of
the exchange splitting energy, A, on the emission energy, E. The value of A increases
monotonically from 8.4 meV to 16.5 meV between E=1.46 eV and E=1.90 eV,
corresponding to a nanocrystal size range of about 5.5 nm-2 nm. For reference, we
also plot values obtained for porous Si for E=1.7 eV t0 2.0 eV [15,18]. These seem to
follow a trend that is similar to our data. This is an interesting observation since both
the shapes of the Si nanostructures and the dielectric constant of the host material are

different for porous Si and our nanocrystals. Apparently, the magnitude of A is
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basically determined by the value of the emission energy. It should be noted that for
bulk Si (E=1.1 eV), the exchange splitting is estimated to be smaller than 0.15 meV
[38]. For a spherical crystallite with a diameter of 3 nm (emission energy ~1.8 eV)
effective mass theory predicts A=13.9 meV [15], in good agreement with the data in
Fig. 3.15(b). The values of A found in this work are much smaller than the 71 meV
that was reported earlier for oxidized Si nanocrystals [39]. In that case the
luminescence was thought to originate from states at the Si/SiO, surface. By
passivating our samples with deuterium, all luminescence features arising from
defects were quenched, so that all PL data thus obtained can be attributed purely to

quantum-confined excitons.
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Figure 3.13. Photoluminescence spectra taken at 12 K, 100 K, and 300 K of 100 nm
SiO; film containing Si nanocrystals with a broad size distribution. The SiO; films
were implanted with 50 keV Si" to a dose of 5x10'%cm?, annealed at 1100°C for 10
min., and subsequently passivated with 3.3x10'"/cm? of deuterium. The inset shows
the peak energy of these spectra and other spectra (not shown) taken at various

temperatures in the range of 12 K-300 K.
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Figure 3.14. (a) Temperature dependence of the integrated photoluminescence
intensity, Ip;, of Si nanocrystals in SiO,. The solid line serves to guide the eye. (b)
Temperature dependence of the photoluminescence decay rate, Rp;, on a logarithmic
scale, measured at emission energies of 1.46 ¢V, 1.65 eV, and 1.90 eV. The solid
lines through the data serve to guide the eye. The inset shows a typical decay trace
taken at 1.65 eV and 15 K on a logarithmic intensity scale. (c¢) Calculated relative
temperature dependence of the radiative rate at emission energies of 1.46 eV, 1.65
eV, and 1.90 eV, obtained from a multiplication of the temperature dependent Ip data
in (a) and Rp. data in (b). Each data set is expressed in arbitrary units and was
multiplied by a different constant factor to facilitate easy comparison. The solid
curves are best fits of a model that takes into account the exchange splitting of the

energy levels of quantum-confined excitons in the Si nanocrystals.
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Figure 3.15. (a) Ratio of the singlet (Rs) and triplet (Ry) decay rates of quantum-
confined excitons in Si nanocrystals as a function of the emission energy. The inset
shows a schematic of the singlet and triplet energy levels, split by the electron-hole
exchange energy A. (b) Exchange energy as a function of the emission energy. The
triangles are obtained from the measurements described in this letter and, for
comparison, the dots represent values of A obtained for porous Si taken from Ref. 15.
The values of Rs/Rt and A were determined by fitting Eq. (3.2) to the temperature
dependence of the radiative rate shown in Fig. 3.14(c). The solid lines through the

data serve to guide the eye.
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3.5 Conclusions

In summary, ion beam synthesized SiO, films containing Ge or Si
nanocrystals exhibit strong room temperature visible photoluminescence. Due to the
presence of irradiation-induced defects that display visible luminescence, the
interpretation of luminescence spectra requires a clear distinction of the contribution
from defects. A hydrogen passivation technique has been developed to selectively
quench the defect-related luminescence and therefore allow for a clear distinction
between different origins of the visible luminescence.

For the case of SiO, films containing Ge nanocrystals, the measured
photoluminescence peak energy and photoluminescence decay rates show poor
correlation with nanocrystal size compared to theoretical predictions for radiative
recombination of quantum-confined excitons in Ge quantum dots.  These
observations strongly suggest that the observed visible luminescence in the films
cannot be attributed to radiative recombination of quantum-confined excitons in Ge
nanocrystals. Instead, observations of similar luminescence in Xe -implanted SiO,
and reversible photoluminescence quenching by hydrogen or deuterium suggests that
radiative defect centers in the SiO, matrix are responsible for the observed
luminescence.

For the case of SiO, films containing Si nanocrystals, two sources of room
temperature visible luminescence are identified. From a similar comparison of

photoluminescence spectra and photoluminescence decay rate measurements between



Chapter 3 89

Xe'-implanted SiO; films and SiO- films containing Si nanocrystals, a luminescence
feature attributable to defects in the SiO, matrix is unambiguously identified.
Deuterium passivation of the films allows for selective quenching of the
luminescence originating from defects in the matrix, after which the presence of a
luminescence feature attributable to Si nanocrystals is evident, with 1/e
photoluminescence decay times on the order of tens of microseconds. The peak
energy of the remaining luminescence feature attributable to Si nanocrystals “red
shifts” as a function of different processing parameters that lead to an increase in the
average nanocrystal size. An additional mobility provided to deuterium atoms by
means of low temperature (<500°C) annealing enables passivation of defects at the
nanocrystal/SiO, interface, which leads to an enhancement of the photoluminescence
intensity that originates from Si nanocrystals. In sum, by selective quenching of the
defect-related luminescence using a hydrogen passivation technique, a systematic
study of the “red” luminescence has been performed to conclusively determine
whether or not the origin of visible photoluminescence can be attributed to radiative
recombination of quantum-confined excitons in Si nanocrystals.

Further confirmation of the quantum confinement model for the Si
nanocrystals comes from the temperature dependence of the photoluminescence
intensity and the photoluminescence decay rate. Ion beam synthesized Si
nanocrystals offer an ideal system for studying quantum size effects on the
photoluminescence spectrum due to the presence of a distribution of particle size.

The measured temperature dependence of the photoluminescence intensity and decay
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rate for the analyzed size range is in agreement with a model that takes into account
the size-dependent exciton exchange splitting between the singlet and triplet states.
The fact that visible photoluminescence attributable to quantum confined
excitons has been observed from Si nanocrystals but not Ge nanocrystals is not
surprising when one considers the superiority of the Si/SiO, interface over the
Ge/GeO, or Ge/Si0O; interfaces. The fact that Si0, forms one of the best interfaces
with Si with a very low density of dangling bonds is the key reason behind the

success of Si as material of choice in the microelectronics industry.
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Chapter 4

Engineering the Depth
Distribution of Ion Beam
Synthesised Si Nanocrystals
and Tuning the Emission
Energy of Visible
Luminescence

4.1 Introduction

The discovery of visible light emission from group IV nanocrystals has

stimulated considerable experimental effort to understand the origin and mechanism
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of luminescence and to develop Si-based opto-electronic devices [1-5]. Among
different experimental synthesis techniques, ion beam synthesis [6-11] of Si
nanocrystals in thermal SiO, films has an important advantage: the processes
involved in the synthesis are fully compatible with the standard integrated circuit
technology. In addition, the SiO, matrix is mechanically robust and provides a
superior nanocrystal/SiO, interface that leads to high quantum efficiency.

It has been demonstrated in Chapter 3 that ion beam synthesized Si
nanocrystals in SiO, display photoluminescence in the visible and near-infrared that
can be attributed to two distinct sources [9]. One luminescence feature is related to
ion irradiation-induced defects in the SiO, matrix and can be quenched by passivating
with hydrogen or deuterium. The other has been attributed to radiative recombination
of quantum-confined excitons in Si nanocrystals. The luminescence from quantum-
confined excitons has been shown to continuously red-shift as a function of increasing
average nanocrystal size. It has also been shown that the nanocrystal luminescence
intensity can be increased by more than an order of magnitude by post-hydrogen
passivation annealing at 400°C, which leads to passivation of dangling bonds at the
nanocrystal/SiO, interface.

The photoluminescence (PL) spectra are broad due to the presence of a wide
distribution of nanocrystal sizes, in agreement with quantum confinement theories
that predict a size-dependent band gap [12,13]. If the Si ion implantation is
performed with single ion energy, it will yield a Gaussian concentration depth profile

of excess Si. As the nucleation and growth rates of Si nanocrystals from a
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supersaturated solid solution are strongly dependent on the local degree of
supersaturation, the nanocrystal size is depth-dependent.

In order to engineer the optical properties of the SiO, films containing Si
nanocrystals, it is very important to understand the size distribution of nanocrystals as
a function of film depth. In the first part of this chapter, depth-resolved
measurements of the photoluminescence of SiO, films containing Si nanocrystals
have been performed to determine the depth distribution of optically active Si
nanocrystals. By chemical etching through the SiO, film in steps and analyzing the
changes in the PL spectrum after each etch step, the depth from which each of the two
luminescence features originate is determined. In the second part of this chapter, a
method is presented by which the luminescence energy can be continuously tuned
throughout the visible spectrum by thermal oxidation of the films so as to induce a
reduction of the average size. Thermal annealing the SiO, films containing Si
nanocrystals in flowing O, at 1000°C for up to 30 min. results in oxidation of the Si
nanocrystals, first close to the SiO, film surface and later at greater depths. Upon
oxidation for 30 min., the photoluminescence peak wavelength blue-shifts by more
than 200 nm. This blue-shift is unambiguously identified with the quantum size
effect in which a reduction of the average nanocrystal size leads to emission at shorter

wavelengths [12,13].
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4.2 Depth Distribution of Optically Active
Si Nanocrystals in SiO;

For application of Si nanocrystals dispersed spatially in SiO» with a
distribution of sizes as light-emitting structures [2-5], single-electron memories [14],
or optical storage devices, it is essential to have information on the nanocrystal size
distribution as a function of depth. High-resolution transmission electron microscopy
(TEM) has been used in Chapter 2 (Fig. 2.5) to verify the presence and crystallinity of
Si nanocrystals. Due to low contrast between small Si nanocrystals and the
amorphous SiO,, however, quantitative information on the size distribution of
particles is limited and can lead to underestimation of the particle density of small
particles less than about 1.5 nm. This is especially true since the presence of small
nanocrystals has been inferred from X-ray photoelectron spectra (Fig. 2.6) of samples
annealed at temperatures as low as 600°C and 800°C, where transmission electron
microscopy yields very little information. Furthermore, transmission electron
microscopy and X-ray photoelectron spectroscopy only provide structural information
and do not reveal information about the distribution of optically active nanocrystals.

In this section, the depth distribution of luminescent nanoparticles is
determined by analyzing changes in the PL spectra as the SiO, film is etched in a
layer-by-layer fashion. It is found that the luminescence at the long wavelength side
of the spectrum (emitted by the largest nanocrystals) mainly originates from the center

region of the SiO; film, in agreement with the results from TEM. Surprisingly, a
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large contribution to the luminescence from small nanocrystals not detectable by
TEM is found near the surface and near the SiO»/Si interface. It was also found that
the defect luminescence that is often found in Si implanted SiO; films originates from
the near-surface region.

A 100 nm thick SiO, film grown by wet thermal oxidation of a lightly B-
doped (100) Si wafer was implanted at room temperature with 35 keV Si* to a dose of
6x10'® Si/em®. The films were subsequently annealed at 1100°C for 10 minutes in
high vacuum at a base pressure of 1x107 torr to induce nucleation and growth of Si
nanocrystals [9]. Cross-sectional transmission electron microscopy was performed
using a 300 keV electron microscope under slightly defocused conditions to enhance
the contrast between the Si nanocrystals and the SiO, matrix. The SiO; films
containing Si nanocrystals were subsequently etched off in a series of etch steps of 10
seconds each, using buffered hydrofluoric acid at room temperature. Rutherford
backscattering spectrometry was used to determine the Si concentration depth profiles
after each etch step. A 2 MeV He' beam was used at an angle of 4° off the sample
normal and a scattering angle of 92°. The depth resolution was 10 nm. Room
temperature PL spectra were taken using excitation with the 514 nm line of an Ar' ion
laser at a power density of ~10 mW/mm”. The angle between the randomly polarized
laser beam and the sample normal was 30°. The luminescence was detected by a
grating spectrometer in combination with a thermoelectrically cooled Si CCD detector
array. All spectra were corrected for the system response. PL decay measurements

were made at 15 K after pumping to steady state with a power density of ~ 0.2
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mW/mm®. The pump light was chopped with an acousto-optic modulator and the
lifetime traces were taken with a GaAs photomultiplier in combination with a

multichannel photon counting system. The time resolution of the system was 400 ns.

4.2.1 Si Concentration Depth Profile and Etch Rate

The successive layer-by-layer film removal by chemical etching is
schematically illustrated in Fig. 4.1. It has been shown from photoluminescence
measurements in Chapter 3 (Fig. 3.10) that the average nanocrystal size is dependent
on the implantation dose, i.e., on the initial excess Si concentration. Since the single-
energy ion implantation produces a Gaussian distribution of excess Si concentration,
the resulting particle size distribution is expected to be somewhat similar; i.e., the
center of the film with highest excess Si concentration is expected to contain the
largest nanocrystals. Therefore, initial removal of the top layers will result in an
overall increase in the average particle size because smaller particles are removed. As
the etch front passes the depth of peak Si concentration, the average particle size starts
decreasing.

Figure 4.2 shows Si concentration depth profiles of the Si'-implanted and
annealed SiO, film on Si after several etch times ranging from 0 sec. to 120 sec., as
indicated in the figure. The depth profiles were derived from Rutherford
backscattering spectra taking into account the depth dependent electronic energy loss

calculated from the relative Si/SiO, concentrations using Braggs-rule and assuming a
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volume averaged density of Si (p=5.0x10* Si/cm®’) and SiO, (p=2.27x10*
SiOy/cm®). The depth scales for the concentration profiles are each shifted so that the
Si0O,/Si interface is located at the same depth for all samples. The concentration

profile of the as-implanted (unannealed) film (not shown) is nearly identical to that of

b4

the annealed film. The spectrum before etching, indicated by ‘0°, shows the Si
concentration profile with a peak Si concentration of 49 atomic percent at a depth of
~45 nm below the sample surface. Near the surface the Si concentration is 33 atomic
percent, corresponding to that of stoichiometric SiO,. The SiO»/Si interface is located
at a depth of 112 nm. Note that the Si concentration depth profile in the SiO; film is
not Gaussian, as predicted by a Monte Carlo calculation (TRIM ‘97) [15], and shows
a relatively high Si concentration (=42 atomic percent) near the SiO,/Si interface.
The asymmetric shape of the profile could be the result of sputtering during the Si
implantation, which progressively reduces the thickness of the film. The total
sputtered layer thickness was estimated to be 10 nm [15]. The concentration profiles
obtained after etching for 10 sec., 20 sec., 40 sec., 60 sec., 80 sec., 100 sec., and 120
sec. clearly demonstrate that etching for progressively longer times reduces the SiO»
film thickness further and further until the Si substrate is reached after 120 sec.

Figure 4.3 shows the etch depth as a function of time as obtained from the Si
concentration profiles shown in Fig. 4.2. The drawn curve is a guide for the eye. The

etch rate, as determined from the slope of this curve, varies from 1.3 nm/sec. in the

regions with small excess Si to 0.6 nm/sec. at the peak of the Si concentration profile.
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An etch rate retardation has been observed before for Si-rich oxides with much higher

Si supersaturation than in the present experiments [16].
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Figure 4.1. A schematic illustration of successive film removal by etching (top) and
the resulting change in the size distribution (bottom). The average particle size is
larger near the center of the film and as a result, as the film starts to be removed from

the top, the average size first increases and then decreases.
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Figure 4.2.  Si concentration as a function of depth in SiO: films containing Si
nanocrystals after successive film removal in buffered hydrofluoric acid for times
ranging from 0 to 120 sec. The Si nanocrystals in SiO2 are made by implantation of
35 keV Si" to a dose of 6x10'® Si/em’, and annealing at 1100°C for 10 minutes.
The depth scales are all shifted such that the SiO2/Si interface is located at a depth
of 112 nm. The profiles were calculated from Rutherford backscattering spectra
taken with a 2 MeV He' beam at an angle of 4° off the sample normal and a

scattering angle of 92°.
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Figure 4.3.  Etch depth as a function of time as obtained from the Si concentration

profiles shown in Fig. 4.2. The drawn curve serves as a guide to the eye.
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4.2.2 Depth Distribution of Luminescent Si
Nanocrystals

Figure 4.4(a) shows room temperature PL spectra obtained from the annealed
Si’- implanted SiO, film before and after etching for several times up to 120 sec.
Before etching, the spectrum ranges from 500 nm to well beyond 900 nm. This
corresponds to emission from nanocrystals with diameters of ~1.5 nm and larger [17].
The spectrum peaks at 790 nm, corresponding to a nanocrystal diameter of ~3 nm—4
nm [17]. For increasing etch time, the overall PL intensity decreases continuously.
Furthermore, the spectral shape and the peak position also change after each etch step.
For example, after etching for 10 sec.—40 sec., mostly components of the 500 nm—800
nm part of the spectrum disappear, causing an apparent red-shift of the peak position.
For longer etch times, the spectral region from 800 nm—900 nm shows a decrease as
well. The fact that a small luminescence signal remains after 120 sec. must mean that
there are still some luminescent nanocrystals left on the substrate after the whole
oxide layer is etched off.

Figure 4.5 shows two normalized luminescence decay traces at 650 nm,
measured at 15 K before and after etching for 10 sec., and plotted on a logarithmic
intensity scale. The trace taken before etching clearly shows two components with
substantially different lifetimes. This is in agreement with previously obtained
results, where two luminescence sources were identified in SiO, films containing Si

nanocrystals made by ion implantation [9]. One broad luminescence feature peaking
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at 600 nm was shown to be related to ion irradiation induced defects and has a 1/e PL
decay time shorter than 400 nanoseconds. The other was attributed to radiative
recombination of quantum-confined excitons in the Si nanocrystals with a 1/e PL
decay time on the order of 1.0 milliseconds at 15 K. After etching for 10 sec., the
short PL decay time component disappears. It is therefore concluded that the defect
luminescence originates from the first etched layer, an approximately 15 nm-thick
region near the surface. This is corroborated by the data in Fig. 4.4(a), which shows
that the PL intensity around 600 nm, attributed to defect luminescence, completely
disappears after etching for 10 sec. The fact that these luminescent defects are located
in the near surface region indicates that they are either preferentially formed near or at
the SiO, surface or in regions with a low Si supersaturation. PL decay time
measurements (not shown) indicate that the defect luminescence is negligible at
wavelengths longer than 700 nm.

After etching off the top part of the film that contained most of the
luminescent defects, the decrease in PL intensity that was observed for longer etch
times must be due to the removal of luminescent nanocrystals. Since the
luminescence wavelength depends on the size of the nanocrystals, removal of
nanocrystals of a particular size will result in a decrease in the PL intensity at the
wavelength corresponding to that size. For example, a decrease in intensity at short
and long wavelength side of the spectrum corresponds to the removal of a layer
containing small and large nanocrystals, respectively. At each wavelength the

concentration of luminescent nanocrystals as a function of depth, n;(x), can then be
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calculated from the decrease in PL intensity observed after each etch step. In the
calculation of n,(x) from the difference PL spectra, two correction factors should be
taken into account. First, from the Si depth profiles in Fig. 4.2 it is clear that each
etch step did not remove the same amount of material and this should be taken into
account. Second, it should be realized that due to internal reflections of the pump
light at the SiO»/air and the SiO/Si interface, a standing light wave builds up in the
SiO, film. This implies that nanocrystals located at different depths are not excited
with the same intensity. A calculation of the pump intensity as a function of depth in
the SiO; film before etching is shown as an inset in Fig. 4.4(b). Input parameters for
this calculation are the SiO; film thickness of 112 nm and an average effective
refractive index of the nanocrystal containing SiO, film of 1.65, as calculated by
Maxwell Garnett theory [18]. The peak intensity is normalized to 1 and, as can be
seen in the inset, the intensity varies by a factor 6.6 over the SiO; film thickness. For
the determination of n,(x), both the calculated shape of the pump intensity profile in
the SiO; film and the changes that occur in this profile as the film gets thinner after
each etch step were taken into account.

Figure 4.4(b) shows the corrected difference spectra of Fig. 4.4(a), numbered
according to the layer that was etched off. For each etch step one can now clearly see
in which part of the spectrum the luminescence decreases and thus whether small or
large nanocrystals were removed. For example, the largest decrease in the PL

intensity at wavelengths shorter than 700 nm occurs during the first (1) and last (6)
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etch step. This means that almost all the small luminescent nanoparticles are located
near the SiO, film surface or close to the Si0,/Si interface.

Figure 4.6(a) shows a histogram of the depth dependence of the concentration
of nanocrystals exhibiting luminescence at 700 nm, n;g, as obtained from the six
difference spectra in Fig. 4.4(b). The distribution of relatively large nanocrystals
emitting at 900 nm is shown in Fig. 4.6(b). The highest concentration of these
nanocrystals is found in the center of the film, where the excess Si concentration is
highest. For comparison, Fig. 4.6(c) shows the excess Si concentration as a function
of depth before etching, as obtained from Fig. 4.2. Figure 4.6(d) shows a bright-field
cross-sectional TEM image of the film. Despite the weak mass-thickness contrast
between the Si and SiO,, it shows Si particles in the size range of 2-5 nm. As can
clearly be seen, the largest nanocrystals are mainly located near the center of the film,
in agreement with the results obtained for no(o in Fig. 4.6(b). Because of the small
size, it is very difficult to observe individual nanocrystals near the surface or near the
Si/SiO; interface under TEM; nevertheless, the data in Fig. 4.6(a) indicate that the
number density of nanocrystals emitting at 700 nm is indeed high. Also, it is
noteworthy that the relative scales of n;yo(x) and ngp(x) may not be compared
directly, as nanocrystals of different sizes have different optical excitation cross
sections and luminescence efficiencies.

The observation that the luminescence from small nanocrystals originates
mainly from the near surface region and the region near the Si/SiO; interface is very

intriguing. It has important consequences for engineering Si nanocrystal size
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distributions in general. The origin of this peculiar distribution may be related to the
nanocrystal size distribution itself, or to variations in the luminescence efficiency
across the film, as will be discussed below.

From recent experiments [19,20] it is known that the local average nanocrystal
size increases with Si supersaturation, in agreement with classical particle coarsening
theory. This would explain that small nanocrystals are only found in the region with
low supersaturation, i.e., near the surface. However, this argument does not explain
the high density of small nanocrystals near the SiO»/Si interface as the excess Si
concentration in that region is high (8 atomic percent) compared to the surface region
(see Fig. 4.6(c)). It may be that near the SiO,/Si interface the nanocrystals are within
the Si diffusion length from the Si substrate that acts as a sink due to the Gibbs-
Thompson effect [21], which could result in the alteration of the local nanocrystal
nucleation and growth kinetics such that relatively large amounts of small
nanocrystals are formed. The Gibbs-Thompson effect [21] predicts a much higher
equilibrium solubility of solute atoms in a spherical precipitate with a small radius of
curvature compared to that with a large radius of curvature, and therefore higher local
solute concentration near the small precipitate. So provided that the Si substrate, with
an infinite radius of curvature, and the Si nanocrystal, with a small radius of
curvature, are within the diffusion length, the higher local Si concentration near the
nanocrystal compared to the interface region will result in a mass transfer from the
nanocrystal to the Si substrate due to a concentration gradient. The diffusion length

of Si in SiO; at 1100°C is a few nanometers for diffusion time of 10 min. [19].
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Therefore, Si atoms are expected to migrate from the nanocrystals to the Si substrate,
preventing the growth of the nanocrystals despite the high local concentration due to
the net flux. Indeed, such an effect due to the Gibbs-Thompson effect has been
observed for the case of Ge -implanted SiO, films where Ge atoms from the initial
implantation profile diffuse towards the Si substrate, resulting in a relatively high
concentration of Ge near (~10 nm) the SiO,/Si interface without significant growth of
the naoncrystals [22,23]. The observation of Gibbs-Thompson effect is expected in
the Si-Ge system because the two elements form an isomorphous binary solid
solution. As one expects similar kinetics for the implanted Si atoms, surfaces and
interfaces may be used in the future to tailor size distributions of Si nanocrystals in
Si0;.

An alternative explanation for the observed lack of luminescence from small
nanocrystals near the center of the film could be the result of optical interactions
between the nanocrystals. The high nanocrystal density at the center of the film might
induce excitation migration due to dipole-dipole interaction or charge exchange [24-
27]. In this process, migration only takes place from small nanocrystals (large
bandgap) to large nanocrystals (small bandgap). As a result, luminescence from small
nanocrystals would be quenched in the center of the film. Time-resolved PL
experiments, published elsewhere [20], are consistent with this excitation migration

model.
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Figure 4.4. (a) Room temperature PL spectra (Apump = 514 nm) obtained from
Si0; films containing Si nanocrystals, after etching in buffered HF for times ranging
from O to 120 sec. (b) The difference spectra obtained by subtracting the PL spectra
for subsequent etch steps in (a), and corrected in such a way that the spectral intensity
at a fixed wavelength is proportional to the average concentration of nanocrystals
emitting at that wavelength. The inset shows the pump intensity profile as a function
of depth in the SiO, film, resulting from internal reflections of the pump light at the

Si0,/Si interface and SiO,/air interface.
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Figure 4.5. Two luminescence decay traces taken at 15 K and 650 nm from the

nanocrystal containing SiO:2 films before and after etching for 10 sec. in buffered
HF, and plotted on a logarithmic scale. The pump beam at 514 nm was switched off

at time = O sec.
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Figure 4.6 Histogram of the depth-dependent number density of optically active
Si nanocrystals emitting (a) at A = 700 nm and (b) at A = 900 nm, obtained from the
data in Fig. 4.4(b). (c) The concentration of excess Si in the SiO; film as calculated
from Fig. 4.2. (d) Bright-field cross-sectional TEM image of the SiO, film containing

Si nanocrystals.
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4.3. Tuning the Emission Energy of Si
Nanocrystals by Oxidation

In order to take advantage of quantum confinement effects to tune the
emission energy of the Si nanocrystals, the size distribution must be tailored. In this
section, a method is presented by which the luminescence energy can be continuously
tuned throughout the visible spectrum by thermal oxidation, which induces a
reduction of the average Si nanocrystal size in SiO; films. By inducing a reduction in
average Si nanocrystal size by thermal oxidation at 1000°C, the photoluminescence
(PL) peak wavelength from Si nanocrystals embedded in SiO, films can be blue-
shifted by more than 200 nm. Transmission electron microscopy and Rutherford
backscattering spectrometry measurements show the oxidation of Si particles starts
near the surface of the SiO; film and as time progresses, an oxidation front moves
deeper into the film. The blue-shift in PL peak energy is attributed to a decrease in
the average nanocrystal size as the oxidation progresses, in agreement with quantum
confinement theory.

SiO» films (100 nm thick) grown by wet thermal oxidation of lightly p-doped
(100) Si wafers were implanted at room temperature with 35 keV Si" to a dose of
6x10'%/cm?, resulting in a Si concentration at the peak of the implantation profile of
44 atomic percent, as determined by Rutherford backscattering spectrometry. These
samples were subsequently annealed at 1100°C for 10 minutes in vacuum at a base

pressure of 1x107 torr to induce nucleation and growth of Si nanocrystals [9].
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Oxidation was performed in flowing O, (flow rate = 47 sccm.) at 1000°C and at 1
atm. for times ranging from 0 to 30 minutes. Finally, 600 eV all samples were
deuterium passivated to quench the defect-related luminescence by means of
deuterium implantation using a Kauffman ion source [9], and the Si nanocrystal
luminescence intensity was optimized by a subsequent anneal at 400°C for 10
minutes.  Cross-sectional bright-field transmission electron microscopy was
performed to determine the presence and the distribution of the nanocrystals in the
oxide film. Rutherford backscattering spectrometry was performed to determine the
Si depth profile using a 2 MeV He" beam at a scattering angle of 93° and an angle of
3° between the sample normal and the incident He™ beam. The depth resolution was
10 nm. Room temperature photoluminescence (PL) spectra were taken using the
457.9 nm line of an Ar” ion laser at a pump power density of 10 mW/mm’ and
detected by a grating spectrometer in combination with a thermoelectrically cooled Si
CCD detector array. All spectra were corrected for the system response.
Photoluminescence decay time measurements were made after pumping to a steady
state with a power density of 0.2 mW/mm®. The pump light was chopped with an
acousto-optic modulator and the lifetime traces were taken with a GaAs
photomultiplier in combination with a multichannel photon counting system. The

time resolution of the setup was 400 ns.
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4.3.1 Oxidation of Si Nanocrystals in SiO;

The effect of annealing the SiO, film containing Si nanocrystals in oxygen
ambience is schematically presented in Figure 4.7. Oxygen diffuses into the film and
induces oxidation of the Si nanocrystals in a layer-by-layer fashion, leaving
stoichiometric SiO, behind as the oxidation front moves into the film.

Figure 4.8(a) shows a bright field cross-sectional transmission electron
micrograph of the Si'-implanted SiO, film after annealing in vacuum at 1100°C.
Despite the weak mass-thickness contrast between Si and SiO, it shows a dense array
of Si particles distributed throughout the whole thickness of the oxide film. The
presence of larger particles near the center of the film is clearly evident, compared to
regions near the surface and near the Si/SiO, interface. This is attributed to the fact
that implantation produces a Gaussian shaped Si concentration depth profile with a
peak excess concentration of Si in the center of the oxide film. It has been
demonstrated in Chapter 2 (Fig. 2.5) that these Si nanocrystals are single-crystalline
using high-resolution transmission electron microscopy [9].

Figure 4.8(b) shows a cross-sectional bright-field transmission electron
micrograph of the identical sample after receiving an additional oxidation annealing
treatment at 1000°C for 15 minutes. The image was taken in a slightly defocused
condition to enhance the Fresnel contrast so as to highlight the oxidation front. The

arrow indicates the oxidation front, or the depth to which oxidation of nanocrystals
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has taken place. In the first ~60 nm region from the surface all nanocrystals have
been oxidized into SiO,, while the rest of the film (~40 nm) closer to the SiO,/Si
substrate interface clearly shows the presence of nanocrystals. It is clear that the
oxidation occurs in a layer-by-layer as depicted in Fig. 4.7, as opposed to all
nanocrystals throughout the film thickness being oxidized simultaneously.

Figure 4.9 shows the Rutherford backscattering spectra of the as-annealed
Si0O; film containing Si nanocrystals before oxidation (indicated by a “0”) and after
annealing in flowing oxygen at 1000°C for 3, 6, 10, 15, and 30 min. The surface
channel for Si in SiO; is indicated by an arrow. The Si depth profile of the as-
annealed film before oxidation shows a peak concentration of 44 atomic percent at
roughly 40 nm below the surface. It can be clearly seen that the oxidation of Si
nanocrystals starts at the surface and as time progresses, the oxidation front moves
deeper into the film. After three minutes, the oxidation front has reached a depth of
50 nm and the Si concentration near the surface is approximately 33 atomic percent,
i.e., the Si concentration is that of stoichiometric Si0,. Upon further oxidation the
oxidation front moves more slowly but steadily deeper into the film and after 30
minutes the whole film is reconverted into stoichiometric SiO,. It should be noted
that the width of the oxidation front is much wider than the RBS depth resolution
(=10 nm), indicating that a relatively wide nanocrystal-containing region is being

oxidized at the same time.
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Figure 4.7. A schematic illustration of oxidation of SiO, films containing Si
nanocrystals. The oxidation proceeds in a layer-by-layer fashion, leaving behind

stoichiometric Si0O> the oxidation front.
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Figure 4.8. (a) Cross-sectional bright field transmission electron micrograph of 100
nm SiO, film containing Si nanocrystals made by implantation of 35 keV Si’ to a
dose of 6x10'® Si/cm” and subsequent annealing at 1100°C for 10 min. The center of
the film clearly shows bigger particles; (b) The same sample after annealing in O, at
1000°C for 15 min. An oxidation front is clearly shown, where indicated by the

arrow.



Chapter 4 122

10

) Oxidation time ]
8N 3015106 3 O —

Normalized Yield

0 I : | : ! :
1.2 1.3 1.4 1.5

Energy (MeV)

Figure 4.9. Rutherford backscattering spectra of 100 nm thick SiO, films implanted
with 6x10'® Si/cm?, annealed at 1100°C for 10 min., and subsequently oxidized at
1000°C for 0, 3, 6, 10, 15, and 30 minutes. The oxidation times are indicated at the
peak of the Si depth profile of the corresponding spectrum. The horizontal arrow
indicates the direction in which the oxidation front moves. The Si surface channel is

also indicated by an arrow.
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4.3.2 Continuous Tuning of the Emission Energy of
Si Nanocrystals by Oxidation

Figure 4.10 shows the room temperature PL spectra of the films taken before
and after oxidation for 3, 10, 15, 20, 25 and 29 min., plotted on a logarithmic intensity
scale. The PL spectrum of the unoxidized sample (“0”) shows a broad peak centered
around 880 nm, in agreement with the estimated recombination energy for quantum-
confined excitons in a = 3 nm diameter Si nanocrystal [12] corresponding to about
700 atoms per crystal. The width of the emission band is attributed to a wide
distribution in nanocrystal sizes [4,12]. It can be seen in Fig. 4.10 that the intensity
increases over the whole wavelength region by a factor of =1.5 after 3 min. oxidation,
and then decreases for longer oxidation times. Furthermore, oxidation leads to a
continuous blue-shift of the spectrum. After oxidation for 29 min., the emission
peaks at 680 nm. Taking into account the tails of the spectra, this oxidation technique
can be used to tune the luminescence from 500 nm (green) all the way to the bandgap
of bulk Si at 1.11 pm. An emission wavelength of 500 nm corresponds to a crystal
diameter of =1 nm (=26 atoms) [12].

In the case of a system of non-interacting Si nanocrystals, the luminescence
intensity at each wavelength is determined by the number density of Si nanocrystals,
the absorption cross-section, and the radiative efficiency. Nanocrystals exhibiting
luminescence at different wavelengths will have different absorption cross-sections as

the absorption cross-section depends on the size. However, at a fixed wavelength,
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changes in the PL intensity can directly be translated into a change in the number
density of optically active nanocrystals of a particular size. Since the total number of
nanocrystals decreases upon oxidation, the initial intensity increase observed after 3
min. oxidation must be attributed to an increase in the luminescence efficiency. It is
known that Si nanocrystals made by thermal annealing of a Si-rich oxide have a
suboxide layer between the nanocrystal and the SiO, matrix [28] that could give rise
to nonradiative decay channels for quantum confined excitons. The oxidation
treatment might remove these nonradiative decay channels (and thus increase the
luminescence efficiency) by making the nanocrystal surroundings more
stoichiometric. The Rutherford backscattering spectra in Fig. 4.9 show that after 3
min. oxidation, half of the Si profile is affected by the oxidation, resulting in possible
changes in the luminescence efficiency for all nanocrystal sizes, as observed. The
overall decrease in the intensity observed for longer oxidation times is attributed to
three effects: 1) a decrease in the number density of Si nanocrystals; 2) a decrease in
the absorption cross-section for optical excitation with decreasing nanocrystal size
[12]; 3) the oxidation process that may yield nanocrystals that do not exhibit
luminescence.

According to quantum confinement theories, the bandgap of Si nanocrystals
increases with decreasing nanocrystal size [12,13]. Comparing the luminescence
spectra for 3, 10, and 15 min., it can be seen that the intensity decreases at
wavelengths longer than 740 nm, while it increases for shorter wavelengths. This

behavior can be explained in terms of a shift of the nanocrystal size distribution to
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smaller sizes due to the oxidation process, as indicated schematically in the inset of
Fig. 4.10. The number density of nanocrystals emitting at shorter wavelengths than
0.74 pm increases due to oxidation of larger nanocrystals emitting at longer

wavelengths. After oxidation for 15 min., when nearly all the large nanocrystals in

the center of the oxide film have been oxidized (as indicated by the transmission
electron micrograph in Fig. 4.8 and Rutherford backscattering spectra in Fig. 4.9), the
intensity at the long wavelength side of the PL spectrum (> 950 nm) has decreased by
more than an order of magnitude. For longer oxidation times (20 min., 25 min., and
29 min.) the PL spectra continue to shift towards the blue, indicating a further
decrease in the average size of the nanocrystals exhibiting luminescence. Eventually,
after oxidation for 30 min., all nanocrystals have been oxidized and no PL can be
observed.

Figure 4.11 shows normalized room temperature PL decay traces taken at 700
nm from some of the samples that were shown in Fig. 4.10. A stretched exponential
function: I(t) = exp(-t/7)", was fitted to the data, in which 1 is an effective 1/e PL
decay time, and B is a constant between 0 and 1. For the unoxidized sample we find
=12 ps and B=0.63. Upon oxidation T and B monotonously increase up to values of
=43 ps and B=0.79 for 29 min. oxidation.

A 1/e PL decay time on the order of tens of us is indicative of the fact that the
Si nanocrystals behave as an indirect bandgap semiconductor, as is expected for
nanocrystals exhibiting luminescence at this wavelength [4,12].  Stretched

exponential decay of the luminescence is commonly observed for Si nanocrystals in
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an oxide matrix, porous Si, and other materials that are disordered or inhomogeneous
on the microscopic scale [3,4]. In the ideal case of non-interacting nanocrystals that
can only decay radiatively, a single exponential decay is expected, i.e., B=1. The
experimental fact that P<l demonstrates that interaction between neighboring
nanocrystals, or between nanocrystals and defect-states may play an important role in
the PL behavior. The increase in both 1 and B then shows that upon oxidation the
nanocrystals emitting at 700 nm more and more approach the ideal case of a

collection of non-interacting radiatively decaying nanocrystals.
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Figure 4.10. Room temperature photoluminescence spectra of 100 nm thick SiO»
films containing Si nanocrystals, plotted on a logarithmic intensity scale, after
oxidation for 0, 3, 10, 15, 20, 25, and 29 min. at 1000°C. For each spectrum, the
corresponding oxidation time is indicated. The bandgap wavelength of bulk Si is
indicated by an arrow. The inset schematically shows the change in the nanocrystal

size distribution upon oxidation.
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Figure 4.11. Normalized room-temperature photoluminescence decay traces of SiO»

films containing Si nanocrystals taken at 700 nm after oxidation for 0, 3, 10, and 29

min. at 1000°C. For each decay trace the corresponding oxidation time is indicated.
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4.4 Conclusions

In this chapter, the size distribution of Si nanocrystals as a function of film
depth has been investigated in order to understand and engineer the optical properties
of the SiO; films containing Si nanocrystals. In the first part of this chapter, depth-
resolved measurements of the photoluminescence have been performed by chemical
etching through the SiO; film in steps to determine the depth distribution of optically
active Si nanocrystals. By analyzing the changes in the PL spectra after each etch
step, depth-resolved information is obtained on the location of all luminescence
sources present in the film. It is found that the defect-related luminescence centered
around ~600 nm mainly originates from the =15 nm-thick region near the surface.
Large Si nanocrystals emitting at 900 nm are mainly located in the center of the oxide,
where the initial Si concentration is the highest. This is in agreement with
transmission electron micrographs that show the largest nanocrystals located in the
center of the film. The luminescence from small nanocrystals, emitting at 700 nm and
shorter wavelengths, mainly originates from regions close to the SiO, film surface and
the Si0,/Si interface. The high concentration of small nanocrystals near the surface
and SiO,/Si interface can be attributed to low initial Si excess concentration and
Gibbs Thompson effect between the nanocrystals and the Si substrate, respectively.

Alternatively, it may be that the luminescence of small nanocrystals is quenched in
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the center of the film, due to excitation migration from small nanocrystals to large
nanocrystals.

In the second part of this chapter, a method by which the luminescence energy
can be continuously tuned throughout the visible spectrum has been presented.
Transmission electron micrographs and Rutherford backscattering spectra show that
thermal annealing the SiO, films containing Si nanocrystals in flowing O, at 1000°C
for up to 30 min. results in oxidation of the Si nanocrystals, first close to the SiO,
film surface and later at greater depths. The average size of the nanocrystals
continuously decreases, and upon oxidation for 30 min., the photoluminescence peak
wavelength blue-shifts by more than 200 nm. This blue-shift is unambiguously
identified with the quantum size effect in which a reduction of the average
nanocrystal size leads to emission at shorter wavelengths. The room temperature
luminescence lifetime measured at 700 nm was on the order of 10 ps, indicative of the
fact that the Si nanocrystals continue to behave as an indirect bandgap material. The
decay traces become more single exponential upon oxidation, which is attributed to a

decrease in the interaction of the nanocrystals with their surroundings.
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Chapter 5

Growth and Characterization
of Epitaxially Stabilized

o n, Si; . /Si and o-Sn/Si
Heterostructures

5.1 Introduction

There has been a steady progress towards monolithic integration of optics and
electronics on the same Si substrate to make monolithically integrated Si-based
optoelectronic integrated circuits [1,2]. An optoelectronic integrated circuit refers to
optical components and advanced microelectronic components integrated into the

same integrated circuit on the same substrate. And a monolithically integrated circuit
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refers to integrated circuits having every component made from group IV materials.
Monolithic integration promises a cost-effective way of creating optoelectronic
integrated circuits since the already-advanced Si processing technology can be readily
implemented. The progress towards the development of Si-based optoelectronic
integrated circuits has been steady, yet not precipitous, mainly due to a lack of
efficient light emitters based on Si. The indirect band gap and a low carrier mobility
of Si pose as formidable obstacles for realization of Si-based photonic devices. And
while Ge is the only other group IV element known to form a stable solid solution
with Si, the resulting alloy is still expected to be fundamentally an indirect gap
semiconductor throughout the whole composition range. | The various efforts to
circumvent the limitations arising from the indirectness of the Si band gap have been
outlined in Chapter 1.

One approach for realization of a direct energy gap group IV alloy
semiconductor involves alloying Sn with Si or Ge to form epitaxially stabilized
diamond cubic Sn,Ge;../Ge and Sn,Si;_,/Si heterostructures [3-6]. Diamond cubic a-
Sn is a zero band gap semiconductor with degenerate conduction and valence bands
at the I point [7], and band structure calculations have suggested that when Si or Ge
is alloyed with Sn the resulting alloy systems Sn,Si;« and SnyGe,;., are predicted to
have direct and tunable energy gaps for Sn compositions exceeding some critical
concentration [3-6]. Recently the indirect-to-direct band gap transition was observed
in SnyGe, . alloys grown by molecular beam epitaxy [8].

Two types of heterostructure growth are investigated in this chapter. First, the

pseudomorphic growth of dilute (x<0.06) Sn,Si,. alloys on Si, which have also been
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reported by others [9,10], are investigated. Although not predicted to be a direct gap
semiconductor, the dilute Sn,Si, alloy films are interesting due to the potential for

strain and band gap engineering of Si-based heterostructures. Second, this chapter
also demonstrates the growth of coherently strained, epitaxially stabilized ultrathin o-
Sn/Si and high Sn concentration Sn,Si;./Si quantum well heterostructures and o-
Sn/Si quantum well superlattice structures by a modified molecular beam epitaxy
technique employing temperature and growth rate modulations. Growth of such
heterostuctures is motivated by the prediction that a Sn,Si, . alloy has to be high in Sn
concentration for the realization of a semiconductor material with a direct band gap
that can be tuned in energy [3-6]; one might also potentially take advantage of the
quantum carrier confinement to further tune the energy gap in a-Sn/Si and high Sn
concentration Sn,Si;../Si quantum well heterostructures over a wide range in the
infrared frequency range [11].

Growth of such heterostructures is challenged by the large lattice mismatch
between o-Sn and Si (19.5%), very low solid solubility of Sn in crystalline Si
(~5x10"" ¢cm™) [12], and pronounced Sn segregation to the surface during growth at
ordinary Si epitaxy temperatures (T>~400°C). To incorporate Sn at high
concentrations while maintaining high epitaxial film quality, we employ temperature
and growth rate modulations in molecular beam epitaxy, as has previously been
employed for growth of Sb delta-doped layers in Si [13] and Ge/a-Sn

heterostructures on Ge [14].
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5.2 The Si-Sn Alloy System

5.2.1 Predicted Electronic Structure of the Novel
Semiconductor Alloy SnxSii-x

Diamond cubic a-Sn, which is thermodynamically stable below 13.2°C [13],
is a direct gap semimetal with the conduction band minimum overlapping into the
valence band maximum by 0.15 eV at T" point ( k£ =<0,0,0>) [7]. This is illustrated in
Fig. 5.1 from a semiempirically constructed band structure of a-Sn using the Slater-
Koster parameter model [4]. Motivated by the possibility for developing a novel
group IV semiconductor with a direct and tunable energy gap in the infrared, there
have been several theoretical investigations on the predicted band gap as a function of
composition for Sn-Si alloy system [3-6].

Interestingly, when the indirect gap semiconductor Si is alloyed with a-Sn,
the conduction band at L point (£ =<1,1,1>) decreases in energy with increasing Sn
concentration at a slower rate compared to the conduction band at " point [3-6]. As a
result the Sn,Si,. alloy is predicted to have a direct and tunable optical energy gap
for compositional range exceeding some critical Sn concentration [3-6]. The linear
projections of the critical eigenvalues from results of the Slater-Koster parameter
model is illustrated in Fig. 5.2 [4]. In the linear projection of critical point
eigenvalues as a function of alloy composition known as Vegard’s Law, the energy

gap 1s predicted to be direct and semiconducting for the composition window 0.82 < x
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< 0.95, corresponding to an energy gap window of 0 < E,; (eV) < 0.40. In order for
the Sn,Si;.« alloy system to have a direct gap, therefore, the composition must be in
the Sn-rich end. The requirement of high Sn content poses an obstacle since the
lattice mismatch is extremely large (19%) between a-Sn and Si. Then, this suggests
that the stabilization of Sn in a strained pseudomorphic Sn,Si,., alloy with high Sn

content would require the strained layer to be very thin.
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Figure 5.1. A semiempirically constructed electronic band structure of a-Sn using

the Slater-Koster parameter model [4].
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Figure 5.2. The predicted energy band diagram for the elemental semiconductors Si
and o-Sn, showing projections of critical-point eigenvalues from Ref. 4. The
eigenvalues for Si and a-Sn are connected by line segments to represent the energy
for the binary system Sn,Si|; i.e., the valence band and conduction band shapes are
assumed to change linearly with composition (Vegard’s law). The energy gap is
predicted to be direct and semiconducting for the composition window 0.82 < x <

0.95, corresponding to an energy gap window of 0 < E, (eV) < 0.40.
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5.2.2 Thermodynamic Properties of the Si-Sn Alloy
System

The equilibrium phase diagram [12] of the Si-Sn binary alloy system shown in
Fig. 5.3 illustrates a simple eutectic system with a eutectic point with boundaries very
close to the melting point of pure Sn at 232°C. From the inset in the phase diagram in
Fig. 5.3, the solid solubility of Sn in Si is expected to be very low, with the maximum
value being only 0.1% at 1066°C. This indicates that any alloy composition of
interest for heterostructures would clearly have to be highly metastable chemically as
well as elastically. For example, the equilibrium phases of a 50%-Sn Si-Sn mixture at
a typical Si growth temperature of 500°C is composed of almost pure solid Si and
liquid Sn. Even below the melting point of Sn at 232°C, the equilibrium phases are
almost-pure Si and almost-pure body-centered tetragonal B-Sn, which is stable above
13.2°C [13]. So unless the system is prevented from phase-separating due to a kinetic
barrier, the mixture would not form a thermodynamically stable compound. The
phase separation can be prevented by epitaxial stabilization of Sn atoms in Si-Sn
alloy grown at a low temperature on a single crystal Si substrate. Epitaxially
stabilized pure o-Sn on a lattice-matched single crystal substrate has been
demonstrated to be stable up to much higher temperature (130°C) [14-17]. Another
deleterious effect of the low bulk solid solubility is the related low surface solid

solubility, which results in severe surface segregation of Sn during epitaxial growth.
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For this reason, Sn has actually been used as a surfactant in growth of Si-Ge alloys

[18-20].
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Figure 5.3. Equilibrium phase diagram of the Si-Sn alloy system [12].
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5.2.3 Critical Thickness for Coherent Growth of
SnxSi]_-x/ Si

In addition to being chemically metastable, epitaxial Sn,Si;./Si is also
metastable with respect to coherency strain due to the large lattice mismatch between
Si and a-Sn (19%). It is well known that when lattice mismatched epitaxial layers
are grown on a single crystal substrate, the first atomic layers will be strained to
match the substrate to form a coherent interface. Coherent growth continues until the
built-up strain energy in the epitaxial layer exceeds a critical value, whence it
becomes energetically favorable for the epitaxial layer to lower its energy by
introduction of misfit dislocations.

Numerous authors [21-23], followed by the initial prediction by Van der
Merwe [24], have theoretically predicted the existence of a critical thickness
corresponding to the critical strain energy. Figure 5.4 shows the predicted
equilibrium critical thickness for introduction of misfit dislocations for the Sn,Si,../Si
system, calculated using two representative approaches. The calculation by Van der
Merwe [24] consists of an energy density balance between the density of elastic strain
energy and the energy of non-interacting arrays of edge dislocations. The expression

used for the curve of critical thickness 4., in Fig. 5.4 is given by

ho=— " [m i +1} (5.1)
8f(1+v)| b

where f is the misfit, vis the Poisson’s ratio, and b is the Burgers vector given by

(a/2)<110> for 60° misfit dislocations on {111} glide planes. The calculation by
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Mathews and Blakeslee [22] consists of a force balance between the force acted on
the dislocation by misfit stress and the dislocation line tension and is given by the

expression

_ b (1—vcos2a) 1

i = n . +1], (5.2)
8 (1+v)cosA b

where « is the angle between the dislocation line and the Burgers vector b, and A is
the angle between the slip direction and that direction in the film plane that is
perpendicular to the line of intersection of the slip plane and the interface. For the
epitaxial films grown on a (100) substrate, assuming the Burgers vector to be
(a/2)<110> for 60° misfit dislocations on {111} glide planes, both cos « and cos 4
have the value 0.5.

From examination of Fig. 5.4, it is clear that for the composition range where
the Sn,Si; . alloy is expected to be a direct gap semiconductor (x>82%), the predicted
equilibrium critical thickness does not exceed more than a monolayer. Thus, it is
clearly expected that the epitaxial stabilization of a Sn-rich epitaxial Sn,Si;.,/Si would
require the strained layer thickness to be severely limited, if the epitaxial film were to

remain coherent at high temperatures.
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Figure 5.4. Calculated equilibrium critical layer thickness for the introduction of
misfit dislocations for the alloy Sn,Si;.« grown on Si as a function of Sn content x and
misfit. The misfit varies from 0 to 19% for x=0 to x=1.0. The upper dotted curve
represents the critical layer thickness as calculated using Eq. (5.1) from mechanical
equilibrium theory by Mathews and Blakeslee [22] and the lower dashed curve
represents the critical layer thickness calculated using Eq. (5.2) from the theory of

Van der Merwe [24].
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5.3 Growth of Dilute SnxSiix/Si by
Conventional Molecular Beam

Epitaxy

Although not expected to be direct band gap semiconductors from the
foregoing discussion in Section 5.2.1, dilute Sn,Si; alloys still offer a strong
potential for strain and band gap engineering. There have already been reports [9,10]
of successful growth of dilute (x<4%) pseudomorphic Sn,Si;../Si and observation of
low-temperature band-edge photoluminescence attributable to the strained alloy film.
In this section, a study on the growth of dilute Sn,Si,./Si using conventional
molecular beam epitaxy is presented.

All films were grown in a custom-built molecular beam epitaxy system with a
base pressure of 3x107'” torr. The system is equipped to perform 30 keV reflection
high energy electron diffraction (RHEED) for in situ surface analysis. The (100) float
zone Si substrates were prepared by first removal in HF of a 100 nm thermally-grown
oxide and then by cleaning in 5:1:1 H,O:H,0,:NH4OH solution and subsequent
complete removal of the chemically-grown oxide in a 10% HF-H,0 solution to obtain
a hydrogen-terminated Si (100) surface. After transfer to ultrahigh vacuum, the
substrates were baked in situ at 200°C for 2 hours to desorb hydrocarbon
contaminants. Just prior to growth of the Si buffer layer, the substrates were heated
to 550°C to desorb hydrogen and obtain a (2x1) surface reconstruction. Si and Sn

were deposited by electron beam evaporation and thermal effusion, respectively. Si
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deposition rates were controlled using a quartz crystal monitor and Sn deposition rate
was controlled via effusion cell temperature. The Sn effusion cell temperature was
varied between 675-755°C to yield deposition rates between 0.003—-0.02 ML/sec (1
ML=6.79x10"*/cm?).

For all films 50—-80 nm-thick Si buffer layers were deposited prior to the
deposition of the alloy layer. The buffer layers were first started to be deposited at
550°C and gradually lowered in temperature so that the substrate temperature reaches
the alloy layer growth temperature by the end of the buffer layer growth.

The samples were analyzed by in situ reflection high-energy electron
diffraction (RHEED), Rutherford backscattering spectrometry (RBS) with a 2 MeV

He"" beam, and high-resolution X-ray rocking curve analysis using Cu K, radiation.

5.3.1 High Temperature Growth of Dilute
SnxSil-x/ Si

The single greatest difficulty in the growth of Sn,Si;../Si by conventional
molecular beam epitaxy at high temperatures (T>350°C) is the severe segregation of
Sn to the surface. This section illustrates the problems associated with the growth of
dilute Sn,Si,.,/Si films at ordinary epitaxial growth temperatures for Si. The samples
analyzed consist of 120 nm-thick Sn,Si;.«/Si films grown at 450°C with beam flux

composition between x=0.0025 to x=0.006.
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All films exhibited severe Sn surface segregation during growth. The final
composition variation as a function of depth is illustrated in the Rutherford
backscattering spectrum of 120 nm-thick Sn,Si,./Si alloy grown at 450°C with
nominal beam flux x=0.004 at a total atom flux of 5.0x10'*/cm*/sec, shown in Fig.
5.5. The sharp peak on the high-energy side of the Sn spectrum corresponds to Sn
atoms segregated to the surface. It can be seen that even with such a low Sn flux, a
significant fraction of the deposited Sn has segregated to the surface.

The segregation of Sn has also been observed in situ during the initial stages
of the alloy layer growth by reflection high-energy electron diffraction. As more and
more Sn segregated to the surface, the surface reconstruction evolved in agreement
with previous observations for various Sn coverage on Si (100) [25-27]: (6x2) for
0.375-0.5 ML, c(4x8) for 0.5-1.0 ML, and (5x1) for 1.0-1.5 ML. Accumulation of
more than one monolayer of Sn on the surface lead to a spotty diffraction pattern,
indicative of the growth mode changeover of Sn on Si from two-dimensional to three-

dimensional.
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Figure 5.5. Rutherford backscattering spectrum of 120 nm-thick Sn,Si;./Si with
nominal beam flux composition x=0.004 grown by conventional molecular beam
epitaxy at 450°C. The sharp peak on the high energy edge of the Sn spectrum

corresponds to the surface-segregated Sn.
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5.3.2 Low Temperature Growth of Dilute
SnxSil-x/ Si

The results of Section 5.3.1 indicate that the substrate temperature has to be
lowered significantly in order to incorporate appreciable amounts of Sn. In this
section, the growth of Sn,Si,./Si films with the incorporated Sn concentration up to
6% is demonstrated by conventional molecular beam epitaxy at low temperatures.

Investigated samples consist of 100 nm-thick Sn,Si,../Si films of nominal
beam flux compositions x=0.024 and x=0.06 grown at three temperatures: 250°C,
300°C, and 350°C. The total atom flux for the two compositions were
1.54x10'*/cm?/sec and 1.59x10"*/cm?/sec, respectively.

Figures 5.6(a)-(c) illustrate the evolution of the surface during growth of
Sny 024519976 at 300°C as observed by in situ reflection high-energy diffraction. The
temperature is continuously dropped from 550°C to 300°C during the buffer layer
growth so that the surface remains clean and Fig 5.6(a) shows the (2x1) reconstructed
Si (100) surface of the buffer layer during the cool-down. Figure 5.6(b) shows the
diffraction pattern after deposition of 4 nm of the alloy. The substrate temperature is
330°C. The diffraction pattern becomes spotty and diffuse, indicative of a three-
dimensional growth mode. Figure 5.6(c) shows the diffraction pattern after
deposition of 50 nm of the alloy at 300°C. In addition to diffraction spots
corresponding to three-dimensional growth, streaks are also visible, indicative of a

faceted three-dimensional growth.
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Figures 5.7(a) and (b) show Rutherford backscattering spectra of Sng 06519 94/S1
alloys grown at 300°C and 350°C, respectively. It can be seen that segregation is
very pronounced for the film grown at 350°C in Fig. 5.7(b). Similar spectra have
been observed (not shown) for the Sng (2481 97¢/Si alloys. At the given deposition rate
and flux ratio, the surface segregation becomes pronounced at T>300°C.

Figures 5.8 (a)—(d) show symmetric (004) reflection high-resolution X-ray
rocking curves of Sng 24810 97¢/Si. Figure 5.8(a) is a dynamical simulation [28] for a
106 nm-thick Sng (24Si0.97¢/Si alloy and Fig. 5.8(b) is the experimental rocking curve
of the 100 nm-thick film grown at 250°C. It can be seen that the experimental curve
in Fig. 5.8(b) compares well with the simulation in Fig. 5.8(a), indicating that the film
grown at 250°C is fully strained and pseudomorphic. This is in agreement with
previous results [9,10]. Figures 5.8(c) and (d) show the rocking curves of 100 nm-
thick films of the same nominal composition grown at 300°C and at 350°C,
respectively. Despite the fact that the deposition rate, the thickness, and the nominal
beam flux composition are identical within experimental error, the spectra of the
films grown at 300°C and 350°C show the peaks corresponding to the compressively
strained Sn,Si;.« at much smaller angular distances from the Si substrate (004) peak
compared to the film grown at 250°C, indicating that the films grown at 300°C and
350°C are not fully strained and therefore not pseudomorphic. Very little surface
segregation was observed from the Rutherford backscattering spectrum (not shown)
of the 100 nm-thick Sny 24Si097¢/Si film grown at 300°C. This suggests that for the

film grown at 300°C, the less-than-fully-strained peak in the rocking curve in Fig.
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5.8(c) is due to a partial relaxation of the strain energy by the introduction of misfit
dislocations. The Rutherford backscattering spectrum (not shown) of the 100 nm-
thick Sng 024Si0.97¢/Si film grown at 350°C does, however, indicate that the surface
segregation of Sn is pronounced at 350°C. Thus at 350°C, the observation of less-
than-fully-strained peak in the rocking curve in Fig. 5.8(d) is due to the surface
segregation of Sn and/or strain relaxation by introduction of misfit dislocations.

A similar X-ray rocking curve analysis performed on SngsSig94/Si films
grown at 250°C, 300°C, and 350°C indicate that films grown at all temperatures are
less than fully strained. From a comparison of the X-ray spectra and Rutherford
backscattering spectra, it can be concluded that the Sng6Sigos/Si films grown at
250°C and 300°C have undergone strain relaxation by introduction of misfit
dislocations.  Also, a comparison of the X-ray spectrum and the Rutherford
backscattering spectrum in Fig. 5.7(b) of the SngSip4/Si film grown at 350°C
indicates that the film has undergone surface segregation of Sn and/or strain

relaxation by introduction of misfit dislocations.
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Figure 5.6. Evolution of the surface during growth of Sng(24Sig976 at 300°C as
observed by in situ reflection high-energy electron diffraction: (a) the (2x1)
reconstructed Si (100) surface of the buffer layer; (b) after deposition of 4 nm of the

alloy at 330°C; (c) after deposition of 50 nm of the alloy at 300°C.
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5.4 Growth of Ultrathin Pseudomorphic
o-Sn/Si and SnxSiix/Si
Heterostructures by Temperature-
Modulated Molecular Beam Epitaxy

We report in this section the growth of coherently strained, epitaxially
stabilized ultrathin quantum well heterostructures based on a-Sn/Si and Sn,Si;./Si
with high x by employing temperature and growth rate modulations in molecular
beam epitaxy. As discussed in Section 5.2.1 the growth of such heterostuctures is
motivated by the prediction that a Sn,Si, . alloy has to be high in Sn concentration for
realization of a tunable direct band gap group IV semiconductor [3-6]. An additional
potential advantage of growing ultrathin quantum well heterostructures based on a-
Sn/Si and Sn,Si;.,/Si with high Sn content is the possibility of taking advantage of the
quantum carrier confinement to further tune the energy gap over a wide range in the
infrared frequency range [11]. This is of interest particularly since quantum
confinement may be able to raise the optical transition energy to the fiber optics
communication wavelength of 1.55 um. In terms of coherency strain, epitaxial
stabilization of pseudomorphic Sn,Si;./Si with high x can be realized as long as the
strained layer thickness remains severely limited, as discussed in Section 5.2.3.

As discussed in Sections 5.2.2 and 5.2.3, the growth of such heterostructures

is challenged by the large lattice mismatch between a-Sn and Si (19.5%), very low

solid solubility of Sn in crystalline Si (~5x10" cm™) [12], and pronounced Sn
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segregation to the surface during growth at ordinary Si epitaxy temperatures (T>~
400°C). In order to incorporate high concentration of Sn while maintaining a high
epitaxial quality, a modified molecular beam epitaxy technique is employed where
the temperature and growth rate are modulated. Similar technique has previously

been used for growing Sb delta-doped layers in Si [29] and Ge/a-Sn heterostructures

on Ge [30].

5.4.1 Temperature-Modulated Molecular Beam
Epitaxy

All films were grown in a custom-built molecular beam epitaxy system with a
base pressure of 3x10'" torr. The (100) float zone Si substrates were prepared by
first removal in HF of a 100 nm thermally-grown oxide and then by cleaning in 5:1:1
H,0:H,0,:NH4OH solution and subsequent complete removal of the chemically-
grown oxide in a 10% HF-H,O solution to obtain a hydrogen-terminated Si (100)
surface. After transfer to ultrahigh vacuum, the substrates were baked in situ at
200°C for 2 hours to desorb hydrocarbon contaminants. Just prior to growth of the Si
buffer layer, the substrates were heated to 550°C to desorb hydrogen and obtain a
(2x1) surface reconstruction. Si and Sn were deposited by electron beam evaporation

and thermal effusion, respectively. Si deposition rates were controlled using a quartz

crystal monitor and Sn deposition rate was controlled via effusion cell temperature.
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The Sn effusion cell temperature was varied between 675°C-755°C to yield
deposition rates between 0.003—-0.02 ML/sec (1 ML = 6.79x10"/cm?).
Temperature-modulated molecular beam epitaxy is described as follows. A
typical modulation of growth temperature during molecular beam epitaxy is
schematically illustrated in Fig. 5.9. For all types of heterostructures, Si buffer layers
were first grown at 550°C at 0.05 nm/sec. to obtain a smooth Si surface, as judged by
reflection high energy electron diffraction (RHEED) prior to deposition of Sn or
Sn,Si;.« layers. For growth of a-Sn/Si quantum well and quantum well superlattice
structures, Sn deposition at 0.02 ML/sec (1.4x10"*/cm?/sec) immediately followed the
high-temperature Si buffer layer growth at 550°C. After Sn deposition, the growth
was interrupted to cool the substrate to 110°C—170°C, which took approximately
25-35 min., for growth of a low temperature Si capping layer. The growth procedure
for Sn,Si,.«/Si was similar except that the growth was interrupted after deposition of
the Si buffer layer to cool the substrate to 110°C-170°C prior to deposition of the
alloy layer. Since the substrate was cooled prior to deposition of Sn,Si; layers, Si
overlayer growth followed immediately without further growth interruption. The
substrate cool-down procedure for both types of heterostructures is critical in
preventing the Sn atoms from segregating to the surface. After either Sn or Sn,Si;. is
deposited, a low-temperature (110°C—170°C) Si capping layer was deposited at a low
growth rate of 0.01 nm/sec.—0.03 nm/sec. The low-temperature Si capping layer

ensures that the Sn atoms from the Sn-containing epitaxial layer do not segregate to
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the surface. In effect, the Sn atoms in the Sn-containing epitaxial layers are “frozen-
in” so that they don’t have enough atomic mobility to segregate to the surface.

As illustrated in Fig. 5.9, after 3-6 nm of Si overlayer deposition at 110°C-
170°C, the substrate temperature is increased so as to return the substrate temperature
to 550°C at a desired overlayer thickness. For quantum well superlattice structures,
this thickness corresponds to the period thickness (8-27 nm). After the substrate
temperature reaches 550°C, the growth rate is also increased back to 0.05 nm/sec.
After growing the Si overlayer with a desired thickness, this process is repeated for
multilayer and superlattice structures. A gradual raising-up of the substrate
temperature ensures that each layer of Sn or Sn,Si, layer starts on a smooth Si
surface. After growing the Si overlayer to a desired thickness, another Sn or Sn,Si .«
layer can be deposited and the whole process can be repeated for a desired number of
times for multilayers and superlattice structures. It is noteworthy that after being
capped with Si, the buried Sn layers are annealed during growth at temperatures
considerably exceeding the bulk Sn melting temperature (232°C).

The deposition of a low-temperature Si capping layer must be carefully
performed in order to avoid the crystal-to-amorphous transition. Two requirements
must be met for the Si overlayer: the deposition temperature has to be low enough
and the layer must be thick enough (at least greater than the diffusion length of Sn in
Si at subsequent high temperature cycles) to be able to completely “bury” the Sn-
containing layer to prevent the surface segregation of Sn. Low temperature growth of
the capping layer at a low growth rate ensures good crystal quality of the capping

layer without significant Sn segregation to the surface. The basic guidelines for the
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growth of the capping layer are based on earlier works on limited thickness
homoepitaxy of Si where crystalline growth over an epitaxial thickness hep; is
followed by a transition to amorphous deposition [31-33]. The universal parameter in
the epitaxial breakdown is the critical epitaxial thickness hepi, which is thermally
activated in the substrate temperature. Several models have been proposed to
describe the epitaxial breakdown at low temperature [32]. Among the proposed
mechanisms responsible for epitaxial breakdown at low temperatures are [32]:
continuous nucleation of the amorphous phase, a continuous buildup of lattice
disorder, segregation of impurities, and kinetic roughening. Whatever the mechanism
may be, the breakdown of epitaxy is clearly thermally activated, and therefore the
critical thickness he, at which epitaxial Si films undergo a crystal-to-amorphous
transition has been shown to be governed by an Arrhenius temperature dependence
[31,32]. Furthermore, the critical thickness has also been shown to depend on the
deposition rate [31,32]: h,; is larger for lower growth rates. Therefore, by lowering
the growth rate, a maximum thickness of the low temperature Si overlayer can be
deposited at the low temperature to prevent Sn segregation without undergoing the
crystal-to-amorphous transition. The epitaxial critical thickness hepi, however, is
expected to be lower for over-growth on Sn,Si, layers due to the presence of tensile
strain.

Evolution of the surface morphology and reconstruction during temperature-
modulated molecular beam epitaxy has been investigated using in situ reflection high-
energy electron diffraction (RHEED). A typical cycle of surface evolution during

growth of one period of the a-Sn/Si heterostructure is shown in Fig. 5.10. Figure
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5.10(a) is the RHEED pattern of a smooth Si (100) surface at 550°C right before the
deposition of Sn, showing a (2x1) reconstruction characteristic of smooth and clean
Si (100). Figures 5.10(b)-5.10(d) show RHEED patterns for different amounts of Sn
coverage at 550°C: (6x2) for 0.375-0.5 ML, c(4x8) for 0.5-1.0 ML, and (5x1) for 1.0-
1.5 ML, respectively. The observed Sn-induced reconstructions are in agreement
with previous studies [25-27]. After Sn deposition, growth is interrupted and the
sample is cooled down to 160°C. Si overlayer growth commences at 160°C, with a
rough surface as indicated by the spotty RHEED pattern shown in Fig. 5.10(e). After
deposition of about 3-6 nm of Si at 160°C, the temperature is increased again.
Beyond about 350°C, the overlayer surface begins to smoothen and (2x1) Si (100)
surface reconstruction returns, as shown in Fig. 5.10(f). As the temperature is
increased higher, the surface morphology returns back to smooth Si (100) as shown in
Fig 5.10(a).

A typical cycle of surface evolution during growth of one period of the Sn,Si;.
«/S1 heterostructure is shown in Fig. 5.11. The patterns in Fig. 5.11 correspond to the
deposition cycle of a 1 nm-thick Sng 6Sipg4/Si. Figure 5.11(a) is the RHEED pattern
of a smooth Si (100) surface at 550°C right before the deposition of Sn, showing a
(2x1) reconstruction characteristic of smooth and clean Si (100). Figure 5.11(b) is
the RHEED pattern after deposition of 0.5 nm of Sng6Sips4 following a substrate
cool-down to 170°C. Due to the low growth temperature, only diffuse (1x1) Si
reconstruction lines were visible during the deposition of the alloy layer. Figures

5.11(c) and 5.11(d) are the RHEED patterns after deposition of 3 nm of Si overlayer
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at 170°C and 4 nm of additional Si overlayer at 300°C, respectively. The return of
(2x1) Si (100) reconstruction is clearly evident in Fig. 5.11(d). As the temperature is
increased higher, the surface morphology returns back to smooth Si (100) as shown in

Fig 5.11(a).
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Figure 5.9. A schematic illustration of temperature modulation in the growth of

ultrathin a-Sn/Si and Sn,Si,.,/Si heterostructures by molecular beam epitaxy.
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Figure 5.10. In situ reflection high-energy electron diffraction patterns along the
[011] direction for a typical cycle of growth of a-Sn/Si (100) heterostructures: (a) a
smooth (2x1) reconstructed Si (100) surface at 550°C right before the deposition of
Sn; at various Sn coverage on Smooth Si (100): (b) (6x2) at converges of 0.375-0.5
ML, (c) c(4x8) at 0.5-1.0 ML, and (d) (5x1) at 1.0-1.5 ML; after deposition of (e)

1.5 nm of initial Si overlayer (160°C) and (f) 7.5 nm of Si overlayer (350°C).
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Figure 5.11. In situ reflection high-energy electron diffraction patterns for a cycle of
growth of Sn,Si,./Si heterostructures: (a) a smooth (2x1) reconstructed Si (100)
surface at 550°C right before the deposition of Sn; (b) after deposition of 0.5 nm of
Sny 16Sig g4 at 170°C; (c) after deposition of 3 nm of initial Si overlayer at 160°C; (d)

after deposition of an additional 4 nm of Si overlayer at 300°C.
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5.4.2 Ultrathin Pseudomorphic a-Sn/Si and
SnxSii-x/Si Quantum Well Heterostructures

In this section the growth properties of ultrathin, coherently strained a-Sn/Si
and Sn,Si,.,/Si alloy quantum well structures with substitutional Sn incorporation far
in excess of the equilibrium solubility limit is presented. These heterostructures have
been fabricated by a modified molecular beam epitaxy technique where the substrate
temperature and growth flux are modulated as described in Section 5.4.1. a-Sn/Si
single and multiple quantum wells with Sn coverage up to 1.3 ML (1
ML=6.79><10’4/cm2), Sng 05Sip9s/Si multiple quantum wells of up to 2.0 nm, and
Sng 16519 84/S1 multiple quantum wells of up to 1.1 nm are determined to be
pseudomorphic. The critical thickness for coherent growth and coverage dependent
Sn segregation dynamics are investigated.

The films were grown by temperature-modulated molecular beam epitaxy
described in Section 5.4.1. Samples were analyzed by cross-sectional transmission
electron microscopy, Rutherford backscattering spectrometry, and high-resolution X-
ray rocking curve analysis. Four types of sample configurations were investigated:

(1) Single 0.49—-1.4 ML Sn layers sandwiched between Si, with 140

nm-170 nm Si cap layers (single a-Sn/Si quantum well structures);

(i1)  Multiple 1.3 ML Sn layers sandwiched between Si, with 115 nm Si

spacer and cap layers (multiple a-Sn/Si quantum well structures);
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(iii)  Multiple 2 nm Sn,Si; (x=0.02, 0.05, and 0.10) layers sandwiched
between Si with 78 nm Si spacer and cap layers (multiple Sn,Si;./Si
quantum well structures);

(iv)  Multiple 1.1 nm Sn,Si;., (x=0.10, 0.16, and 0.25) layers sandwiched
between Si with 79 nm Si spacer and cap layers (multiple Sn,Si;./Si
quantum well structures).

A summary of incorporated Sn versus Sn segregated to the surface per buried
layer is given in Table 5.1, as determined from Rutherford backscattering
spectroscopy. For a-Sn/Si structures, the temperature indicated is the temperature at
which the initial Si overlayer was deposited after the Sn layer was deposited. For
Sn,S1,./Si structures, the indicated temperature is the temperature at which the alloy
layer and a subsequent thin Si overlayer was deposited. For all Sn,Si;./Si multiple
quantum well structures, the fraction of Sn segregated to the surface was low (<2%)
for temperatures between 110°C and 170°C. For a-Sn/Si structures, the segregated
fraction increases sharply above a critical initial coverage of about 1.4 ML. This is
illustrated in Fig. 5.12 which shows the fraction of Sn segregated to the surface as a
function of initial coverage for single Sn layers capped with Si at 140°C and 170°C.
For both temperatures, the segregated fraction increases sharply above about 1.4 ML.
It is noteworthy that this coverage coincides with the predicted coverage for
completion of the (5x1) surface reconstruction phase by Baski et al. [27], who viewed

the (5x1) phase as a half-complete layer of Sn dimers over a complete c(4x8) phase

of a monolayer of symmetrically dimerized Sn. The fact that islanding follows (5x1)
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phase suggests that it may become more energetically favorable to relieve the surface
strain by means of segregating Sn in excess of a complete (5x1) phase (~ 1.4 ML) to
the surface even at such low temperatures.

Figure 5.13 shows a summary of the analyzed samples, plotted on a thickness
versus Sn fraction/misfit plot. The filled upward triangles represent pseudomorphic
films and the empty downward triangles represent films that have undergone partial
strain-relaxation by introduction of dislocations and/or stacking faults, as observed in
transmission electron microscopy. The solid line is a calculation of the critical
thickness h.i; for introduction of misfit dislocations described in Section 5.2.3, using
a model originally proposed by van der Merwe [24]. It should be noted that this type
of model has only schematic value beyond about 4% mismatch, because the
calculated critical thickness is sub-monolayer in this range. The Sn fraction in Fig.
5.13 represents the amount of incorporated Sn in the film, as determined by
Rutherford backscattering spectroscopy, which is less than the total amount deposited
because the amount of Sn beyond a critical coverage segregates to the surface.

Figure 5.14 shows the Rutherford backscattering spectrum of a multiple -
Sn/Si quantum well structure with 4 periods of 1.3 ML Sn layers sandwiched between
115 nm Si spacer layers. The large scattering cross section of Sn and the large relative
mass ratio between Sn and Si, enable very accurate measurements of the absolute Sn
coverage. The sample tilt angle was 60 degrees. The increased energy width in the
spectrum at increased Sn layer depth in the film is primarily due to He™" ion energy
straggling. Within the resolution of RBS, no significant interdiffusion has occurred,

despite anneals at temperatures far exceeding the melting temperature of Sn.
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Figure 5.15 shows cross-sectional transmission electron micrographs of the
sample described in Fig. 5.14. Figure 5.15(a) is a bright field image taken under
(400) 2-beam excitation showing the first 3 layers. The interfaces are sharp, with no
dislocations or stacking faults. Figure 5.15(b) is a high-resolution image in the [110]
projection of one of the layers shown in Fig. 5.15(a). No growth-related defects were
visible within the analyzed region. The Sn layers in both images appear thicker due
to strain contrast below and above each buried Sn; nonetheless, it is evident in Fig.
5.15(b) that the incorporated Sn is localized within a few atomic layers.

Figure 5.16(a) shows a bright field transmission electron micrograph showing
3 layers of 1.1 nm Sij 34Sng ;¢ separated by 78 nm-thick Si spacer layers, taken under
(400) two-beam excitation. The lowest dark band is the substrate/buffer interface.
Fig. 5.16(b) shows the high-resolution transmission electron micrograph in the [110]
projection of one of the layers in Fig. 5.16(a). Although no extended defects are
observed, the interfaces of the individual layers are not sharply defined. What
appears to be interface roughness in these micrographs may actually be spatial
modulations in the composition resulting from phase separation of the initially
homogeneous alloy layer into Sn-rich and Sn-deficient regions during the high-
temperature spacer layer growth. This leads to formation of nanometer-sized Sn-rich
SnSij.x quantum dots, whose growth mechanism will be discussed extensively in
Chapter 6.

Figure 5.17 shows a bright field transmission electron micrographs showing 3
layers of 1.1 nm Sig75Sny»s separated by 79 nm-thick Si spacer layers, taken under

(400) two-beam excitation. Strain relaxation by means of stacking faults are clearly
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observed, as has been summarized in Fig. 5.13. Again, spatial modulations in the
composition caused by phase separation of the initially homogeneous alloy layer are
observed.

Single a-Sn/Si quantum well structures with Sn layers of 0.49+0.09 ML,
0.93+0.09 ML, and 1.3+0.1 ML sandwiched between Si with 140 nm—170 nm Si cap
layers were analyzed using X-ray rocking curve analysis. Figures 5.18(a) and 5.18(b)
show representative X-ray rocking curves of symmetric (400) and asymmetric (422)
reflections, respectively. The dotted curves represent experimental data for the film
with a single layer of 0.93+0.09 ML Sn capped with 162 nm of Si, as determined by
RBS. The solid curves represent dynamical simulations [28] for a model film with
0.15 nm Sn capped with 163 nm Si. The intensity match between the simulation and
the experimental curve for the (422) asymmetric reflection is not as good as the (400)
symmetric case because a broad background due to surface and/or interface
roughness is intensified in the glancing angle geometry. The simulations were
performed under the assumption of a tetragonally distorted a-Sn unit cell with the
bulk lattice constant of 0.64890 nm (in-plane lattice constant of 0.54310 nm and
perpendicular lattice constant of 0.73875 nm) and bulk elastic constants. Several
features about the interference fringes are noteworthy. The angular distance between
Pendellésung fringes is independent of the physical properties of the sandwiched
layer. However, the angular position and the intensity of the interference fringes near
the (400) Si reflection depend strongly on the factors that cause dephasing of X-rays
scattered from the Si cap layer and the Si substrate. Because of the large atomic size

difference between Sn and Si, analysis of the angular position and the intensity of the
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interference fringes offer a very sensitive technique for quantitatively characterizing
low coverage Sn incorporation, enabling thickness resolution within a fraction of a
monolayer. As can be seen in Figs. 5.18(a) and 5.18(b), the interference fringes of
the simulation curves match that of the experimental curves very well. The best

values of Sn thickness determined from the dynamical X-ray simulation for (400)
symmetric reflections of films with Sn coverage of 0.49+0.09 ML, 0.931£0.09 ML,
and 1.31£0.1 ML, as determined by Rutherford backscattering spectrometry, were 0.07
nm, 0.15 nm, and 0.17 nm, respectively. The thickness determined from the
dynamical X-ray simulation is, however, lower than the expected thickness from a

tetragonally distorted o-Sn on Si. The tetragonally distorted lattice parameter a

perpendicular to the growth direction is given by

2C a
a =a,1-="2| == 5.3
1 av{ C” (af J:| ( )

where C;; and C); are elastic constants and ay and as are the relaxed lattice parameters

of the film substrate, respectively. For the Sn coverage of 0.49+0.09 ML, 0.93+0.09
ML, and 1.3+0.1 ML, the expected values of thickness for pseudomorphic and
tetragonally distorted a-Sn on (100) Si from Eq. (5.3) are 0.090+0.009 nm, 0.17+0.02
nm, and 0.24+0.02 nm, respectively. Figure 5.19 summarizes the comparison
between the values for thickness expected by Eq. (5.3) under the assumption that all
Sn atoms measured by RBS are in their tetragonally distorted regular diamond cubic
cell sites and the thickness obtained from dynamical X-ray simulation [23]. It can be

seen that the thickness values obtained from dynamical X-ray simulation are always



Chapter 5 173

lower than that calculated from the coverage measured by RBS, and that the
difference increases with increasing coverage. One possible source of discrepancy is
the deviation of the Sn profile from an atomically sharp delta function profile. An
exponentially decaying Sn profile in the growth direction can be expected when
partial segregation of deposited Sn occurs in the initial overlayer (4-6 nm) deposited
at low temperatures. The second possible explanation is that a fraction of the
deposited Sn atoms is not in substitutional diamond cubic lattice sites but in an
interstitial site. Third possibility is that a local strain relaxation in the Si-Sn bond
length results in a significant departure of the actual Si-Sn bond lengths from the
virtual crystal approximation. Finally, the sandwiched ultrathin layers may form an
ordered structure with Si-Sn bond lengths departing from the predictions of the virtual

crystal approximation.
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Sample Temp.(°C) Initial Sn Coverage per Fraction
Layer (ML) Segregated
(i) Single Sn/Si 170°C 0.52% 1.0° <0.05
1.4 0.09
1.7 0.23
2.2 0.52
(i1) Multiple Sn/Si 130°C 1.3 <0.02
120°C 2.1° 0.32
(iii) Multiple 2.0 nm 140°C 0.30° 0.76% 1.5" <0.02
Si;«Sn,/Si (x=0.02%, 0.05% 0.10")
(iii) Multiple 1.1 nm 110°C 0.74°,1.5°, 1.9 <0.02
Si1.Sny/Si (x=0.10" 0.16", 0.25")

“determined to be pseudomorphic by cross-sectional TEM.

Pdetermined to be at least partially relaxed by cross-sectional TEM.

Table 5.1. A summary of incorporated Sn versus Sn segregated to the surface per

buried layer.
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Figure 5.12. Fraction of Sn segregated to the surface for single Sn layers capped with
140 nm—170 nm of Si at 140°C and 170°C, as a function of initial Sn coverage. The

segregated fraction increases sharply above the coverage of about 1.4 monolayers.
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Figure 5.14. Rutherford backscattering spectrum of a multiple a-Sn/Si quantum well

structure with 4 periods of 1.3 ML Sn layers sandwiched between 115 nm Si spacer

layers.



Chapter 5 178

Figure 5.15. Cross-sectional transmission electron micrographs of sample in Fig.
5.14. In (a), bright field image taken under (400) 2-beam excitation showing the first
3 Sn layers; in (b), high-resolution image in the [110] projection of one of the Sn

layers.
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(a)

1.1 nm Sio_84s n»a;1§_.

78 nm Si

Figure 5.16. (a) Bright field transmission electron micrograph of 3 layers of 1.1 nm

Sip84Sng 16 separated by 78 nm-thick Si spacer layers, taken under (400) two-beam
excitation.  The lowest dark band is the substrate/buffer interface. (b) High-
resolution transmission electron micrograph of one of the layers in the [110]

projection of one of the Sn layers. No extended defects are observed.
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Figure 5.17. Bright field transmission electron micrograph of 3 layers of 1.1 nm
Sip75Sng s separated by 79 nm-thick Si spacer layers, taken under (400) two-beam
excitation. Strain relaxation by means of stacking fault generation is clearly observed

at all interfaces.
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Figure 5.18. (a) Symmetric (400) reflection and (b) asymmetric (422) X-ray rocking
curves of a single a-Sn/Si quantum well structure with 0.93 ML Sn sandwiched

between Si with 162 nm Si cap layer, as determined by Rutherford backscattering
spectrometry. The dotted curves represent the experimental data and the solid curves

represent dynamical simulations [28] for 0.15 nm Sn capped with 163 nm.
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Figure 5.19. A comparison between the values of Sn layer thickness expected by Eq.
(5.3) under the assumption that all Sn atoms measured by Rutherford backscattering
spectra are in their tetragonally distorted regular diamond cubic cell sites versus the
thickness obtained from dynamical X-ray simulation [28]. The vertical error bars
indicate the uncertainty in the calculated thickness arising from the uncertainty in the

measured Sn coverage from Rutherford backscattering spectra.
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5.4.3 Pseudomorphic a-Sn/Si Quantum Well
Superlattice Structures

It has been demonstrated from the study on samples consisting of single a-
Sn/Si quantum well structures in Section 5.4.2 that initial Sn coverage in excess of
about 1.4 monolayers (ML) segregates to the surface during the Si overlayer growth
even at temperatures as low as 120°C [34]. It has also been demonstrated that the Si
overlayer relaxes when the deposited Sn layer thickness exceeds about 1.4 ML. This
suggests that 1.4 ML represent a kinetic critical thickness tc for commensurate
growth of the individual Sn layers. In strained-layer superlattice growth, however,
there are two critical thicknesses [35]: the critical thickness tc for the individual
strained layers and the critical thickness ts; for the overall superlattice. Even if the
individual strained layers are below tc, the superlattice could still relax if the strain
energy integrated over the entire film exceeds the t5.. This suggests that one should
be able to grow commensurate a-Sn/Si quantum well superlattice structures up to tg;.
for individual Sn layer thickness less than tc=1.4 ML.

Motivated by the possibility of realization of a novel group IV semiconductor
with a direct energy gap, superlattices of a-Sn/Ge [30,36], a-Sn/Ge/Si/Ge [37], and
Sn,Ge)./Ge [38] have been synthesized by means of low temperature and
temperature-modulated molecular beam epitaxy. In this section, growth and
structural characterization of coherently strained a-Sn/Si superlattice structures is

presented. Severe Sn segregation to the surface during growth, which prevents
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growth of these structures at ordinary Si epitaxy temperatures, has been minimized by
substrate temperature and growth rate modulations during molecular beam epitaxy
described in Section 5.4.1. The investigated superlattice structures consisted of 7-10
periods of 1.0 ML Sn sandwiched between 8—27 nm Si spacer layers. Pseudomorphic
superlattices with up to 10 periods of 1 ML Sn/7.7 nm Si have been verified to be free
of extended defects.

Surface morphology and reconstruction was analyzed using in situ reflection
high energy electron diffraction for the growth of Sn and Si overlayers. A typical
cycle of surface evolution during growth of the Sn layer on smooth Si followed by a
Si overlayer growth has been shown in Fig. 5.10 in Section 5.4.1. The Sn-induced
reconstructions observed by RHEED were in agreement with previous observations
[25-27]: (6x2) for 0.375-0.5 ML, c(4x8) for 0.5-1.0 ML, and (5x1) for 1.0-1.5 ML.
After Sn deposition, growth is interrupted and the sample is cooled down to 160°C.
Si overlayer growth commences at 160°C, with a rough surface as indicated by the
spotty RHEED pattern shown in Fig. 5.10(e). After deposition of about 3—6 nm of Si
at 160°C, the temperature is increased again. Beyond about 350°C, the overlayer
surface begins to smoothen and (2x1) Si (100) surface reconstruction returns, as
shown in Fig. 5.10(f). As the temperature is increased higher, the surface
morphology returns back to smooth Si (100) as shown in Fig 5.10(a).

Crystal quality of selected samples was analyzed by cross-sectional
transmission electron microscopy. Figures 5.20(a) and 5.20(b) show bright field

images taken under (400) 2-beam excitation of an 8-period superlattice of 1 ML
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Sn/7.7 nm Si and a 10-period superlattice of 1 ML Sn/20.5 nm Si, respectively. No
growth-related extended defects are visible within the imaged electron-transparent
area (dislocation density ~<1x10°cm™). Figure 5.20(c) is a high-resolution image of
one of the Sn layers of the sample in Fig. 5.20(b) taken in the [110] projection. The
Sn layers appear thicker than a monolayer, most likely due to two reasons. First, the
embedded Sn layer is highly strained, giving rise to high strain contrast in addition to
mass-thickness contrast in the vicinity of the Sn layer. Second, as demonstrated
previously [30] for the case of short period a-Sn/Ge superlattices, the Sn layer may
not be atomically abrupt; the Sn atoms may be distributed over few atomic layer in an
exponentially decaying profile. From the X-ray rocking curve analysis, however, it is
evident that the distribution cannot be spread over more than a few (~<5) monolayers
[34].

Figure 5.21 shows a representative high-resolution X-ray rocking curve of the
superlattice structures analyzed. The dotted curve shows a high-resolution scan
around Si (004) of the 10-period 1 ML Sn/20.5 nm Si superlattice shown in Figs.
5.20(b) and 5.20(c). Well-defined fundamental (SL¢) and higher order (SL.;, SL 1)
superlattice peaks as well as interference fringes are clearly identified. From the
position of the peaks, an accurate measurement of the average periodicity can be
obtained. The periodicity of the superlattice can be accurately determined from the

angular spacing A between adjacent superlattice peaks through the relationship

6 = %|7 A (5.4)
tsin 26,
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where t is the thickness of one period, A is the wavelength of the radiation, Og is the
Bragg angle, and yy, is the direction cosine of the diffracted beam. The superlattice
periodicity can be determined to within +0.1 nm using Eq. (5.4). For the film in Fig.
5.21, the superlattice periodicity was determined to be 20.7 nm. In addition, the

number of Pendellosung oscillations of angular spacing Aw within the superlattice

periodicity AB gives the number of periods. From the position of the "SLy" peak, an
equivalent average concentration can be determined. For the film in Fig. 5.21, the
equivalent strain is that of 20.7 nm film of 0.6% average Sn concentration. From a
similar analysis of the 8-period superlattice of 1 ML Sn/7.7 nm Si shown in Fig.
5.20(a), the highest equivalent strain achieved was determined to be that of 61.6 nm
1.8% average Sn concentration (0.4% strain). A summary of pseudomorphic
superlattice structures, plotted on a thickness versus misfit scale, is plotted in Fig.
5.22. The filled upward triangles represent pseudomorphic films that have not
undergone any strain-relaxation, as verified by transmission electron microscopy.
The solid lines are calculations of the critical thickness hgi, for the introduction of
misfit dislocations described in Section 5.2.3, using the models by Mathews and
Blakeslee [22] and van der Merwe [24].

The angular distance between superlattice peaks and Pendellésung fringes is
independent of the physical properties of the sandwiched layer. However, the angular
position and the intensity of the interference fringes near the (004) Si reflection
depend strongly on the factors that cause dephasing of X-rays scattered between the
superlattice layers and the Si substrate. Because of the large atomic size difference

between Sn and Si, analysis of the angular position and the intensity of the
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interference fringes offer a very sensitive technique for quantitatively characterizing
low coverage Sn incorporation, enabling thickness resolution within a fraction of a
monolayer. The amount of incorporated Sn can be measured from the best theoretical
fit to the experimental curve. The solid curve in Fig. 5.21 is the best dynamical
simulation curve of a model structure of 10 periods of 1 ML Sn/20.5 nm Si, capped
with 59 nm Si [28]. The simulation was performed under the assumption of
atomically abrupt interfaces and tetragonally distorted a-Sn unit cell with the bulk
lattice constant of 0.64890 nm (in-plane lattice constant of 0.54310 nm and
perpendicular lattice constant of 0.73875 nm) and bulk elastic constants. The peak
positions as well as the shape and intensities of the satellite peaks are in very good
agreement with the experimental curve. The fact that both the peak positions as well
as the relative intensities match well suggests that the interfaces are sharp, with most

Sn atoms localized within about one unit cell thickness.
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Si Buffer

Figure 5.20. Bright field transmission electron micrographs taken under (400) 2-
beam excitation of (a) an 8-period superlattice of 1 ML Sn/7.7 nm Si and (b) a 10-
period superlattice of 1 ML Sn/20.5 nm Si. A high-resolution image of one of the Sn

layers of the sample in (b) is shown in (¢).
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Figure 5.21. A representative symmetric (004) reflection high-resolution X-ray
rocking curve of the superlattice structures. The dotted curve is a scan around Si
(004) of the 10-period 1 ML Sn/20.5 nm Si superlattice shown in Figs. 5.20(b) and
5.20(c). The dotted curve and the solid curve represent the experimental scan and the

dynamical simulation [28], respectively.
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dislocations described in Section 5.2.3 [22,24].
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5.5 Conclusions

Novel heterostructures having the direct gap semimetal a-Sn as one of the
constituents open up a whole new frontier in band gap engineering of group IV
alloys. Most important, the heterostructures offer an approach towards the
realization of a direct gap group IV semiconductor. In this chapter, novel
heterostructures based on the Si-Sn system have been explored. Formidable barriers
must be overcome for experimental realization of these heterostructures, however,
due to the extremely large lattice mismatch (19%) and negligible solid solubility
(<0.1%). It has been demonstrated that due to the unfavorable thermodynamic
properties of the Si-Sn system, conventional molecular beam epitaxy at ordinary
temperatures for Si epitaxy (T>350°C) results in severe Sn surface segregation. In
order to incorporate appreciable amounts of Sn, low temperature (T<350°C)
molecular beam epitaxy has been investigated. By means of low temperature
molecular beam epitaxy, partially relaxed Sn,Si,.¢/Si films with Sn concentration up
to 6% and fully strained Sn,Si;../Si films with Sn concentration of 2.4% have been
grown. Because of the large lattice mismatch, however, only dilute alloys can be
grown if the thickness is to be greater than a few nanometers.

Band structure calculations suggest, however, that in order for the Sn,Si;
alloy system to have a direct gap, the composition must be high in Sn content. The
extremely large lattice mismatch between a-Sn and Si, then, requires the pure Sn or

Sn,Si;. strained alloy layer to be ultrathin for stabilization of high concentration of
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Sn in a strained pseudomorphic alloy, if the epitaxial film is to remain coherent at
high temperatures.

Therefore, by means of temperature-modulated molecular beam epitaxy, the
growth of epitaxially stabilized ultrathin a-Sn/Si and high Sn concentration Sn,Si;.
»/Si quantum well structures have been investigated. «-Sn/Si single and multiple
quantum wells grown with Sn coverage up to 1.4 ML, SiosSn(s/Si multiple quantum
wells of up to 2.0 nm, and SigsSn;e/Si multiple quantum wells of up to 1.1 nm are
determined to be free of dislocations and stacking faults. For a-Sn/Si structures, the
fraction of segregated Sn increases dramatically beyond a critical coverage of about
1.4 ML. Rutherford backscattering spectrometry, cross-sectional transmission elctron
microscopy, and X-ray rocking curve analysis indicate that the Si/Sn interfaces are
sharp to within a few atomic layers. Transmission electron microscopy reveals,
however, interface roughness and spatial modulations in composition for the SnySi;.x
layers arising from two-dimensional phase separation.

Also by temperature-modulated molecular beam epitaxy, a-Sn/Si superlattice
structures with periods as short as 7.9 nm (Sn;Sis; with average Sn concentration of
~2%) have been demonstrated to be pseudomorphic. The films analyzed have been
verified to be free of extended defects by cross-sectional transmission electron
microscopy and the interfaces have been verified to be sharp within the resolution of

X-ray rocking curve analysis.
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Chapter 6

Coherently Strained Sn-Rich
on,Si; . Quantum Dot
Formation in Si via Phase

Separation from Ultrathin
o n,Siq L/ Si

6.1 Introduction

Spontaneous or self-organized heteroepitaxial growth of Ge and SiGe
quantum dots on Si has been extensively studied in the past several years due to their

scientific and technological importance [1-12]. The most important advantage of
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group IV semiconductor quantum dots is the potential for integration of novel
optoelectronic or electronic devices that exploit quantum confinement effects with
advanced Si microelectronics via monolithic integration.  Although quantum
confinement effects are clearly observed [10-12], Ge and SiGe quantum dots behave
as indirect band gap semiconductors. For applications in optoelectronic devices such
as quantum dot lasers, however, direct band gap materials are required.

The synthesis of Sn-rich Sn,Si;.. quantum dots in Si demonstrated in this
chapter is motivated by the potential for realization of Si-based direct bandgap
semiconductor quantum dots. As discussed in Section 5.2.1, one approach for
realization of a direct energy gap group IV alloy semiconductor involves alloying Sn
with Si or Ge to form epitaxially stabilized diamond cubic Sn,Ge,../Ge and Sn,Si;.
«/S1 heterostructures [13-16]. Diamond cubic a-Sn is a direct band gap semimetal
with degenerate conduction and valence bands at the I point [17]. Band structure
calculations have predicted that when Si or Ge is alloyed with Sn, the resulting alloy
systems Sn,Si;.x and Sn,Ge;.. possess direct and tunable energy gaps for Sn
compositions exceeding some critical concentration [13-16]. Experimental evidence
for direct interband transitions has recently been demonstrated for the bulk Sn,Ge;
films grown by molecular beam epitaxy [18]. For the SnSi|.x system, the projections
of the critical eigenvalues from results of the Slater-Koster parameter model [14]
predicts the energy gap to be direct and semiconducting for the composition window
0.82 < x < 0.95, corresponding to an energy gap window of 0 < E, (eV) < 0.40. In
addition to having a composition-dependent energy gap, Sn-rich Sn,Si;.x quantum dot

structures also offer an added degree of freedom in tuning the energy gap by taking
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advantage of the size-dependent quantum confinement effects [19]. Through the size-
dependent increase in the band gap predicted by the quantum confinement theory
[20], the direct zero band gap at the I" point of the Brillouin zone in the bulk diamond
cubic a-Sn is anticipated to increase when the crystal dimensions approach that of the
exciton Bohr radius.

As outlined in Chapter 5, the requirement of high Sn content poses an obstacle
for growing bulk alloy films due to the large lattice mismatch between a-Sn and Si
(19.5%), extremely low solid solubility of Sn in crystalline Si (~5x10'° cm™) [21],
and severe Sn segregation to the surface during growth at ordinary Si epitaxy
temperatures (T>~ 400°C). Although the growth of pseudomorphic Sn-rich Sn,Si;.
«/S1 1s extremely difficult, coherently strained Sn-rich Sn,Si;« quantum dot structures
can be synthesized as long as two requirements are met. The surface segregation
must be circumvented and the critical particle size for the introduction of misfit-
related interface defects must not be exceeded.

The growth of quantum dots have been realized in semiconductor
heterostructures via exploitation of the interplay between epitaxial misfit strain and
growth Kkinetics, yielding considerable control over the composition and spatial
ordering of heterostructure architecture [1-12,22]. In most cases, each layer or region
of the heterostructure consists of a chemically stable alloy (which might be
metastable by virtue of coherency strains). When the end components of the alloy
from which the quantum dots are formed from are chemically miscible, such as in the
case of the Si-Ge system, the epitaxial quantum dots can usually be grown in the

Stranski-Krastanow mode [1-12,22]. In the classic theory of Stranski-Krastanow
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mode of growth, a uniformly strained wetting layer grows pseudomorphically up to a
certain thickness (few monolayers) followed by an abrupt transition to the growth of
three-dimensional islands on top of the uniform wetting layer [23]. The physical
picture of the changeover from two-dimensional growth mode to three-dimensional
growth mode in Stranski-Krastonow growth is schematically illustrated in Fig. 6.1(b).
In Fig. 6.1(a) the chemical potential difference between the strained epitaxial layer
and the unstrained bulk material is schematically plotted as a function of the adlayer
thickness in monolayers. Provided that the bond strength between the adlayer atom
and the substrate atom is higher relative to the bond strength between the adlayer
atoms themselves, the deposition of an initial monolayer will result in a negative
chemical potential difference. Due to the lattice strain energy, however, the chemical
potential difference will increase linearly with the amount of material deposited.
Each step represents the completion of deposition of one monolayer of the epitaxial
material. When the chemical potential of the strained film exceeds that of the film
material in the unstrained bulk state, the island formation is energetically favored.
This occurs at the critical thickness for Stranski-Krastonow growth mode, tsk, where
island formation is energetically favored. And eventually when the thickness reaches
tais, the system will relieve the strain and lower the chemical potential by the
introduction of misfit dislocations. This classic view of Stranski-Krastonow growth
has been successfully implemented to explain the growth of Ge dots on Si [1-12].

In order to take advantage of the Stranski-Krastanow growth mode as the
method for synthesis of quantum dots, however, it must be ensured that the growth

surface is not undergoing kinetic roughening; i.e., the atoms on the surface must have
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enough mobility to diffuse on the surface to form islands. This means that for
Stranski-Krastonow growth the substrate temperature must be relatively high; more
correctly, the ratio of the atom flux to the surface diffusivity must be low. This
requirement poses the main obstacle for Stranski-Krastonow growth of Sn,Sij..
quantum dots on Si. As discussed in Section 5.2.2, due to the low bulk and surface
solubility of Sn in Si, any attempt to grow with a low ratio of the atom flux to the
surface diffusivity will result in severe Sn segregation to the surface. And the lattice
mismatch between Sn and Si is too large for the segregated Sn atoms to form
coherent a.-Sn islands on Si (100). An alternative pathway has to be taken, therefore,
for synthesis of coherently strained a-Sn or Sn-rich Sn,Si;_y quantum dots.

In this chapter, we describe a novel approach to synthesis of quantum dots, via
post-growth phase separation of initially chemically metastable semiconductor alloys.
The phase separation process is schematically illustrated in Fig. 6.2. The quantum
dots are formed via phase separation at a high (T>400°C) temperature from an
embedded ultrathin Sn,Si,., alloy layer grown and capped at a temperature low
enough (T=170°C) to prevent Sn surface segregation during growth. Unlike the
chemically stable system such as the Si-Ge system, each layer or region of the
heterostructure in the case of the Si-Sn alloy system consists of a chemically
metastable alloy. In addition, the layers are also metastable by virtue of coherency
strain. Because of the alloy from which the quantum dots form is chemically
metastable, the quantum dots cannot be grown by the Stranski-Krastanow growth
process. In the case of Si-Sn, because both chemical and strain driving forces favor

the decomposition of the homogeneous semiconductor alloy, the final structures that
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result are quite different in shape and size from those formed by, e.g., strain-driven
Stranski-Krastonow growth. The typical (e.g., SiGe and InGaAs) quantum dot
structures that result from Stranski-Krastonow growth are more disks than dots, being
oblate shaped structures with base diameter usually greater than 10 nm and aspect
ratios approximately 10:1 [1-12,22]. By contrast, quantum dots formed by phase
separation can yield structures with 1:1 aspect ratios and diameters in the 4-6 nm
range, and shape is determined not by epitaxial growth kinetics, but approaches the
thermodynamically preferred shape.

It will also be demonstrated that the alloy decomposition during post-growth
thermal annealing of the ultrathin epitaxial metastable Sn,Si,., alloys sandwiched in
Si (001) initially proceeds via spinodal decomposition. Spinodal decomposition
theory was originally developed by Cahn [24] more than three decades ago, and has
been observed in a number of metallic alloy systems [25]. However, this is the first
example of coherent semiconductor quantum dot formation via spinodal
decomposition of a metastable single crystal solid solution. This is noteworthy, since
spinodal decomposition has the potential to yield epitaxial structures with very
different morphologies than those formed via strain-driven surface island nucleation
and growth, since spinodal decomposition does not involve a thermodynamic barrier,
and the spatial scale for morphological evolution is set by the strain and composition.
Subsequent isothermal annealing experiments reveal that dots grow by a coarsening
mechanism with particle growth kinetics that exhibits a sub-linear power law

dependence on the annealing time.
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Figure 6.1. A schematic illustration of the changeover from two-dimensional to
three-dimensional growth mode in the Stranski-Krastonow growth process. In (a) the
chemical potential difference between the strained epitaxial layer and the unstrained
bulk material (solid line) is plotted as a function of the adlayer thickness in
monolayers. tsk is the critical thickness for Stranski-Krastonow growth mode, at
which the island formation is energetically favored, and t4 is the critical thickness at
which the system relieves the strain and lowers the chemical potential by the
introduction of misfit dislocations (dashed line). In (b) is a schematic microstructural

transformation from two-dimensional to three-dimensional growth mode at tsk.
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Figure 6.2. A schematic illustration of the 2-step synthesis process for Sn-rich Sn,Si;.
x quantum dots in Si: the dots form via phase separation at high temperatures
(T>400°C) from an embedded ultrathin Sn,Si, . alloy layer grown by low-temperature

(T=170°C) molecular beam epitaxy.
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6.2 Background: Kinetic Pathways in
Clustering by Diffusive Phase
Transformation

The process of clustering by diffusive phase separation can be divided into
early and late stages. The early stage involves the break-up of the initially
homogeneous phase to form an initial distribution of stable clusters. This initial stage
can be categorized as either nucleation or spinodal decomposition [26]. After this
initial stage the clusters grow by atom transfer from the matrix phase into the clusters,
and the size distribution evolves by cluster-cluster processes such as ripening or
coalescence. Figure 6.3 shows a sketch of the different stages of clustering via the
two mechanisms, i.e., by spinodal decomposition and nucleation and growth.

The initial stage can proceed by the two very different kinetic pathways
depending on whether the process involves an energy barrier to achieving the two-
phase regime [26]. The nucleation process involves an energy barrier to achieving
the two-phase regime, whereas the spinodal decomposition process does not involve
such a barrier. The spatial evolution of concentration is dramatically different in the
two cases. The evolution of spatial concentration profile can be understood
qualitatively, in the case of a binary solution, in terms of the magnitude of the
interaction energy between the constituent atoms. In the first extreme case where
there is very little preference for the like species to aggregate, the clusters simply

appear and disappear, and by large the solution remains compositionally random and
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homogeneous. If, in the opposite extreme, the preference for the like species is so
large that the direction of atom movement is towards the direction of increasing
concentration gradient, the system phase separates by spinodal decomposition. This
is illustrated in Fig. 6.4(b) where a chance fluctuation leads to a buildup of the
concentration gradient. The atoms always move in the direction of increasing
concentration gradient, leaving behind a depleted region. The result is a rapid
dissociation of the solution into regions rich and deficient in solute that are
approximately periodically arranged in space. Finally, if the preference for like
species is in between the two extremes, there is enough attractive driving force
between the species to aggregate but not enough for the species to move up the
concentration gradient. This regime describes nucleation and growth, where only
clusters exceeding some critical size attract and hold the like atoms from the matrix.
This is illustrated in Fig. 6.4(a). In nucleation and growth the matrix around a particle
will be depleted of the solute atoms and the particles grow by ordinary diffusion
down the concentration gradient.

The most fundamental distinction between spinodal decomposition and
nucleation and growth is the existence of the thermodynamic barrier and the resulting
direction of atom movement [24]. For a homogeneous system the diffusional flux of

A atoms J; in binary solution A,B,.x a can be written as:

62
Ty =M, - ) =-M S L e, 6.1)

C
where M is the diffusion mobility, x’s are the chemical potentials, fis the free energy,

and c is the concentration. From Eq. (6.1) it can be seen that the direction of atom
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flux reverses whenever the curvature of the free energy d°f/dc? reverses its sign.
Equation (6.1) therefore predicts where in the equilibrium phase diagram spinodal
decomposition can be expected. This is schematically illustrated for a simple binary
phase diagram and the free energy curve in Fig. 6.5(a) and Fig. 6.5(b), respectively.
The two-phase regime is bounded by the solid line in Fig 6.5(a), between the points
‘a’ and ‘b’ at the schematic temperature T,. Within the two phase regime, phase
separation by nucleation and growth is expected in the region between the solid line
and the dotted line, between the points ‘a’ and ‘c’ and between the points ‘d’ and ‘b’
at T|. The curvature of the free energy is positive in these regions, as shown in Fig.
6.5(b). Phase separation by spinodal decomposition is expected in the region
bounded by the dotted line in Fig. 6.5(a), between the points ‘c’ and ‘d’ at T|, where
the curvature of the free energy curve is negative.

After the initial phase separation by nucleation or spinodal decomposition, the
microstructure evolves by diffusive growth, as illustrated in Fig. 6.3. The late stage
growth starts when the solute concentration of an average-sized cluster is in
microscopic balance with that of the matrix, such that the net atom movement
between the average-sized cluster and the matrix is zero. Clusters bigger and smaller
than the average-size, on the other hand, are out of balance and the net atom
movement is not zero. The concentration of solute atoms in equilibrium with the
matrix is least for the largest clusters and largest for the smallest clusters. This
imbalance produces a solute gradient from smaller clusters to larger clusters and
diffusion will then cause a net atom movement from smaller clusters to larger

clusters. ~As a result, the smallest clusters shrink and eventually disappear.
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Therefore, the average cluster size increases and the density of clusters decreases as
coarsening proceeds. The fundamental instability or driving force for coarsening is
described by the Gibbs-Thompson effect [26] which gives the solute concentration
¢(r) in equilibrium with a cluster of radius » of a solute-rich spherical precipitate for a

dilute solid solution as

c(ry=c, exp{—z;%} (6.2)

where c. is the solute concentration in equilibrium with an infinitely large cluster, o
is the interface energy, and v,, is the molar volume of the cluster. The first analytical
treatment for the growth driven by Gibbs-Thompson effect was first developed by
Lifshitz and Slyzov [27] and extended by Wagner [28]. Provided that the interfacial
energy is the only driving force for the instability, the general time dependence of the
linear dimension, d, of a cluster is given by the expression
d"(t)=d] +aGt (6.3)

where d, is the value of d at =0, G is the parameter for the appropriate mass transport
process, and « is a factor that depends on the dimensionality of the cluster [29]. For
example, for volume diffusion-limited and interface-limited particle coarsening of
spherical particles, »=3 and n=2, respectively [28,30]. Therefore, the particle linear
dimension exhibits a #'> and #'~ dependence on annealing time for volume diffusion-

limited and interface-limited particle coarsening, respectively.
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Figure 6.3. A sketch of different stages of phase separation for the two different
initial kinetic routes. Various stages in phase separation via random nucleation and

spinodal decomposition are illustrated.



Chapter 6 209

(a)

Cat - -
tCo : /
Cal——= K \
EARLY LATER FINAL
DISTANCE .

()

CONCENTRATION

Coptr™ =

Ca

EARLY ‘ LATER : FINAL

Figure 6.4. Two possible sequences for the formation of a two-phase structure by
diffusion (from Ref. 24): (a) nucleation and growth where only clusters exceeding
some critical size attract and hold the like atoms. The matrix around a particle will be
depleted of the solute atoms and the particles grow by ordinary diffusion down the
concentration gradient; (b) spinodal decomposition where a chance fluctuation leads
to a buildup of the concentration gradient. The atoms always move in the direction of

increasing concentration gradient, leaving behind a depleted region.
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Figure 6.5. A schematic illustration of the two phase separation mechanisms in (a) a

simple binary phase diagram and (b) the free energy curve (from Ref. 24). At the

schematic temperature T, the two-phase regime is bounded by the points ‘a’ and ‘b’

and the spinodal is expected in the region bounded by ‘c’ and ‘d.” Spinodal

decomposition is expected within the region bounded by a negative curvature of the

free energy curve.
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6.3 Experimental: Synthesis of Sn-Rich
SnxSii-x Quantum Dots in Si by Phase
Separation from Ultrathin SnxSii-x/Si
Grown by Low Temperature
Molecular Beam Epitaxy

Relative to growth of chemically stable heterostructures like GeySi;.ySi,
growth of heterostructures based on Sn,Si;.,/Si is generally much more difficult. The
difficulty arises from a large lattice mismatch between o-Sn and Si (19.5%),
extremely low solid solubility of Sn in crystalline Si (~5x10'® cm™) [21], and severe
Sn segregation to the surface during growth at ordinary Si epitaxy temperatures (T>~
400°C). As discussed in Section 6.1, the growth of quantum dots via the strain-driven
Stranski-Krastonow growth mode [23], which is the growth mode of Ge and Ge,Si;.
quantum dots on Si, requires high substrate temperatures, or more correctly, a low
ratio of the atomic flux to the surface diffusivity. This requirement represents the
main obstacle for Stranski-Ktrastonow growth of Sn,Si;« on Si. Co-evaporation of
Sn and Si on Si at ordinary Si epitaxy temperatures (T>~400°C) results in severe Sn
segregation to the surface to form incoherent B-Sn droplets.

In order to overcome these difficulties, therefore, a novel two-step process has
been developed for synthesis of quantum dots in a chemically metastable system.
The technique involves Sn-rich Sn,Si;.. quantum dot formation in Si via phase

separation at high temperatures (>500°C) from an ultrathin Sn,Si;.x epitaxial alloy
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layer grown and capped at a low temperature (170°C) to prevent Sn surface
segregation. The synthesis process is schematically illustrated in Fig. 6.2. In effect,
the Sn atoms are epitaxially ‘frozen’ in the lattice of Si at low temperatures to prevent
their segregation. Subsequently, upon annealing, the atoms are given enough thermal
energy to diffuse and transform into their thermodynamically favored end states,
which consist of almost pure Sn dots in Si. And because the dots precipitate within
the Si matrix, the Sn-rich Sn,Si;, quantum dots retain the parent matrix crystal
structure and remain diamond cubic. Although the technique is demonstrated for the
synthesis of Sn-rich Sn,Si;.. quantum dots in Si, the approach should be generally
applicable to quantum dot synthesis in any other chemically metastable system such
as Sn,Ge,_,.

The ultrathin Sn,Si, epitaxial alloy layers from which the quantum dots are
precipitated are grown by low-temperature molecular beam epitaxy. An electron
beam evaporation source and an effusion cell was used for Si and Sn deposition,
respectively. Just prior to growth of the Si buffer layer, the Si (001) substrates were
heated to 550°C to obtain a clean (2x1) surface reconstructed surface. Si and Sn were
deposited by electron beam evaporation and thermal effusion, respectively. Si
deposition rates were controlled using a quartz crystal monitor and Sn deposition rate
was controlled via effusion cell temperature. The Sn effusion cell temperature was
varied between 675-755°C to yield deposition rates between 0.003-0.02 ML/sec (1
ML = 6.79x10'*/cm?). For all samples, Si buffer layers were grown at 550°C at 0.05
nm/sec to obtain a smooth Si surface prior to deposition of the Sn,Si,., layers. After

the buffer layer deposition, the growth was interrupted to cool the substrate to 170°C
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prior to Sn,Si;. alloy layer deposition. The deposited Sn,Si;. alloy layers were 1-4
nm in thickness and 5%-20% Sn in composition and the deposition rate was 4-5
ML/min. Subsequently, in order to cap the alloy layer with minimal Sn segregation
to the surface, 14 nm of Si overlayer was grown at 170°C at a growth rate of 0.03
nm/sec.

The samples were subsequently annealed in high vacuum (base pressure of
5x107" torr), where upon the alloy layer underwent phase separation into Sn dots in Si
matrix as observed by transmission electron microscopy. The analyzed films either
received isothermal or isochronal anneals at temperatures ranging from 500°C—-800°C

and times ranging from 5 min. to 72 hours.



Chapter 6 214

6.4 Phase Separation of Sn-Rich SnxSiix
Quantum Dots from Ultrathin
SnxSil-x/ Si

The early stage phase separation of the epitaxially stabilized ultrathin Sn,Si;.
/St and late stage growth of rich-Sn Sn,Si;x quantum dots was studied using
transmission electron microscopy (TEM) using 300 keV electrons and Rutherford

backscattering spectrometry using a 2 MeV He ™" beam.

6.4.1 Nanostructural Evolution of Sn.Si;.x/Si into
Sn-Rich Sn;Siix Quantum Dots in Si

The nanostructural evolution of the early and late phase separation process has
been investigated using cross-sectional and planar-view transmission electron
microscopy. Figure 6.6(a) shows a [110] axis cross-sectional bright field image of an
embedded 2 nm Sng 1¢Sipgo film as grown at 170°C. The continuous horizontal dark
band indicates the buried Sny ;¢Sig g alloy layer. Figure 6.6(b) shows the film in Fig.
6.6(a) annealed in vacuum at 400°C for 30 min. The alloy layer is apparently
homogeneous and no obvious phase separation into Sn dots can be observed in the
cross-sectional view. As will be shown later in planar-view analyses, however, the

alloy film has already undergone early stage phase separation. Figure 6.6(c) shows
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the film in Fig. 6.6(a) after annealing in vacuum at 800°C for 30 min. The
precipitation of Sn-rich quantum dots is clearly observed. It should be noted that in
the cross-sectional view, the obtained transmission electron micrographs present
views of projected columns of material. The image therefore is an "average" image
over the electron transparent sample of about 100 nm in thickness. The apparent
density of particles, therefore, is higher than the actual density and some particles
appear to have coalesced. As will be shown later in planar-view images, however,
the particles are well separated. Figure 6.7 show a high-resolution transmission
electron micrograph of one Sn-rich Sn,Si,. precipitate from the same sample as in
Fig. 6.6(c) under <110> projection. No interface-related defects are observed and the
particle is coherent with the matrix.

More insight into the nanostructural evolution can be obtained from planar-
view electron microscopy studies. Figures 6.8(a)-6.8(¢c) are planar-view transmission
electron micrographs of the as deposited Sny 1Sig g alloy at 170°C, the film annealed
at 500°C for 3 hours, and the film annealed at 800°C for 30 min., respectively. It
should be noted that all images are bright field images taken away from strongly
diffracting conditions. This was done to reduce strain contrast in order to minimize
error in the subsequent size analysis. Therefore, the resulting contrast results mainly
from compositional differences. One clearly sees that the as-grown alloy layer shown
in Fig. 6.8(a) has already started to phase separate into Sn-rich (dark) and Sn-
deficient (light) regions. The inset shows an intensity line scan through the section
A-A. The intensity varies gradually in a continuous fashion as the diffuse boundary

between the Sn-rich and Sn-deficient regions is crossed. The nature of spatial
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intensity variation suggests that the alloy film has begun to phase separate by
spinodal decomposition. A gradual variation in composition across the phase
boundary is a key feature of spinodal decomposition [24]. Figure 6.8(b) shows that
after the film is annealed at 500°C for 3 hours, the gradual variation in concentration
has been significantly reduced. At the same time, nucleation of well-defined, ~1 nm
clusters is observed. As a result, the line scan of the intensity across B-B shows that
there is a sharp drop in intensity as the cluster/matrix boundary is crossed, in addition
to a gradually varying background contrast. The sharp change in composition across
the cluster/matrix boundary is a key feature of nucleation. This suggests that at
500°C the nanostructure exhibits nucleation occurring within the Sn-rich regions
from the initial break-up of the alloy layer. When the film is annealed at 800°C for
30 min., the gradual variation in contrast disappears, as evident in Fig. 6.8(c). As can
be seen by the line scan C-C, there are only sharp contrast variations across the
nanocrystal/matrix boundaries. The gradual variation in contrast has disappeared
altogether. One also clearly sees that the average size of the nanocrystals have clearly
increased. Another notable feature in Fig. 6.8(c) is that all nanocrystals appear to be
faceted along the <100> crystallographic direction, which is the elastically soft

direction in Si.
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Figure 6.6. [110] axis cross-sectional transmission electron micrographs of 2 nm
Sny 10Sip 9o capped with 14 nm Si. Bright-field images are those of the (a) as-grown

film at 170°C and (b) after annealing in vacuum at 400°C for 30 min. and (c) after

annealing in vacuum at 800°C for 30 min.
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Figure 6.7. High-resolution cross-sectional transmission electron micrograph in the
[110] projection of a Sn-rich Sn,Si;.x quantum dot formed by annealing 2 nm

Sny 19Sip 9o capped with 14 nm Si at 800°C for 30 min.
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Figure 6.8. Nanostructural evolution of 2 nm Sng 0Sip9 capped with 14 nm Si as
observed in planar-view transmission electron microscopy. Bright-field transmission
electron micrographs of (a) the as-grown film at 170°C, (b) the film annealed at
500°C for 3 hours, and (c) the film annealed at 800°C for 30 min. The insets show
intensity line-scans across A-A, B-B, and C-C, respectively. The images were taken
away from strongly diffracting conditions to minimize error in particle size analysis.
The contrast, therefore, comes mainly from compositional differences between

different regions.
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6.4.2 Early Stage Phase Separation of SnxSi;.x/Si
by Spinodal Decomposition

Nanostructural evidence of spinodal decomposition observed in Fig. 6.8 leads

one to ask whether the Si-Sn system is expected to exhibit spinodal decomposition.
A simplistic prediction can be made using Cahn’s analysis [24], starting with the
regular solution approximation [31] for the Si-Sn system. In the regular solution
approximation, the free energy change upon the formation of the solid solution
Sn,Si;_. is given as

Aglﬂl\' = Ah/ﬂ/\’ - TASW!\’
~ ~ - (6.4)

= QOx(1-x) - RT[xInx + (1-x)In(1 - x)]
where Q is the regular solution interaction parameter. The interaction parameter
Q) can be extracted by fitting the free energy expression for the regular solution to the
solidus in the published experimental Si-Sn phase diagram [32] (Fig. 5.3). The
condition for coherent spinodal in cubic crystals for {100} plane compositional waves

is given as [33]:

‘sz +21°Y(100) =0 (6.5)

x2
where Y(100) is the elastic energy and 7 is the strain along the <100> direction. For a

biaxially strained epitaxial film 7(x) = g‘f (x)and

(6.6)

Y(100) = &7 (x){cl% () +Ch(x) - M] .

G, (x)
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Substitution of Eq. (6.6) and Eq. (6.4) into Eq. (6.5) yields the composition-dependent
temperature Ti(x) of metastability for an epitaxial cubic alloy layer that is biaxially

strained along <100> directions in the regular solution approximation as

T,(x) = %ﬁ{n —slf(x{cn(xn C,,(x) —%C(#x’ﬂ} 67

where kg is the boltzman constant, ¢, is the in-plane biaxial strain, C's are the elastic
constants, and Q is the regular solution interaction parameter which is composition-
independent to the zeroth order [31]. Figure 6.9 shows the predicted chemical and
coherent spinodal of the Si-Sn system based on the regular solution approximation.
The spinodal curve obtained without the strain term (second term in curly brackets) in
Eq. (6.7) gives the chemical spinodal. As shown in Fig. 6.9, the presence of the large
strain suppresses the spinodal by as much as 3000°C.

Two aspects about the epitaxially stabilized Si-Sn system make it a strong
candidate for a system that undergoes spinodal decomposition. First, the preference
for like species is very large, as is evidenced by the extremely low solid solubility. In
other words, in a concentration gradient the flux of the atoms is in the direction in
which they are attracted, i.e., up the concentration gradient. Second, the epitaxial
stabilization preserves the crystal structure; i.e., the composition across the phase
boundary varies continuously across a coherent interface and therefore no nucleation
barrier due to the positive interface energy is involved. Since the new phase forms by
a continuous process in spinodal decomposition, the parent and the child phases must

share the same crystal structure. Although bulk diamond cubic a-Sn is only stable up
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to 13.2°C [34], the embedded ultrathin Sn,Si,.« alloy layer is epitaxially stabilized to
retain the diamond cubic structure, thus favoring spinodal decomposition. This is
evident in the high-resolution transmission electron micrograph of Fig. 6.7.
According to Fig. 6.9, for the deposition and annealing temperatures used in
this work, (170°C < T < 800°C), coherent spinodal decomposition is expected only
for Sn concentration exceeding x~0.30. This is significantly higher than the Sn
concentration of the film analyzed thus far with x=0.10. This discrepancy could be
arising from several factors. A small amount of strain relaxation that occurs via
stacking faults can reduce the strain term in Eq. (6.7), thus leading to smaller
suppression of the spinodal. It could also be due to the deviation of the current
system from the regular solution approximation and to the fact that in the current
system the atomic mobility is described more accurately by a two-dimensional

diffusional system, whereas the theory is intended for three-dimensional systems.
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Figure 6.9. Chemical and coherent spinodal curves calculated in the regular solution

approximation, using Eq. (6.7).
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6.4.3 Late Stage Growth of Sn-Rich SnxSi;«
Quantum Dots by Coarsening

After the early stage break-up of the ultrathin Sn,Si,. alloy layer via spinodal
decomposition and subsequent nucleation, the late stage growth of regularly shaped
nanocrystals takes place via coarsening upon annealing the film at elevated
temperatures. The evolution of the nanostructure at different temperatures has been
summarized in the transmission electron micrographs of Fig. 6.8 in Section 6.4.1.
Figure 6.10 shows the dependence of particle size on the annealing temperature. The
average particle size is plotted in terms of the particle size parameter r. The particle
size parameter r is the square root of the area of the nanocrystal measured from planar
view transmission electron micrographs and is therefore proportional to the linear
dimension of the particle. For isochronal annealing for 2 hours in vacuum, the
measured values of the average linear dimension <r> were 1.3+0.4 nm, 2.3+0.8 nm,
and 3.0£1.2 nm for the films annealed at 500°C, 650°C, and 800°C, respectively.
The error bars indicate the standard deviation. For mass-conserved systems,
coarsening is most readily recognized when the temporal evolution of growth kinetics
is characterized by an increase in the average particle size and a decrease in the
particle density [26]. Figures 6.11(a)-6.11(c) show the histograms of size
distribution of the precipitated Sn-rich Sn,Si,« dots for the isothermal annealing at
650°C for 5 min., 2 hrs., and 72 hrs., respectively. It can clearly be seen that the

average particle size increases with increasing annealing time. The trend can be seen
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more clearly in Figure 6.12 which illustrates the time evolution of the particle volume
for the same isothermal series as in Fig. 6.11, expressed in terms of the average

3. The parameter <r> is the average value of the

nanocrystal volume parameter <r>
linear dimension parameter r. Therefore, <r>" is a parameter proportional to the
average volume of the nanocrystals. One sees in Fig. 6.12 that there is a transient
period where the average size increases rapidly in a short amount time. This transient
period can be attributed to the initial alloy break-up/nucleation regime between the
initial spinodal decomposition regime and the late-stage coarsening regime.
Subsequently, the volume increases roughly linearly with time. The solid line is a
linear fit. Figure 6.12 illustrates that the linear dimension of the clusters follows a
sublinear power law in time. The left axis of Fig. 6.13 shows the temporal evolution
of the average area per nanocrystal <I>>. The circles represent the average area per
nanocrystal and the solid line is a linear fit. As in Fig. 6.12 for the average volume
parameter <r>°, the average area per nanocrystal <1*> increases roughly linearly in
time after a transient period. For a system undergoing diffusion-limited coarsening,
the critical size and the area per particle are expected to obey the same time
dependence [26]. The right axis of Fig. 6.13 shows the change in particle density as a
function of time. The solid line serves as a guide to the eye. Again, after a transient
period where the density drops off rapidly, the density decreases monotonically.

Late stage growth can be described by coarsening (Ostwald ripening) models
when clusters larger than the average size grow at the expense of smaller ones [26].
The driving force is the imbalance of the concentration of solute atoms in equilibrium

with the matrix between clusters smaller and larger than the average. This imbalance
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produces a solute gradient from smaller clusters to larger clusters and diffusion then
causes a net atom movement from smaller clusters to larger clusters. Therefore, the
average cluster size increases and the density of clusters decreases as coarsening
proceeds. The cube of the critical radius increasing linearly with time, as it appears to
occur in Fig. 6.12, is expected to occur, provided that strain does not play a
significant role in mass transfer, for diffusion-limited growth of three-dimensional
islands and for interface transfer-limited growth of two-dimensional islands [28,30].
A more relevant model, however, should take into account of the effect of strain.
Nevertheless, the two late-stage trends, namely increasing average nanocrystal size
and decreasing nanocrystal density with time, indicate that the particles are clearly
undergoing coarsening.

The presence of facets along the elastically soft <100> directions, as seen in
Fig. 6.8 (c), is not unexpected, in light of the presence of a large misfit strain, since
the interfacial stress can be most efficiently relieved along such directions. In planar
view, the nanocrystals look almost square-shaped. In the corresponding cross-
sectional image along the [110] projection in Fig. 6.6, however, the nanocrystals
almost look spherical, and the presence of facets is not obvious. This is not
inconsistent with what one would observe, however, if the shape of the nanocrystals
is similar to that of the equilibrium shape of Si, which has been demonstrated to be
tetrakaidecahedron from equilibrium shape of voids in Si [36]. The equilibrium
shape of Si is composed mainly of {111} and {100} facets. Along <110> axis cross
section, the nanocrystal then would resemble an octagon, and along <100> planar

view the nanocrystal would resemble a square. If some facets are slightly rounded, as
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observed in Ref. 36, the observed shape of Sn,Si;., nanocrystals would be consistent
with the equilibrium shape of Si.

As discussed in the introduction, in order for the band gap of Sn,Si,.« quantum
dots to be direct, the composition of the dots must be in the Sn-rich end. However, it

is difficult to be quantitative about the composition of the dots due to a lack of precise
information about the shape and the atomic density of the nanocrystals. Nevertheless,
one can make a rough estimate of the composition of the Sn,Si,.« quantum dots and
the matrix with reasonable assumptions. First of all, in order to make an estimate of
the composition, the absolute amount of Sn in the alloy film needs to be determined.
Therefore, Rutherford backscattering spectrometry has been performed on the
embedded 2 nm-thick Sny 0Siggy films on which all the particle size analyses have
been performed. Figure 6.14 shows the Rutherford backscattering spectra showing
the Sn peak of the 2 nm-thick Sny 14Sig g film before and after annealing at 800°C for
30 min. Upon annealing, the absolute amount of Sn decreases by about 18%. The
decrease can be either attributed to out-diffusion of Sn from the alloy layer to the
surface, or evaporation of a small amount of segregated Sn on the surface upon
vacuum annealing. With the absolute amount of Sn determined, the composition of
Sn,Si;.« quantum dots has been estimated from the known average volume from Fig.
6.12 and the density of nanocrystals from Fig. 6.13. The number of atoms making up
the total volume of the nanocrystals has been determined to always remain less than
the total number of Sn atoms measured from the Rutherford backscattering spectra.
The total amount of the embedded Sn atoms is 1x10"° atoms/cm? after annealing at

800°C for 30 min. After annealing for 30 min. and 72 hours at 650°C, the volume
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occupied by the nanocrystals corresponds to 3x10' atoms/cm’ and 5x10"* atoms/cm’,
respectively. Therefore, provided that strain does not limit the concentration, the
composition of the dots should be close to being pure Sn with the matrix retaining
rest of the Sn atoms. Accordingly, the Sn concentration of the matrices of the films

annealed for 30 min. and 72 hours at 650°C remain at about 7% and 5%, respectively.
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Figure 6.10. The dependence of the average nanocrystal size <r> on the annealing
temperature. The particle size parameter r is the square root of the area of the
nanocrystal measured from planar view transmission electron micrographs and is
therefore proportional to the linear dimension of the particle. The films were
annealed for 30 min. in vacuum at 500°C, 650°C, and 800°C. The error bars indicate

the standard deviation.



Chapter 6 231

125
100
75
50
25

o

100

No. of Nanocrystals
(6)]
o

r(nm)

Figure 6.11. Histogram of the distribution of Sn-rich Sn,Si,. nanocrystal size for

1sothermal annealing at 650°C for (a) 5 min. (b) 2 hr. (c) 72 hr.



Chapter 6 232

20 T v 1 Y T v T v 1 T T

18} Coarsening at 650°C

16 |
14 |

12 |

<r>* (nm?)

O

Transient Regime

0 5 10 15 20 25 30
time (104 sec)

Figure 6.12. Coarsening kinetics for isochronal annealing at 650°C: the average
volume parameter <r>° as a function of annealing time. The squares are experimental
values obtained from planar-view transmission electron micrographs and the solid

line is a linear fit.
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Figure 6.13. Coarsening kinetics for isochronal annealing at 650°C: average area per
nanocrystal (left y axis) and the particle density (right y axis) as a function of
annealing time. The circles and the squares are experimental values obtained from
planar-view transmission electron micrographs. The solid line for the average area
per nanocrystal is a linear fit and the solid line for the nanocrystal density is a guide

to the eye.



Chapter 6 234

60 T T -
50 | As-grown A _
| \‘." " Annealed -
40 ' 31‘/ 800°C, 30 min.
c 30r N
S
o
O 20t i
101 1
0 | RPN G PAp VN od V2 N . .
850 900 950
Channel

Figure 6.14. Rutherford backscattering spectra showing the Sn peak of the 2 nm
Sng 1081090 film before and after post-growth annealing at 800°C for 30 min. The

incorporated Sn decreases by about 18%.
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6.5 Infrared Absorption of Sn-Rich
SnxSii-x Quantum Dots in Si

As discussed in Section 5.2.1 (Fig. 5.2), results of the Slater-Koster parameter
model predict the energy gap of Sn,Si,. to be direct and semiconducting for the
composition window 0.82 < x < 0.95, corresponding to an energy gap window of 0 <
E, (V) £0.40. In order for the Sn,Si, alloy system to have a direct gap, therefore,
the alloy must be Sn-rich in composition. In Section 6.4 the composition of Sn-rich
Sn,Si;.« quantum dots formed via phase separation from 2 nm Sng Sig9o/Si films
were estimated to be close to that of pure Sn, and therefore the dots can be expected
to possess a direct energy gap. To gain insight into the optical properties, the Sn-rich
Sn,Si;.« quantum dots synthesized from 2 nm Sny 1¢Si¢90/Si films were analyzed using
infrared absorption spectroscopy in the attenuated total reflection mode [37].

In the attenuated total reflection geometry, the angle of incidence of an
infrared radiation entering a transmitting crystal of high refractive index like Si
exceeds the critical angle 0. and the radiation is reflected internally. Multiple passes
can be made with a single crystal and the number of passes N scales directly with the
length of the crystal 1, given by N=I/t cot0, where t is the crystal thickness and 6 is the
angle of incidence. The attenuated total reflection geometry is therefore an ideal
geometry for absorption and vibrational spectroscopy of ultrathin materials on an

infrared transmitting substrate.
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The schematic geometry of the total internal reflection mode is shown in Fig.
6.15(a). The absorption measurements were made using a Fourier Transform Infrared
Spectrometer equipped with a liquid nitrogen-cooled InSb detector. All samples were
polished into trapezoids, with the bevel angle of 45 degrees. The thickness of the
samples was 450 pum—500 um. The tip-to-tip length I of the crystals was 25 mm. And
the corresponding number of passes were 50-55 for normal entrance on the face of the
beveled edge. A float zone Si (100) substrate polished into a trapezoid was used as
the reference sample for background correction. The phase-separated Sn-rich Sn,Si;.,
quantum dots were near the surface of the shorter face of the trapezoid, as indicated in
Fig. 6.15(a). The as-grown 2 nm Sng ;oSigg¢/Si films were polished into trapezoids
and spectra were taken before and after annealing in vacuum at 800°C for 30 min.
No significant surface roughness of the order of the wavelength of the incident
radiation was observed, so that the absorption features are not a result of scattering.

Figure 6.15(b) shows the absorption spectra before and after annealing at
800°C for 30 min. The absorbance is plotted in relative absorbance because the
thickness of the reference Si crystal is not exactly the same as the thickness of the
crystal containing the quantum dots. The thickness difference was approximately 20
pm. The relative absorbance spectra of the annealed film and the as-grown film can,
however, be directly compared with each other since both were corrected using the
background spectrum collected from the same reference Si crystal. The spectra have
been translated so that the minimum value of absorbance around 2200 cm™ has been
taken as the baseline value of zero. The spectra have an absorption feature starting at

about 0.27 eV (2250 cm™) that increases in intensity by a factor of two upon
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annealing. The energy of 0.27 ¢V does not correspond to any intraband transitions
with high joint density of states in bulk a-Sn [14], suggsting that the absorption edge
is that of quantum-confined carrier absorption in Sn-rich Sn,Si,., quantum dots. For
the case of bulk Sn,Si,., according to the prediction in Fig. 5.2, the energy of 0.27 eV
corresponds to Sn composition of at least 85%. Since the carriers are quantum-
confined, the corresponding the composition of the quantum dots would be higher in
Sn content.

Taking the thickness of the encapsulated alloy layer containing quantum dots
to be that of the original thickness of 2 nm, and taking the number of bounces
determined from the geometry, a rough estimate of the absorption coefficient can be
made. The absorption coefficient as a function of energy is shown in Fig. 6.16. Since
the original absorption spectra were translated such that the points of minimum
absorption were taken as the zero baseline, the absorption spectra shown in Fig. 6.16
represent a lower bound spectra. It is noteworthy that the relatively high values
(>5x103cm'2) of absorption coefficient is consistent with the absorption due to a

direct gap interband transition.
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Figure 6.15. (a) A schematic illustration of the geometry of the attenuated total

reflectance infrared absorption spectroscopy. (b) Infrared absorption spectra of 2 nm

Sng 10Sig.00/Si film before and after annealing at 800°C for 30 min., taken in the total

internal reflection mode.
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Figure 6.16. Absorption coefficient as a function of energy (eV) and wavelength
(um) of 2 nm Snyg 0Sig9/Si film before and after annealing at 800°C for 30 min.,

obtained from the infrared absorption spectra in Fig. 6.15 taken in the total internal

reflection mode.
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6.6 Conclusions

In sum, the formation of coherently strained Sn-rich Sn,Si;., quantum dots
inside Si matrix has been demonstrated to occur by two-dimensional phase separation
from an epitaxally stabilized Sn,Si,. metastable solid solution. Transmission electron
microscopy studies reveal that the phase separation initially proceeds by spinodal
decomposition and subsequent thermal annealing results in the nucleation of regularly
shaped Sn-rich Sn,Si;.«x quantum dots. The nucleated dots grow by a coarsening
mechanism.  Cross-sectional high-resolution transmission electron microscopy
reveals that the dots are completely coherent with the Si matrix and that the shape of
the nanocrystals resembles that of the equilibrium shape of Si, namely
tetrakaidecahedron dominated by {100} and {111} facets. Infrared absorption
spectra taken in the total internal reflection geometry show an absorption feature
starting at about 0.27 eV (2250 cm’') that increases in intensity by a factor of two
upon annealing. The absorption coefficient spectra obtained from the absorption
spectra are consistent with interband transitions of quantum confined carriers across

the direct gap of Sn-rich Sn,Si;.x quantum dots with Sn composition exceeding 85%.
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